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There are two possible outcomes: if the result

confirms the hypothesis, then you've made a
measurement. If the result is contrary to the

hypothesis, then you've made a discovery.

(Enrico Fermi)
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Introduction

| ntroduction

SiGe nanostructures on crystalline Si substratéls (@01) orientation are among the most
studied system in condensed matter physics andsog@mee. The subject has hAiindex of 104
over about ten thousand papers from late 1980s0t2(research on spintronics, cuprates
superconductors and graphene hbvedexes of 88, 117 and 160, respectively). Thiergst has
been mainly driven by the important potential aggdions in micro, opto and nanoelectronic
devices thanks to the improvement of the optical atectronic properties compared to bulk
systems, while preserving a wide compatibility wilie existing technology. These features come
essentially from the possibility of engineering gteain field within the nanostructures using the
lattice mismatch of ~ 4.2 % between Ge and Si andh fthe spatial confinement, capable of
modifying the electronic band structure leadinqatoincrease of the charge carrier mobility. It is
obvious that these applications largely depenchercontrol of surface processes during the growth
of the nanostructures, and their performance (aldlyeperating speed) are strongly dependent on
strain relaxation and dislocation injection.

Besides the technological interest, the SiGe/S)894tem has received much attention since
it is also a model for understanding the fundanmgmtacesses occurring during three-dimensional
(3D) island formation and self-organization phenomen fact, the lattice mismatch between Ge
and Si introduces a stress field which has dranedtécts on the growth process and is responsible
for a number of structural and electronic phenoméngarticular, the stored elastic energy can be
partially relieved by spontaneous formation of 3Djests of nanometric size on top of a
pseudomorphic SiGe wetting layer. This growth maddied Stranski-Krastanov (SK), is a way of
easily forming self-assembled nanostructures, whahbe used to obtain quantum confinement of
charge carriers in nanoelectronics device apptoati

In recent years, considerable efforts have beentdduo the growth of hetero-epitaxial SiGe
nanostructures with well controlled size, shape posltioning, and with defined stoichiometry and
strain state, all critical issues for both fundatakaonderstanding and the future device engineering
However, some aspects still need to be addressed tmmplete understanding of this system,
including: (i) the competition between kinetic ath@rmodynamic factors for island formation and

their stability, (ii) the mechanisms governing tieéative growth of individual nanostructures, (iii)

*A h-index of 104 means that 104 papers have been aitéglast 104 times (from ISI Web Of
Knowledge).
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Introduction

the elastic and plastic strain relaxation, and {ng Si incorporation occurring during the growth
(SiGe intermixing).

In the present work, we carry out an experimemtaéstigation of the relationship between
morphology, elemental composition, strain state atettronic structure of self-assembled and
lithographically defined SiGe nanostructures by nseaf several spectro-microscopy techniques.
The Si and Ge diffusion dynamics and the self-oggion phenomena during the growth of SiGe
islands have been studied by Scanning Auger Miops¢SAM) and Atomic Force Microscopy
(AFM). Micro-Raman, SAM and Scanning TransmissiolecEon Microscopy coupled with
Electron Energy Loss Spectroscopy (STEM-EELS) tephes have been used for the investigation
of the interplay between strain relaxation mechasiand SiGe intermixing phenomena in self-
assembled islands. The effects of strain and coiiposon the electronic band structure in
lithographically defined SiGe nanostructures, iyolat very close to those used in prototype
devices, have been characterized with nanoscakgalspasolution joining information from Tip
Enhanced Raman Spectroscopy (TERS), nanofocusedyXBiffraction (XRD) and Energy-
Filtered PhotoElectron Emission Microscopy (PEEM).

The thesis is conceptually divided in two main gatte first, to which belong Chapters 1, 2
and 3, deals with the experimental investigationtted Ge surface diffusion and of the self-
organization phenomena of SiGe islands grown irotom-up approach; the second, including
Chapters 4 and 5, is based on the experimentahcteaization of the strain state and of the strain-
induced effects on the electronic band structurditbbgraphically defined SiGe nanostructures
obtained in a top-down approach. A more detailestdgtion of the arguments treated within each
Chapter is presented here below.

Chapter 1 presents an overview on the basic processes auguluring hetero-epitaxial
growth of thin solid films obtained by depositingceystalline material on a likewise crystalline
substrate of a different material, and describesptinciples which determine the structure and the
morphology of a particular film.

In the Chapter 2 the surface diffusion of Ge on a clean and cartmrered Si(001) surface
promoted by annealing at high temperatures in-hitga vacuum (UHV) of lithographically etched
pure Ge stripes, acting as solid state sourcesthjirplaced on the Si substrate, is experimentally
investigated by means ah-situ Scanning Auger Microscopy. After having introducétke
analytical description of the rate of mass transpoer a surface, we present the experimentally
monitored temperature dependence of the diffuso@ificient on a microscopic length scale for Ge
on a C-free Si surface. Then the influence of arotled carbon coverage on the thermal surface

diffusion is quantitatively studied, showing thdiet diffusion coefficient presents a strong

2



Introduction

dependence on carbon coverage. To understanditfie of this dependence, we critically discuss
the role played by the chemical interactions am8ngC and Ge, the surface roughness, and the
local strain field induced by the C surfactant.

Chapter 3 deals with the experimental investigation of thewgh process of self-assembled
SiGe islands on Si(001). First, a short reviewhaf tesults achieved by previous studies of islands
grown by Molecular Beam Epitaxy (MBE) and Chemiv@por Deposition (CVD) is presented.
Then we focalize on the experimental investigatibrthe self-organization phenomena occurring
during island growth by surface thermal diffusioh Ge from a Ge stripe. The total surface
coverage of Ge strongly depends on the distanoe tine source stripe, so that the method allows to
investigation of the island growth over a wide rarg§ dynamical regimes at the same time. The
results obtained are compatible with those reparted now in literature, but at the same time they
also shine more light on some intriguing aspectthefGe/Si(001) self-assembly. In particular, we
discuss the island growth modes in the cases ak€-&nd C covered Si surfaces, giving an
experimental evidence of a C-induced continuoussttan between the two different regimes.
From the size and density evolution exhibited g/ nincleated islands as a function of the distance
from the source stripe and for different C coverage propose a scenario where island growth is
essentially driven by kinetic factors within a digfon limited regime. Finally, we investigated the
interplay among SiGe intermixing and plastic reteota showing that the surface thermal diffusion
growth method leads to the formation of coherefdnds (dislocation-free), larger than those
attainable by MBE and CVD.

Chapter 4 presents the mapping with nanoscale resolutiastrafn, composition, local work
function and valence band structure of lithograalycdefined SiGeembedded nano-stripes using
TERS and Energy-Filtered PEEM techniques. The rstpadfile across a single nano-stripe is
experimentally determined and compared to thersttata obtained from Finite Element Modeling
(FEM) calculations. The local work function and tlvalence band mapping allowed the
determination of the electronic structure modificas with respect to the case of bulk Ge induced
by the strain field inside the nano-stripes.

In Chapter 5 are presented the first results ofliaect characterization of the strain state of
lithographically defined SiGe nano-ridges using thexently developed nanofocused XRD
technique. Strain values are extracted from thesemyental diffraction profiles measured on a
single nanostructure, which are then compared Witlematical simulations performed on strain
data obtained from Finite Element Modeling (FEMica&ations.

A detailed description of the experimental techegwsed in this work is reported in

dedicated Panels: A - Scanning Auger Microscopy;- BAtomic Force Microscopy; C -

3
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Transmission Electron Microscopy and STEM-EELS; [nicro-Raman Spectroscopy; E - Tip
Enhanced Raman Spectroscopy (TERS); F - PhotoBte&mission Microscopy (PEEM); G - X-
Ray Diffraction (XRD). For each technique the umgiag physical principles and the main

characteristics and performances of the relateduimentations are described.

The work presented in this thesis is the outcomaroexperimental PhD research project
developed at the Politecnico di Milano (Milano,ljan co-tutorship with the Ecole Polytechnique
(ParisTech, France) and the French Atomic Energyn@ission (CEA-Saclay, France). The
achieved results yield from a very effective joeftort of several experimental groups working
together in a strict collaboration. The author reggesented thil rouge among them, establishing
a strong interaction with all the people involvede project and directly performing and actively
participating in every measurement presented iriatha@wing.

Scanning Auger Microscopy (SAM) and Atomic ForcechMscopy (AFM) have been
performed at Department of Physics of the Politazmi Milano. Micro-Raman Spectroscopy has
been carried out at the Materials Science Depattaiethe Universita di Milano-Bicocca. Energy-
Filtered PEEM measurements have been realized At &1t during two standard experimental
runs at the TEMPO beamline of SOLEIL Synchrotrora(i€e). Tip Enhanced Raman Spectroscopy
(TERS) and preliminary Transmission Electron Micasy (TEM) analysis have been performed
at the Ecole Polytechnique, while more extensivéiTahd STEM-EELS measurements have been
developed at IMM-CNR in Catania. The nanofocused@Xperiment has been carried out during
a standard experimental run at ID13 beamline of Eneopean Synchrotron Radiation Facility
(ESRF). The close collaboration with the laboratofESS in Como made available the set of the
lithographically-defined investigated samples. Tégerimental results have been exploited in
close collaboration with a theory group at the Mats Science Department of the Universita di

Milano-Bicocca for a deeper insight into the atoteiel mechanisms during island growth process.



BASICS CONCEPTS IN SURFACE GROWTH Chapter 1

Chapter 1

Basic concepts in hetero-epitaxial growth

1.1 Introduction

Thin solid films obtained by depositing a crystadli material on a likewise crystalline
substrate of a different material (hetero-epitagiawth) are routinely produced and employed in
modern technology. Thus it is useful to look bgieHit the process of film growth and the
underlying principles which determine the structamel morphology of a particular film.

First the individual processes occurring on thessalte surface during hetero-epitaxial
growth are described. Considering the processphemomenological way, different growth modes
are discussed in terms of the surface free enerdiesimple but intuitively very appealing
theoretical approach (theapillary theory of nucleation) is presented allowing to define the
energetic of the growth process. Then the stabiitya hetero-epitaxial system is critically
investigated. Finally, the basic concepts of thestmased experimental growth methods are

presented.

1.2 Modes of film growth

The individual atomic processes which determinestoeépitaxial film growth in its initial
stages are illustrated in Fig. 1.1. Once a particde condensed from the vapor phase, it might
immediately re-evaporate or it may diffuse along srface. This diffusion process might lead to
adsorption at special sites like edges or othezalef or the diffusing particle may re-evaporate. |
all these processes, characteristic activationggeemust be overcome, i.e. the probability pet uni

time, p, that a particular process occurs is given by gheéxius-type exponential law:
E
p X exp (— m) (1.1)
whereE is the activation energy of the procdsg,is the Boltzmann constant, aiids the substrate

temperature. Besides adsorption at special sitesarface diffusion, nucleation of more than one
5



Chapter 1 BASICS CONCEPTS IN SURFACE GROWTH

absorbed particle might occur, as might furthenfgrowth by addition of particles to an already

formed nucleus.

(a) deposition on the terrace

(b) diffusion on the terrace
(c) island nucleation

(d) attachment of
atoms at islands

FIG. 1.1. Main surface
processes occurring during
epitaxial growth. Atoms from
the source can badsorbed (a)
(e) detachment of and diffuse on the surface as

atoms from islands  adatoms (b), they can meet and
{f) deposition on lead to the formation of islands
an island (c) or attach to preexisting
{g) attachment at islands (d) or steps (g). Atoms
a step belonging to islands or terraces
(h) desorption from can detach and diffuse again
the terrace (e) or desorb (h). (From Ref. 1)

At thermodynamic equilibrium all processes proceetivo opposite directions at equal rates,
as required by the principle of “detailed balanc&hus, for example, surface processes such as
condensation and evaporation, decay and formatibrcluster nuclei must counterbalance.
Therefore, at equilibrium, there cannot be anygretwth of the film. Hence, crystal growth must
clearly be a non-equilibrium process. The final macopic state of the system depends on the
route taken through the various paths indicatedrigy 1.1. The state which is obtained is not
necessarily the most stable one, since kinetictdinoins could prevent the achieving of the
thermodynamic equilibrium.

Considering the process of film growth in a phenoabegical way, three markedly different
modes can be distinguiste@ee Fig. 1.2). In thiayer-by-layer mode (or Franck-van der Merve,
FM) the interaction between substrate and layemat® stronger than that between neighboring
layer atoms. Thus, each new layer starts to grdy after the completion of the previous one. The
opposite case, in which the interaction betweemhimring film atoms exceeds the overlayer-
substrate interaction, leads to th@nd growth mode (Volmer-Webber, VW). THayer-plus-isand
mode (Stransky-Krastanov, SK) is an interestingrinediate case. After the formation of several
complete monolayers (MLs), island nucleation ocamd 3D structures grow on the top of the first
full layers (also called Wetting Layer, WL).
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Layer by Layer Layer plus
Growth Island Growth

O <IML /; W/} W‘d W/
— I
M<O<M . 77777007, %&9&

v Lo
7 7 A

(a) (b (c)

FIG. 1.2. Schematic representation of the threeontamt growth modes of a film for different coveea®, regime. (a)
Layer-by-layer mode (or Franck-van der Merve, FM); (island growth mode (Volmer-Webber, VW); (dayer-plus-
isand mode (Stransky-Krastanov, SK) (from Ref. 3).

Island Growth

Many factors might account for this intermediatevgth mode, but a certain lattice mismatch
between the film and the substrate is the most comecase. At initial stages, the growing flat film
pseudomorphically deformates in order to match dhlestrate lattice, accumulating some elastic
energy. When this deformation energy becomes tglo, tine system will relief it in some way. One
possible way is to nucleate 3D islands on top & ftlat film, where the absence of lateral
constraints allows for an outward bending of thieda planes inducing a partial elastic strainefeli
(see Fig. 1.3).

FIG. 1.3. Schematic representation
of the elastic relaxation of the

strain stored into the wetting layer
by means of the formation of a 3D
island during SK growth in a

substrate lattice mismatched system.

A simple formal distinction between the conditidos the occurrence of the various growth
modes can be made in terms of the surface engrghgfined as the characteristic free energy per

unit area to create an additional unit of surfacenterface. Sincgscan also be interpreted as a
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force per unit length of boundary, force equililbniat a point where substrate and a 3D island of
the deposited film touch (see Fig. 1.4) can beesged as:

Ys = Vs/r + Y COS@ (1.2)
where yr, ys, vs/p are the surface free energies of the film/vacusubstrate/vacuum, and
film/substrate interfaces, respectively. Using EQ2) the two limiting growth modes, layer-by-
layer (FM) and island growth (VW), can be distirghed by the anglé:

layer growth:¢p = 0 Ys = VYsr +Vr (1.3)
island growthip >0 ys < ys/r + Vr (1.4)

Deposit
FIG. 1.4. Simplified picture of an island of a
deposited film; e, ys, Vge are the surface free
energies of the film/vacuum, substrate/vacuum,

y / /// / / and film/substrate interfaces, res i i
, respectivaty;js the

Substrate contact angle. (From Ref. 3)

1.3 “Capillary model” of 3D island nucleation

A simple, but intuitively very appealing theoretiGapproach was proposed by Bauer to
describe the nucleation of 3D islands on a idegfect-free, surface during hetero-epitaxial growth.
Since this approach uses only the thermodynamictfined surface energies, ys, vs/r, it is
called thecapillary theory of nucleation®. In this model the total free energy for the fotim of a
3D nucleus is considered as a function of the velion alternatively of the number of constituting
atoms) only. The free energy of the system is glwetwo contributions: (i) one taking into account
the energy gain upon the formation of the islarmnfrthe flat film, and (ii) one considering the
energy cost for the formation of new surfaces amterfaces. In case of an island witlatoms, the
free energy\F is:

AF = —nAf + n?/3X (1.5)
where Af is the difference between the bulk energies ofntla¢oms contained into the 3D island
and the 2D flat film phases contains the contributions of the interface eresgiand can be

written as:

k
X= Z Ck)/[g e CS/F(YS/F —¥s) (1.6)
K
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whereCy and Cg are geometric constants. The first term on thietsgde of Eq. (1.6) is related to
the various facets, with different crystallograpbitentations, exhibited by the islar@ relatesn®?

to a part of the surface of the nucleus (adjacetihé vacuum) having the surface energi?. The
outer surface of the nucleus, i.e. the part exptseke vapor phase (or vacuum), is assumed to be
decomposed of several patches of different crysiediphic orientation with different surface
energiesy;k). The second term in Eq. (1.6) is related to theggneariation due to the replacement
of a portion of free substrate surface with a neterface with the filmCgr is a simple geometric
constant which relates the basis area of the nsicheyt, with the number of atoms according to

AS/F = CS/Fn2/3.

10 ————————————————

AF [a.u.]
T UI.‘ T

FIG. 1.5. Free energy as a function of the isldnd s
as described within the capillary model of nucleati

. / (from Ref. 1).
_1 5 A L A 1 i 1 " L A
0

island size [a.u.]

Fig. 1.5 shows a qualitative plot of the free egek§ as a function of the number of atoms
forming the 3D nucleus. The superposition of thgatiwe term due to the energy gain following
the island formation, and the positive term dueet®rgy cost following the formation of the
interfaces, generates a non-monotonic dependentE oh the number of atoms i.e. there exists
a critical sizen*, of the nuclei for 3D nucleation, at which thedrenergyAF becomes maximum.
In this picture, 3D islands are the results of Idtactuations of the density of adatoms. During
growth, nucleicomposed of groups of adatoms form and may eithdissolve, if they contain less
thann* atoms (in this case they are calketbcritical), or (i) expand, if their size is larger thanttha
of thecritical nucleus containingn* atoms. The process involves an activation enéfgy= AF
(n*) given by:

4x3

AF* = —— 1.7
27Af2 (1.7)
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Alternatively, instead of using the total free aegeof the island, the nucleation concept can be

better understood by using the chemical potemkal:aaA—:, i.e. the free energy “gained” by each

adatom attaching to the nucleus. Whrer n*, Ay is positive and thus it is not favorable for the
adatom to attach to the nucleus. However, if thelaus is supercriticalpu will be negative and

the island will tend to increase its size.

1.4 Stability of a hetero-epitaxial system

The equilibrium state of a hetero-epitaxial system, its configuration with the minimum
energy, is a delicate issue, since in general gposited material can partially diffuse inside the
substrate possibly lowering the energy of the systdowever, it is interesting to discuss here the
local minimum of the surface free energy in cas&l¢fgrowth, where the system is constituted of
3D islands formed on a flat wetting layer which sla®t appreciably intermix with the substrate.
Although in real cases significant intermixing iB &lands has been experimentally demonstfated
the case of negligible intermix is very instructisigce it allows to get the main aspects of the
problem. In particular, the question is whethemansls form a thermodynamically-controlled
equilibrium ensemble within the phase space defmetheir orientation, shape and size, or if they
evolve according to a kinetic coarsening mechanlanfiact kinetic limitations, in the form of low
surface diffusivities or high deposition rates, canghen a film that is energetically favored to be
flat or lead to the formation of many small islarfds a system in which the thermodynamically
stable configuration is a single large crystasiting on the substrateln the latter case, the islands
are only metastable; as the growth proceeds, tlaleshones dissolve as the relatively larger ones
grow. This process is known as coarsening becantbetie average island size and the width of the
size distribution increase with time as the nundsrsity decreases.

Shchukinet al.® derived an expression for the energy of a straimaubcrystal on a lattice
mismatched substrate which can be parameteriZed as

AE = Cn + Bn?/3 + An'/3 (1.8)
where AE is the difference between the energy of the phrtieelaxed (and defect free) 3D
nanocrystal containing atoms and the energy of thasatoms if they formed a single monolayer
patch (2D island) on the wetting layer. The voluooefficientC is related to the bulk strain, the
surface coefficienB includes the facet and interface energies, andirtbar coefficientA depends
on the elastic interaction of the edges. It cardémonstrated that with a suitable choice of these

parameters AE exhibits at least one minimum. Therefore, a thetynamic interpretation could be

10
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given for the growth process. In this picture, sinee distribution of the ensemble of islands would
be represented by some discrete values associdfedne free energy minima. The width of the
size distribution around each minimum would dependhe thermal broadening. However, it has
been emphasized by several autfidthat island growth on a lattice mismatched substeaolves
toward the equilibrium state through a kinetic eatithan a thermodynamic path, and the size
evolution is essentially controlled by several thally activated processes. It is possible that some
kinetic barrier will prevent the evolution of thgssem towards its equilibrium state or that the
system will not have enough time to reach the dmuiim, if the experimental time scale is too
short. The involved mechanism is very similar te tBstwald ripening, i.e. the coarsening of the
size distribution of an ensemble of islands drignthe Gibbs-Thomson efféftt Within this
framework an abrupt drop of the chemical potertiadurs when the islands grow past a critical
volume, triggering a coarsening process where thend force depends on the mean curvature
radius of the island& In practice, it is supposed that atoms detachemeadily from smaller
islands and condense faster on larger ones. The mesilt is that, at a fixed amount of material,

larger islands grow at the expense of smaller ones.

1.5 Growth methods

The most used techniques for epitaxial depositibsemiconductors are Molecular Beam
Epitaxy and Chemical Vapor Deposition. Thus it seful to discuss briefly their main basic
concepts.

In MBE some materials are heated in special ovémseffusion cells, from where the
evaporated particles travel more or less collidems (molecular regime) to a heated substrate
where they are incorporated in a growing film (Beg 1.6) after a number of elementary processes,
many of which are similar for any growth methode($eég. 1.1). What is special about MBE is that
the substrates are kept in an UHV environment. Hsisures low impurity incorporation even
though typical growth rates are rather low, ofdhéer of Als. The UHV environment also makes it
easy to use tools fon-situ monitoring of the growth.

To some extent the simplicity of MBE rests on tlaetfthat surface chemistry plays a
relatively minor role. This is one of the main relas for which the technique can be applied to
different materials with relative ease. With fewcegtions for special applications, MBE is not,
however, a technique for thedustrial production of epitaxial semiconductor layers because of the

expensive UHV technology and slow deposition raféken it comes to large-scale production of
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epitaxial semiconductorhemical vapor deposition (CVD) is the technique of choice. In CVD one

or several reactive gases are thermally decompmsadhot substrate in a reactor chamber.

$4444 4944400044044 40 44
4444404424044 02040044
++44++4++¢+44+4¢+++44+ substrate
+¢4¢+§00+¢01+0+00¢+#00
4444424422444 4 0044004
Si, Ge layer
H H HHHOH
H H H H - _\\
i S
' 1 HSH\%\ e FIG. 1.6. Schemati tation of
B N . 1.6. Schematic representation o
#H HH HH N X Si, Ge the basic principles of CVD (left) and
W*‘& MBE (right) for SiGe growth on Si

substrate (from Ref. 1).
chem. vapor deposition (CVD)  molecular beam epitaxy (MBE)

One of the disadvantages of the thermal CVD isettgonential decrease of the growth rate
with decreasing the substrate temperature. Thigvlthek can be eliminated by supplying the
energy necessary for cracking the precursors inestorm other than thermal, such as by ion
bombardment. This is involved automatically in caka plasma discharge, and then the growth by
gas precursor decomposed by a hot plasma is gbhneaied plasma assisted or plasma enhanced
CVD (PECVD). As a consequence, epitaxial growth megceed at lower substrate temperatures
compared to purely thermal deposition. There iswdwer, a downside associated with ion
bombardment in the sense that for most plasmagnengies are high enough for causing crystal
damage. One way to lower these ion energies issimga low-voltage arc discharge to sustain the

plasma, giving rise to the so-called Low Energy RBE:.

1.6 Conclusions

In this chapter, an overview of the basic processesrring during hetero-epitaxial growth of
thin solid films obtained by depositing a crystadlimaterial on a likewise crystalline substrata of
different material have been described and discussinin the framework of the capillary theory
of nucleation. The equilibrium state of a heter@aeqal system has been critically discussed with
particular attention to the case of Stanski-Krasta(SK) growth. The concepts described here
represent the essential background for the invastiyg of the self-organization phenomena

occurring during epitaxial growth of SiGe islandsgented in the following of the thesis.

12
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Chapter 2
Ge diffusion on clean and C covered Si(001)

surface

2.1 Introduction

In this chapter, the surface diffusion of Ge onemac and carbon covered Si(001) surface is
experimentally investigated by means of ScanningekMicroscopy (SAM). The epitaxial growth
of elemental semiconductors (Si and Ge) is of aerable scientific and technological significance
because Si and Ge are base materials used inosliectievices and serve also as ideal model
systems for studying semiconductor surfaces angtgrbrom a fundamental point of view. Within
this scenario measurements of adatom surface iffugan offer key insights into the
thermodynamics and kinetics of surface processesroog during the self-assembled growth of
SiGe islands. In fact, the growth process is stiypdgpendent on the surface diffusion coefficients
of Ge and Si atoms, which are both rapidly varywith the temperatuté and sub-monolayer
amounts of surface impurities

After having introduced the analytical descriptfonthe rate of mass transport over a surface,
the main experimental and theoretical results aelieso far in literature for the Ge surface
diffusion on Si(001) are briefly reported. Then teenperature dependence of the diffusion length
for Ge on a C-free Si surface, experimentally nareil by means of Auger spectro-microscopy, is
presented allowing for a direct determination & thffusion coefficient on a microscopic length
scale. The time dynamics and the scaling behawéuhe obtained diffusion profiles have been
also investigated. Finally, the influence of a cold Carbon coverage of the Si(001) surface on
the thermal surface diffusion of Ge is quantitdinstudied.
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2.2 Theory of surface diffusior?

2.2.1 Random walk motion

Surface diffusion is the motion of adatoms over sheface of a solid substrate. An ideal
crystal surface is comprised of a periodic arragagorption sites corresponding to the positions of
minimum potential energy. Due to thermal excitasioa chemisorbed adatom can hop from one
adsorption site to the next (see Fig. 2.1(a)). déh&tom motion along the surface can be visualized
as a random site-to-site hopping process (randohl}war which the mean-square displacement of
the hopping atom in timeis given by:

(Ar?) = va?t (2.1)
wherea is the jump distance and is the frequency of hops. The time independernt @it the
mean square displacemént2) to timet is known as thdiffusion coefficientD:

_(Ar?)  wva?

D = —_— 2.2
4t a (22)

Atom hopping from site to site requires surmountimg potential barrier between two neighbouring

sites as shown in Fig. 2.1(b). This means thataserfdiffusion is a thermally activated process
following an Arrhenius behaviour as a function bk ttemperature], of the substrate. If the
oscillation frequency of the atom in the potentvall of the adsorption site (which is essentialty a

attempt frequency to overcome the barrienyjand the barrier height E,, the hopping frequency

can be expressed as:
Ey
vV = vyexp (— —) (2.3)

whereKg is the Boltzmann constant.

As one can see in Fig. 2.1(b), the activation ené&igis represented by the difference in
potential energy of the adatom in the equilibriuvtis@ption site and in the transition saddle point.
From Eqg. (2.2) and (2.3) the diffusion coefficieasults accordingly:

exp <— —) (2.4)

Vod

where the pre-exponential factoy, = is generally known adiffusion constant

8 An extensive treatment of this argument can bendoin: K. Oura, V.G. Lifshits, A.A. Saranin, A.V.cfov, M.
KatayamaSurface Science — An Introductjddpringer Verlag (2003).
15
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X FIG. 2.1. One-dimensional schematic diagram showing

(a) a substrate (open circles) and adatom (hatcinele)

in an adsorption site (labelled 1) and in a tramsit
(C) saddle point (labelled 2} is the distance normal to the

surface andx is the coordinate along the surface. (b)
Schematic potential energy diagram for adatom motio
along the surface. (c) Schematic diagram of thecaala
potential energy as a function nfor positions 1 and 2
as in (a). The activation energy of the surfegeequals
E ges the difference of the minima of the curves 1 and’l2e

desorption energigesis shown for comparison.

2.2.2 Fick’'s Laws

In presence of a gradient of the atom concentratipthe random walk motion of many
atoms results in their net diffusion motion towatids region with a lower concentration in such a
way as to remove the gradient. The main regularitiesuch a diffusion process are described by
the Fick's laws. If the atomic jumps are random artependent of each other, the fliof atoms
diffusing on the surface is proportional to concatbn gradient’c, with the diffusion coefficient
D as a factor of proportionality:

J =—-DVc (2.5)
Eq. (2.5) is known agick’s first law and is one of a class of laws (including Ohm’s ,lder
instance) which applies when the effect is proposl to the cause.

Fick’s second law describes the non-steady statatgin when the diffusion flux and the
concentration varies with time. It can be derivgdapplying the constraint of mass conservation
(continuity condition) to Eg. (2.5). The continugiygument states that the rate at which material is
accumulating in an element of volum¥ thust be equal to the rate at which it is flowingminus

the rate at which is leaving:
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v.]=_a (2.6)

which is essentially the expression in local forfrttee mass conservation. If is a constant Eq.

(2.6) becomes:

_oc
ot
Eq. (2.7) is generally callefick’s second lawor diffusion equatio)) and reflects the preservation

DVZ3c (2.7)
of the mass during the diffusion process, i.ehdves that if the number of atoms reaching a given

local area differs from the number of atoms leavifgthe local concentration varies by the

difference value.

2.2.3 Diffusion from a source of constant concentration

The knowledge of the diffusion coefficient is fumalental in many contexts going from the
atomic to the macroscopic length scale. In prakctizeses, its value is profitably obtained by
studying the diffusion process in a one-dimensioii@) geometry, where a simple analytical
solution of the diffusion equation is available.

If a concentration gradient is present alongxais, the Fick's second law reduces to:

d0%c dc

The mathematical solution to Eqg. (2.8) depend anitiitial and boundary conditions, which are
determined by the physical conditions of the expent in question. In this section the problem of
the one-dimensional diffusion from a source of ¢antsconcentration is investigated, since it will
represent the theoretical framework in which tHéudion experiment will be discussed. Within this
framework the initial and boundary conditions ahe tfollowing: {) the initial concentration
distribution has a step-like shape, afd the concentration at the boundary is maintained a
constant valuey:

c(x,t) =¢cy for x<0 (2.9)

c(x,00)=0 for x>0 (2.10)
The simplest way to solve this problem is to imadime source to be made up of an infinite number
of point-like sources in the spatial rangeo < x < 0. The solution of Eq. (2.8) under this
conditions can be thus determined using gwperposition principle i.e. summing up the
contribution coming from each point source. Théudibn profile of a point source after a times

given by a Gaussian distribution:

17



Chapter 2 GE DIFFUSION ON CLEAN AND C COVERED SI(001) SURFACE

_ ¢ x?
C(x:t)POint_\/meXp< 4‘Dt> (211)
and thus the solution of the diffusion equatiorc@se of a constant concentration source will be:
+0o0 +00
(t)—f(t) d—f % £ )y 2.12
c\x, - c gl point f - \/mexp 4Dt g ( . )
X X
. . 3 : .
Changing the variable tp =——, this becomes:
ging 10 it
+oo2
Co )
c(x, t) = —exp(—n-)d 2.13
G0 = [ Resp(-ndn (213)
where g=—=_ . This can be re-written as:
PG
+oo2 [7’2
Co 2 j Co 2
c(x, t) = —exp(—n“)dn — | — exp(—n<)d 2.14
()Ofﬁp(n)noﬁp(n)n (2.14)
Since,
+00
v
| exp-nran =3 (215)
0
and,
) B
erf =—J-ex -n2)d 2.16
B \/Eo p(—n*)dn (2.16)
c(x, t) results accordingly:
X
c(x,t) =c 1—erf< )] 2.17
(50 = o |1 —ert(S = (2.17)

Fig. 2.2 shows a plot of Eq. (2.17) for four di#fat values oflL = 2v/Dt. This quantity, often
denoted as theliffusion length is a scaling factor for the diffusion and in afonaistic view
represents the root mean square displacement atcen moving on the surface according to a

random walk mechanism.
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FIG. 2.2. Diffusion profiles from a source of caarst concentration. The concentration normalizedht constant
initial concentratiort, is plotted for four different values of the diffas lengthL.

2.3 State of the art

The main results achieved so far in literaturetier surface diffusion of Ge atoms on Si(001)
surface are presented here below.

Mo and Lagallj experimentally showed that the diffusion procesifofvs an anisotropic
Arrhenius behaviour due to the 2x1 reconstructiah wimer rows occurring on the (001) surface.
The surface mass transport of Ge on Si has beegrimgntally studied on enacroscopicscale
(about 1G° m) by directly measuring the diffusion length wsiAuger Electron Spectroscoby
while diffusion activation energies omacroscopiclength scale (varying in the range 0.7 eV — 1.3
eV) have been obtained by monitoring the islandsiemlistribution around preferential nucleation
sited"®”. The latter method exploits the formation of dezmidones free of 3D islands originated by
the competition between the random nucleation @latessurface and the preferential nucleation at
energetically favoured sites. The width of this uiged zones is essentially determined by the local
kinetics of diffusion, and thus its temperature elegence gives direct access to the activation
energies for adatom surface diffusion.

Theoretical studies of the diffusion of Ge atoms %if001)-x1 surface were generally
carried out by molecular dynamics methbti§ hese studies confirmed that the diffusion fokioan
anisotropic Arrhenius behavior with the directidreasy diffusion parallel to the dimer rows on the
(001)-2¢1 surface. According to this calculations the diftun along the dimer rows, theasy
diffusion, is characterized by an activation eneky= 0.73 eV, while in perpendicular direction,

the hard diffusion the activation energy 8x = 1.17 eV. Inab initio studies by Density Functional
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Theory (DFT) in the Local Density Approximation (D™ the activation barriers for diffusion in
fast and slow directions were found to be 0.62@08 eV, respectively.

The surface diffusion, and more generally the ghombde of Ge on Si, can be controlled by
using surface-active species (surfactdhts) that strongly modifies the surface free energpath
Ge and S. Tromp and Reut&t showed that As and Sb surfactants are energstidiallen to float
at the surface during growth, thus providing a dadgiving force for the Ge atoms to incorporate
into the surface which can suppress the surfadesih and prevent island formation. An opposite
behaviour is expected when carbon is used as acsant, since the repulsive chemical interaction
between Ge and C atoMdorces carbon into the shallow layers of the sabsf. Thus Ge atoms
lie in the top-layer on the rough and strainedrfatee created by the underlying C-rich layersal h
been proposed by several authbtthat this scenario would be responsible for angtn@duction
of the Ge diffusion coefficient. However, a diresfperimental demonstration of the modulation of
the diffusion length of Ge adatoms on a carbongoneered Si(001) surface is still lacking and will
be addressed in this work.

2.4 Experiment and methods

To study the surface diffusion of Ge on Si(001¥ace, we made use of Ge stripes (width ~
3+5 um) obtained by a photo-lithographic patterning ofgpGe thin films (thickness ~ 50 nm) and
acting as sources for Ge diffusion on the Si sabstfsee Fig. 2.3). The Ge film has been grown by
Low Energy Plasma Enhanced Chemical Vapour DepositLEPECVD}® at 700 °C with a
deposition rate of 0.15 nm/s. An AZ5214 photo-itebs been spin-coated on its surface at 4000
rpm (thickness ~ 1.8m), and then exposed for 20 s to a pattern of sgddV light to define the
stripe features. A broad-band Hg lamp in a KarlsSu&56 mask aligner (Hg lamp power ~ 350W)
has been used. A post-exposure bake at 105 °Crisrped before developing with AZ400K
developer, able to remove the soluble exposed gfatthe resist. Finally, a reactive ion etching

(RIE) has been performed to define the Ge stripeglang significant undercutting.
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Ge source
5 Diffusion
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¥: 3.6 um x: 8.4 um Si substrate
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FIG. 2.3. (a) schematic representation of a Gpestobtained by a photo-lithographic patterning afepGe thin films
grown by LEPECVD on a Si(001) substrate. (b) Repm&stive 3D Atomic Force Microscopy image of a ortof a
Ge stripe. (c¢) Schematic cartoon showing the maéa iof the diffusion experiment: the stripe act$Gassource for
atom surface diffusion directly placed on the sasirface.

Before to insert the samples in the Ultra High MaouUHV) analysis chamber of the SAM
microscope (base pressure 5%1€orr), removal of native silicon oxide and germamioxide has
been obtained by using a diluted HF solution a@d@r 30 s at room temperature (RT). Surface

contaminations have been removedit»gitu low-temperature out-gassing &€ 500°C) and Af

ion sputtering. The ions were accelerated to 4 kiedtic energy with a beam current of ~ Q.A4;

the ion beam had a spot size of about 0.5 x £ amd has been rastered over an area of 10x19 mm
(greater than the whole sample surface), hittimgsdample with a takeoff angle of 30°. A PHI 660
Scanning Auger Microscope has been used for theaipaesolved chemical characterization of
the samples (for an extensive discussion of thie lpdaysical principles and of the analysis methods
underlying the Scanning Auger Microscopy (SAM) teader is invited to make reference to Panel
A).

To investigate the surface diffusion in presenceasbon, we exploited the presence of C on
the Si surface due to adsorption of CO,,C&hd carbon hydrogenates, as revealed by Auger
analysis performed after the insertion of the samplthe vacuum system. A pure carbon layer has
been then obtained by amsitu low-temperature out-gassing. In fact, a severaluteis long out-
gassing performed at 500 °C results in a completegorption leaving a C layer on the surface. No
residual oxygen was observed within the detectemsiivity limit of 1 %. The residual carbon
layer has been reproducibly found on several san@éer the out-gassing. Hydrogen
contamination, undetectable with the Auger prolse,reasonably eliminated during the out-
gassingd’.

The stripes act as Ge sources directly placed ensdmple surface, and a continuous
diffusion profile is obtained after annealing aglntemperatures (600, 625, 650, 670 and 700 °C) in
the UHV analysis chamber of the SAM microscope. $heples have been annealed by Joule
heating running a DC current through the Si substiasing a home-made sample heater (see Fig.

2.4). The temperature has been measured usingjle smavelength optical pyrometer opportunely
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calibrated using a type-N thermocouple. The tentpegastabilization takes less than 30 s, and the
temperature spatial distribution is highly uniformthe investigated area, as demonstrated by the
reproducibility of the diffusion profiles measurgddifferent zones of the sample surface. The base
pressure during the annealing time was always hetém 1x10 torr. The use of lithographically
defined Ge stripes as sources of diffusion alloarsaf direct measurement of the long and short
range diffusion parameters at the same time.

To characterizen situ the Ge diffusion profiles and the thickness of @erbon layer, we
have monitored the intensities of Ge LMM (~1150 e$)LMM (~90 eV), Si KLL (~1610 eV) and
C KLL (~270 eV) Auger lines as a function of distarfrom the Ge stripe.

ceramic
insulator

sampls FIG. 2.4. The sample is free-standing with its
edges resting on two metallic plates isolated
from the metallic sample holder using
ceramic nuts and washers. The sample is then
blocked by means of metallic clamps
power supply tightened with metallic screws. One side of
- the sample (the left one in the image) is
electrically connected to the sample holder
through a metallic wire (highlighted by the
green circle). The annealing is performed by
running a direct current into the sample. The
current is supplied by an external power
generator connected to the sample by means
of an electric finger made of a ceramic
insulator and two metallic platelets as
terminals. The positive terminal is connected
to the right side of the sample through the

metallic
plate

metallic metallic
cable clamp

ceramic

samiple . s metallic plate, while the negative one is
metallic platelel .
= holder P connected to the left side though the sample
holder.

2.5 Ge surface diffusion on aC-free Si(001) surface

During the annealing process the Ge moving from dtigpe diffuses on the Si surface
forming a continuous over-layer (OL). Fig. 2.5(&pws the SEM micrograph of the stripe before
(upper inset) and after (main panel) a 10 min alimgeat 600 °C. Before the annealing, the surface
contaminants have been completely removed by waingotropicion sputtering (see inset). After
annealing, surface roughness was about 0.2 nmtesrdeed by Atomic Force Microscopy (AFM)
analysis. The shading at the sides of the strigéign2.5(a) result from the compositional contrast

of the secondary electron emission between Geygditf on the surface, and Si in the substrate.
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FIG. 2.5. (a) SEM image of the stripe after anmgpht 600 °C for 10 min showing a bilateral diffusi(grey shaded
area). Surface contaminations have been removadibg an isotropic ion sputtering (as schematicstigwn in the

inset in the bottom-left corner). In the top-ledircer is shown the SEM image of the stripe befbecannealing. (b) Ge
LMM and Si LMM Auger lines measured at differenst@dinces from the stripe as indicated by the sdéidkbarrows in

the panel (c). (c) Over-layer thickness as a fmctf the distance from the source as determine@Ay analysis

(black squares). The green curve is the best ditth the experimental data using the analyticautsmh of a 1D

diffusion model (see text). Inset: schematic of dieéection geometry and of the diffusion regiorreggwesented within
the discrete layer model.

2.5.1 Discrete layer model of the SiGe over-layer

Spatially resolved Auger analysis allowed to meagte thickness and composition of the
OL along the diffusion profile as a function of ttistancey, from the stripe. Fig. 2.5(b) shows the
Ge LMM and Si LMM Auger lines (kinetic energy of 30 eV and 90 eV) measured at different
distances from the stripe after a 10 min anneabdhgo00 °C and Fig. 2.5(c) represent the
corresponding OL behaviour. The determination ef @i thickness has been obtained by fitting
the Ge LMM and Si LMM peak-to-peak intensifitsneasured as a function xfwith a discrete
layer modet” where the OL is approximated by a.Sbe, thin film of variable thickness and
uniform compositions. Within this discrete layer model the Si LMM ane& GMM Auger line
intensities are given by the following relations:

h(x) +00
. z . z
I;(x) = j I$" exp (_—A — 6) dz + f I$" exp (——/1 — 6) dz (2.18a)
o Si hix) Si
h(x)

z
I.(x) = IS¢ exp| ———— | dz 2.18b
@ = [ 18 p( T C055> (2.18)

0

I5¢ include the atomic volume densities, the

where h(x) is the over-layer thicknesd,;' and
primary beam intensity, the spectrometer efficieaog Auger process-related parameters for the

given transitions (see Panel A for the complete lyéical expression); Agie:Z.GGnm23,
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A% = 216nm?, and A3°° = gA%° + (1- a)AS. are the Inelastic Mean Free path (IMFP) for Ge

LMM Auger electrons propagating in a Si, Ge ande&Si@atrix, respectivelyg, = 052nm? s the

IMFP for Si LMM Auger electrons (in this case thepgndence from the matrix is negligible due to
the low kinetic energy, 90 eV, of this electrond)z 42° is the angle between the normal to the
surface and the outgoing direction of Auger eledroollected by the energy analyzer (see inset in
Fig. 2.5(c)). The first term in the Eq. (2a)8s related to the contribution to the Si LMM ingaty
of the Si intermixed inside the OL, while the setaerm accounts for the attenuation of the
substrate signal due to the presence of the OL.Ethd€2.1®) for the Ge LMM intensity contains
only the term related to Auger electrons originatesdde the over-layer (see inset in Fig. 2.5(c)).
The data analysis takes advantage of the folloviangs: () the Ge LMM Auger electrons bring
information from the whole OL because their IMFRyisater than its maximum thickness, aing (
the Si LMM decay channel is more suitable than$h&LL one for the investigation of the OL,
because the Si LMM intensity is strongly affectgdtive OL thickness (Si LMM electrons have an
IMFP 5 times shorter than that of Si KLL ofi§s

The expressions for the Si LMM and Ge LMM Augetrelimtensities in Egs. (2.18) can be
made usefully independent from the instrumentaéind Auger process related parameters by the

normalization with the standard intensities acquiom bulk samples at the same primary beam

intensity:
ISTD = [§e=STD ) (2.19a)
I57P = 155" Agy (2.19b)
where 157°™ and 1$5°™ include the atomic volume densities, the primaearh intensity, the

spectrometer efficiency and Auger process-relatedmeters in case of bulk emission (see Panel A

for the complete derivation of these expressions).
Resolving the integrals and normalizing(x) and 1..(x) with 15™® and I15.°, respectively,

the expressions in Eqgs. (2.18) become:

[i(x)  (y)si h(x) h(x)

TP (ny)gi ll - P <_ As; cos 6)] Texp <_ Agi cos 6) (2.20a)
Ige(x) _ (ny)ge _ _ h(x)
7 (e [1 e’“’( 7557 cos a)l (2:200)

where n, is the volume atomic density in the bulk materigig.2 atoms/nfhfor Ge, and 49.9

atoms/nm for Si), andn, is the elemental volume atomic density in the Si@er-layer. Since the
Ge concentration within the OL is given by:
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_ (nl*/)Ge
© = s+ ()es (2.21)

the atomic densities, for Ge and Si in the OL fulfil the relation:

1—«a
(y)si = (W )ge —— (2.22)

Moreover, supposing that the atomic density of Gthe OL is linearly correlated with its value in
the bulk case, i.e.:

(My)ge = a(nv )Ge (2.23)

then the normalized Si LMM and Ge LMM Auger intdies become:

i e h h
- a2 ( 2 e

Agi cos & Agi cos &
IGe(x) h(x)
_I(fZD =a(x)|1—exp _A—g‘fe s (2.24b)

By solving numerically the Egs. (2.24), the two nawn values:(x) andh(x) can be determined at
a given positiorx. For the annealing at 600 °C an average Ge relatwcentration of about 0.81 +
0.05" has been found, in good agreement with the vauesd in literature for the case of MBE
depositio®. The value of composition, as obtained by therdtsclayer model, exhibits a relative
dispersion between the several data sets of al#@b.1This dispersion is comparable with 1) the
uncertainty introduced by the physical quantiti€she model (namely the IMFPs, for which has
been assumed an error of lower than 5%, which mntonly accepted) and 2) the possible
systematic errors induced by a gradient of the amitipn inside the over-layer along its depth. It
has been verified that, even in the extreme casetiwhngular profile of the composition inside the

OL, the mean composition predicted by the modslwéhin the dispersion boundaries.

2.5.2 Temperature dependence of the diffusion paragters

The dependence of the OL thickness as a functior @fig. 2.5(c)) is attributed to the
diffusive motion of the atoms from the source, aad be well understood within the framework of
the analytical diffusion model presented in thet®aec2.2 applied to the one-dimensional case (1D)
due to the geometry of the experiment. The modettist applies for the case of negligible
intermixing between the migrating species and thlessate atoms. The hypothesis is not strictly
verified in the present case as we found a pasiahcorporation inside the over-layer from the

" The behaviour of the Ge concentratioas a function of the distangdrom the stripe as determined with the discrete
layer model is shown in Fig 3.7(b) of Chapter 3.
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Auger analysis (see above). Indeed, consideringthiealocal atomic motion is fast compared with
the Ge flux®, the Si intermixing occurs on a time scale muabrtgn than the diffusion motion of
the Ge atoms from the stripe, and the model cageperalized by supposing that the Ge surface
diffusion is mediated by Si incorporation insidee tiover-layer. The correspondent diffusion
parameters obtained by the model are essentidiiieteto a SiGe alloy with high Ge content, and
we will refer to them as Ge effective diffusion paneters.

Within this scenario the gradient in the chemicaleptial induced by the difference of Ge
surface concentration between the stripe and thewuding regions is the driving force for the
surface diffusion. In our case the Ge volume ataerasity does not vary significantly as a function
of the distance from the stripe and thus the G&aserconcentration is essentially proportional to
the Ge coveragle, which thus follows the 1D Fick’s second law exgzed by Eq. (2.8):

D O"h _ oh (2.25)
d0x? 0Ot

wheret is time, and is the diffusion coefficient. The Ge stripe hadratial surface concentration
distribution with a step-like shape, and the heighthe boundary is essentially maintained at a
constant value during the annealing:

h(x,t) =0 t=0, x>0 (2.26)

h(x,t) = hy vte[0,7], x<O (2.27)
where r is the annealing time. This initial and boundaoyditions represent the case of diffusion
from a source of constant concentration, as digclssSection 2.2.3. The solution of the diffusion
eqguation, and thus the Ge coverage along the @hffysrofile is borrowed from the Eq. (2.17) and

given by the following relation:

hGx,t) = ho [1 - erf (x _on)] (2.28)

wherex, is the position of the stripe edge ahe- 2+/Dr is the diffusion length. The green curve in
Fig. 2.5(c) is the best fitting of the experimerdata using Eq. (2.28) for a 10 minutes annealing a
600 °C. The diffusion lengths represented in Fig(&®) were determined similarly for each couple
of temperature and annealing time on data takéme¢ temperatures with several annealing times.
Then the diffusion coefficient at each temperatarextracted by linearly fitting the*4 values for
each temperature in Fig. 2.6(a). They are showhrign 2.6(b) as an Arrhenius plot Bf (InD vs
1/T), and the green line is the fitting of the datéhvihe corresponding Arrhenius law:

1.24 eV) cm?

D=64x10"2 (—
exp KT

- (2.29)

26



GE DIFFUSION ON CLEAN AND C COVERED SI(001) SURFACE g®:E1iS

The values found for the diffusion const&nt= 6.4-1F cnf/s and for the activation ener@ =

1.24 eV are in good agreement with both the expartaf® and theoreticaf'° literature. A strong
anisotropy of the surface diffusion has been expentally demonstratdand a theoretical model
has been proposetf, where the diffusion parallel to the dimer rowhke easy diffusion,is
characterized by an activation eneffgy= 0.73 eV and a diffusion constag = 4.3x10* cnf/s,

and in perpendicular direction, thard diffusion by Ex = 1.17 eV andDo = 2.8x10° cnf/s ° (see

Fig. 2.3(c) and 2.3(d)). We notice that in our pefig. (2.28) is used to describe the surface mass
transport over a length scale of a few tens of om@ters, which exceeds significantly the typical
width of single terraces and of the dimer rows dmmaThus, the measured diffusion coefficient

describes the diffusion averaged over both dimientations domains and across their boundaries.

a) fb)
@ [®
L
4,0x10" [ % .
= |y e -_
5 2,0x10° 7 1 =
¥, :
|l / o eoo°c
1/ O 625°C ] R,
Y 650°C B\
1o gy O B70°C 1 \
00 «-" ¢ 700°C
0 600 1200 1,00 1,05 1,10 1,15 ]
annealing time (s) /T (10’3 K)

FIG. 2.6. (a)L%4, with L diffusion length, plotted as a function of the ealing time,z, for different temperatures (600,
625, 650, 670, and 700 °C). Linear fittings of #heerimental data were used to extract the valfiebeodiffusion
coefficient, D, at different temperatures ¥ = 4D7). (b) The diffusion coefficient has an exponentiainperature
dependence given by an Arrhenius law: diffusionstantD, = 6.4- 10 cnf/s, activation energia = 1.24 eV. (c) STM
image of the Si(001) surface showing the 2x1 reraoson with dimer row&: different terraces show a different
orientation of the dimer rows. (d) Schematic repnéation of the diffusion anisotropy on the recamsed (001)

surfacé.

2.5.3 Time Dynamics of diffusion flux

In this section we present the analytical desaipof the time dynamics of the atomic fluxes
during surface diffusion from a source stripe. Tigsults will be useful in the following discussion
of the self-assembly growth process of SiGe islandginated along the continuous diffusion

profile (see Chapter 3).
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The flux of diffusing atomsl(x,t) represents the net number of Ge atoms that intume t
cross a section of unit length parallel to thepstrat a distance from it. In the one-dimensional

caselJ(x,t) can be written as:

0 d
J(,8) = =D o—c(x,t) = =D ——[h(x, 6) - ()ge] (2.30)

where(n;,) ¢, is the volume atomic density of Ge atoms insidedber-layer and can be derived by
the Eq. (2.23). The diffusion profilbe(x,t) assumes the form given by the Eq. (2.28) in adse

diffusion from a source stripe of constant heigitihg its edge at, = O:

+00
_ ho ¢
h(x,t) —;! \/mexp <— m) dé (2.31)
Assuming that:
_ho §?
g o) = N T (— m) (2.32)
and,
g G = 2.33
then,
h(x,t) = G(+o,t) — G(x,t) (2.34)
The fluxJ(x,t) can be then obtained accordingly:
0
J(x,8) = D(ny)ge -G (x, 1) = D(ny)geg (x, ) (2.35)
and thus using the Eq. (2.32):
= ho(ny bl x 2.36
G0 = ha(niee () e~ 352 (2:36)

which represents the time and spatial dependemdbddlux of diffusing atoms from the stripe.

Fig. 2.7 shows the flux(x,t) as a function of the time as derived by the Eq. (2.36) for
different distances from the stripe in case of annealing at 600 °C &b@l °C. The parametehg
and D have been deduced by fitting the experimentallasnesd diffusion profiles with the Eqg.
(2.28). For both temperatures, in case of spatisitipns close to the stripe edge, the atomic igux
huge and very intense showing a super-elongati@aidier times and then a progressive reduction
for longer times. On the contrary for positiongli@r away from the stripe edg#xt) is very low
without showing any super-elongation at the begignof the annealing process. This different
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behavior is one of the main causes for the spdépkndence of density and size of SiGe islands

nucleated during the diffusion process, as it lldiscussed later on the Chapter 3.

x 10° x 10°
2.5 ; . 2 " g
’Cp-\ 2.5% 10° (a) 5 X 10° . (b)
g
2 2t 2 | 1.5
= r 1.5+ '
E J
g 15 — 1
: 05 %% ' 0 ' FIG. 2.7. FluxJ(x) of diffusing Ge atoms
® 1 J : o ) %’ﬂ-—— as a function of the timeas derived by the
; 0 100- 200 0 20 40 Eq. (2.36) for different distancadrom the
é 0.5t | stripe in case of annealing at 600 °C (a)
5 0.5 N T 2600°C | ' T =700 °C and 700 °C (b). The parametdys and D
- ﬂ;\\\\ T=600°C 9 have been deduced by fitting the
“K e e experimentally measured diffusion profiles
0 : : 0 ' : ith the relation (2.28).
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2.5.4 Scaling behavior of surface diffusion from atripe

The formation of an interface is a complex prodaefisenced by a large number of different
factors, nevertheless in some situations, likéhin film growth, there is a small numbers of basics
laws determining the dynamics of the process andiépendence on time and length scales of
observation. The aim of this paragraph is the itigason of the scaling behavior of the surface
diffusion process from a stripe source, which Wil described and interpreted using the language
of fractals.

Isotropic fractals arself-similar they are invariant undesotropic scale transformations. In
contrast, surfaces are generally invariant ura@sotropic transformations and belong to the
broader class ddelf-affinefractals. For investigating the scaling behaviba @urface it should be
introduced a special subclass of anisotropic ftactdescribed by single-valued functions called
self-affine functiorfs. The height functiom(x,t) is self-affine if it respects the following reia:

u(x,t) = b~ %u(bx, b%t) (2.37)
whereaq is called self-affine exponent, amrds the dynamic exponent. This equation formulates
general terms the fact that a self-affine functiouast be rescaled in a different way horizontally,

vertically and in time: if the function is blown wgth a factorb horizontallyx — bx () and a factor
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bZin time { — bZt), it must be blown up with a factéf* b” vertically (1 — b%h) in order that the
resulting object overlaps the object in the presigeneration. To describe the evolution of the
surface quantitatively, one can compute the tinpeddent height-height correlation function

U(x,t) = (Ju(x + x,t) —ux, )]?) (2.38)
which contains most of the relevant statisticabinfation about the surface. The averaging is done

over thex variable. Ifu(x, t) is self-affine the height-height correlation fuinothas the forrf:

UCx,t) = 2[w()f (—— (2.39)
()((t))

where f(x) is called scaling function. Hera(t) is the interface width defined bw(t) =
([u(x, t) — u(t)]?), whereti(t) is the average height of the profile obtained avéength scalé,
andy(t) is the lateral correlation length. By looking atwhthese parameters evolve with time, one
can characterize the dynamic behavior of the psc8giceu(x,t) obeys the Eq. (2.37), this is
valid also forw(t) andy(t). The solutions of the corresponding ‘functionali@ipns’ are in the
form of power laws:
w(t) = tP (2.40)
x(t) =t/ (2.41)
wheref = a/z is called growth exponent.
We are now interested in determining the scalingoeents characterizing the surface
diffusion process from a source stripe. In thisnec®, the height interface,(x, t), is determined

by the diffusion profileh(x, t) given by the Eq. (2.28). If this profile s&lf-affine then on rescaling

it vertically:
h - b%*h (2.42)
horizontally:
X = bx (2.43)
and in time:
t - bZt (2.44)

we should obtain an interface that is statisticailyariant from the original one. Substituting the
Egs. (2.42)-(2.44) into the Eqg. (2.28), we find:

beh(x,t) = hy :1 - erf< bx )] (2.45)

and thus,

[ zZ
h(x,t) = b="hy |1 - erf<b1‘i . (2.46)
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To find the correct exponents we require that thefile h(x,t) must be invariant under the
transformation (2.45), and thus each term on tijiet side of the Eq. (2.46) must be independent of
b, which implies:
a=0, B=0 z=2 (2.47)
In this particular case where and f are equals to zero, ard= a/f is a singularity
assuming an integer value, the dynamic evolutiatheheight profile1(x, t) is no longer described

by a power law as defined by the Eq. (2.40), buteed the interface widtlw(t) scales

logarithmically with time at early timé$
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FIG. 2.8. (a) Log-log plot of the interface widilh (black squares) obtained in case of diffusion @0 6C (

hy =08ML,D= 0.3pm2/s) over a length scale= 10 um as a function of the timie The green curve is the best
fitting of the portion at early times using a loigiamic function. (b) Time dependence of the inteefavidthw (black
squares) at 600 °C obtained over different lengtiesl = 10, 16, 10°, and 18 um. (c) Log-log plot of the time, at
whichw reaches its maximum as a function of the cormfaéngth y =1 .

In the context of surface diffusion exploring hetbge interface is represented by the
separation surface between the SiGe over-layercewiby the diffusion and the vacuum. The

interface widthw can be thus mathematically determined as:

l l 2
w(t) = %J- lho <1 - erf(zjm>> - %J- ho <1 - erf(zjm» dx | dx (2.48)

wherel is the length scale over which the diffusion isdstd, andhy andD are the Ge coverage»at
= 0 and the Ge diffusion coefficient, respectivegxperimentally determined by fitting the

measured diffusion profile with the solution of tdéfusion equation (see Section 2.5.2). In Fig.

31



Chapter 2 GE DIFFUSION ON CLEAN AND C COVERED SI(001) SURFACE

2.8(a) the interface widtlv obtained in case of diffusion at 600 °G, €08 ML ,D = O.Bumz/s)

over a length scale= 10" pm is plotted as a function of the tintelt is clearly seen that &s
approaches to zerw, is well fitted by a logarithmic function of therte. Fig. 2.8(b) reports the time
dependence of the interface width obtained oveferint length scales= 10, 16,10°,10° pum,
showing a similar behaviour irrespectively from tredue ofl. The attainment of a maximum and
the following decrease are both features commatl twurves, while the time positiorts, at which
this maximum is reached depends on the length scalggesting that this phenomenon constitutes
afinite size effectln fact, during the diffusion process the portafrsurface whose height profile
depends on that of the neighbouring regions groitfs tme, i.e. the lateral correlation lengg(t)
increases as a function of time. Whe€t) reaches the length scdlever which the system is
studied, the entire profile becomes correlated thedinterface widthw starts to decrease. In Fig.
2.8(c) the timdy, at whichw reaches its maximum is plotted as a functiow.ofhis dependence is
well described within the power law:

x ~ i/ (2.49)
confirming thatz = 2 as derived by the previous scaling argumeamg@aring the Eq. (2.49) with
L=2y/Dt, it is easy to understand that the diffusion larigplays the role of the correlation length
during the diffusion process.

The set of scaling exponents defined by the E4.7)Zor the diffusion process from a source
stripe and the correlation logarithmically decayigigown in Fig. 2.8 are also shared by the
solutions of the Edwards-Wilkinson (EW) equatibim a (2+1)-dimensional space. This means that
they belong to the same universality class, and thay share the same symmetry properties and
conservation laws. The EW equation can be seeheastdchastic version of the diffusion equation
given in EqQ. (2.7), and describes all the proces#gsre a conservative relaxation mechanism is
involved. A logarithmic scaling appears in case Mblecular Beam Epitaxy (MBE) when
nucleation starts on the surfateor negative Schwoebel barriers characterizestéye edges of the

surfacé®. Drotar etal >

sustain that the scaling exponents defined byEtheg(2.47) applies also in
case of Low Pressure Chemical Vapour DepositiorCP) when reemission phenomena of the
vapour particles are taken into account. Moreotharetical approaches to domain-wall dynamics
in magnetic ultrathin film¥, and in general the motion of driven interfaceslisprdered medf3,

are typically based on the EW equation with queddflisorder. In medicine, the dynamics of the
tumor growth after stimulating the immune respow#i@ a strong neutrophilia around the tumor is

compatible with EW universality cla¥s
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In this paragraph we studied the scaling behavaduhe surface diffusion process from a
source stripe. We found that the diffusion profieself-affine with a given set of scaling exporsent
(Eq. 2.47) belonging to the same universality clasthe solutions of the EW equation. This opens
to the possibility that the results found herefaagnstance the law which regulates the modulation
of diffusion as a function of a surfactant (seeti®ac2.6), could be applied also in cases of
magnetic domain-wall and tumor growth dynamics,chhare very different contexts from atom

diffusion and SiGe growth.

2.6 Ge diffusion on a C covered Si(001) surface

2.6.1 Diffusion parametersvs C coverage

We discuss here the dependence of the Ge surftigsiain from the C coverage. It has been
proposed by several authtrthat C surfactant can be used in order to cottbize and density
of self-assembled islands exploiting the C-induceduction of the Ge diffusion coefficient.
However, a direct experimental demonstration of i@dulation of the diffusion length of Ge
adatoms on a carbon pre-covered Si(001) surfastdlilacking and will be addressed here below.

In order to compare the effect of different coveragthe same environmental conditions, we
have produced a carbon coverage varying continydrein zero to about few mono-layers (MLS)
along the directiory parallel to the stripe (see Fig. 2.9) accordinght following procedure. An
homogeneously carbon covered surface has beemetitas described in the experimental section
(Section 2.4). Then, we used a metallic shuttetepfrrallel to the sample surface and placed
between the sample and the lon gun. In this wayptrdon of the sample surface masked by the
shutter is not exposed to the ion beam irradiafidrus the surface has been ion sputtered while the
shutter, having an edge perpendicular to the stk parallel to the sample surface, was moved
along they direction. This allowed the exposure of an inciregagortion of the surface with time.
The sputtering direction has been kept fixed withjgrtion alongx in this case (instead of using
the isotropic bombardment adopted before) in otdexxploit the shutter motion. As a side effect,
the C film is not removed from the area shadowedthkystripe (the right side of the stripes shown
in Fig. 2.9 and in Fig. 2.10). The C coverage befGe diffusion as a function of has been
determined by measuring the C KLL Auger line (kioetnergy of 270 eV and IMFP of 1 fith
Then its intensity variation has been fitted witHiscrete layer mod&l similar to the one used for

Ge in the previous section, where C is consideoctet at the top-most of the surface. This is
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supported by the fact that for coverage greatar €ha ML carbon is preferentially found at surface
sites’.
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FIG. 2.9. (a) SEM image of the stripe before aringaly coordinate is parallel to the stripe edge. (b)€&aadtic
representation of the wedged carbon layer clogbddcstripe region as obtained by means of the anjsic spatially
modulated ion sputtering (see text). (c) Quantifara of the wedged layer: the C coverage variedicoausly from
zero to about few mono-layers (MLs) along the dicecy parallel to the stripe as determined by measutiegC KLL
Auger line and fitting its intensity variation withdiscrete layer model.

Fig. 2.10 shows the diffusion region for two diffet stripes after annealing for 10 min at 600
°C, where the modulation of the carbon coverage dgaen the top (C-free) to the bottom (C-rich)
of the figure. The effect of the carbon coveragehtenGe diffusion is dramatict)(the diffusion is
fully inhibited on the right side of the stripe digethe shadowing effect on the ion beam produced
by the stripe itself, which prevents the C remofram the Si surface;ii] on the left side the
diffusion is completely quenched when the covemgeeed a critical value (which is about 1 ML),
while in the C-free region the diffusion is favodrand a continuous variation of the diffusion
length with the C coverage goes from one extreméhéoother. This behaviour experimentally

confirms the crucial role played by carbon in deii@ing the Ge atomic mobility on Si(100).

34



GE DIFFUSION ON CLEAN AND C COVERED §I(001) SURFACE E@:EIiS ¥

SIDE VIEW TOP VIEW

ion beam . —
Carbon > I .
—p- .

FIG. 2.10.Diffusion regions for two differer
stripes after annealing for 10 min at 60C in
presence of a wedged C coverage. Transv
sputtering has been used in this case (see
on top). For both stripes, in the-rich region
(at the bottom) the diffusion is inhibited, wh
in the Ciree region (at the top) the diffusion
favouredwith a continuous transition betwe
these two extremes. The limit of the diffusi
region as a function of the Carbon coverag
outlined by the green contour (left panel) :
red contour (right panel, where the resci
green contour is also reported a
comparison). The regions with low, medil
and high C coverage used in Chapter 3
shown by red shaded are
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Spatially resolved Auger analysis allowed to obthi@ Ge coverage profiles after annealing
as a function of the distance from the stripefor different pre-existing C thickness in the sub
molayer regime, whose complete mapping is showfigure 2.11(a). For the determination of the
coverage profiles, the same model exploited inGHeee case is used. Then by applying again the
1D diffusion model already described, the diffuslength behaviour can be extracted by the map
of the diffusion profiles. The correlation betwettre diffusion coefficient and the C coverage,

shown in Fig. 2.11(b), is finally obtained by thedation L = 2JDr . It is worth noting here that the
analytical solution of the 1D diffusion model usecdthe case o€-free diffusion still represents a
good approximation for the experimental behaviduhe Ge coverage as a functionxofAlthough

this model strictly applies only in case of perfeenslational symmetry along the stripe, as in the
C-free diffusion described in Section 2.5, it il st good approximation in the present case: ot fa
the diffusion length varies slowly along theéirection from 0.3%um to 30um over a 50um range
(see right panel in Fig. 2.10). It is worth notiag well that by changing the C coverage from about
1 ML to 0.1 ML, a variation of about 4 orders of gn&ude in the diffusion coefficient is obtained
(see inset in Fig. 2.11(b)). This experimentallgwh the possibility to tune the surface diffusidn o

Ge by using a controlled coverage of carbon, omggmeresting perspectives in technological

applications and device fabrication.
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FIG. 2.11. (a) Auger mapping of the Ge diffusionfies as a function of the C coverage. (b) Quatitie correlation
the green curve is thet b of the
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between the Ge diffusion coefficient and the carbomerage (linear plot):

experimental data (black squares) using a modetentie activation energy for surface diffusion &iflg depends on
the carbon coverage (see text). The free paramagermd ElA result from the fitting to be 5.68 = 0.33 x46nf/s

and 0.29 + 0.04 eV, respectively. Inset: logarithpiot of the diffusion coefficient vs the carbawverage.
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2.6.2 Physical origin of the C-induced modulation foatomic mobility

In this section the measured variation of the diffn coefficient of Ge at 600 °C as a
function of the carbon coverage in sub-monolaygime is critically discussed. In Fig. 2.11(b) it is
shown that the coefficient strongly decreases wimlereasing the surfactant coverage. The
reduction of the atomic mobility in presence ofbmar has been generally related to the strong
chemical interactions among Si, C and Ge, andddrtbrement of surface roughness due to the C
presenc®>4% Moreover, the activation energies for the surfdifision have been theoretically
shown to strongly depend on the local strain fielperienced by the diffusing atoms on the
substrate surface along their diffusion path{idg**444>

It is shown here that a first order expansion efabtivation energ, = ES + E4(9-43,) as a

function of the C coverage? (defined as the ratio between the thickness ofCagon layer as
determined by the discrete layer model and thektieiss of one monolayer in the C diamond
crystalline structure), is good enough to reproduice gross features of the experimental

dependence. The coverage thresheld,is found to be 0.16 £ 0.06 ML according to thalgsis

developed in Section 3.3.3 of Chapter 3. Its ptajsicigin is related to the tendency of carbon to
intermix with Si into the shallow layers of the stiate rather than stay at the surface, as itheill

extensively discussed later on in this section. diffesion coefficient results accordingly:
D(,T) = Diexp <—E—‘2> exp I— E—j W - 190)] (2.50)
KgT KgT
where the pre-exponential factd@yg, represents an average effective value of thesidh constant
in presence of a carbon coverage.

The main panel in Fig. 2.11(b) shows the bestffithe experimental data using Eq. (2.50),
where E; was set to the value found in the case of C-fifasion, andD; and E, have been

considered as free parameter, resulting to be 5&83 x 1 cnf/s (the same as in the case of C-
free diffusion within the experimental uncertaingy)d 0.29 + 0.04 eV, respectively.

On the basis of the experimental results reportede,hwe are not able to identify
guantitatively a predominant factor among the clealinteractions, the surface roughness and the
strain field determining the reduction of the Genaic mobility. However, combining our
observations with well established results from lttexature we propose that the most reasonable
picture of the experiment is the diffusion of a 8iBp-layer with high Ge concentratien§0%)
on a rough and compressively strained substratacgurThis scenario is discussed in the following

paragraphs.
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The increase in surface roughness with the carbwerage can be induced by the tendency of
C atoms to diffuse into the Si substfaf€. In fact, the C incorporation in Si is essentialven by
the competition between the tendency of C atonectupy favourable sites and the minimization
of the lattice elastic energy associated with {de4) reconstruction strain fieltl This process can
result in the formation of separated reconstructtomains and in the increase of the roughness.

Torigoe et al*®

gave experimental and theoretical evidence foromatonic dependence of the
activation energy for surface diffusion by the agdg roughness, which is shown to increase for
higher carbon coverage at a Si surface. We meadwedlFM the post-annealing surface rms
roughness, which increases with the C coverage fid&2@ £ 0.04 nm in the C-free regions up to
0.35 = 0.05 nm in the C-rich regions. Thus the rmags seems to play a role in the observed
variation of the diffusion parameters.

In the case of further coverage with Ge as in ageament, we have to take into account the
existence of a strong repulsive chemical interachietween Ge and C atoms, which has been both
theoretically predicted’ and experimentally demonstrat&dThis interaction is able to force C
into the shallow layef€ where it is principally incorporated substitutitipd’, forming stable Si-C
bonds and giving rise to a strong compressiversfraid. This C-induced strain field increases with
the carbon content at the surfdcand can be obtained at the first order within \fegiard law as
being proportional to the carbon coverage. The ecdraent of compressive strain of the substrate
has been shovih****“4+*lto be responsible for an increase of the surfaffesibn energy barrier
leading to a decrease of the mobility. Huangl**** based on first principles calculations, found a
linear correlation between this diffusion energyriea and the substrate strain field.

Thus we propose a scenario where the decrease @fdldiffusion coefficient between the C-
free and the C-covered Si(001) substrate origintitem the modulation of the activation energy
induced by two contribution: 1) the roughness at ititerface and 2) the increased compressive
strain within the substrate. Both contributionsedetine a linear dependence of the activation
energy, thus they are both described by the caefiticE; in the exponential factor of Eq. (2.50).

The fitting in Fig. 2.11(b) reveals that the Gefuifon constantD; = 5.68 x 1F cn/s, does
not significantly change with respect to the C-fomse, Do = 6.4 x 1¢ cnf/s, showing that the
main cause of the strong dependence of the diffiusazfficient from the C-coverage comes from
the activation energy.

The above discussion shows that Si-C bonds inflieteeply the SiGe diffusion in our
experiment so that the value &; estimated here cannot be directly compared tdhberetical

calculations of the diffusion on externally strainpure Si substrates. However a qualitative
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explanation of the main trends is possible witlie &pproximation thaEi\ is determined only by

the C-induced strain field. This needs to accoanttie real strain field induced by C atoms in the
surface layer, whose determination requires thevledge of the Carbon concentration in the top-
most layer. This issue will be properly addressethe following discussion about the island self-

assembly (Section 3.3.3 of Chapter 3), and thusdhder is referred there also for the discussion
about the ternE, .

These results should be considered as a prelimgigeynpt to have a deeper insight in the
comprehension of the processes governing the Gzedlmodulation of the atomic mobility. They
give an experimental basis on both the identiftcatf the factors influencing the surface diffusion
and the guantitative prediction of the C-inducezhtr for the activation energy and the diffusion
constant. Moreover, they represent a solid backgtotor the comprehension of the self-
organization phenomena during SiGe islands growttich will be treated in the Chapter 3. We
hope that these systematic results will motivateéhtr experimental and theoretical works.

2.7 Conclusions

We have investigated the surface diffusion of Geboth C-free and C-covered Si(001)
surface by means of Scanning Auger Microscopy.tFitse temperature dependence of Ge
diffusion coefficient on a microscopic scale ha®rbelirectly measured in case ofCafree Si
surface, interpreting the results within a one-disienal diffusion model. The scaling behaviour of
the resulting diffusion profile has been investigghtshowing that it belongs to the universalityssla
defined by the solutions of the Edwards-Wilkinsaua&tion in a (2+1)-dimensional space. Then,
the Ge diffusion coefficient at 600 °C has been mooed as a function of the carbon coverage,
exploiting a continuous spatial modulation obtaitgdon sputtering a homogeneous carbon layer
during a time increasing with the longitudinal gmsi along the stripe. The increase of the carbon
coverage from 0.1 ML to 1 ML, corresponds to a dase of the diffusion coefficient from ~ 3:°10
cn’/s to ~ 3-10° cnf/s. This huge dependence is discussed within aigyscenario where
carbon is incorporated within the shallow volumetlod Si substrate inducing a surface roughness
and a compressive local strain field. These twanpheena, together with the chemical interactions
among Si, C and Ge are the main factors influentnmegdiffusion modulation and are described

through a linear dependence of the diffusion atbweenergy on the C coverage.
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Chapter 3
Self-assembled SiGe idands grown by
Surface Thermal Diffusion on Si(001)

3.1 Introduction

Crystalline silicon and germanium have the samacéatstructure, i.e. that of diamond.
However, the lattice constant of Ge is about 4.Bafger than that of Si. This difference is called
misfit and is defined a$ = (ace - as)/asi, Whereas; = 543 A andag. = 564 A are the lattice
constants of Si and Ge, respectively. Because isf thttice mismatch, the growth of Ge on Si
evolves in layer-by-layer mode for only few monaes/ (MLs), after which 3D islands form. This
system is a classical example of Stranski-Krastd8$) growth modé

The SiGe system has been extensively studied Bntgears. The main results achieved in
the growth of Ge on Si(001) by means of CVD and MBE briefly reported in Section 3.2, where
it is shown that a rather coherent picture emeogef many experiments. In Section 3.3, we will
focalize more deeply on the investigation of sedeambled SiGe islands on Si(001) grown by an
original method making use of a lithographicallghetd Ge stripe used as solid state source directly
placed on the sample surface. The obtained resaitshe described in their mainlines within the
same framework developed for MBE and CVD growneayst, however they open a new region of
the parameter space and shine more light on somiguimg aspects of the Ge/Si(00%glf-

assembly
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3.2 Epitaxial growth of S Geislandson Si(001) by MBE
and CVD

As the dangling bonds of Ge atoms are less energan those of Si atoms, the surface
energy of Si is larger than that of Ge, and thuh@initial phase of the growth process the Geswet
the Si substrate forming a flat compressively sedifilm (wetting layer, WL). Ge grows flat until a
critical thickness of around 3 - 4 ML is reach@&dat which the effects of the Si interface are no
longer felt. Above this thickness, coherent sté@ieislands are formed in order to lower the elastic
energy of the system with respect to the pure 2Ddsfthfiguration, where a tetragonal distortion is
the only possible reaction to the applied biaxtedia. At the critical thickness the free energy fo
the formation of an extra-surface is sufficientiyer than the elastic strain energy due to theétt
mismatch, and thus the system spontaneously evtdvesrd the formation of 3D clusters where
the outward bending of the lattice planes leads partial elastic strain relaxation (see Fig 1.thm
Chapter 1).

3.2.1 Strain relaxation before the onset of 3D growth

On the ideal Si(100) surface, as obtained by trimcaf the bulk, each atom has two broken
(or dangling bonds and two backbonds connecting it to the stfilse sites. Because of the huge
number of dangling bonds, the surface is strudiutaistable and an atomic rearrangement occurs
through the formation of buckled dimers genera@in(2x1) reconstruction (see Fig. 2.6(d) in the
Chapter 2).

During the initial stages of Ge deposition a corspieely strained wetting layer is formed.
The main effect of Ge deposition on the surfacecttire is an abrupt change of the surface
reconstruction. At low Ge coverage, the surfacewsha disordered structure exhibiting many
missing dimers When the coverage reaches about 1 ML, dimer wéesmarrange themselves into
an ordered array of lines (dimer vacancy lines, BYi(see Fig 3.1(a)). The surface reconstruction
has now changed from (2x1) to (2xN), where the dlither is missing. Tersoffhas demonstrated
that the formation of DVL’s is a very efficient wapf partially relieving the compressive strain
within the wetting layer. At even higher Ge coverggbout 2 ML), terraces fragment into small
patches bounded by DVL's and by larger trenchepeaeticular to the DVL's, the so-called dimer
row vacancies (DRV’S)’ (see Fig. 3.1(b)). The surface structure has neanged into a (MxN)
reconstruction, where M is the number of rows witbach patch.
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FIG. 3.1. (a) STM image (45x45 Aof the
(2xN) reconstruction (from Ref. 4). Dimer
Vacancy Lines (DVL's) are visible as dark
lines perpendicular to the dimer rows. (b)
STM image of the (MxN) reconstruction
(from Ref. 8). DRV’'s represent the dimer
row vacancies.

3.2.2 3D idand formation and faceting

The spontaneous formation of 3D islands on thedbfhe compressively strained wetting
layer is a result of the competition between tHease of the elastic strain energy and the increase
of the surface energy due to presence of an entface with respect to a 2D configuration. At
initial stages islands appear first as unfaceteall@ mounds (generally referred to pse-
pyramidg, and then with increasing deposition coverage ttiansform in completely faceted
pyramids bounded by four {105} facet{see Fig. 3.2). When the wetting layer thicknesseeds
its critical value, a morphologic instability (knowas Asaro-Tiller-Grinfield, ATG, instability)
develops with the formation of a ripple structumgade of regularly spaced cells, able to partially
relieve the strain stored into the wetting Idyéf. This cell-like structure is composed of rounded,
rough and not regularly stepped mounds, exhibiéingery low height-to-base aspect ratio (A.R.
around 0.05). Fig. 3.2 shows the evolution pathwagergone by a shallow mound leading to the
formation of a complete pyramid, though an intermedtruncated pyramid morphology. Small
{105} facets nucleate at the region of the pre-pyich surface located at a height intermediate
between the base and the %gpee Fig. 3.2(a)); since the {105} facets exhibivery low surface
tensiort®'* they expand in order to reduce the surface enefgihe whole structure, and the
unfaceted remnants of the parent pre-pyramid desapfsee Fig. 3.2(b)); finally, the apex of the
pyramid forms since material is likely to be attemtfrom the surrounding to the partially relaxed
top, rising the aspect ratio up to around 0.1 @ge3.2(c)). Tersofet al® suggested that the pre-
pyramid-to-pyramid transition is a first order tsition, occurring when the island size reaches a
critical value. At this point on the pre-pyramid rpbology becomes unstable since its total energy
becomes higher than that of a truncated pyramid.
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Mound

FIG. 3.2. Pre-pyramid to pyramid
\ transition. STM images and corresponding

schematic representation of an unfaceted

mounds (a), a transition pyramid (b) and a

{105} faceted complete pyramid. Scale in
105 m@ (105) STM images are: (a) 118x95 Am(b)
m 92x80 nrf, (c) 80x80 nrA (From Ref. 12)

As, with increasing deposition, complete pyramidd 105} facets reach a critical volume,

they undergo a second morphological change to facdtied islands dubbedbmesexhibiting
steeper {113} and {15 3 23} facets (A.R. around)&82° Rosset al'® used real-time Low Energy
Electron Microscopy (LEEM) to experimentally obserall the transition states and intermediate
shapes between pyramids and domes (see Fig. &3)(a)Fhis evolution can be understood by
considering that steeper islands better releasielanergy, while exposing more extra-surface
with respect to a 2D configuration. The balanceveen these two terms yields to the following
expression for the free energy differehbetween an island and an area of flat WL of egaklme

V:

2. ,
A=V[pis — pwi] + V3(Cslsl/is - CESVWL) 3.1)
whereis refers toisland, S to surfaceand B to baseso thatpis and py,. are the elastic energy
densities in the island and in the WL, respectively and y,. are the average surface energy

densities of the island facets and of the WL, retipely; ¢S and ¢S are the facets and base areas

normalized toV’?/3, respectively. At large volumes, the surface epeegm is negligible, so that
steep islands will be favored, while shallow morplgees are expected in the limit of smell Fig.
3.3(9g) illustrates the behavior Afas a function of the island size for pyramids dathes based on
Eg. (3.1). Pyramids are more stable than the WlLafor volumes. Both shapes are degenerate in
energy at the critical size V*, where domes becomese energetically favorable with respect to

pyramids and thus a transition occurs.

46



SELF-ASSEMBLED SIGE ISLANDS GROWN BY SURFACE THERMAL DIFFUSION H®1:E) i3 g)

150

<1 -150

-300

Volume (10° nm®)

0nm

[113]
E‘(Snll =

FIG. 3.3. Panels (a)-(c): LEEM images recordedrdu®iGe growth on Si(001), showing the pyramid (Rnsition
(TP), and dome (D4) shapes (from Ref. 16). Pargiéd): STM images illustrating the pathway of ghgramid-to-
dome evolution (from Ref. 17). At the bottom, scla¢imdiagram showing the facets present in P, TdP[24 shapes.
Panel (g): calculated energy difference of shalignamids (SP) and domes (D) with respect to theWfla. V* defines
the critical volume at which transition occurs.dfr Ref. 2)

Medeiros-Ribeiroet al’® gave a thermodynamic interpretation of the growtivcess
considering this bimodal size distribution (pyram@hd domes) to reflect an equilibrium state of
the system. Pyramids and domes would be assocated free energy minima at discrete islands
volume, and the width of the bimodal distributioroend each minimum is due to thermal
broadenind’. The transition between pyramids and domes woeldhus a thermally activated
process, occurring relatively abruptly, able to roeene the energetic barrier between the two

11618 and Daruka and Tersoff proposed a kinetic rather than a

minima. However, Rosgt a
thermodynamic model, whereby the island growth @kted to a mechanism very similar to
Ostwald ripening (see Section 1.4 in Chapter 1).aArupt drop of the chemical potential occurs
when the islands grow past the critical volumeggerring a coarsening process able to increase
larger islands at the expense of the smaller oimeleed, some observatiGhé' for Ge/Si(001)
show that the size distribution does not behavectgxas predicted by the Ostwald ripening
modef?, nor by the thermodynamic equilibrium model. listhense the identification of the factors
governing the relative growth of individual nanostures, i.e. the competition mechanisms among
different nuclei to gather the mass present orstiface is still an interesting open issue.

Montalenti et all’ investigated the microscopic mechanism of the shapnsition. They
showed that the island growth proceeds from toppdtiom. Pyramids grows by the successive
addition of complete layers until they reach aieaitsize. From this point on, atoms accumulate
only on the partially relaxed topmost region of iBk&nd, which is an energetically favourable

position, creating a series of steps able to buwogether. As the island volume increases, an
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extended step bunching leads to the formationessr facets, and the transition to dome shape is
attained (see Fig. 3.3(d)-(f)).

3.2.3 SiGeintermixing

During the island growth process, Si penetrates the growing Ge islands leading to the
formation of alloyed nanocrystals. Si intermixirggrainly driven by the entropy of mixifigand
offers a path toward the elastic strain relaxatimte alloying effectively reduces the lattice ntisf
between the island and the substrate. It has bemmrsto drive the increase of the mean island size
and the increase of the critical volume for theeitisn of extended defects (plastic relaxatfon)

The final degree of intermixing is thus modulatgdldmth energetic and kinetic factors, and is
associated to a significant mass transport durireg growth related to only genuine surface
diffusion phenomerf&?’.

9,30,31

Using Anomalous X-Ray Scatteriff a vertical gradient of composition was deduced

both for pyramids and domes, showing a Ge-rich tmgimegion of the island and a Si-rich bottom

region. Baranowet al®

with polarized micro-Raman spectroscopy studiex atoying process in
large islands grown in the range 700 °C - 800 °leiTexperimental observations are in agreement
with an island model consistent with a Si-rich bdary region and a Ge-rich core. By combining
selective wet chemical etching and AFM measuremedidscompositional profiles of individual
islands have been experimentally determifiét®>>® finding that pyramids have highly Si
intermixed base corners while the edges, the earid the apex are rich in Ge, whereas domes
show a ring-shaped periphery region with a highecddtent (see Fig. 3.4(a)). The core of the
islands, both for pyramids and domes, appears ticher in Ge while the boundary regions seems
to be richer in Si, with a vertical gradient of goosition in which the Ge fraction drops moving
from the island top toward the substrate. Very mdge3D compositional maps have been obtained
by using grazing incidence x-ray diffraction (GIXBdmbined with finite element method (FEM)
calculationd’ showing results fully compatible with selectivelehg data.

All of these results are consistent with an inteing process associated with only surface
diffusion phenomena without the need of consideotizer mechanisms, like defects nucleation
which even occurs. In this picture, the strain enivformation of lateral trenchés®3°*°digging
into the substrate could identify a possible king@thway for the enrichment in Si of the outermost
region of the islands. The evolution of the SiGerimixing during the growth process has been
theoretically studied by Tu and Tersdffising continuum modelling. Fig. 3.4(b)-(i) summzas

their results. When the wetting layer thicknesseexis its critical value, the ATG linear instabilfty

48



SELF-ASSEMBLED SIGE ISLANDS GROWN BY SURFACE THERMAL DIFFUSION H®1:E) i3 g)

develops perturbing laterally the flat surface lo¢ tstrained layer and giving rise to the ripple
structure (Fig. 3.4(c)). As the ripples increasanmplitude, they pinch off and form distinct island
Their aspect ratio continue to increase until thenfation of defined facets, due to surface energy
anisotropy (Fig. 3.4(d)). The faceted islands exhibits a Iowieemical potentid) so they grow
rapidly at the expense of smaller islands via asmng procesd At this point, trenches form
around the largest island, digging deeply into ghbstrate (Fig. 3.4(e)). Once the trench cuts into
the substrate, the ejected Si mixes with Ge bemgured by the growing island. As a result
subsequent island growth, occurring mainly throwginface diffusion along the island walls,
generates an outer layer with a dilute composifieig. 3.4(f)). Further Si intermixing leads to the
increase of the size of the largest island at tpperse of the smaller ones (Fig.3.4(g)-(i)). It is
worth noting the strict similarity between the espwentally measured cross-sectional Ge

concentration map shown in Fig. 3.4(a), and therlasof the simulation shown in Fig. 3.4().

Si Il il B Ge
(b) —
(c)
-——-—-__/_"--____:'Ir W —
(d)_
(e)_

(f) FIG. 3.4. Panel (a): Vertical cross-section

of the Ge concentration map of a single

2 A & island as derived by selective wet

() chemical etching (from Ref. 36). Panel

(b)-(i): Selected snapshots at different
times from the simulation of the evolution
of Si intermixing during island formation
process. The vertical scale is exaggerated
by a factor of 5. The color bar shows the

(D) D Gefractionx 10 MEEN 44%  composition scale. (From Ref. 27).

-——-J r_\\___,.f_._
()

3.2.4 Plastic relaxation

As described in section 3.2.2, a morphologic ttamsi with deposition from shallow
unfaceted pre-pyramids (A.R. around 0.05), to skalpyramids (AR around 0.1), to steeper large
domes (AR around 0.2) has been experimentally teddr® This experimental observation of a
progressive transition towards islands with highspect ratio (AR) with increasing volufie
seems to confirm the qualitative prediction basedeq. (3.1). However, this simple model only
works under the assumption of a constant and umif@e concentration within the islands, and in

the absence of plastic relaxation by injection ae$findislocations. Actually, plasticity onset by
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41,42,43

means of dislocation injection beyond a criticaluioe (see Fig. 3.5(a)-(b)) has been clearly

demonstrated, as well as, a strain-driven SiGeriniggng****

and lateral and vertical composition
gradient®® as reported in Section 3.2.3. In fact both SiGeyalg and dislocation injection
effectively lower the elastic energy of the islahgselieving the misfit strain.

The tendency towards higher aspect ratios withessing size predicted by Eq. (3.1) is
interrupted by the nucleation of dislocatiéh®uring the growth, a dislocation has formed rthar
edge of the island, and thus the island boundéeesme a sink for new material because of the
sudden lowering of elastic energy. Thus the islapidly expands in lateral direction, producing a
flattening of its shape by formation of low-indeacéts on top of #. This is experimentally
evidenced by a discontinuity in the slope of thpeas ratio distribution as a function of the island

base width (see Fig. 3.5(c)).

a

MD FIG. 3.5. Panel (a) TEM image of

" =~ | islands grown by CVD. The arrow
_*’- ! marks the interruption of the regular
interference pattern due to a misfit

dislocation (MD) (from Ref. 41).

1'80 nm Panel (b) AFM image (gradient

!_ l', 3 mode) of dislocated islands grown by
MBE after selective wet chemical
etching, showing the typical ring-
structure induced by dislocation
injection (From Ref. 45). Panel (c)
Island aspect ratio plotted as a
function of the island base width for

100 200 islands grown by CVD. The critical

e o base for the dislocation insertion
=5 nrn—[ln=—1 . ISland base Wldth ( ) BW,; is indicated. (From Ref. 41)

3.2.5 Spatial ordering

For many technological applicatidfis which require the individual addressability ofeth
islands, the random positioning following the Geagtion on a flat Si substrate impose serious
limitations. Spatial ordering of self-assemblecansls can be controlled by different energetic
parameters.

The short range elastic interactions between islandn improve both uniformity in
dimensions and spatial ordering, inducing a chelnpogential gradient between different islands
and within a single islaf@*®* Capelliniet al>® have demonstrated that, by exposing randomly
positioned Ge islands to a Si flux, in-plane omigrcan be achieved. This has been explained by
means of real lateral displacements, as originatethe elastic interactions and surface diffusion

driven by a chemical potential gradient acrossim@ging islands, for both Ge and Si atoms.
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A pre-existing stress pattern induced in the wgttayer has been shown to allow for a direct
control of order and disorder effects at short lomdy range3 2 Self-organization driven by the
elastic strain field in multilayered structures Hasen indicated one possible way to achieve
this”>**>° A Ge island epitaxially buried in a Si cappingdais assumed to generate a tensile strain

field at the surface of the Si layer, providing ferential nucleation sites for further nucleatidn o

Ge island®.

g 0 b
&
o |

FIG. 3.6. Panel (a): 1x1 [fM\FM images of ordered grown islands by MBE in atterned Si(001) substrate. Panel
(b): calculated elastic energy per atom for différeimulated geometries. From left to right: flaktting layer,
downward pyramid, pyramid on flat substrate, islamgit, upward pyramid. The elastic energy diffeze per atom
between the pyramid on a flat substrate and impithis about B meVatom. (From Ref. 57)

Substrate two-dimensional patterning has been shownduce an ordered growth process
with a controlled positionim. Usually, the templates consist of a 2D array it where only a
single island develops at the pit bottom, whichrespnt a preferential nucleation site since the

elastic energy per atom becomes minimum at thigipo¥ (see Fig. 3.6).

3.2.6 Surfactant mediated growth

In a lattice-mismatched system the use of a suréatiée specie (surfactant) can enhance
island formation by modifying the energy and themuist state of the surface, and opens to the
possibility of controlling shape, size and densitgelf-assembled islantis®

A recent bottom-up strategy towards the engineedhghe self-assembly process of Ge
islands involves the use of carbon as a surfactdmd.growth of C-induced SiGe islands has been
extensively studigt}®26345°8§or the possibility to tailor their properties fpotential application
in nanoscale devic®s The growth mode of Ge on a Si(100) surface prexad with a sub-
monolayer amount of carbon, generata(dx4) reconstructed domains, has been studied dife5t

et al®®, showing that the growth proceeds via a Volmer—&vehode. This growth mode has been
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observed also by Leifeldt al®® using Scanning Tunneling Microscopy, and by Deated!®® and
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Bernardi et al’® through Reflection High Energy Electron Diffragticstudies. However, the
microscopic mechanism of surfactant effect upon ghewth process evolution is still under
investigation, and the identification of the miaropic factors governing the relative growth of
individual nanostructures is an important issud #stdl needs to be addressed for a complete
understanding of the process. Bernatlial.”* recently demonstrated that by deposing a carbon
layer over a SiGe buffer layer it is possible tonmpalate the epitaxial growth of Ge dots in a
kinetically-limited deposition regime. In companmswith Ge islands directly grown on a bare Si
surface, the average size of the C-induced Ge idagenerally smaller and the island density is
higher?" This is usually attributed to a decrease of giffn length of adatoms on a C pre-covered
surfacé®, even if a direct experimental demonstration efitifluence upon the island size of such a

reduction of the Ge diffusion induced by the C aatdnt is still lacking.

3.3 Epitaxial growth of SiGe idands on Si(001) by

Surface Thermal Diffusion

In this section, we investigate the self-assembl$iGe islands grown on a Si(001) surface
by the surface thermal diffusion of Ge from a seustripe. This method does not involve atom
condensation from a vapor phase, like happensearcéises of MBE and CVD, and the dominant
process during the growth is essentially the serfddfusion of both Ge and Si. We used
lithographically defined Ge stripes as solid stdarces directly placed on the sample surface. The
total surface coverage of Ge strongly depends endiktance from the source stripe, thus the
method allows the investigation of the island gtowver a wide range of dynamical regimes at the
same time.

First we discuss the island growth modes in case-fsEe and C covered Si surfaces, giving
experimental evidence of a C-induced continuoussttan from a Stranski-Krastanov mode, in the
C-free case, to the Volmer-Weber regime, at higheoverage. From the size evolution exhibited
by the nucleated islands as a function of the dcstafrom the source stripe and for different C
coverage, we propose a scenario where island gnevebsentially driven by kinetic factors within
a diffusion limited regime. Then, we studied therelation between the size and density evolution
of the nucleated islands giving a better insightloa factors governing the relative growth among

different nanostructures. We investigated the piggr among Si intermixing and plastic relaxation
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during the island growth process, showing that thithod leads to the formation of coherent
islands (dislocation-free) larger than those a#thlea by MBE and CVD growth. Finally, the
ordered growth of self-assembled SiGe islands opitgatterned Si(001) surface has been
investigated. We studied the size distributiontd tslands as a function of the Ge coverage. Our
observations are consistent with a physical scenahiere island positioning is essentially driven
by energetic factors, which predominate with resgecthe local kinetics of diffusion, and the

growth evolution of ordered islands mainly depeadshe local density of Ge atoms.

3.3.1 Experiment

We show here that surface thermal diffusion fromidsstate sources allows one to epitaxially
grow self-assembled SiGe islands on Si(001). Te phirpose we have fabricated pure Ge stripes,
and annealed them in UHV at different temperat 689, 625, 650, 670, 700 °C) inducing Ge
diffusion and islands self-assembly. An extendestuision of the experimental aspects regarding
to the stripe fabrication, surface cleaning, C d&mmn and annealing procedure is reported in
Section 2.4 of Chapter 2. Here we recall brieflfyothose experimental details useful for the
following discussion.

The samples consist of Ge stripes (width 5 pmkttess50 + 150 nm) obtained by a photo-
lithographic patterning of pure Ge thin films, gmwn a Si(001) substrate by LEPECVDA PHI
660 Scanning Auger Microscope (SAM) has been usethfsitu imaging and spatially resolved
chemical analysis at the sample surface before adtal thermal diffusion (see Panel A for a
detailed overview regarding the SAM technique). $heples have been annealed by direct Joule
heating flowing a DC current through the Si sulistigsing the home-made sample heater reported
in Fig. 2.4 of Chapter 2. Atomic Force MicroscodM), whose description is reported in the
Panel B, forex-situanalysis of the nucleated islands has been peefbrasing a Veeco Innova
microscope operated in tapping mode with ultrafshi@ps (nominal tip radius about 2 nm).
Statistical analysis of AFM data has been performadmore than 1000 islands using freely
available software tool®. The structural and compositional analysis of sniglands has been
performed by means of Transmission Electron Miapgc (TEM) using a JEOL 2010F
TEM/STEM equipped with a 200 kV Schottky field esi@ electron gun (see Panel C for an
extensive discussion about the physical principled the analysis methods underlying the TEM
and STEM-EELS techniques). The average composdfosingle islands has been measured by
micro-Raman spectroscopy (see Panel D for a ddtaisscription), performed on a Jasco R800
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double spectrometer using backscattering geomeily488 nm as excitation wavelength focused
by a 0.9 numerical aperture objective.

3.3.2 Growth modes

During the high temperature annealing in UHV, ttrgpes act as Ge sources from which Ge
diffuses on the Si surface forming a continuous-dager (OL) (see Fig. 3.7(a)). The thickness and
composition of such a layer, reported in Fig. )7l the case of annealing at 625 °C, have been
monitored by SAM as a function of the distarncefrom the stripe. Spontaneous nucleation of self-
assembled SiGe islands is observed to coexistthtltontinuous surface diffusion of Ge. Figs. 3.8

show representative SEM and AFM images of the samspiface for annealing at 600 °C and 700
°C.
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FIG. 3.7. Panel (a): SEM image of the diffusionioagafter annealing at 625 °C for 7.5 min; inséEMSimage of the
stripe before the annealing. Panel (b): Thicknddack squares) and Ge concentration (blue openesjrof the
continuous over-layer (OL) created by the diffusinetion of Ge from the stripe after annealing & 82 for 7.5 min
measured by Scanning Auger Microscopy as a functfdhe distancex, from the stripe edge.

Islands grown by surface thermal diffusion from @ €ripe essentially develop in a defined
region close to the stripe (see Fig. 3.8(b)); thatial limit for island nucleation is essentially
determined by the diffusion dynamics of Si and Gd ay the growth regime of the nucleated
islands. We have investigated the island growthertmath on a C-free Si surface and in presence of
carbon acting as a surfactant. The critical ovgeildhickness for the setting up of island nucteati
has been determined by coupling SAM analysis (givoth C coverage and OL thickness as a
function ofx andy) and AFM analysis (giving the density of the islaras a function of andy). In
the following we identify this critical thicknessit the largest thickness of the OL at which the

island density goes to zero.
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FIG. 3.8. Panel (a): SEM image of islands nucleatikin the diffusion region close to the stripbgtlighter part in the
centre of the image is the Ge stripe). Panel (IJMAmage (gradient mode) showing that islands dgvetithin a
defined region close to the stripe. Panel (c): Alitvhge qualitatively showing that nucleated islamdibit a
modulation in density and size as a function ofdistancex, from the stripe. Panel (c): 3D AFM images of isla
grown after annealing at 600 °C and 700 °C.

In the case of a clean Si(001) surface, the growtbde of the SiGe islands is
Stranski-Krastanov (SK) in the whole range of temperature (600 = 700 °@rowhich the
nucleation is observed, since we found the criticedr-layer thickness always varying in the range
3-4 ML (see Fig. 3.9(a)). In presence of C (see Bi§(b)), we found that this critical thickness
varies from 0.8 + 0.17 ML for a pre-existing C coage of ~ 0.7 ML (identified in Fig. 2.10 of
Chapter 2 as the C-rich region of the sample),.8+10.25 ML at ~ 0.4 ML C coverage (hereafter
called intermediate C coverage region), up to 324 ML for ~ 0.2 ML C coverage (the low C
coverage region). We recall here that the abseintertainty for the C coverage is about + 0.1 ML.
The main source of uncertainty on the critical khigss is the intrinsic error in the thickness
determination as obtained within the discrete lagyedel presented in Section 2.5.1 of Chapter 2 .
The error on the critical thickness value comiragrirthe uncertainty on the onset position for island
nucleation (see Fig. 3.9) is negligible with regptcthat one introduced by the discrete layer

model.
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FIG. 3.9. Panel (a): over-layer (OL) thickness asirection of the distances, from the stripe at different annealing
temperatures in case of diffusion on a C-free $iase. Panel (b): over-layer (OL) thickness as recfion of x after
annealing at 600 °C in case of diffusion on a carbovered Si surface. The black, blue and greeticaésolid lines
define the position of the nucleation limit at whithe island density goes to zero.

In the low and intermediate carbon coverage regitims measurement also confirms the
Stranski-Krastanov (SK) growth mode observed in dbsence of surfactant, where the island
formation is driven by elastic strain relaxatiérin the high C coverage region islands are able to
nucleate even with a sub-monolayer Ge coverages dbservation is consistent with a Volmer-
Weber (VW) growth mod&, where the formation of a larger Ge surface foBa island is
energetically more convenient with respect to tleeuenulation of strain energy due to the
formation of a continuous epitaxial layer. We ditite this to the presence of a carbon-induced local
compressive strain field In fact C atoms incorporate into the shallow wetuof the Si substrate
(as discussed in Section 2.6.2 of Chapter 2), tbdscing the lattice constant of the C alloyed Si
surface due to their smaller size with respectitat&ns and exaggerating the mismatch with the
SiGe over-layer.

The direct measure of the critical wetting layackhess for nucleation, allowed us to show
that the island growth mode gradually evolves fistranski-Krastanov (SK) in case of absence of
surfactant, to Volmer-Weber (VW) for high surfadtaoverage. Although different growth modes
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have been already observed for SiGe islands, thihe first experimental demonstration of a

continuous transition.

3.3.3 Interplay among C incor poration, Ge diffusion and island nucleation

The monotonic dependence of the critical thickrasshe C coverage can be used to gain a
guantitative estimation of the C incorporation desthe Si substrate and improve the understanding
of the interplay of the diffusion and nucleatioroperties. The simplified scenario is the following:
as discussed above, the SiGe over-layer diffuses @i surface partially alloyed with carbon; the
alloying increases the misfit strain between th&eSithin film and the top-most layer of the
substrate, thus increasing the amount of the elastergy stored in the OL and consequently
promoting the island nucleation at lower OL thickses.

We now propose a semi-quantitative estimation efddwrbon incorporation into the first layer
of the Si substrate. The critical thickness ata2Be3D transition corresponds to the minimization of
the total free energy;, of the system, which at first approximation candbtained by considering
only the contributions of the surface energy of$@e over-layery, and of the elastic energsi,
stored in it

F=y+E, (3.2)
The elastic energ¥e stored per unit area in the SiGe over-layer cardétermined using the
eguation based on the classical continuum modalsofid system:

1+v
1—-v
where x4 and Vv are the shear modulus and the Poisson’s ratibeoover-layer,& is the misfit

Ee = 2p

g%h (3.3)

strain of a SiGe thin film on a Si-C alloy layengeh is the OL thickness.

We point out that the surface energy of the SiGertayer,y, can be considered at first
approximation independent from the carbon coverafjeghe surface: in fact, the repulsive
interaction between Ge and C forces the latteetmborporated in sub-surface sites and thus leaves
unmodified the top surface of the SiGe over-layes.a consequence at the critical thickness the
reduction of the elastic energy stored in the dager for the case of nucleation on C-free and
carbon covered regions is the sdfand we can write:

eherie = €5ho (3.4)
wherehy ~ 3.5 ML® and &, are the critical thickness and the misfit straincase of absence of

Carbon, whileh.iy and & are the similar quantities for the C-covered Sfeme. Eq. (3.4) is valid

provided that 3D clusters formed at the 2D-3D titaors have the same morphological structure in
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both cases. The misfit straig@ and & depend to &irst approximation only on the lattic

parameters of the substrate anthe OL:
_ Qsige — aSiC' £y = Asige — Usi (3.5)
Asige Asige

whereas; = 5.43 A refer to Si bulk anage, = ag(1-a)+a.a = 5.60 A (withage = 5.64 A andx

= 0.81 from Section 2.5.1 @&hapter ) is the SjxGe OL lattice parametefollowing the Vegard
law. The parameter of the uppermost C alloyed irl@f the substrate, 1..C. (where the carbon
concentratiorc in the uppermost layer has not to be confused thighcarbon coverag can be
evaluated in agreement with theoret’® and experimentil®! studies as:

asic = asi(1—c)+acc+c(1—-c)p (3.6)
wherep = - 0.64 R is the so called bowing parameter, @c = 3.56 A the lattice parameter of
in its diamond allotropes.
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FIG. 310. Carbon concentration within the -
most layer of the Si substraderived by using the
experimentally measured o-layer critical
thickness with a 2D-t@D nucleation model (see
text), as a function of the carbon coverage.
green solid line is the best linear fitting of 1
experimental data taking into account t
experimental uncertaintie
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Thus combining Egs. (3.4), (3.5) and (3.6), ancdh@ishe experimentally measured criti
overdayer thickness we can evaluate the carbon coratenmty c, within the tojmost substrate
layer and compare them with the corresponding cadawerage. As shown in Fig. 3.10, in th-
rich regionc is found to be about 6.7 %, while at intermediatedverage it becomes 2.5
decreasing down to 0.5 % in the I<C coverage region. The experimental data are wedbfby a
linear behaviour (green line in Fig. 3.10), showititat under a critical C coveragd,
=0.16 = 0.06 MLthe C concentratioc of the surface layer becomes negligible. Theselteeate
consistent with the picture that for low C coveragbsurface sites are more energetically stabl

carbon, and justify the terr® - 8,) in the activation energy expansifp = ES + Ei (9 — 9,) for
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surface diffusion introduced in Section 2.6.2 ofa@ter 2. They also support experimentally the
Monte Carlo simulations and ttab initio calculations by Remediakit al®?, according to which
the ratio of surface to sub-surface C atoms ine®asonotonically with increasing C coverage and
becomes greater than 1 for a carbon coverage 6f\dL1

We discuss now the value of the first order cogfit E; ~ 0.29 eV in the linear expansion

of the activation energ¥, = E{ + E:(9 —9,) used in Section 2.6.2 of Chapter 2 to fit the
experimental trend of the diffusion coefficient.98d on the carbon concentration in the top-most
layer of the substrate as given above, we can camib@ quantitative results of our fitting in
Section 2.6.2 of Chapter 2 with the values repobgtHuanget al®® for Ge diffusion on a pure Si
strained substrate. They found by first-principicalations that the activation energk,, for
surface diffusion of Ge on a biaxially strained0Bi{) surface has a linear dependence on the strain
applied to the substraté&, E, = EY — E;£. In our case, the intermixing with Carbon induees
strain fieldé = (ag;c — ag;)/as; in the top-most layer of the substrate (not tactefused with the
strain in the overlayee), which we can suppose to have a similar effecthenGe diffusion. A
comparison between the two above expressions cddtreation energy, yields to the following
relation between the first order coefficiedtsandE}:
Ex(9 — 9) = —Ejé (3.7)
Eq. (3.6) can be now used to explicit in the Eq7)3he lattice parametesic in the top
substrate layer as a function of the Carbon conagom c. Thus Eq. (3.7) becomes:
1
c= <a5i—a—;—ac>%w —9,) (3.8)
where the second order term has been neglecteddseoéthe small values offound above. We
notice that, within this approximation, Eq. (3.8)o# a linear dependence between the C

concentratiorc in the top-most layer and the carbon cover&geconsistently with our previous
discussion. From the fit in Fig. 3.10 afi} = 0.29 + 0.04 eV, we foun&, = 5.45 + 1.32 eV, to be

compared with the values of 3.75 eV and 4.37 eVpknpendicular and parallel diffusion of Ge
with respect to the dimer rows, respectively, folmydHuanget al®® We attribute tentatively the

larger value ofEi\ obtained here to the additional contribution & @-induced surface roughness

at the interface, which further increases the atiom energy and consequently reduces the surface
mobility.
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3.3.4 Equilibrium shape and size

Fig. 3.11 shows the volume histograms and theaelatatter plots of the projected area as a
function of the volume for the whole island popidat in the case of annealing at extreme
temperature (600 °C and 700 °C). Islands exhibiteamotonic increase of the area for larger
volumes. This behaviour has been reproducibly efesefor different samples and for all the
temperatures investigated. We found that higheealimg temperatures lead to an increase of the
mean island size, as usually reported even in #s ©of MBE and CVD growth® This is
compatible with the fact that all the relevant meses governing the epitaxial growth of self-
assembled islands are thermally activated. Forxedfitemperature, the monotonic dependence
exhibited by the scatter plot of the projected aresus the volume (see Fig. 3.11(a) and 3.11%c)) i
consistent with a continuous transition from smallarge islands following an Ostwald ripening
mechanism (see Chapter 1 Section 1.4), where aa@uag process able to increase the size of
larger islands at the expense of the smaller omesirgites during the growth. To be more
guantitative, we found that at 700 °C the islanehascales with the volume according tpoaver-
law behaviour:

area « (volume)® (3.9)
with the exponeng equal to 0.59. This behaviour maintains also aeloannealing temperatures
(T =600 °C) but only within the limit of high vohie range £is 0.58 at 600 °C); at small volumes
the size evolution of the islands is no longer dbsd by a power law, where indeed the projected
area scales with the volume by a slower logarithtkegendence (see Fig. 3.11(a)). We propose the
following qualitative picture to describe these esmental results: small islands show preferential
vertical growth, i.e. they increase in volume bgreasing more rapidly in height rather than in base
area. This is in agreement with a shape transitmmn pyramids with shallow facets to domes with
steeper facets occurring from the top to the bottointhe island, i.e. by the progressive
accumulation of Ge atoms on the partially relaxedntost region of the island which is an
energetically favourable positibn At the other limit (high volume), large island® @haracterized
by a homogenous growth, i.e. they increase themvelby increasing simultaneously both the area

and the height whilst always maintaining the saiobaj shape.
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FIG. 3.11. Panel (a)-(c): scatter plots of the gctgd area as a function of the volume for islagrdsvn at 600 °C (a)
and 700 °C (c). The green solid lines represerdveep law behaviour as described in the text, wthiteblue solid line
is a logarithmic dependence. Panel (b)-(d): voliniseograms for islands grown at 600 °C (b) and <0{d).

In Fig. 3.12 are reported the typical island motpg®s developed on the samples annealed
at the extreme temperatures (600 °C and 700 °QJase of annealing at 600 °C small islands are
unfaceted mounds with very low aspect ratio (Fig2®&)), then evolving in square-based pyramids
with shallow {105} facets (Fig. 3.12(b)). Largeraads becomes multifaceted domes exhibiting
steeper {113} facets (Fig. 3.12(c)). In the caseaohealing at 700 °C, the majority of the island
population is still dome shaped with the furthepegrance of even steeper {15 3 23} facets (Fig.

3.12(d)), whose nucleation completes the pyramidetme transitioft.
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FIG. 3.12. Island morphology evolution from unfamktmounds (a), to square-based pyramids with {1€igllow
facets, to steeper islands exhibiting {113} facétscomplete domes with the further appearanceven steeper {15 3
23} facets. A simultaneous increase of the heightdse aspect ratio (a.r.) accompanies the shapatien.
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At variance with MBE, CVD and other out-of-equililom techniques, because of the intrinsic
longer annealing time it is quite likely that th@gth by surface thermal diffusion results in islan
in their thermodynamic equilibrium state. The attharmodynamic stability of the islands can be
confirmed by comparing the experimental data withcalculated stability phase diagram.
Experimental volume distributions measured on ocam@es as a function of the over-layer
coverage have been obtained by coupling extensiM& Analysis with spatially resolved Auger
monitoring of the continuous diffusion profile (sé&y. 3.13). Using the formulation of the free
energy difference between island and WL reporteBdn (3.1), Brehnet al? have calculated the
critical volumes (conventionally computed by impasiA(V) = 0) for island appearance as a
function of the wetting layer thickness shown ig.R3.13. They exploited density functional theory
(DFT)-derived surface energies, while they evalubte elastic energy densifgr pyramids and
domes by continuum elasticity theory using a FEMe0 The gray regions within the calculated
stability diagram indicate areas where no islarals exist. The experimental volume distributions
fall well inside the stability region of dome shdpslands, except for the case of smallest islatds

600 °C which gets close to the pyramid stabilityioe.
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FIG. 3.13. Experimental volume distributions (open
black, blue and green squares) measured on our
samples plotted as a function of the over-layer
coverage for the islands grown within the diffusion
area. The error bars in the experimental volume
distributions are determined as the standard
deviation of the volume histogram for each Ge
coverage. The curves represented by the empty
triangles, the full triangles and the full circlee the

calculated critical volumes for island appearance
1 2 . 3 4_ S 6 (from Ref. 2). The gray regions indicate areas wher
Wetting layer thickness (N) no islands can exist.

3.3.5 Density evolution: 1D modé of nucleation

The density distribution of SiGe islands grown byface thermal diffusion from a Ge source
stripe exhibits intrinsic and peculiar propertieeedo the presence of the stripe and to the slyatial
variable Ge atomic flux (see Section 2.5.3 in Caag). Using extensive AFM statistical analysis
over thousands of islands for each investigatedptgmve have determined the behavior of the
island areal density as a function of the distarciEpm the stripe (see Fig 3.14 showing the case of
annealing at 600, 625, 650, 670 and 700 °C). Thesitledistributions present general features
irrespectively from the annealing temperature: idland density exhibit a maximum fewm'’s
away from the stripe edge, and then slowly decseasgreater distances from it.

The physical origin of this behavior is due to toenpetition between two opposite processes.
The first is the preferential nucleation at thepgtredge giving rise to a depleted zone free of 3D
islands, and the second one is the random nuateatioa flat Si surface where the Ge coverage
presents a gradient perpendicular to the stripegd@metry). Ge atoms moving on the surface can
either meet each other to form islands, or walkalthe stripe edge where they are most likely
stuck. This competition between island nucleatiod tihe incorporation at the stripe edge leads to a
depleted region, or “denuded zone”, in the spatisiribution of the islands near the stfp& A
denuded zone is thus a band close and parallbktettipe edge free of self-assembled islands (see
Fig. 3.15(a)). The preferential nucleation at ttige edge is thus responsible for the increasbef
island density as a function of the distangefrom the stripe. This behavior would exhibit a
saturation asymptote in the case of homogeneoum@zagd’ (see Fig. 3.15(b)). However, in the
present case the Ge coverage rapidly varies mdamaway from the stripe, and thus the following
decrease of the island density for distances grélade 2-3 um, where random nucleation on the
flat Si surface dominates, is due to the monotdeicrease of the local density of Ge atoms due to
the mass transport from the stripe.
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FIG. 3.14. Panel (a)-(e): areal density distribngigblack squares) as a function of the distarncpm the stripe, for
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2.5 min (e). The solid green lines are the beshditusing the 1D model of nucleation presentethtext. Panel (f):
linear scaling behavior exhibited by plotted as a function of 1/Diy is the island density in case of homogeneous Ge
coverage and in absence of any preferential nuctesaite;D is the diffusion coefficient and t is the annegltime.
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FIG. 3.15. Panel (a): island nucleation region eltwsthe stripe. W defines the denuded zone free of 3D islands. Panel
(b): areal density distribution (black squares) islands grown at 600 °C as a function of the distax, from the
stripe. The red solid line represents the incredgbe island density from a preferential nucleatsite to a saturation
value, according to the calculations of Ref. 84e Blue solid line describes the decrease formbist®greater than 2-3
pum, which is monotonically correlated to the deceeafthe local density of Ge atoms due to the massport from

the stripe. Panel (c): continuous Ge coveragefasaion ofx after annealing at 600 °C for 10 min.
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The origin of this trend can be considered bagichihetic, and this is supported by two
experimental facts: the island density decreagewi(h the distance from the source stripe at a
given temperature, and (ii) with the annealing terajure at a given Ge coverage. The first
observation can be attributed to the formation sivaller number of nucleation sites due to the
reduction of the local Ge atomic density for greatistances from the source. The second one is
genuinely a diffusion limited effect. In fact, th@te of Ge surface diffusion, and thus the diffasio
length of each atom, exponentially increases wiid temperature promoting the nucleation of
islands much more separated from each other, arsdrtiducing a smaller areal density.

We developed a one-dimensional model of mass toahapd island nucleation which allows
to describe the behavior exhibited by the islandsidg, n, as a function of the distance from the
source stripe. We assumed that the island derssa@gsentially controlled by the local differenaes i
the chemical potentialu of the wetting layer. Tersdff used empirical potentials to calculate the
surface energy per atom for Ge wetting layers &mation of thickness. Daruka and BaraBasi

suggest an approximate exponential form for theagban the chemical potential with thickness:

h — hc>
h*
whereh is the wetting layer thicknesisg is the critical WL thickness at the 2D-to-3D traios (~

Apu = —Apgexp (— (3.10)

4 ML), andAy, andh’ describes the wetting forces between Ge afi®*SBy fitting Tersoff's
results (plotted as square symbols in Fig. 3 of B&f, we estimatay, = 0.1 eV andh = age
In our experiment, the wetting layer thickness étedmined by the 1D Fick’s second law
expressed by equation (2.8) of Chapter 2, accorttinghich the gradient of the Ge concentration
between the stripe and the surrounding regiorfseisitiving force for the surface diffusion:
d0%c Oc

(3.11)

dx? ot
wheret is the time, and is the diffusion coefficient. The Ge stripe hasimitial concentration
distribution with a step-like shape, and the heighthe boundary is essentially maintained at a
constant value during the annealing. These ingrad boundary conditions represent the case of
diffusion from a source of constant concentrat@s discussed in Section 2.23 of Chapter 2. The
solution of the diffusion equation, i.e. the Ge @@ge along the diffusion profile is borrowed from

the equation (2.17) of Chapter 2 and given by tlewing relation:
X
h=ho|1—erf (Z)] (3.12)
whereL is the diffusion length. Egs. (3.10) and (3.12)atié® quantitatively the random nucleation

on a flat Si surface where there exist a gradietiteé Ge coverage.
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Now we need to introduce the preferential nucleatibthe stripe edge. This can be done by
artificially creating at the stripe edge a Gaussihaped region of limited spatial extension

exhibiting a local lowering of the chemical poteifti

h— h¢ X
Ap = —Apyexp (— e ) — xexp = (3.13)
0

where the stripe edge is consideresl at0, andxy/2 is approximately the width of the stripe edge.
Nucleation is treated in our model by considerihgttfor each surface site the relative
probability, p, of formation of a critical nucleus depends only the local differences in the
chemical potentiabu of the wetting layer (and not by the absolute gabfi the chemical potential
u(x)). Since in the nucleation process a characteratiovation energy must be overcome, the

probabilityp follows an Arrhenius-type exponential law:

Ap
D = poexp <m> (3.14)

whereApu is given by the Eqg. (3.10). It is worth noting A should be a negative value in order
that the nucleus becomes supercritical and thedshll tend to increase its size. In this picttine
island density is determined by the number of sujgeral nuclei, and thus it depends

proportionally on the relative probabilipf®:

n=ny,— (3.15)

Po

whereng represent the island density in case of homogen&micoverage and in absence of any
preferential nucleation site.

By combining the Egs. (3.10) - (3.15), the deperdeof the island density on the distance
from the source stripe can be finally obtained:

Au hyerfc (%) — h¢

n = ngexp |- ——exp | — _ L ex —ﬁ (3.16)
e e h* KT P\ " %2 '

The green lines in Figs. 3.14(a)-(e) represenbts fitting of the experimental behaviour of
the island density as a functionofising the analytical 1D model of nucleation disagsso far. It
successfully reproduces all of the important bebraseen in the experiments. Omyand y have
been considered as fitting parameters to be adjustefact, hp and L are determined by the
experimentally measured diffusion profiles for eaahnealing temperaturd)c and h* are,
respectively, equal to 4 ML and 1 Nft xy/2, which represents the width of the stripe edge,

considered to be equal to ~ Qub from AFM analysis. They values obtained from the fitting

vary in the range 0.1-0.2 eV, very close to theigalsed forA,= 0.1 eV as derived by Tersoff's
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results. Fig. 3.14(f) shows the linear scaling vetar exhibited byny when plotted as a function of
1/Dt, whereDt is derived by the diffusion lengthL( 2/Dt) from the experimentally measured
diffusion profiles for each annealing temperatgee(Section 2.5.2 of Chapter 2). This behaviour
guantitatively confirms the essentially diffusiveigin of the decrease of the island density for
higher temperatures.
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FIG. 3.16. Panel (a): areal density distributiohsstands nucleated within the random nucleaticgaaas a function of
the Ge coverage obtained from fitting Auger datthwa discrete layer model (see Section 2.5.1 @fp®r 2). The red
solid lines represent the best fitting of the ekpental data using the 1D model described in tlxé fanel (b): the
density distribution in (a) has been normalizedhe factor 1Dt, whereD is the diffusion coefficient andis the
annealing time.

A further stronger confirmation of this effect casnérom the scaling analysis of the
correlation between the island density in the ramduicleation areax(> 2-3 um) and the Ge
coverage along the continuous diffusion profilee(B&g. 3.16(a)). Normalizing the island density to
the factor 1Dt, we found that all curves follows a universal sggadistribution which depends only
on the Ge coverage (see Fig. 3.16(b)). This caeds#y understood assuming that the growth
process evolves within a diffusion limited reginire.this case the island density can be written as
the inverse of the squared distant®, between nearest-neighbors islands, which scalebeas
diffusion length L of Ge atoms moving on the surface. In hypothessgsrandom walk motioh is
related to the diffusion coefficient and the anitgptime by the relatioh? = 4Dt. This leads to the

following expression for the island density:
new — s~ — o~ — (3.17)
confirming the experimentally observed scaling ébra
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3.3.6 Size evolution: capture zone growth and SiGeintermixing

In Fig. 3.17 the observed size evolution of thandk as a function of distance,from the
stripe is shown in comparison with the density véha: the region with high Ge coverage (close
to the stripex = 2 - 3 um) where the island density reaches its maximunsgmis the lowest
average island size, while where the coverage dseseto 3.5-4 ML larger average dimensions and
lower island density are attained. The interplapagnucleation, atomic diffusion dynamics and Si
intermixing is strongly affected by the gradientlioé Ge coverage as induced by the mass transport
from the source stripe, possibly giving rise to tthserved spatial modulation of island size.
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FIG. 3.17. Island density (black squares) and aesisland volume (blue squares) as a function eflibtancex, from
the stripe for different annealing temperatures.

The understanding of the origin of this size motafais fundamental for the comprehension
of the factors governing the relative growth ofiindual nanostructures, and furnishes an important
insight within the competition processes amongedéht nuclei to gather the mass present on the
surface. As described in Chapter 1, the growth lmaressentially described in terms of kinetic
processes based on diffusion, nucleation, and ptThe growth of a 3D island arises from the
formation of a stable nucleus. The latter generedigults from a collision process involving a
number of diffusing atoms greater than a crititeéshold’. The occurrence probability of such a

collision event is proportional to the local depgif atom&®. Upon formation, the critical nucleus
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starts capturing the diffusing atoms in its neigtiood. From this point on some different scenarios
could develop during the further growth of the &ngucleus. The growth of the islands might be
governed by diffusive phenomefaln this context diffusing atoms would tend towsrahd be
captured by — on average — the closest nucleipfbeess could then be described byNheheran

1°° which results in a linear relationship betweea growth rate of every

capture zone mod&
island and the capture zone from which islands gather mass. Thus the competition among
neighboring nuclei to attract the mass suppliethéosurface would follow local laws. On the other
hand, a growth process not consistent with the Bhalh model could be related to energetic
factors. These might prompt diffusing atoms to @meftially reach islands for reasons else than
their geometric proximity as energetic interactiamsong islands leading to local nonuniformities
in the mass density and driving an unbalanced sldfu of atoms at the surface. Under these
circumstances some nuclei would reach a thermodigaéign steadier structure than others and
develop thereafter at a different pl&tdiere we test these concepts by comparing theibaofgthe
capture zone model descriptions with our experialaesults.

As discussed in the previous section, the scalaigabior exhibited by the island density as a
function of the Ge coverage (see Fig. 3.16) givesng experimental evidence that the growth
process essentially evolves within a diffusion tedi regime. In this scenario the island growth at
microscopic length scale is determined by kinetctdrs only, and thus the essence of the
phenomenon would be described by the Mulheran medetre the island volume proportionally

correlate with the capture zone area and the islengdity exhibits an inverse correlation with it:

1
VoAg, —no— (3.18)
CZ

whereA., is the capture zone area, which can be mathertigtitefined as the area of the Voronoi
cell within the Voronoi tessellation of the islandtwork. The surface is divided into several cells
that are associated with the center of mass of isteid, and are defined as the sets of points that
are closer to a given island rather than to angratbee inset in Fig. 3.18(a)).

The model’s validity can be verified by evaluatihg correlation between island volumes and
the Voronoi cell areas. Our approach consists attipg the former as a function of the latter and
estimating the degree of linear correlation by Bearson’s coefficient, Fig 3.18(a) summarizes
the results we have obtained at different tempegatdor islands grown inside the random
nucleation area far from the stripeX 2 um), since the stripe itself could be a possiblerc®wf
alteration of the hypothesis of the Mulheran mod&l.Pearson’s coefficient of about 0.76
guantitatively attests the good linear correlatimetween the volume of the islands and their

correspondent capture area. The validity of thendrdn model is further confirmed by probing the
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inverse correlation of the island volume as a fimmcbf the areal densityn(= 1/V), as shown in

Fig. 3.18(b) including results for annealing atfeliént temperatures. This findings suggest that
kinetic factors rather than energetic ones cruciaffect the competition between the islands to
gather the available mass and could be one of #ie oauses responsible for the observed island

size evolution as a function of the distance fromdtripe.
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FIG. 3.18. Panel (a): scatter plot of the Voronell area as a function of the island volume fofeté#nt annealing
temperatures. Inset: schematic representationeo¥thronoi tessellation of the island network. Pabgl island density
plotted in linear scale as a function of the volusteowing an inverse correlation behavior. Indet: density is plotted
as a function of the volume using logarithmic ssale

Within the scenario described so far, the increas#dme for islands grown far away from
the stripe is essentially determined by the masisegag from a greater capture area, due to the
lower island density. Indeed, during the growthgesss the mass available for a growing island is
represented by both the Ge atoms diffusing on tivease and the Si atoms coming from the
substrate which penetrate into the islands leatinthe formation of alloyed nanocrystals. We
already observed that Si intermixing is driven bg entropy of mixin® and strain relaxation, and
it has been shown to drive the increase of the nand siz&"*> Now we will be able to draw a
guantitative relationship between intermixing ahd mmean island size in case of islands growth by
surface thermal diffusion.

To measure the composition of single islands weopmed an Electron Energy Loss
Spectroscopy (EELS) experiment in a Scanning Trassan Electron Microscope (STEM) (more
details about this technique are reported in theeP&). Fig. 3.19(a) shows a low angle annular
dark field (LAADF) STEM image of the cross-sectioha single dome-shaped island grown at 670
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°C and nucleated 2.1 um far from the stripe (ssetim Fig. 3.19(a)). The sample preparation for
the cross-sectional imaging has been obtained wsikgcused lon Beam (FIB) microscope by
means of the procedure described in the SectioroCPanel 5. In LAADF-STEM imaging mode
the contrast is mainly determined by the atomic Ineinof the elements. Figs. 3.19(b) and 3.19(c)
show Energy Filtered TEM images at the SiGe (16 aN)l Au (25 eV) plasmon loss peaks,
respectively. We monitored also the Si and Ge Lesdgss signals at energy loss of 99 eV and
1217 eV with respect to the elastic peak, respelgtivas a function of the position along vertical
and horizontal line scans. By normalizing thesegral intensities to the correspondent cross-
sections determined within the Hartree-Slater mathel relative composition of Si and Ge is thus
obtained. Figs. 3.19(b) and 3.19(c) show the va&rand horizontal profiles of the Ge concentration
across the island. The increase of the Si condenirat the extreme points of the horizontal peofil
is consistent with highly Si intermixed boundargiomns of about 15 nm, in agreement with several
experimental and theoretical restfit€ which consider the Si incorporation as due to aulsface
diffusion phenomena. Moreover, the behavior of @econcentration along the vertical profile is
consistent with the results of Rasteitial*® obtained using selective chemical etching. Thédrap
increase of the Ge concentration from ~5 % to ~5bithin ~10 nm for positions below the surface
plane corresponds to the Si-rich SiGe materialdmdirenches digging into the substrate and
responsible for the supply of the Si inside thandl. Then a slower increase of the Ge concentration
appears leading from ~55 % to ~75 % within ~ 45 ¢omresponding to a vertical compositional
gradient from a Si-rich bottom to a Ge-rich topnresfion.
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FIG. 3.19. Panel (a): cross-section LAADF-STEM imad a single island grown at 670 °C and nucle&tédum far
from the stripe (see inset). Panels (b)-(c): Endtitfgred TEM images at the SiGe (b) and Au (csplan loss peaks.
The gold layer is used as protective layer durimg sample preparation procedure. Panels (d)-(edicak(d) and
horizontal (e) profiles of the Ge concentrationhivitthe island along the dotted lines shown in (a).
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To explore the interplay between intermixing andesievolution, we measured the
composition of single islands grown at 700 as a function of the distance from the stripe by
means of micro-Raman spectroscopy (see Fig. 3&28giailed discussion of the technique and its
application to a biaxially strained SiGe thin filswreported in the Panel D). The measured values of
Ge concentration change from 45 % to about 25 %imgofarther away from the stripe, with an
experimental uncertainty of aboBit%. The values of strain obtained within the saneasurement
range between 0.1% and -0.2 % with an experimemizrtainty of 0.2 %. The values of strain and
concentration are based on the results report@®#in95 (see also the Section D.3 of Panel D), and
therefore they rely on coefficients calibrated friat biaxially strained thin films, uniform in stin
and composition. This is not the case for SiGenidsabeing inhomogeneous in both composifion
and straif®, and therefore it is difficult to quantify precigehe validity of the application of these
calibrations. Nevertheless, the observation of & rariation of composition as a function of the
distance from the stripe is well distinguished frtma experimental uncertainty and gives important
hints about the self-assembling of the islands kiragpat the average island concentration, a greater
Si incorporation has been found for islands nuekkdtrther away from the stripe at lower Ge
coverage regions (see Fig. 3.20(b)). In the inefig. 3.20(b) is shown a tentative correlation
between the volume and the Ge content for islaoiswing a thermodynamic equilibrium growth

(far from the stripex > 2 um).
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FIG. 3.20. Panel (a): Raman spectrum measuredsamyie dome-shaped island grown at 700 °C and atedel0 pm
far from the stripe; the Ge-Ge, Si-Ge, Si-Si moddated to the island and the Si bulk mode arecatdd. Panel (b): Ge
concentration (blue open diamonds) and averagen®i{black open squares) of islands grown at 708s°@ function

of the distancey, from the stripe. Inset: tentative correlationviiegn volume and Ge content for islands following a
thermodynamic equilibrium growth (far from the p&jx > 2 pm).
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The trend of the Ge concentration as a functiothefdistance from the stripe is quantitatively
confirmed even at lower annealing temperaturesmasitored by means of Scanning Auger
Microscopy (SAM) for islands grown at 670 °C. Weasered the Si LMM (90 eV) and Ge LMM
(1150 eV) Auger lines on single islands nucleatedifierent distances, from the stripe. By using
a standard-based quantification method, where tingeAintensities have been corrected with an
exponential factor in order to take in accountré®dual Carbon contamination, we determined the
trend of the average Ge concentration as a funaion(shown in Fig. 3.21, together with the Ge
concentration at the island top derived from thd &85TEM results for a single island grown at
670 °C and nucleated 2 um far from the stripak Worth noting that the Auger analysis is sensible
only to the surface composition of the islands ratdl over the whole area of about 100 nm in
diameter with a depth sensitivity of a few nanomgtand thus the concentration values indicated

in Fig. 3.21 are relative to the most external Isbiethe island.
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FIG. 3.21. Panel (a)-(b): Si LMM (a) and Ge LMM (&)iger peaks measured on a single dome-shaped igtawn at
670 °C. Panel (c): Ge concentration (blue open dias) and average volume (black open squares)aoidis grown at
670 °C as a function of the distangefrom the stripe. The red open circle data pogpresents the Ge concentration
measured on top of a single island by means of SHEUS (see Fig. 3.19).

Since intermixing strongly affects the average ridlasizé”, the observed island volume
evolution can be reasonably related to the measpatil modulation of Ge composition shown in
Fig. 3.7, induced by the variation of the local signof Ge atoms due to the the mass transport
from the stripe. The increase of the island volugeeng away from the stripe is thus mainly
determined by the interaction of two contributiofisthe decrease of the island density, andlfe
increase of the Si incorporation. For regions clastine stripe the higher local density of Ge atoms
with respect to the Si flux coming from the subgtrieads to the formation of a high density of
critical nuclei gathering mass (Si and Ge) from broapture areas. In this case only small and

weakly intermixed islands are thermodynamicallyokand kinetically allowed to grow. However,
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far away from the stripe the local density of Genad decreases considerably with respect to the Si
flux. This leads to the formation of a small numbécritical nuclei exhibiting wider capture areas
where the flux of Ge atoms diffusing on the surfecsignificantly reduced with respect to the Si

flux from the substrate, and thus bigger and highigrmixed islands develop.

3.3.7 Carbon-induced modulation of island size and density

In Section 2.6 of Chapter 2 we have investigatedstirface diffusion on a C-covered Si(001)
surface. The Ge diffusion coefficient at 600 °C bagen monitored as a function of the carbon
coverage. The increase of the carbon coverage @rdnio 1 ML corresponds to a decrease of the
diffusion coefficient from 3x10 to 3x10™ cn/s. This variation of four order of magnitude is
discussed within a physical scenario where carbancorporated within the shallow volume of the
Si substrate due to the chemical interactions am8ngC, and Ge, and thus inducing an
enhancement of the surface roughness and a conwerdssal strain field able to modulate the
diffusion of Ge atoms. Spontaneous nucleation GfeSslands coexists with the continuous surface
diffusion of Ge. By directly measuring the overlageitical thickness for nucleation, we showed
(see Section 3.3.2 of this Chapter) that the islgnodvth mode gradually evolves from SK in case
of absence of surfactant to VW for high surfactaoterage.

Here we investigate the influence of carbon onsihe and density of islands grown at a fixed
temperature (600 °C for 10 min). Fig. 3.22 showes tblume distribution of islands developed in
the regions shown in Fig. 2.10 of Chapter 2 wittifeerent carbon coverage, and nucleated within
the same area close to the stripe edgeafging from 0 to 3um). Such histograms show that
smaller islands are preferentially nucleated in @gch region while bigger islands tend to grow
where the C coverage is reduced. The spread dfistrébution is also seen to increase for lower C
coverage.

By using the statistical analysis of the AFM datmmed with the SAM observations, the
average size and the areal density of islands atedein regions with different C coverage are
correlated with the diffusion coefficient showingreonotonic dependence, as reported in Fig. 23.
These results show that increasing the surfaceiatorobility leads to the enhancement of island
size and a correspondent decreasing of the arealtgeThis behavior is in good agreement with
the results reported by different authors using MBE showing that the deposition of sub-
monolayer carbon enables the growth of smallendagawvith higher density. The islands size and
density dependence on a reduced atomic mobilitgualitatively similar to the effect of a

decreasing temperature in absence of surfaétdrtte same trend is also seen when Sb is used as a
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surfactant at a fixed temperat®, even if differentmechanisms dominate at atomic level v
respect to & surfactant due to trdiverse nature of the chemical interact Ge-C and Ge-Sb. In
fact Sb atms tend to float over the Si surface while C atoemsl to incorporate within subsurfa

sites (see Section2of Chapter for a more extensive discussion).

%
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FIG. 3.22.Volume histograms of the Sitislands nucleated in
areas with different Carbon coverage. Smaller tdarmre
preferentially nucleated in the @h region (panel (a)), whil
bigger islands grow at low €sverage zones (panel (b) &
(c)). The insets in the panels are AFM images adient mode

0 1x106 2X106 of islands nucleated for different C coverage. Tasi-dot
3 green lines shown in each panel represent the gevemralume
Volume (nm ) of the corresponding distribution.
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FIG. 2.23. Average volume (a), area (b), aspea (&) and density (d) of the islands nucleatedngas with different
C coverage correlated with the Ge diffusion coéffit.

Based on this observation and on the conclusidheSection 2.6 of Chapter 2, we attribute
the size and density dependence of the nucledtetsfrom the carbon surfactant coverage to the
C-induced modulation of the atomic mobility of Geras on the surface. This is another evidence
of the diffusive origin of the growth proc&5swhere diffusing atoms tend to be captured by the
closest nuclei, and the islands grow by gatherimagsressentially from a defined surrounding area.
As already discussed in case of island formatiom @tfree Si surface, the growth process should
be well described by geometrical based modéf§ and in particular by the Mulheraapture zone
modef?. This results are a further confirmation that iland growth should be mainly controlled
by the local kinetics of diffusion which in turn tédemines the island density and governs the
competition among the nuclei to collect Ge and bitheir surroundings. The experimental
verification of the validity of the Mulheran’s mddes confirmed by the good linear correlation
(Pearson’s coefficient of 0.89) between the voland the Voronoi cell areas for islands grown at
different C coverage shown in Fig 3.24. The stsicthilarity between the scatter plot for islands
grown at a fixed temperature but for different ’e@ge, and that one shown in Fig. 3.18(a) for
islands nucleated at different temperatures onfiee€Si surface is a further confirmation of the C-
induced modulation of the Ge surface diffusion oallihg the growth process.
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FIG. 3.24. Scatter plot of the Voronoi cell areas a
function of the volume for islands grown at 600 RC
regions with different carbon coverage. The legeqbrts
7 the Pearson’s coefficients for the data sets rltat@ach C
g g T coverage; the total Pearson’s coefficient is aislicated.
10 10 10 10" Inset: schematic representation of the Voronoieiéetion
of the island network.
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3.3.8 Delayed plastic relaxation

Si intermixing offers a path to the elastic stregfaxation since alloying effectively reduces
the lattice misfit between the island and the gabet Dislocation injection leads to a similar effe
since it lowers the elastic energy stored into iglands by relieving the misfit strain. Thus
intermixing and dislocation injection influence baather: islands grown at higher temperatures,
being more Si-rich, may display a lower tendencyamms plastic relaxation, leading to larger
critical sizes for dislocation injecti6h® However the kinetics of the growth process arel th
time scale over which Si intermixing occurs witlspect to that of the Ge supply, quantitatively
influence the elemental composition and the colwereh the growing islands. Within this scenario,
the interplay between intermixing and plastic rakzon is still not fully understood and represents
one of the most intriguing aspects of Ge/Si(001)dgsdivth.

In Fig. 3.25 we present the distribution of theeaspatio of islands grown at 60C and 700
°C as a function of their base widBW. The monotonic increase of the aspect ratio gfiogn
smaller to bigger islands is consistent with thetewous transition from shallow to steeper
morphologies allowing a partial elastic strain etlas qualitatively described by Eq. (3.1). The
absence of any discontinuity in the aspect rastrithution contrary to the scatter plot shown ig.Fi
3.5(c), is a first indication that, in averagearsds are coherently matched to the substrate &nd th
plastic relaxation channel is quenched. Moreoves, fexkedBW, the smaller aspect ratio for islands
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grown at 700°C with respect to those obtained at 6@ is an indication of a greater SiGe

intermixing at higher temperatufé$?
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FIG. 3.25. Aspect ratio distributions as a functimin
the base width for islands grown at 600 (black
squares) and 70 (red triangles).

To confirm the above conclusions, in the following discuss the direct non-averaged

information about the internal defect structureSeGe islands obtained by TEM analysis. The

plastic relaxation by dislocation injection is erpeentally evidenced by the presence of moiré and

cross-hatched patterns, as shown in Ref. 101 aR@yir3.26(a)-(d) (see also Section C.6 of Panel

C), which represent TEM images taken on the plakyiacelaxed Ge stripe. The comparison of

these images with those of representative islandteated in the diffusion region (Figs. 3.26(e)-

(h)) provides clear indications on their plasti@ration.
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FIG. 3.26. TEM images of the sample annealed at “@MQAaken on the relaxed Ge stripe (Panels a-d) emwh f
representative single islands in the diffusion sag{Panels e-f). All images are aligned accordimghie directions
shown in (a). Panels (a) and (b): plan view (P\Myltrfield (BF) images under [100] diffraction catidn showing
moiré patterns due to the misfit at the interfaeéneen the relaxed Ge stripe and the Si bulk &,aacross-hatched
pattern (b) due to the 9@dge dislocations propagating along the interf®amels (c) and (d): weak beam (WB) BF
images in [022] diffraction condition. The linesrakel to the [011] direction shown in (c) are dtee the 90
dislocations. The short and irregulars segmentgd)itome from the threading arms of the-@@&locations. Panels (e)
and (g): PV BF images under [100] axis beam comditif SiGe islands showing the absence of disloodthgerprints
as in the patterns presented in (a) and (b). R&n&/B BF image in [022] diffraction condition dhe same island of
Panel (e) showing the absence of features sinuléindse reported in (¢) and (d). Panel (h) LAADFEBT image of a
large SiGe island: the presence of dislocationsldvoasult in brighter lines parallel to tke011> directions[Ref 101],
not seen here.

Figs. 3.26(e) and 3.26(g) show plan view (PV) briggld (BF) TEM images of single islands
grown at 700°C taken in [001] axis beam condition (to be com@avéh Figs. 3.26(a)-(b) taken on
the relaxed stripe). The (roughly) circular diffiaa fringes visible inside the islands indicate a
lateral outward bending of the lattice planes. HBlsence of moiré patterns exclude the plastic
relaxation of the islands, in agreement with traidation derived from the aspect ratio distribution
and implies that they are still coherent with the@strate. This is clearly visible also in theM E
image taken in [022] diffraction condition (Fig.28(f), to be compared with Fig. 3.26(c)-(d))
showing a uniform contrast inside the island withcharacteristic fringes as induced by the
presence of dislocations. The black regions insideisland are due to portions of lattice plane
families in Bragg condition with the electron beammnich move from one extreme to the other by
changing the diffraction angle (not shown). A feticross check of the absence of crystalline
defects is provided by LAADF-STEM imaging (Fig. 8(B)), where the contrast is mainly
determined by the atomic number of the elementthitnimaging mode a dislocation appears as an
intense white line due to the random displacemérdtoms around defects which causes extra
scattering in the low angle regiSh In Fig. 3.26(h) a large SiGe island appears msaaly uniform
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lighter area where the absence of brighter lineatuires aligned along the 011 > directions
exclude the presence of dislocations or stackintida

Fig. 3.27 shows PV BF TEM images und@RZ] axis beam condition of islands grown at
600°C. Also in this case of lower temperature the mjaf the islands appears to be dislocation-
free, as seen by the uniform contrast inside thenmé TEM images, even if some larger islands
exhibits multiple fringes (see Fig. 3.27(b)) possitlue to the occurrence of crystal defects such as
twins. Thus although the indication derived by #spect ratio distribution about the coherence of
the islands is confirmed by TEM even in the casamiealing at 600C, the presence of those
defects do not allow one to exclude that the igawth the largest base width would be already

plastically relaxed or close to the critical vafoethe insertion of a dislocation.

=y

[011]
[o11]

2!)_(§nm * 4 50 nm

FIG. 3.27. PV bright field TEM images und@2p] axis beam condition of SiGe islands grown at 800The most of
islands appears to be dislocation-free since atmifcontrast inside them is seen in the imagelspadth some larger
islands exhibits dislocations possibly due to ttespnce of twins, as in the square particular nfigginin (b).

The results obtained from the TEM investigationg&-i3.26 and 3.27) and the statistical
distributions of island aspect ratio derived by &M data (Fig. 3.25) give experimental evidence
that islands grown by surface thermal diffusionnd®d show plastic relaxation for base width below
180 - 200 nm at 608C, and below 300-350 nm at 700.

We focus now on the discussion of the origin of tuenching of the plastic relaxation. Since
both Si intermixing and dislocation injection leidan effective lowering of the elastic energy, the
coherence and the strain state of the nucleataddslis thus a result of the interaction between
these phenomena which strongly depends on the dgsagoverning the growth process. By
looking at typical MBE and CVD data one finds thaermixing prevents plastic relaxation only up
to certain limiting values. In MBE the critical awidth,BW,;, has been found to evolve fro68
nm at 620°C to 80 nm at 700C*°. The same trend has been seen in the case of @GVEEBW.
goes from 100 nm at 60 to 200 nm at 700C*.. If we compare the critical values in MBE and

CVD growth with our results, we derive that thewtio by surface thermal diffusion allows one to
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obtain dislocation-free coherent islands whose badth is greater by a factor ~3-3.5 and ~1.5-1.8
than those obtained by MBE and CVD, respectivaty Section 3.3.6 of this Chapter we have
directly measured the Ge composition of singlendé&agrown at 700 °C as a function of the
distance from the stripe by means of micro-Ramattspscopy. We found that the largest islands
(BW~350hm) grown at 700°C have an average Ge concentrati@y, of about 25 %. This value,
even within its experimental and model-related utaneties, is smaller than the average Ge content
found at the plastic relaxation onset for islant®ag at 700-C by MBE (e ~ 40%)° and CVD
(cee ~ 50%}. This enhanced intermixing in our case could hs tresponsible for a further elastic
strain relief able to quench the plastic relaxattrannel. In fact, the growth method by surface
thermal diffusion intrinsically favors a greaterG&i intermixing since the Ge supply occurs on a
time scale longer with respect to the Si incorgorafrom the substrate. In this scenario the
intermixing becomes thus the dominant processhieistrain relaxation leading to the quenching of
the plastic channel.

For the case of lower diffusion temperature, 800the micro-Raman measurements are very
critical due to the lower island size and theitgigdensity because of the diffraction limited sdat
resolution. However, based on the above argumenprapose a tentative explanation for the lower
critical base width seen at 60C. It is commonly agreed that the average Ge cdratem
contained inside the islands increases by decmpabin growth temperatufe'®® This leads to a
reduced strain relief driven by the intermixing,igihconsequently lowers the critical dimension for
the insertion of dislocations. This is consisteithvthe appearance at 60Q of dislocated islands

for lower base width with respect to the case &t

3.3.9 Ordered growth on a pit-patterned Si surface

In order to explore device engineering for eledtsrand opto-electronics applications based
on self-assembled SiGe nano-structures, some trparameters must be controlled. From a
mesoscopic point of view, island positioning angesdistribution are the most important factors
that need to be managed. Hence, it is imperativmtierstand and control the growth conditions for
a rational nanostructures design.

Here, we have experimentally investigated the @digrowth of self-assembled SiGe islands
obtained by means of surface thermal diffusion frar@e stripe on a pit-patterned Si(100). The
sample surface close to the stripe region has patarned with a squared two-dimensional array
of circular pits (diameter = 150 nm, depth = 25 mpa&riod = 1 um) with an overall width of about

10 um from the stripe edge, obtained by means @ftéin Beam Lithography (EBL) and reactive

81



Chapter 3 SELF-ASSEMBLED SIGE ISLANDS GROWN BY SURFACE THERMAL DIFFUSION

lon Etching (RIE). A gradient into the Ge coverdge been induced by the diffusion process after
annealing at 625 °C, strongly modulating the labatsity of Ge atoms upon the distance from the
source stripe. In this case, we found an averageefagve concentration of about 0.73 + 0.03, in
good agreement with the values found in literaforehe case of MBE depositidlt. Spontaneous
nucleation of self-assembled SiGe islands coexstis the continuous surface diffusion of Ge.
Figure 3.28(a)—(b) and 3.28(c)—(d) show represemt&EM and AFM images, respectively, of the
sample surface in the pit-patterned region aftereating at 625 °C for 7.5 min. Islands are
essentially dome shaped and preferentially devatdpe pit positions creating an ordered squared
2D array following the pit pattern: only about 1@%islands nucleated within the textured region
are outside of the pit positions, and only arou#igof pits are empty or partially filled. The orddre
island growth has been obtained by controllingltiwal atomic mobility by purposely choosing the
growth parameters (annealing time and temperattlited. allowed to make the distance over which
each atom diffuses before the formation of a @itimucleus longer than the periodicity of the pit
pattern. This condition favored the islands formatat pit positions, which represent preferential

nucleation sites since a total elastic energy mimmis reached at the pit bottom

FIG. 3.28. SEM (a)—(b) and AFM (c)—(d) images af #ample surface in the pit-patterned region afte@ealing at 625
°C for 7.5 min. The AFM image in (c) is shown iragrent mode

Figure 3.29(a) shows the volume of individual oedegrown islands nucleated in the pit-
patterning region, derived by AFM data, as a fuorctof the distancex, from the stripe. For the

estimation of the island volume, we considered ¢néy/portion of the dome above the surrounding
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2D flat surface; the contribution of Ge volume desthe pit underneath the island is negligible and
has not been taken into account. Indeed, our ceiarls about the factors governing the growth
process will be not affected by this evaluationrdea islands preferentially nucleate close to the
stripe, while small islands grow farther away fram(see Fig. 3.29(a)), showing a continuous
variation greater than one order of magnitude @irtliolume. In this case of ordered growth, the
areal density of the nucleated islands and thesitipoing are essentially driven by the elastic
energy minimization on a textured surface, whichdpminate with respect to the local kinetics of
diffusion of Si and Ge atoms. We propose that ¢ide evolution is mainly due to the gradient into
the Ge coverage induced by the long-scale diffusmogion of Ge atoms from the stripe. In fact,
regions farther away from the stripe exhibit a lowseal density of Ge atoms and thus a smaller
amount of Ge available for a growing island. A lowgerage Ge content could be thus responsible
for a smaller island size, as experimentally dertrated by Rastellet al®® in case of randomly
nucleated islands grown by Molecular Beam EpitaMyBE). However, as discussed in Section
3.3.6 of this Chapter, in case of island growthGxy surface diffusion over a flat Si(001) surface
without any pit patterning, we observed that thgiae with highest Ge coverage (close to the
stripe) presents the lowest average island size#e where the coverage decreases to about 4 ML
(farther away from the stripe), the biggest averdigeensions of the islands are attained (see Fig.
3.17).
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FIG. 3.29. Panel (a): volume distribution of indiual ordered grown islands on a pit-patterned 8i)(%0rface, derived
by AFM scans, as a function of the distance, xmfithie stripe. Green diamonds represent averagesiaRanel (b)

Scatter plot of the volume of ordered grown islaadsa function of the effective Ge volume withie AL per island,

as obtained by integrating the Ge coverage withendapture zone of each island. The green curtieeibest linear
fitting of the data, and r is the Pearson’s coéffit. The blue square indicates a set of islandevaiGe coverage, far
away from the stripe (see scale on top for a caadieation of the distance), that deviate from ¢tapture zone model,
presenting higher volumes with respect to the lirsealing fitting (see text).
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This different behavior could be explained by tldloiving argument. The artificial pit
patterning used in combination with the self-asdethigrowth by surface thermal diffusion allows
to modulate the Ge coverage keeping at the saneefiked the island density and the capture zone
area, from where islands gather mass to grow. difiéctively separates the factors governing the
formation of the critical nuclei from the followingrowth process of the islands determining their
final size. In the case of random nucleation, kifetctors influence both the nucleation mechanism
and the growth process, strongly modulating thenigldensity and the capture zone area. Actually,
on a flat Si surface the island density decreasagydgar away from the stripe, and thus, the captur
zone area increases correspondingly, inducing gressive increase in the island volume as
determined by the interplay among the local densftyGe atoms, the capture area and the Si
incorporation (see discussion in Section 3.3.6ef Chapter).

A quantitative validation of our educated guessualibe factors governing the ordered
growth process in presence of pit patterning caoliained by correlating the volume of ordered
grown islands with the effective Ge volume withie tOL per island (see Fig. 3.29(b)). The latter is
obtained by integrating the Ge coverage withindtygture zone of each island. In principle, in case
of a perfectly ordered 2D squared array of islatius capture zone has the same area for all islands
with a squared shape (the side is equal to the skepof the pit pattern). However, during data
analysis, in order to correctly take into accoum# tases of not perfectly ordered growth, the
capture zone for each island has been obtaineldebydronoi tessellation of the island network. A
good linear correlation has been found betweenvtiiame of ordered grown islands and the
effective Ge volume within the OL as given by amBer’s coefficienty, of about 0.83, confirming
that their size evolution as a functionyofs mainly driven by the gradient into the Ge cawg.
Thus, as a first approximation, the growth processld be described within the capture zone

P29 extended to the case of variable Ge coverageorfltwy to thismodified model, the

mode
island volume scales linearly with the integraltbé Ge coverage over the capture zone area
(instead of the straight capture zone area ass@ sBhomogeneous coverage).

We stress that this model does not exclude Si@&enmking phenomena during the annealing
process. Indeed, the growth process can be stilldgscribed by this scaling behavior considering
that islands are in a chemical equilibrium with thetting layer. Moreover, a detailed observation
of Fig. 3.29(b) reveals a non-negligible set chmsls at low Ge coverage (far away from the stripe)
that deviate from the above-mentioned model, ptesgihigher volumes with respect to the linear
scaling fitting. We think that the deviation frorhid linear scaling behavior could be due to an

enhanced SiGe intermixing, which become signifidaniow Ge coverage regions far away from
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the stripe, as experimentally proved in case okahng at 700 °C. In fact, there the timescale of
the growth process is slower with respect to tlgh ldoverage region close to the stripe, leaving

enough time to islands to gather Si from theirsumdings.

3.4 Conclusions

In this chapter we studied the spontaneous nuoleaif SiGe islands coexisting with the
continuous surface diffusion of Ge from the soisirgpe.

Joining SAM and AFM analysis the critical overlayickness for nucleation has been
measured, showing that island growth mode gradwalbives from Stranski-Krastanow (SK) in
case of absence of surfactant to Volmer-Weber (M@)high surfactant coverage. A semi-
guantitative estimation of the C incorporation desithe Si substrate is then deduced from the
critical thickness. The carbon concentration inside topmost Si substrate layer is found to
increase linearly as a function of the carbon cagey starting from a critical threshalg =0.16 +
0.06 ML. Below this critical coverage no sizabléeet on the diffusion of Ge or on the nucleation
of SiGe islands has been found.

Then, the growth process of SiGe islands obtainethb surface thermal diffusion of Ge
from a source stripe onGfree Si(001) surface has been experimentally invesdyahd discussed
in details, with a particular emphasis to key agpas the formation kinetics, the SiGe intermixing
phenomena, the strain relaxation mechanisms andlérals ordering.

Using extensive AFM statistical analysis we haveedsined the size and density behavior
exhibited by islands grown at different temperaturethe range 600 + 700 °C as a function of the
distance from the source stripe. Our results gimgeemental evidence that the growth process
essentially evolves within a diffusion limited rege where the island density follows a universal
scaling distribution depending only by the Ge cager Moreover, we showed that the density
behaviour has been successfully reproduced usitiy enodel of nucleation which considers the
probability of formation of a critical nucleus deykng only by the local differences in the
chemical potential of the wetting layer. In thiesario the island growth is determined by kinetic
factors only, and thus the essence of the phenomenald be described by the Mulheran capture
zone model. The model’s validity has been verifigcevaluating the correlation between the island
volumes and the capture zone area, mathematicefigedl as the area of the Voronoi cell within
the Voronoi tessellation of the island network. sThindings suggest that kinetic factors rather than

energetic ones crucially affect the competitionwssn the islands to gather the available mass,
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represented by both Ge atoms diffusing on the sertand Si atoms coming from the substrate
which penetrate into the islands leading to thenfiiron of alloyed nanocrystals (SiGe intermixing).
To measure the composition of single islands wdopmed a STEM-EELS experiment
giving both the vertical and the horizontal concatibn profiles. We found a vertical compositional
gradient from a Si-rich bottom to a Ge-rich topmmsgfion and highly Si-intermixed boundaries. To
explore the interplay between intermixing and sEmlution, we measured the composition of
single islands as a function of the distance fromdtripe by means of micro-Raman spectroscopy
and Scanning Auger Microscopy. Looking at the agerasland concentration, a greater Si
incorporation has been found for islands nucledtether away from the stripe at lower Ge
coverage regions. This modulation of Ge compositisnbelieved to be the origin of the
experimentally observed increase of the islandmelas a function of the distance from the stripe.
Moreover, we have experimentally studied the ptastrain relaxation of nucleated self-
assembled SiGe islands. The aspect ratio distobsitas a function of the base width gave a
statistical indication of the coherent nature & tlucleated islands. This has been confirmed by the
structural analysis performed with TEM and LAADFENI on single islands. We have shown that
islands grown by surface thermal diffusion remasiatation-free for base width values greater by
a factor ~ 3-3.5 and 1.5-1.8 with respect to MBE and CVD, respectivéiyn enhanced SiGe
intermixing is believed to be the origin of thippuession of the plastic relaxation. In fact thedis
growth method intrinsically promotes a greater rimi&ing since the Ge supply occurs on a time
scale longer with respect to the Si incorporatiamf the substrate, and thus intermixing becomes
the dominant process for the strain relaxationitegatb the quenching of the plastic channel.
In order to explore device engineering for nandetecs applications based on self-assembled
SiGe islands, some crucial parameters must bealtmttr From a mesoscopic point of view, island
positioning and size distribution are the most ingnat factors that can be managed. Hence, we
have investigated the growth of SiGe islands of(@0%) surface patterned with a 2D squared array
of circular pits. The ordered island growth hasrbebtained by controlling the local atomic
mobility and the length of the diffusion pathway®é atoms by means of a correct choice of the
growth parameters (annealing time and temperatif@)eover, controlling the diffusion dynamics
of Ge from the source stripe, we were able to abgaicontrolled size evolution of the orderly
nucleated islands as a function of the Ge cover@ge.observations are consistent with a physical
scenario where island positioning is essentialiyair by energetic factors, which predominate with
respect to the local kinetics of diffusion, and $iiee evolution mainly depends on the local density

of Ge atoms.
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Chapter 4
Nanoscale mapping of composition, strain
and valence band structure in SiGe nano-

stripes

4.1 Introduction

New materials and device concepts are requiredséocome the physical limitations of the
bulk Si semiconductor. The introduction of SiGeehnestructures into main-stream Si technology is
such an approach, which opens new degrees of freg@oband structure engineering. High carrier
mobility can be obtained by controlling the straifthe MOSFET channgl Improvements in
mobility have been demonstrated at room temperaame further improvement has been observed
at low temperature When the lateral size of the channel is large mamed to its thickness, the
strain is biaxial and can be fully controlled usiSiy.«Ge, virtual substrates of appropriate
compositionx. However, channels of 40 nm are already used imnoercial devices, while small
scale nano-fabrication techniques like e-beam ditaphy make possible a channel width as small
as the lowest thickness limit for the carrier coafnent (=5 nm). In this regime, the channel strain
depends also on the lateral boundary conditionstaleéastic and plastic relaxation, resulting in an
uniaxial strain which can further enhance the eamobility due to the warping of the electronic
band structure Shear stress is particularly effective in modifythe band dispersion parallel to the
interface plane, leading to dramatic changes incthrestant-energy surfaces kespace, and the
reduction of the effective mass in the transpaeatior?.

Within this scenario it would be of fundamental immance: i) to know and control the strain
in the channel down to the nanoscale, andd understand its effect on the electronic strecin
order to allow an efficient design of high performoa devices with maximum carrier mobility and
device operation speed.
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The strain information is usually obtained by oatimicro-Raman with a spatial resolution
limited to ~1um. Thus the strain and mobility optimization on rhels narrower than ~1m is
actually achieved through averaging and model-bagedpretation$ As a result, the investigation
of details on a single channel becomes a diffiagk. Tip Enhanced Raman Spectroscopy (TERS)
provides an alternative way to go beyond this bafy performing Raman spectroscopic imaging
with high spatial resolutidrf®'%! thanks to the local amplification and to the &patonfinement
of the incoming electromagnetic radiation at thexapf a sharp metallic tip. This technique
promises an unprecedented detail in the spatiainstnapping of single nanostructures, with the
considerable advantage of not requiring destrugireeedures for sample preparation.

Electron and hole mobility are strongly dependepbruthe valence band shifting, the
electronic states splitting and the bandwidth modifons induced by the strain field inside the
channel. Theoretical investigatiSnsredicted valence band shifts to vary in the radgeeV + 1
eV, and variations of the valence band dispersapable of increasing the hole effective mass by a
factor four. Energy-filtered PhotoElectron Emissidiicroscopy (PEEM) can provide full
spectroscopic information (core-levels, valencedhgrhotoemission threshold) using soft X-ray
excitation, with spatial resolution better than 100 and an energy band width of 50-100 meV, as
recently demonstrated by Rattbal? for the study of the elemental composition of -sai§embled
Ge islands on Si(111), and by De La Penal®® for the chemical imaging of buried sub-oxide of
doped Si patterns.

In this chapter, we present the nanoscale mapgirggrain, composition and valence band
structure of lithographically defined SiGe nanopsts on Si(001) substrates, in layouts very close
to those used in prototype devices, by means ofS BRl Energy-Filtered PEEM techniques. The
main steps for data analysis are presented andetieemination of the strain profile across a single
nano-stripe is discussed and compared to the girafiie obtained from Finite Element Modeling
(FEM) calculations. The measured local work functiand valence band maps are presented
allowing the determination of the electronic stuwetmodifications with respect to the Ge bulk case

induced by the strain field inside the nano-stripes

4.2 Experiment and methods

4.2.1 Sample preparation

SiGeembeddeahano-stripes have been created by coupling eletteam lithography (EBL)
and Low Energy Plasma Enhanced Chemical Vapour $iepo (LEPECVD). A n+(As)-doped

Si(001) substrate has been patterned with a sefigéenches (depth 110 nm, width 150 nm)
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aligned along the <110> direction by means of EBMMA photo-resist has been spin-coated on
Si substrate at 4000 rpm (thickness ~ 1.8 um), tweth exposed to the electron beam of a
Converted Scanning Electron Microscope (SEM) alitvegdesigned pattern. A post-exposure bake
at 105 °C is performed before the development @RNMMA removing the soluble exposed part of
the resist. A reactive ion etching (RIE) has bdmmntperformed to define the array of trenches.
Finally, the epitaxial deposition of pure Ge by IEHFPVD, keeping the substrate at 650 °C and
using a deposition rate of 1.5 nm/s, allows then§lof the trenches, and then the formation of the

embedded nano-stripes.

Intensity (arb. units)

: 0,5 1.0 15
distance (um)

S
=]

Acc NV Spot Det WD —
300KV 10 50000x SE 48 100nmp=lpm

o B i TS

E-Beam| Spot| Mag | FWD| Tilt Det [———

15.0kV| 3 |[80.0kX|[5025| 52.0° | TLD-S | 27pA,35kX,1.6x0.26x0.05, FIB 52deg
FIG. 4.1. Panel (a)-(c): plan view SEM images wdtfferent magnification of a periodic array of nasinipes. Panel
(d): intensity profile as determined along the wHibe in (c). The stripes exhibit a lateral widthabout 150 nm, and
are spaced by a periodic separation of about 1 Ranel (e): cross-section SEM image of four nanpesdr after
Focused lon Beam (FIB) processing. During FIB pssggg the ion beam hit the sample surface off nbmaith an
incidence angle of 52°. In this way the cross-secprofile of the nano-stripe can be well distirgliid by eventual

ion-induced artifacts due to the amorphizationhef tross-section surface (not present in panelggige the artifacts
should appear only along a 52° tilted directiorhwitspect to the normal to the surface.

Under this growth conditions the Ge atom condenmsdtom the vapor phase dominates with
respect to the surface diffusion of both Si and tGes strongly reducing Si incorporation from the
substrate and leading to the formation of Ge-righaastripes. In fact SiGe nanostructures with high
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Ge concentration have potential applications inoelgctronics’ and thermoelectrid. The real
composition of the nano-stripes has been then meddy means of Energy-Filtered PEEM (see
Section 3 of this Chapter and Panel F for a motensive discussion). The SiGe epilayer possibly
formed in between the structures after the Ge dravas completely etched away by a mechanical
polishing.

Fig. 4.1 shows a set of SEM images with differeaigmification of the periodic array of the
nano-stripes. They exhibit a lateral width of abb®® nm, a thickness of 110+5 nm (see Fig. 4.1(e)
showing a cross-section SEM image of the nanoesdrgdfter Focused lon Beam (FIB) processing
performed at the S3 Laboratory in Modena), andspeeed by a periodic separation of about 1 pum.

4.2.2 TERS experiment

TERS experiment has been performed at the Labogatte Physique des Interface et des
Couches Minces (LPICM) at the Ecole PolytechnidAre extensive description of the technique is
reportd in the Panel E. The TERS setup is a cortibmaf a Raman Spectrometer Horiba Jobin
Yvon equipped with a 50X objective (NA = 0.45) aatlly coupled in oblique (70°) backscattering
geometry to a Scanning Tunnelling Microscope (PSkee Fig. 4.2(a)). The sample orientation
with respect to the incident light is chosen inasrtb align the projection of the incident direatio
on the sample surface along the axis longitudioathte stripes, corresponding to the <110>
crystallographic direction (see Fig. 4.2(b)).\R-waveplate is inserted in the optical path of the
excitation laser beam. (= 633 nm) thus controlling the polarization of theident radiation. In all
measurements shown below, the electric field ofitkeming electromagnetic radiation is set to be
parallel to the incidence plan@ folarization). STM tips were prepared by electeooitally
etching a 0.25 mm Au wire in a concentrated HCHeth 1:1 mixture (see Section E.4.3 of the
Panel E). Tips with final apex radius lower thanr8@ can be reproducibly fabricated using this
technique. Tunneling experiments took place inuaing a sample bias ef1 V and a current set-
point of 0.1 nA. Before every measurement sequematiye silicon and germanium oxide on the

sample surface have been removed by means of DH%(fbr 30 s at RT).
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\'"

FIG. 4.2. Panel (a): schematic representation ef @ékperimental setup for TERS experiment. The |&&am is
focalized in oblique incidence on the sample s@rfaithin the region where the Au tip is in tunnglicontact with the
sample. An half-wave plate is used to define thianmation state of the incidence light. Panel @ohematic diagram
of the sample orientation with respect to the ieoick direction and polarization of the incomingcetemagnetic
radiation.

4.2.3 Energy-Filtered PEEM experiment

The Energy-Filtered PEEM experiment took placehat TEMPO branch-line of SOLEIL
Synchrotron using the NanoESCA photoemission maaps (Omicron Nanotechnology — see Fig.
4.3) of the CEA-LETI, whose installation has bessured by the CEA-IRAMIS and CEA-LETI
institutes. The preparation protocol for the clegniof the sample surface used during the
experiment has been the followingr ¢€hemical etching of the native silicon and gerimamoxide
by DHF (10 % for 30 s at RT)ii] UV-ozone treatment by irradiation with, Tamp for 15-20 min
for carbon remova'” (i) removal of silicon oxide layer (covering the swé after UV
treatment) byin-situ mild Ar* sputtering (beam voltage ~ 500 V - 1000 V, beameru ~ 1 pA),
and (v) thermal relaxation byn situ annealing below the diffusion threshold tempematit 400
°C). Soft X-rays with photon energy ranging fromé&@ to 160 eV have been used for both band
structure mapping and core-level measurementssahwwle was mounted such that the normal to
the (001) surface was in the horizontal plane doimtg the incoming wavevector. The light was
hitting the surface at a grazing incidence angl@35f respect to the (001) plane, and a horizontal
linear polarization of the incident light was chose order to have a preferential sensitivity gon
the out-of-plane direction ([001] direction). ThamMbESCA spectro-microscope was operated with
a contrast aperture of 7@m, an extractor voltage of 15 kV, a pass energy@d eV, and an
entrance analyzer aperture of 1 mm. See Panel Brfanore detailed discussion of the PEEM
technique and of the main characteristics of thed&SCA microscope.
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FIG. 4.3. Schematic representation of the NanoES@éctro-microscope, composed of a fully electrastREEM

column together with an aberration corrected endittgr consisting of two hemispherical electroreeyy analyzers
coupled by a transfer lens. The microscope worksttore different modes: 1) non-filtered imaging mp@)

spectroscopy mode on a small spot (around few @@nergy-filtered imaging mode.

4.3 Nanoscale mapping of composition and strain

The baseline corrected Raman spectrum measurdteddi substrate with the tip retracted is
shown in Fig. 4.4(a). The peak of the first ordeSBoptical mode at 520.7 chrelated to the Si
substrate clearly appears in the spectrum, togetlitér the second order overtones generating
defined peaks at ~ 300 €nf2TA) and at ~ 434 cth(2A,), a doublet structure in the range 600 +
700 cm' (TO + TA), and a broad band between 930 and 996 (@MO). The symmetry properties
of these modes induce a defined polarization tosttatered radiatidfi The use of a polarization
analyzer before the spectrometer allows thus tecsetithin the spectrum the several symmetry
components of the excited Il order modes and vafipect to the | order peak. In the measurements
presented here we ditbt use a polarization analyzer in order to avoid pagsible suppression of
the Raman signals related to the nano-stripes.

During the TERS experiment a region containingnglsi SiGe nano-stripe has been selected
by STM imaging of the sample surface (see Fig. Wtgere the contrast in the image is essentially
due to the different surface roughness betweenSthsubstrate and the SiGe nano-stripe). Fig.
4.4(b) shows the baseline corrected Raman spectraasured on the Si substrate with the tip in
tunneling position. The spectral features appeannthis spectrum are very similar to those ones
present in the spectrum measured with the tip tracted position (Fig. 4.4(a)). This can be
understood by the following argument. In case pfétracted, the Raman signal comes from the far

field scattering from the total illuminated areatby laser light, roughly defined as the beam spot
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size (around 1.5im due to the oblique geometry) multiplied with fhenetration deptH,, of the
laser light [, is about 1+2um in Si bulk at. = 633 nm®). Indeed, the TERS effect originates from
the local amplification of the electromagnetic diedt the apex of the tip due to the lightning rod
effect and the resonant excitation of localizedfame plasmons (LSP (see Section E.3 in the
Panel E), converting the incoming far field radatiinto an enhanced near field in a region with
dimensions determined by the size of the tip &bém case of absence of a polarization analyzer for
the scattered radiation, for the Si bulk the nesldfRaman signal coming from the nanoscale
region below the tip is generally much weaker bgeos of magnitude than the far field background
of the larger spot-illuminated volurfie Thus the Raman spectrum measured on the Si atédstr
even with the tip in tunneling position is essdiidetermined by the far field contribution.

T T T T T T T T T 7
Si bulk - tip retracted i-Si A farfield a
P Sl-aL.| order Si-Si 2TO | probed volume laser beam
Si-Si 2TA —
1
™ ; ; w ; | Au ti el
| ' ' D | near-field : =
1,0 + probed yvolume laser beam
Z 0,5
5
S 0.0 L Si bulk tip tunneling :
& T 2 SlSlA+O C et i
& Si-Ge G e 2TO - SiGe. laser bea&n
g 1,0 firatordin Sl Si 2L nano-stripe
5] =
K= 0.5 -
0.0 -_M ul . | SlGe nano- strlpe tip tunnehng |
200 400 600 | 800 1000

Raman shift (cm™)

FIG. 4.4. Panels (a)-(c): baseline corrected Rasp&atra measured on the Si substrate with the tiptracted position
(a), on the Si substrate with the tip in tunnelpagition (b), and on the SiGe nano-stripe with tipein tunneling
position (c). Panels (d)-(f): schematic sketcheshef experimental geometry related to the spedtoavs in (a)-(c),
respectively.
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FIG. 4.5. STM images of the SiGe nano-stripes fdarhias = -1 V, current set-point = 0.1 nA). Thaslded green

lines define the boundaries of the SiGe nano-stripe

Fig. 4.4(c) shows the baseline corrected Ramantrgjpeeneasured on the nano-stripe with
the tip in tunneling. Here new structures appea some weaker Si-Si overtones have enhanced
intensity, while the most intense features relatethe far field contribution from the Si bulk (the
order peak, the 2TA and 2TO overtones) are subaligntinmodified. In this case, while the far
field radiation still probes a larger scatteringuroe in the bulk Si, the locally enhanced neadfiel
Raman signal reasonably comes from the region bétewtip occupied exclusively by the SiGe
nano-stripe (see the schematic in Fig. 4.4(f)nisicantly enhancing the scattering cross-sectibn o
Raman peaks related to the nano-stripe. The dosiletture appearing at 553 ¢rand 575 cn is
attributed to the 2TO overtones of the Ge-Ge Ramadé”, while the peaks emerging at 690tm
and 812 cnit represent the Si-Si overtones A O, and 2., respectivel}’. The enhancement of
2TO Ge-Ge mode is quite obviously due to the pesaed Ge within the nano-stripe, while the
enhancement of the Si-Si Il order modes is notlsarcThe origin of the latter effect is still umde
investigation and represents one intriguing aspedie addressed in future. At the moment, we
speculate that this modes, which are forbidderméndase of a flat surface, could become allowed
due to the breaking of the translational symmeggduse of the presence of the nano-stripe. The
spatial mapping of their intensity should give tlmfrmation about the spread of the strain within
the Si substrate. Concerning to the peak appearimgnd 380 cim, we can exclude that it is related
to the 2LA Ge-Ge overtone at 382 ¢nand we attribute this peak to the first order porrent of
the Si-Ge Raman mode originating within the namgpest and enhanced by the near-field
contribution This identification is supported byethfollowing argument. Both theoretical
calculations of the Raman scattering intensifiesd experimental measurements of second order
spectrd' report that the Ge 2TO peaks are more intensefagtar ~ 6 with respect to the Ge 2LA

component. This is not the case in our spectrarevtine intensity of the peak at 380 tis always
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greater by one order of magnitude than the 2TO @e®rtones. Moreover, as reported in the
experimental section (Section 4.2.1), we tuned IBEFPECVD growth conditions in order to
fabricate nano-stripes with high Ge concentratishpse real composition has been measured by
Energy-Filtered PEEM (see the analysis below).Hgih Ge concentration the Si-Ge peak has been
theoretically predicted and experimentally fotid the range of Raman shifts around 380'cm

Figs. 4.6(a)-(c) show the integral intensities raftdinear background subtraction for the Ge-
Ge 2TO (Fig. 4.6(a)), the Si-Si;AO; (Fig. 4.6(b)), and the first order Si-Ge (Fig. (¢)p peaks as
derived by TERS spectra monitored as a functioh@fposition across the nano-stripe during a line
scan of the tip. The intensity profiles exhibit aproducible behavior, well above by the
experimental uncertainty, and perfectly consisteith the typical stripe width of 150 nm (after
considering the inclination of about 30° betwees $sanning direction and the axis perpendicular
to the nano-stripe). Figs. 4.6(d)-(f) show the traof the Raman shifts as a function of the
position across the nano-stripe for the monitoreakp, obtained by fitting the spectral region close

to the peak maximum using a Voigt lineshape.
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FIG. 4.6. Panels (a)-(c): integral intensities mfielinear background subtraction for the Ge-Ge 2aJ) the Si-Si
A.+0O; (b), and the first order Si-Ge (c) peaks as dertwe TERS spectra monitored as a function of th&tjpm across
the nano-stripe during a line scan of the tip. Faf@-(f) behavior of the Raman shifts as a fumctof the position
across the nano-stripe for the monitored peaksimdd by fitting the spectral region close to tkalpmaximum using
a Voigt lineshape.
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In order to probe the reproducibility of the resutbtained from the line scan shown in Fig.
4.6, we measured TERS spectra as a function gddbigion of the tip across a different nano-stripe.
Fig. 4.7 shows the intensity profiles and the reéaRaman shifts as a function of the position as
obtained from this second line scan for the Ge-G®,2he Si-Si 2A, and the first order Si-Ge
peaks. The enhancement effects from the near-dmhdribution and the main trend of the profiles
are essentially reproduced. Even in this caseintieasity profiles are well above the experimental
uncertainty, and perfectly consistent with the ¢gpdimensions of the nano-stripe. The decrease of
the Si-Si 2A and of the first order Si-Ge Raman signals atcir@er of the stripe are possibly due
to a non-homogeneous filling of parts of some thexs¢ for which there is evidence in the SEM
images of Fig. 4.1. It is worth noting that theguwency profile for the Si-Ge peak shown in Fig.
4.7(e) for this second line scan is qualitativetg guantitatively similar to that shown in Fig. @b
for the first line scan. From the data in Figs @@l 4.7, the spatial resolution obtained in the $ER

results is estimated to be 30 nm, consistent wightypical size of electrochemically etched Au.tips
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FIG. 4.7. Panels (a)-(c): integral intensities raétdinear background subtraction for the Ge-Ge Z@athe Si-Si 2A
(b), and the first order Si-Ge (c) peaks as derivgd ERS spectra monitored as a function of thétjposacross the
nano-stripe during a line scan of the tip. Pangdlgf) behavior of the Raman shifts as a functiébthe position across
the nano-stripe for the monitored peaks, obtainefitiing the spectral region close to the peak imaxn using a Voigt
lineshape.
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In SiGe structures heteroepitaxially grown on Sisitates the presence of misfit strain due to
the lattice mismatch between the SiGe alloy andSigulk induces a shift of the Raman frequency
modeé® (see also Section D.3 in the Panel D). Very rdgehipbssain and Johnsthhave
determined by means ab initio calculations the dependency of the frequency effitst order
SiGe mode,wsice ON the Ge concentratioR, of the alloy and the misfit strairg;,, along the

direction parallel to the electric field of the ident radiation:

Wsige = wé(i)ge + Béey, (4.1)

wherewg’ge and g are truncated polynomial expansions as a functidheoGe concentratiox

Wk, =-11351x* +107.79x + 38282
B =-11634x> +19778x* -89859x —517.2

In this calculations, they explicitly considere@ tariations in bond length after strain is appted
the alloy and the effects of short range atomiceond), including extended calculations of the
equilibrium structural properties of the lattice flifferent compositions and of the force constants
for strained supercells. In our geometry the inaagrbeam has p-polarization (the electric field is
parallel to the incidence plane), thus it is reatd® to assume that the enhanced near field is
mainly polarized along the tip axis, i.e., the diren perpendicular to the sample surface, sinee th
vertical field component along the tip axis plalge dominant role in the coupling effect between
tip and radiatioft. Thus, the experimentally measured frequencigb®fSi-Ge mode could allow
for a direct determination of the misfit straindivection perpendicular to the (001) plane inside a
single nano-stripe, provided that its elemental position is known.

We used Energy-Filtered XPEEM for the direct measwent of the Ge concentration within
the nano-stripes. Photoelectrons energy filterealgenseries have been acquired around the Ge 3d
(Es = 30 eV) and Si 2pHz = 99 eV) core levels, using soft x-ray excitatairtv = 90 eV and 160
eV, respectively. In these conditions the Ge 3d &n@p photoelectrons have approximately the
same kinetic energy, and thus they come from theesamean depth within the sample. The main
panels in Figs. 4.8(a) and 4.8(b) represent thigraand subtracted core level images, while in the
insets are shown the photoemission spectra averaggada single nano-stripe. From the integral
intensitieslge andls; of the core levels spectra determined for eacklpixe can estimate the Ge
concentration in each spatial point in the field/iefwv (FoV) by the relation:

IGe
J,(90eV) . (90 eV)
IGe + ISi
J,(90eV)w, (90eV) J,(160eV)w (160 eV)

X = €

(4.2)

e
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whereocge andosg; are the photoionization cross-sections of Ge 3t @in2p transitions, andh(90

eV) andJy(160 eV) are the photon beam intensitiesvat 90 eV and 160 eV, respectively. In Eq. 2
we were able to wash out the inelastic mean fréle @FP) of Ge 3d and Si 2p photoelectrons,
thanks to the versatility of the synchrotron soundech allowed to tune their kinetic energy to the
same value. Moreover this choice of the excitateergies allows the measurement to be
insensitive with respect to the Si oxide contamamaiat the surface, which is evidenced by the
weak shoulder at the high binding energy side ef$h2p spectrum (see inset of Fig. 4.8(b)). In
fact the Si and Ge photoelectrons have the sanati&ienergy and the same removal cross section,
so that they are attenuated by the same relatieiamTaking Yeh and Lindau’s cross-sectfSns
and the transmissivity data of the x-ray monochromat the TEMPO beamline, the spatial
mapping of the Ge concentration is finally obtairieele Fig. 4.8(c)). Considering that the width of
a single nano-stripe is around 150 nm, as deriye8HEM (Fig. 4.1) and TERS (Figs. 4.6 and 4.7)
data, the de-convolution of the experimentally mead concentration profile of single nano-stripes
with a Gaussian weight function allowed to estinthteinstrumental spatial resolution achieved in
the XPEEM experiment to be around 96.7 + 3.5 nmc&ithe dimension of a single nano-stripe
(around 150 nm) is significantly larger than thepexmentally obtained spatial resolution, and
assuming that its transverse concentration pradilapproximately constant, as derived by SEM
imaging (see Fig. 4.1) and TERS mapping (see F&fc}, the concentration value measured at the
top of the PEEM profile is a good estimation of tleal composition across the nano-stripe. By
averaging for all the nano-stripes present in th,Fa mean Ge concentration of about 0.91 + 0.03
has been estimated.

Using the behaviour of the Si-Ge frequency mode dsnction of the position across the
nano-stripe as experimentally monitored by the TEB®eriment, and the average Ge
concentration as obtained by PEEM analysis, thpgmelicular misfit strain across the nano-stripe
can be derived by exploiting the Eq. (4.1). Fig(4) presents the experimental strain profiles
obtained from the TERS data of the two line scapatfal resolution of 30 nm). In spite of the large
experimental uncertainties for each data pointh lpobfiles appear to be quite reproducible with a
weighted mean square deviation of about 1.6%(dhjual to the 11% of the maximum measured
strain). The experimental data has been compar#d p@rpendicular strain profiles calculated
using open source OpenFOAMinite element modeling (FEM) system. For the akidtions we
considered a rectangular cross-section profilehefrtano-stripe having a width of 150 nm and a
thickness of 110 nm, as obtained from SEM imagimg) BIB processing (see Fig. 4.1). Within the
calculations, isotropic elastic constants were mesl) and the different composition and the lattice
mismatch between the Si bulk and the SiGe nanpestwere incorporated by means of a
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modulation of the thermal expansion coefficient. dpite of the simplicity of the boundary

conditions used here, interesting results have lbeeiwved and all the physical information about

the system under investigation can be already daetiuthe creation of the FEM mesh to exactly

reproduce the cross section profile of the strgee (Fig. 4.1(e)) is a next step foreseen for thedu

just to refine the calculations.
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FIG. 4.8. Panels (a)-(b): background subtracted3@G@and Si 2p core level XPEEM images (FoV is aroiBgim);
insets: Ge 3d and Si 2p photoemission spectraa&ttaon a single nano-stripe (black squares) fittéd a Gaussian-
Lorentzian lineshape (solid lines). In the cas&ef3d spectrum two spin-orbit split structures sajgal by 0.6 £ 0.1
eV and with a branching ratio of ~ 1.5 have beemsitered. The weak component at high binding ensidg within
the Si 2p spectrum is consistent with a surfacdacoimation with silicon oxide. Panel (c): spatighpping of the Ge
concentration as obtained by monitoring the Ge3iridtegral intensities in every position withiretRoV. The average

Ge concentration within the stripes is about 0.91G8.

104



NANOSCALE MAPPING OF COMPOSITION, STRAIN AND VALENCE BAND |
STRUCTURE IN SIGE NANO-STRIPES apter

w
£ 0,02- T -
8]

b=

w

—_
=

=
.2 0901 . n
i

- " 8

O

£

Q

joF

0,00 1

-0,10 -0,05 0,00 0,05 0,10
x (um)

perpendicular strain

FIG. 4.9. Panel (a): experimental strain profilggeén and black squares) as obtained employing TdgRSfrom the
two measured line scans. The red solid line reptetbe strain profile obtained by averaging thecalatede,, strain
along the direction perpendicular to the nano-strithe calculated,, strain values have been also weighted at different
depth with an exponential function having an atsgimn length of 30 nm, in order to take into acddine attenuation

of the light within the sample. Panel (b): 2D cresstion map of the strain perpendicular to théaserplane within a
single nano-stripe with Ge concentration of 0.9d #e surrounding Si bulk regions, calculated ushggOpenFOAM
finite element modeling system. The colour scalesgioom negative compressive strain (blue) to pastensile strain
(red). The nano-stripe has rectangular profile watthickness of 110 nm and a width of 150 nm. Blackd lines
define the limits of the SiGe nano-stripe.

Fig. 4.9(b) shows a 2D cross section map of theegueticular strain as calculated by FEM
within the nano-stripe with a Ge concentration &l0and the surrounding Si bulk regions. The red
solid line in Fig. 4.9(a) represent the calculagedin profile as a function of the position acrdss
nano-stripe. This behavior has been obtained byagiugg the calculated strain along the z-axis
perpendicular to the nano-stripe, and weighting $iwin values at different depth with an
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exponential function in order to take into accotimt attenuation of the near-field within the
sample.

The FEM calculations predict that the nano-strigpduily strained along its axis (the [110]
direction), while exhibits an elastic relaxationtie (110) plane. In fact the calculateg stress
along the [110] direction is much greater than lempoy, and out-of-plane,, stresses. This is the
condition for a preferential uniaxial stress alotige [110] direction. The sensitivity of our
experimental results with respect to the stregsl fieithin the nano-stripe can be discussed by
making reference to two limiting cases. On one handase of biaxial strain in the (001) plane, the
perpendicular straig,; should be around 0.027, much greater than botkEM calculated and the
experimentally measured strain values. On the dthed, a plastic relaxation induced by a set of a
network of 60° dislocations with a typical densitf 10° cm? along the [110] directicf would
cause an almost complete strain relaxation leadinglose to zero. Therefore, the very good
agreement between the experimentally measuredh&ndatculated strain profiles is an indication
that the nano-stripe would exhibit a preferenti@bxial compressive stress field along its axie (th
[110] direction) predicted by the FEM simulations.

4.4 Work function and Valence band mapping

In this Section the measured local work functiord aralence band maps are presented
allowing the determination of the conduction andemee electronic structure modifications with
respect to the Ge bulk case induced by the stigth ihside the nano-stripes.

Photoelectrons energy filtered PEEM images have laeguired around the photoemission
threshold using soft x-ray excitation at$f 90 eV. Fig. 4.10(a) and 4.10(b) represent PEmislges
using secondary electrons of 4.6 eV and 4.9 e\pe@s/ely, where the inversion of the contrast
between the nano-stripes and the surrounding &i fiedllects the difference in the work function,
defined as the energy needed to promote an elettbonthe Fermi level to the vacuum level. Fig.
4.10(c) shows the threshold spectra extracted ftwrSi bulk and from a single nano-stripe. The
energy scale on the abscissa axis is referred doFdrmi level,Er, of the sample surface as
illustrated in Fig. 4.10(d). IEx denotes the kinetic energy of the photoelectrorasured at the
entrance of the imaging analyzer, ahdenotes the final-state energy, thenEr = Ex + eVs + D,
where®, is the work function of the analyzer avgthe bias voltage applied to the sample surface.
An electron having an initial state energyjust belowEg, excited with photons of energy,will
have a measured kinetic enefgy given byEx = (E + hv) —eVs —®a. Thus, the threshold kinetic

energyEy is given by® —eVs —®, and the correspondent final state endiy- Ex)° is equal to
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®, the sample work function. The secondary elecemeargy distributions as a function Bf- Er
presented in Figure 4.10(d) are thus charactetiged sharp threshold corresponding to the local
work function® of the emitting region under consideration. Theistributions are very similar to

the energy distribution of gold reported by Heekel *.
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FIG. 4.10. Panel (a)-(b): PEEM images of a portdthe nano-stripes array acquired with soft x-eagitation at f =

90 eV using secondary electrons of 4.6 eV (a) aAde¥ (b). The FoV is ~17 um. Panel (c): experiraesecondary
electron energy distributions as a functiorEof E¢ for the Si bulk and the SiGe nano-stripes. Thecawwdes represent
the best least-square fitting of the experimentgthdising the Henke’s model (see text). Inset: atimed spectra
showing the shift of the photoemission thresholénd? (d): schematic energy level diagram illustrgtithe

determination of the local work function (from R&0). Panel (e): local work function map obtaineahf the least-
square-fitting of the experimental threshold spectreasured for each point within the FoV to theosdary electron
distribution described by the Henke’s model. Ingairk function profile measured across a singleorsinipe after de-
convolution with a Gaussian weight function usihg tecursive Van Cittert method; the vertical dbttees define the

real width of the nano-stripe.

The local work function map (see Fig. 4.10(e)) loé $Si substrate and of the SiGe nano-

stripes have been thus obtained from the best-$gastre-fitting of the experimental threshold
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spectra measured for each point within the FoVh® decondary electron distribution,ESE),
described by Henket al3:

AE-E; -0)

S(E_EF)z(E—EF ~®+B)

(4.3)

whereA is a scaling factor an is a fitting parameter.

The Si substrate has a work function of 4.55 + @U1llower than the value reported in case
of pure bulk intrinsic silicon (4.75 eV). This istrédbuted high level of n-type doping which shifts
the Fermi level up toward the conduction band. Treet in Fig. 4.10(e) represents the work
function profile measured across a single nangestafter de-convolution with a Gaussian weight
function using the recursive Van Cittert metffodhe full width half maximum (FWHM) of the
Gaussian function has been chosen equal to theimmshtal spatial resolution (96.7 nm) achieved
in the XPEEM measurement. The work function valieghe nano-stripe is 4.69 + 0.01, much
smaller than the work function of a bulky$b&y ¢ alloy (4.98 eV). This variation is a fingerprint o
the strong modification of the band structurehaf hano-stripe with respect to the bulk case.

Indeed, at the Si-SiGe interface at the nano-stipendaries a hetero-junction between two
differently doped semiconductors (the n-type Skkand the intrinsic SiGe nano-stripe) is formed.
In the simple case of a hetero-junction between tawdk materials, after reaching the
chemical/thermal equilibrium the Fermi level in lkanaterial aligns and is constant throughout the
junction. To the extent that they are able, elexdrfioom As donors leave some regions within the n-
doped Si (depletion region) and accumulate withia instrinsic SiGe (accumulation region),
building up an electric field able to re-establiek equilibrium. When this occurs a certain amount
of band bending occurs near the interface. Thismdpmduced band bending can be quantified
with the built-in potential given by difference dhe work function between the materials
constituting the hetero-junction in their bulk st@¥,,; is around 0.43 eV for the SioQGe) ¢ hetero-
junction of our case). Moreover, when dealing withctions between two different materials a
natural band offset due to the different surface chardgetha interface must be also taken into
account and superimposed to the built-in potential.

However, as soon as the strain is involved theaBdo becomes considerably more
complicated. Inside the SiGe nano-stripes a notigibtp strain field appears due to the lattice
mismatch between Si and Ge, as experimentally showhe last section. Such a strain field is
responsible for a strong modification of the elesic band structures: the hydrostatic component
affects the bands offset, while the uniaxial congirs responsible for the splitting of degenerate
bands. This strain-induced bands shift and stgbétirey have to be thus superimposed to the
doping-induced band bending and to the natural loéfiset.
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Recent experiments based on Kelvin Probe Forcedsiopy (KPFM® andab initio density
functional theory calculations for Si nanowiteshowed that the work function exhibit significant
changes as a function of the strain of the invastig) structures. The work function modification
would reflect the strain-induced variations of thaface electrostatic dipole and the shift of the
Fermi Level with respect to the conduction band edtigthe latter being the dominant
contributiort**> Within the SiGe nano-stripes the Fermi levelirmnpd to the position defined by
the Si bulk substrate, and thus any shift of thedoation band edge must be accompanied to a
modification of the vacuum level to maintain theake balance. At zero-order approximation, we
consider that the vacuum level is modified in thee way as the conduction band €dgad we
neglect the surface dipole contribution. Under tmgothesis, the difference of the local work
function between the SiGe nano-stripe and the aading Si bulk A®, is thus given by summing
up the built-in potential ¥, thenatural conduction band offset (-0.2 eV for a Si-§e) 9 hetero-
junctior’), and the strain-induced conduction band offsEt within the SiGe nano-stripe. We
measured from the PEEM images at the photoemissreshold aA® value of about 0.14 eV, and
thus a rough experimental estimationA: is ~ - 0.49 eV. It is worth noting that the widththe
work function profile shown in the inset of Fig.18(e) is larger than the real width of the nano-
stripe (150 nm). This could be possibly due todrstortion of the extraction electric field lineg b
the presence of the built-in electric field acrtss hetero-junctions at the Si-SiGe interfdtes

In general, a uniaxial strain will deform a crystaid lift some of the degenerancies in the
conduction band. In a Ge crystal the lbwest conduction band minima occur along the four
equivalent 111], [111], [111] and [111] directions of the first Brillouin zone (see Fi4.11), so
that they exhibit a four-fold degeneracy as a testithe degeneracy in the reciprocal space. A
uniaxial stress applied along the [111] directiol wake it different from the remaining three
equivalent directions. Thus, from symmetry argumame expects that a [111]-oriented uniaxial
stress will split the [111] valley (which will forma singlet) from the other three valleys, which

remain degenerate forming a triplet state.

FIG. 4.11. Constant energy surface
conduction band minima in Ge represented
within the real space (left) and reciprocal
space (right) unit cells. There are height
symmetry related ellipsoids with long axes
along the <111> directions centered on the
midpoints of the hexagonal zone faces.
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However a strain applied along the [001] directiah affect all four minima in the same way
and leave the degeneracy unchanged, thus onlyaxiahstrain along the [111] direction will able
to lift the degeneracy of theglconduction band minima. In our case, the nanpesriexhibit a
preferential uniaxial strain along the [110] dirent which can be seen as the projection of a [111]
uniaxial strain on the (001) plane. The problem banexpressed in terms of a uniaxial strain
Hamiltonian of the forrft:

Huniocal = =0 (K 2 ) (4.9)

uniaxial
wheree is the strain tensork is a unit vector along the direction of one of #wuivalent [111]

conduction band minima in reciprocal space, apds the shear deformation potential. Within this
framework, the splitting of the conduction band ma as a result of a uniaxial strain
£U=w/13(£yy—sxx) (y is the direction along the nano-stripe ardis the in-plane direction

perpendicular tg) was found to b&:

2_
+§:u£u
E.-E2= 1 (4.5)
—§Eu£u
where E? is the conduction band minimum of the unstraingdtal, =,= 16.8 eV is derived from

theab initio calculations of Fischetti and Laipande,= -0.038 is the average uniaxial strain of the
SiGe nano-stripes derived by the FEM simulatiors@nted in the last section. So far, we have just
considered the splitting of the conduction bandimaresulting from the uniaxial component of
the strain. In order to calculate the proper baffiskeq it is necessary also to consider the efééct
the hydrostatic component of the strain. The prmobtan be expressed in terms of a hydrostatic

Hamiltonian of the forn:
Hiyaro = =4 (Tr{e}) (4.6)
where Tr{¢} is the trace of the strain tensprand =, is the dilatation deformation potential. Thus,

the shift of the conduction band due to the hydtisstrain component was found to be:

- 1_)\AV
A ==, +—= R — 47
C ( d 3 uj vV ( )

where = +%Eu = 1.17 eV’ is the volume deformation potential, a@\%—zexx +e, +€,=-0.023
as derived by the FEM simulations (z is the dimtperpendicular to the surface). The total strain-

induced conduction band offset is thus obtainecctnysidering the effects of both uniaxial and

hydrostatic strain components:
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2_ _ 1_)\Av
AE. =+== ¢ +| =, +== |—=-0.45eV .
C 3 u€u ( d 3 uj V aﬂ

very close to the value (- 0.49 eV) experimentabtimated using the local work function results.

We focus now on the discussion of the valence baagping measured by XPEEM. To
probe the modifications of the valence electrotrigcure within the SiGe nano-stripes with respect
to the bulk case, we measured photoelectrons erfiftigrgd images across the valence band using
soft x-ray excitation atwh= 90 eV. Fig. 4.12(a) represent the spatial mappirthe intensity of the
valence band signal obtained integrating the vadrand spectra acquired for each point within the
FoV over an energy range of 20 eV from the FermelleThe contrast seen in the image is possibly
due to a different filling of the valence electromrbital for the SiGe nano-stripes with respect to
the Si bulk. Fig. 4.12(c) represents the raw vaddmand spectrum averaged on a single nano-stripe,
while in Fig. 4.12(b) the valence band spectrumaofGe(001) bulk crystal is reported for
comparison. The bulk Ge 3d core level (29.2-29.8 le& been used as energy reference for the
measured spectra (not shown).

The broad structure within the spectrum measuretth@mano-stripe centered at 2.2 eV below
the valence band maximum (VBM) and 2 eV large (Bag 4.12(c)) could correspond to the
superposition of several spectral features repoirteliterature to characterize a clean Ge(001)
surface: the emission from dimer up atom dangliogcbstates at 0.4 ¥ a peak at 1.4 eV due to
back bond emission and confined to the second kindl surface layef$, and the emission at 3.2
eV from valence bands of the bulk electronic stite®t. The defined peak at 7 eV is assigned to the
nonbonding O 2p orbital of silicon oxide contamioatof the sample surface (also evident from Si
2p core-level spectrum shown in the inset of Fig(l®)). We exclude the presence of germanium
oxide contamination since the main features duexy@en should be observed at 5.2 eV from the
VBM*® and we observe no evidence for an oxide compdnehe local Ge 3d core level spectra of
the stripes. The valence band onsets are obtaroed d linear extrapolation of the valence band
leading edges (see Fig. 4.12(d)). The spectrum unecn the SiGe nano-stripe exhibits a VBM
shifted toward the lower binding energy side of wthtE, = 0.28 eV with respect to the Ge(001)
bulk case, and shows a greater energy dispersidheavalence band edge as revealed by an

increase of its slope by a factor 1.5.
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FIG. 4.12. Panel (a): spatial mapping of the intgnaf the valence band signal obtained integratimg valence band
spectra acquired for each point within the FoV |(1B) over an energy range of 20 eV from the FernglleThe black
solid line is the integration of the signal perpienthar to the stripe direction. Panel (b)-(c): vale band spectra
measured on a Ge(001) bulk sample (b) and on desimano-stripe (c). Panel (d): close ups of theewe¢ band
maximum (VBM) region for the spectra shown in (b)-(The VBM values have been determined by a lirfigtimg
(green lines) of the upper edge. The relative shitbout 0.28 eV.

To describe the effects of the strain on the vadoand maxima at thé point of the first
Brillouin zone of a SiGe crystal we require onlyaé further deformation potentials. As in the case
of degenerate conduction bands discussed befaastithin will deform the crystal and lift and shift
the six-fold (including spin) degenerates valenemdbmaxima. In this case it is convenient to
regards these six bands as transforming like tbenstates of d = 3/2 and aJ = 1/2 angular
momentum operatdt exhibiting a spin orbit splitting. The hole-strain interaction Hamiltonian
can be derived by symmetrizing the angular momenaparatorJ though multiplication by
appropriate components of the strain tensor (methaavariants). The procedure for doing this can
be derived from the group theory and has been ithestin details by Pikus and Bfr The Pikus

and Bir effective strain Hamiltonian for the valenzands in the zinc-blend semiconductors is given

by:
J? 2d[1
Hpg = a(gXX +e,, +£ZZ)+ bHJf —?}sxx +c.p} +E[§(JXJy + JyJX)axy +c.p} (4.9)

wherea, b, andd are the three deformation potentials, and c.mdstdor cyclic permutation. The
deformation potentizh = 2 e\? accounts for the crystal dilatation under hydrdststrain inducing
a shift of the valence band maximum of the quantity

AV
AV = aT (4 10)

The deformation potentials= - 2.16 eV andl = - 6.06 eV determine the splitting of the six-fold
= 1/2 andJ = 3/2 valence bands &tunder uniaxial stress. In addition to the str&i@ $pin-orbit
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interaction contributes to the splitting. The vaerband splitting under the combined action of

uniaxial strain and spin-orbit interaction is giveyt™:

3 3) 1. 1
E|J==),=x—|==A,-=C heavyholeband
v 2 2) 3 0 2 Vyh
E[1=33,=21 =—1A0+1£+1\/A20+A0£+9£2 light holeband (4.11)
2 2)” 6 04T 4
E(3=2,3 =41 =—1A0+1£—1\/A20+A0£+9552 split- off band
2 2)” 6 04T 4

whereA,= 0.29 eV for Ge is the spin-orbit splitting, and:

&E = 2b(.€ZZ - £W)+%d£yz 4.12)

In Fig. 4.13 is presented the schematic changéefvalence band character when SiGe is
subjected to compressive strain as derived withperdurbation approach in the framework of the
k - p interaction method. In case of compressively sa@iSiGe the heavy hole band lies above the
light hole band, and thus the total strain-industence band offset obtained considering the

effects of both uniaxial and hydrostatic strain paments is given by:

1 1 1 AV _
AE, :§A0 _E{Zb(gzz _Eyy)+ﬁd£yz:|+ aT_ 0.25 eV (4.13)

where ¢, &y andey, for the nano-stripe have been deduced from the Fihulations. The
calculatedAEy value is very close to that experimentally estedatising PEEM valence band
mapping (0.28 eV). Moreover, within the frameworktloe k - p interaction method, it turns out
that for the valence bands the dispersion alonguthaxial strain axis is greatly modified by the
combination of strain and spin-orbit interactioeading to a significant changes of the effective
masses with respect to the bulk case. As scherthatsteown in Fig. 13 the curvature of the heavy
hole band close to the valence band edge increasgsr compressive strain. This has been
experimentally evidenced within the PEEM spectravsh in Fig. 4.12(b) by an increase of the
band dispersion close to the valence band edgs.€ftact is thus responsible for a decrease of the

hole effective mass and a correspondent enhanceshéime hole mobility (yzE wheree is

* 1

m,,

the electron charge,is the hole life time, andh, is the hole effective mass).
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FIG. 4.13. Schematic representation of the degepdifling at k = 0 and the change of the valenemd character
when Ge is subjected to a compressive strain asndut within the framework of the k*p method. Nateparticular
the increase of the curvature of the heavy-holaelpaarresponding to a decrease of its effectivesnaaml thus to an
increase of the mobility (from Ref. Von Kanel Le@uwotes).

4.5 Conclusions

In this chapter, we have presented the spatial mgppith nanoscale resolution of strain,
composition, work function and valence band stmectof lithographically defined SiGembedded
nano-stripes by means of Tip Enhanced Raman Sgeopy (TERS) and Energy-Filtered
PhotoElectrons Emission Microscopy (EF-PEEM) teghas. First, we described the sample
preparation methods and the experimental detail S ERS and PEEM measurements. Then, we
discussed the experimentally measured TERS spmutiéthe PEEM-derived elemental composition
mapping, from which the perpendicular strain peoficross a single nano-stripe is obtained with a
spatial resolution of about 30 nm. The perpendicstiain (along the [001] direction) is tensile and
becomes maximum (~ 0.014) at the center of the 1stnqme while decreasing close to zero at its
boundaries. 3D Finite Element Modeling (FEM) cadtidns are successfully compared both
gualitatively and quantitatively to the experimeénmtsults, and a preferential uniaxial stress along
the longitudinal axis of the nano-stripe is desurfreth the simulations. Finally, the local work
function and the valence band mapping is presenbea which the strain-induced conduction and
valence band offsets for the SiGe nano-stripes vatipect to the Ge(001) bulk case have been
determined. The conduction band minimum shifts deand in energy of about 0.49 eV while the
valence band maximum rises of 0.28 eV, showingeatgr energy dispersion close to the valence
band edge. The bands offset obtained from firstggules calculations considering both uniaxial

and hydrostatic strain components correctly reptedhe experimental values.
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Chapter 5
Nanoscale eastic strain rdief in SIGe nano-
ridges studied by X-Ray Diffraction

5.1 Introduction

In the Chapter 4 we have extensively stressed thieatenhancement of the charge carrier
mobility is a key issue for the achievement of hggrformances MOSFET devices. As already
discussed, high carrier mobility in SiGe devicea b& obtained by controlling the strain of the
MOSFET channél Improvements in mobility have been demonstratetbam temperatufeand
further improvement has been observed at low teatpes. Moreover, we have also emphasized
that as soon as the channel width approachesntiitefdir the carrier confinement, the channel strain
depends also on the lateral boundary conditionstdusastic and plastic relaxation, resulting in
uniaxial strain that provides even more significeatrier mobility enhanceméhtNevertheless it is
worth noting here that to realize this potentia@yezal strain reducing phenomena have to be
prevented: nucleation of misfit dislocations, all@y or intrinsic elastic deformation, the latter
being particularly relevant when the lateral charteensions compare with its thickness (a few
tens of nm). Thus it is of fundamental importare&tow and control the strain in the channel, as a
function of its shape and size, so that devicesbeagfficiently designed.

The strain information islirectly obtained by wide beam X-Ray Diffraction (XR(bee also
Panel G), the conventional method for accuratelgrd@ning composition and strain in1SGe
heterostructures, whose results, however, repressaible averages over several square mm.
When dealing with nanostructures this techniqug oglies on the assumption of a small dispersion
of their properties, preventing the possibilityingestigate morphologically different nanostructure
present at the same time on the same sample. Metalti used X-raymicro-diffraction to analyze

the strain and composition profiles in individuatgcronsized SiGe islands. Although this work is
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the first demonstration of site selectivity witran ensemble, it relates with large size islandkwhi
are of limited interest for technological appliceis since the integration has already scaled down t
tens of nanometers and the high degree of striragon present there is something to be avoided.
Strain profiles with a lateral resolution of terfsnon and sensitivity of 18 could be measured by
transmission electron diffraction technigq(esut the possibility of strain relaxation due hinhing

of the sample makes the correlation with real deydifficult.

The recent availability of the X-Rayano-diffraction technique at the ID13 beamline of the
European Synchrotron Radiation Facility (ESRs open the possibility of measuring the lattice
parameter of single nanostructures with spatiadloé®n down to 100 nm and sensitivity to relative
lattice parameter variations better tharf 10he technique provides an unprecedented leveb il
in the spatial strain mapping of single nanostmeguvith the considerable advantage to be non-
destructive in contrast with Transmission Electkéinroscopy.

In this chapter, we present the first results ad ttharacterization of the strain state of
lithographically defined SiGe nano-ridges on a @l(0Osubstrate, in layouts very close to those used
in prototype devices, using nano-XRD technique. Tdample preparation procedure, the
experimental setup, the diffraction geometry arel gbst-acquisition data elaboration methods are
presented. Strain values are extracted from therexpntally measured diffraction profiles, which
are then compared with kinematical simulations grened on strain data obtained from Finite

Element Modeling (FEM) calculations.

5.2 Experiment and Methods

5.2.1 Sample preparation

SiGe nano-ridges and large squares on Si(001) ceurfeave been created by coupling
Electron Beam Lithography (EBL) and Low Energy RiasEnhanced Chemical Vapor Deposition
(LEPECVDY. The nano-ridges represent the prototypical airest for the investigation of the
strain state when approaching lateral width of alsmveral tens of nanometers, while the large
squares have been used as test structures to thegiensitivity of the measurements.

A SiixGe fully strained alloy layer withx = 0.11 and thickness of 120 nm has been
epitaxially grown on a Si(001) substrate at 600 ’\C LEPECVD. The strain state, the alloy
composition and the thickness for the SiGe filmeéhaeen determined by means of wide beam x-

ray diffraction about the (004) and24) reflections. PMMA photo-resist has been spin-edain
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the SiGe layer, and then exposed to the electrambef a Converted Scanning Electron

Microscope (SEM) along the designed pattern ofdasguares and small nano-ridges. A post-
exposure bake at 105 °C is performed before theldpment of the PMMA removing the soluble

exposed part of the resist. A reactive ion etci{lRtE) has been finally performed to define the
patterned structures.

. Deposition of SiGe layer

. Spin-coating of PMMA

. Exposure to electron beam
. Development of PMMA

. Evaporation of chromium
. Lift-off

. Reactive Ion Etching

. Removal of chromium

CO 1 O\ Lh W N —

FIG. 5.1. Schematic representation resuming thennsééps of the nano-lithographic process for the-down
formation of SiGe nano-structures on Si(001).

1,60 1,80 2,00 2,20
SiGe ~ 80 nm
epi-layer $

88 nm

Large SiGe
square

a’ - Si(100) substrate oo
SiGe ~250 nm 00um 05 1,0 15
e nano-stripe [ 14~ 80nm 82 nm

110>

epi-layer

Si(100) substrate
FIG. 5.2. Sketches (panels (a) and (c)) and atdonge microscopy images (panels (b) and (d)) ofdtep edge of a

large square (panels (a) and (b)) and of a singleodidge (panels (c) and (d)) as obtained by elacbeam
lithography. The edges of the structures are atigiieng <110> directions.
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Fig. 5.1 resumes the main steps of the nano-lipdgc process. The SiGe layer has not
been completely etched away leaving a layer wiibktiess of about 40 nm, so that the strain
outside the nanostructures could also be charaetefrom the same SiGe, Bragg peakAtomic
force microscopy (AFM) images of the step edge darge square and a single nano-ridge are
shown in Fig. 5.2. The edges of the structures wégmned along <110> directions, which are the

directions of highest hole mobility in the caseunfaxial strain in Si.

5.2.2 Diffraction experiment

The nano-diffraction experiment took place at trendfocus extension of the ID13 beamline
at the ESRF in Grenoble. The basic principles ef XRD technique can be found in the Panel G.
The wavelength of the incoming x-rays was set@8180 nm, corresponding to an energy of 15.25
keV with AE/E=10*. A spot size of ~ 100 nm was obtained using comgorefractive x-ray

21112 910ng with a flux of 18 photons/s. We present here diffraction measuresnigafen

lense
about the (004) Bragg peak, a symmetric reflecjeametry (schematically shown in Fig. 5.3(a))
giving information about the lattice constant perpendicular to the (001) sample surface sinee th
scattering wave-vectay lies along the [001] direction. In the (004) gedmet this wavelength the
scattering angle isf2= 34.84° for Sidsi = 0.54310 nm) and the incidence angleis (20)/2 =
17.42°.

In Fig. 5.3(b)-(d)-(e) is schematically reporteck taxperimental setup: the x-ray beam is
focused in two directions to a spot size of 100 usimg a final Kirkpatrick-Baez stage. A guard
aperture protects the sample from the stray ramtiaffhe horizontal focusing lens is fixed to the
setup and can be aligned using the same hexapledhasting the final experimental stage . The
vertical focusing lens is then adjusted using agimotor driven (picomotor) stage. The sample is
mounted on a highly precise piezo stage (nanocabd)can be scanned through the beam. The
scattered beam is collected by a two-dimensionB) @tector made of a 256x256 pixels CCD
“Maxipix” camera with an element size of 1.41 cni¥1 cm. During the (004) measurements the
detector was 1.08 m from the sample as measurdtahg and checked by means of the vertical
alignment of the (001) truncation rod in the reogal space map (RSM). Simultaneously to the
diffraction experiment a SiLi-detector records therescence light emitted from the sample. A
pre-aligned optical microscope is used for a coaligmment of the beam on the sample surface on
a micrometer scale, while the fluorescence deteasovery useful for a fine adjustment of the

sample position in case of nanosized structures.
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FIG. 5.3. Panel (a): schematic representation @sgrmmetric (004) reflection geometiy; k; andq are the incoming,
the outgoing, and the scattered wave-vectors, ctisply. The scattering angle i® 2 34.84° for Sidg = 0.54310 nm)
and the incidence angleds= (20)/2 = 17.42°. Panel (b): schematic representatidheexperimental layout. Panel (c):
2D CCD image acquired at a giverfrom the Maxipix detector. Panel (d): large vieistpre of the experimental setup
in the experimental hall of the ID13 beamline. Rge§ close up picture of the horizontal and \eatix-ray focusing
lens system.

The experiment was performed by scanning the xbesm across the lithographically
defined structures. The line scans were constitofef0—-60 points spaced approximately 70 nm
apart. This line scan was repeated fore2Balues corresponding to the rocking curves arahed
Si;xGe (004) reflection in order to construct a RecipraSphce Map (RSM) at each spatial point.
We scanned across the step edge of a large (>10@qumare, and across a small (~ 250 nm) ridge
in order to evaluate the degree of elastic relakatnduced by nano-patterning of 2D and 1D
structures. The Ge Kfluorescence signal was monitored during each,sScaarder to track any
drift of the x-ray spot relative to the nanostruetiaso was changed. The obtained diffraction
patterns were then compared to kinematical simaridti performed on strain maps obtained by 2D

finite element modeling of the nanostructdfga

5.2.3 Construction of thereciprocal space maps

The 2D CCD image acquired at a giverfrom the Maxipix detector (see Fig. 5.3(c) for an
example) does not correspond to a section of tB&]{[1-10] plane of the reciprocal space we are
interested in. Indeed, different pixels along thaxis of the detector correspond to different

scattering anglesf2 relative to the position of the Si peak, accogdimthe relation:
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w

- (5.1)

26=(p, - p,(5))

wherepy is the index of the pixel in thedirection ando(Si) is the pixel at which the Si reflection
appearsN = 256 is the number of pixelg,= 1.08 m is the distance between sample and detecto
andw = 0.0141 m is the width of the detector. In the Ci@iage of Fig. 5.3(c) only the line passing
horizontally through the Si peak lies in the [001]0] plane, while pixels displaced in the
direction away (above and below) from this line respond to non-coplanar diffraction. To
reconstruct the portion of the [001}[0] plane in the reciprocal space, the first stephia data
processing was therefore to convert the 2D CCD ématp a 1D line by summing the scattered
signal at eaclx over ally. Thenw andé = (20)/2 values were transformed into components of the
scattering vectof by (see Section G.3 in the Panel G):

ay =Esin9cos(a)—o9)

g (5.2)

a, :;sinesin(w—e)
By repeating this procedure asis changed during the “rocking” of the sample aRBM is built
up (see Fig. 5.4). It is worth noting that for theasurements of the Si peak we significantly
reduced the intensity of the incoming x-ray beamaodfactor ~ 10 (by detuning the beamline
undulator) in order that the strong signal comiragrf the Si bulk reflection did not overwhelm the
dynamic range of the CCD; otherwise, measuremeintbenSiGe peak were restricted to Bragg
angles which did not excite the Si reflection arelwged full intensity of the incoming x-ray beam.
A complete reciprocal space map (RSM) is thus hupltfrom two separate rocking curves, one
acquired around the Si bulk reflection with a reztlientensity of the x-ray beam, and the other
acquired around the SiGe peak with full intensity.

The RSM about the (004) reflection on a large umedcregion, built up from separate scans
over Si and SixGe, peaks, is shown in Figure 5.4. In the symmetrigl{@fometry, information on
the perpendicular lattice constant only is available; the §iGe peak is found ag, = 7.3117 +
0.001 nm*, so thata, = 4/g, = 0.5471 + 0.0001 nm; the measured value of thrpemelicular
lattice parameter corresponds to a fully biaxialisgined SiyGe, thin film with x = 0.1105 +
0.0001 (while in the case of fully relaxed alloythvw = 0.1105 the SiGe peak would be foundjat
= 7.3348 nmi). The fringes in they, direction indicate a sharp SiGe/Si interface, and the
spacing of the minima afg; = 0.0083 nm-1 corresponds to the layer thicknégdse 1/Aq, =
120 nm. Thex ~ 1 mrad divergence of the beam causes the RSM pedies elongated by /A ~

0.01 nm* along a direction which makes an anglwith theq, axis.
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FIG. 5.4. Reciprocal space map (RSM), taken in an
unetched region, combining separate scans ovel00¥®
reflections of the Si and SjGe, peaks. The Si peak is at
ql = 4kg = 7.3651 niit (and gl| = 0 nm%) with the
Si;«Ge peak below; the fringes above and below the peak
indicate that the $i,Ge/Si interface is abrupt, and the
fringe spacingAqlL = 1h where the Si,Ge, layer
thicknessh=120+1 nm. Diagonal elongation of each peak
is related to thet ~ 1 mrad beam divergence as explained
in the text.

5.3 Strain relaxation at a step edge of a large square

In this section we present the results obtainenh ftioe scans across the step edge of a large
square, used as test structure to verify the sehgibf the measurements. In this case the indiden
and scattered x-ray beams were in th&0] plane corresponding to the (nominal) sidewalthof
step, as shown in Figs. 5.5(a), 5.5(b), and 5.5}hat the spatial resolution in position actbes
step is given by the ~ 100 nm width of the beang. 3-b(d) shows the measured RSM when the
beam impinges on the etched region several micemaay from the step, while Fig. 5.5(g)
represents the intensity profile as a functiog pitg,, = 0 nm’ across the SiGe peak. This profile
has a sintlike form superimposed on the Lorentzian backgebfrom the Si peak and is centered
atq, = 7.3115+0.001 nthcorresponding to fully strainedShogSey. 1105alloy.

Fig. 5.5(e) shows the RSM when the beam crossestémeedge of the large square. The
significant emission a,, values far from 0 nthis possibly due to a bending of ~ 0.0235° of the
lattice planes at the sidewall of the step withpees to the (001) plane, responsible for a partial
elastic strain relief as also revealed by the gifithe peak maximum toward highgr values (see
Fig. 5.5(h)). Fig. 5.5(f) and 5.5(i) show the RSMamsured on the unetched 120 nm thick layer far
away from the step edge and the SiGe intensityilpras a function ofg, atgq,, = 0 nm*,
respectively. The narrowing of the sidike profile of Fig. 5.5(i) as compared to the eaxf the
etched layer (Fig. 5.5(g)), and the reduced spaoatgeen the minima of contiguous fringes along

theq, direction are due to the increased thicknessefilGe layer. The profile is centeredqgat=
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7.3115 + 0.001 nfh correponding to a fully strained alloy. These hssare consistent with the

following scenario: moving from the etched layerthe unetched region we observe a continuous

transition from a compressive fully strained tharydr, to a partially relaxed step edge region, to a

newly fully strained thick layer. Therefore, sinttee fully strained condition is experimentally

evidenced for both the etched thin region and tietahed thicker layer far away from the step, the

strain relaxation occurring at the step edge isebetl to be elastic without the appearance of

dislocations or defects.
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FIG. 5.5. Panel (a)-(b)-(c): schematic represemiatif the diffraction geometry when the beam impimgn the etched
region (a), at the sidewall of the step (b), andteunetched 120 nm thick layer (c). Panel (dde)eciprocal space
maps (RSMs) measured on the positions indicatéd)in(b) and (c), respectively. Panel (g)-(h)-fitensity profiles as
a function ofgl at g/ = 0 nm' across the SiGe peak measured on the positiorisatad in (a), (b) and (c),

respectively.
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FIG. 5.6. Panel (a): Perpendicular strain (along the [001] direction) calculated by meansOpienFOAM package
using the profile extracted by the AFM image of .Fifb). The vertical dotted lines indicate the fioss of the
diffraction profiles shown in (b) and (c). Pane)-(b): experimentally measured (b) and 1D kinenatsimulations (c)
intensity profiles of the SiGe peak as a functiérgd for g// = 0 nm-1 as the beam crosses the step struictute
positions shown in (a). Each trace has been dffget factor of 10 in intensity for clarity. The ¢tk line is the position
of the peak when the beam is several microns away the step (on the unetched region) and correfsptm fully-
strained material. The lowest trace correspondsedeam impinging almost completely on the etalegibn; the next
trace is just before the beam crosses the stephighest trace corresponds to the beam impingimgpbetely beyond
the step. The latter has a narrower Slile peak shape corresponding to the thick unetahnaterial, and exhibits a
displacement of the peak maximum toward highewalues, indicating elastic strain relief at the @ddjthe step.

To probe carefully the strain relaxation close anthe sidewall of the step, we monitored the
RSMs around the SiGe peak at different positioroggrts edge. In Fig. 5.6 the experimental
intensity profiles as a function af, for q,, = 0 nm® are shown along with the results of 1D
kinematical simulations performed on the strainadebtained from Finite Element Modeling
(FEM) using OpenFOAM open source packdgén FEM calculations isotropic lattice constants
were assumed, and the Ge content of the SiGe l@g®taken into account as a mismdtea/ag;
= 4.111x10 in the SigsedS&1105 layer with respect to the Si substrate. Simulaticamd
measurements agree qualitatively and quantitatiggwing that strain relaxation is present close
to the edge of the step. The only exception isdisagreement for the fringes structure at kpw
side between the measured and the calculatedgsafilthe position 3 of Fig. 5.6.

In the etched region close to the step (positiai Eig. 5.6(b)), the diffraction peak from the
Si«Ge region is broad (since the1SiGe, layer is thin,h ~ 40 nm) and is displaced towards
smallerg, values as compared to its position far from thgee@ee Fig. 5(g)). This displacement
suggests largex, and therefore positive,. Since the perpendiculat,, and parallela,,, lattice
parameters exhibit an inverse correlation due édRtbisson effect, a large; would correspond to
a smallera,,, and then a negativg,. At the edge of the step (see for istance posiian Fig.
5.6(b)), a stronger diffraction pattern with a clearrow siné shape is visible, displaced towards

larger g, values, and then smaller, and largera,, suggesting smaller;, ande,,. To be more
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guantitative, the measured relaxation of the peatjpetar straine, , calculated as the ratio between
the values of, measured at the step edge and on the thick lsyestimated to be around 12 %.
The strain relaxation of,, in the [L10] direction perpendicular to the step edge, coupted
the boundary condition which maintaiag, constant in the [110] direction along the stepegdg
leads to a preferential unaxial compression aldndhe close agreement between the kinematic
simulations of Fig. 5.6(c) with the experimentaguks of Fig. 5.6(b) is a clear indication that the
finite element model in Figure 5.6(a) would actelyadescribe the strain state of the structurd, an

that elastic relaxation is evident on a scale ofdnads of nanometers from the edge.

5.4 Strain relaxation of a single nano-ridge

In this section we present the results obtainedftbe scans across a single nano-ridge,
which represents a prototypical structure for tineestigation of the strain state when approaching
lateral width of about several tens of nanometémsthis case, because of the experimental
geometry and of the alignment of the nanostructuviés respect to the scattering plane, the
incident and scattered x-ray beams were perperatid¢al the ridge, as shown in Figure 5.7(a),
5.7(b) and 5.7(c). This represents a strong limifictor of the measurements in terms of spatial
resolution and sensitivity. In fact it means fiysthat the spot size across the ridge was increlaged
a factor of 1/sinf) ~ 3.3 with respect to the beam width, and segotidit signals from the ridge
are mixed with signals from the etched region riexhe ridge. The Ge Kfluorescence signal (see
Fig. 5.8) was monitored during each scan, so ti@pbsition of the ridge with respect to the x-ray
spot could be verified as was varied.

Fig. 5.7 shows the measured RSMs and the correspbmutensity profiles as a function of
q, atq,, =0 nm* andq,, = 0.0045 nrit across the SiGe peak when the beam impinges inyle s
nano-ridge (Fig. 7(e)-(h)) and on the thin etchegions besides it (Fig. 5.7(d)-(g) and Fig. 5.7(f)-
(). As the spot passes over the ridge, fringgseap at|q//| = 0.0045 nrit* on either side of the
maing,, = 0 nm* Si,Ge, peak, due to the narrow lateral extent of the riglg@50 nm). These
fringes are centered g = 7.3145 + 0.004 ni, shifted by 0.0030 + 0.005 AMmwith respect to
the maing,, =0 nm™ peak from the etched layer (centered at 7.3115 + 0.001 ni).
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To probe carefully the strain state close to tbgej we monitored the RSMs around the SiGe
peak at different position across it. In Fig. 518 experimental intensity profiles as a functiorng pf
forq,, =0 nm' are shown along with the profiles extracted frdinkinematical simulations. In the
following we discuss first the physical informatioaming from the experimental data and then we
compare them with the results of the simulations.

In a gedanken experiment where the beam spot size would be numhller than the
dimension of the ridge, the diffraction profile mseeed on the center of the ridge would be
narrower than the profile measured on the etchger |lalue to the reduced thickness in the latter
case. In our case, the experimental diffractiorfilgrat q,, ~ 0 nm* coming from the ridge is not a
significantly narrower peak compared to the sigimathe thin etched regions (see Fig. 5.9(b)). This
indicates that most of the signal still comes fribra etched region besides the ridge, which gives
the most contribution to the diffraction signal.wiver, new rapidly varying features (see positions
2 and 3 of Fig 5.9(b)) appear within the profileasered on the ridge shifting the peak maximum
and the minima in the regions @f = 7.29 and 7.34 nmtoward largerg, values by 0.004 nih

with respect to the maig,, = 0 nm? peak from the etched layer approximately matckilsg the

shift of the lateral fringes 4t1//| = 0.0045 nm. The intensity profile measured on the nano-ridge

can be thus interpreted as a coherent superposifitihe signals coming from etched layer and
from the material in the ridge. From the shift loé tpeak maximumg, = 0.004 nm’, we estimate

exp

an experimental average perpendicular stediff~ ~ 2.5x10°, suggesting an average strain
relaxation of about 12 %.

Parallel and perpendicular strain maps within tlilye have been calculated by Finite
Element Modeling (FEM) using OpenFOAM package. Ashie case of the step structure, isotropic
lattice constants were assumed, and the Ge cootdéhe SiGe layer was taken into account as a
mismatchf = Aa/ag; = 4.111x10 in the SigsodS& 1105layer with respect to the Si substrate. For the
FEM calculations an elliptical cross-section pmfibf the nano-ridge has been considered as
derived from AFM imaging. In Fig. 5.9(a) is showretperpendicular strain map obtained from the
FEM calculations, which predicts a variation of theplane strain along thet10] direction from
compressivey;, = -3.3x10% at the bottom to tensile [, = +7x10% towards the top of the ridge
(while the boundary conditions of the 2D finite ralent model mean that full compressive strain is
maintained in the direction along the nanostruciueependicular to the simulation plane). The
perpendicular strain (along the [001 direction]) is predicted to evolve from +3.4x%(at the
bottom to 1.3x18 at the top of the ridge with an average value3f—°4¢ ~ 2.3x10°, which is in

good agreement with the experimentally measuregeviat 2.5x105).
128



EQESISISI?}RECTEF%&EITIC STRAIN RELIEF IN SIGE NANO-RIDGES STUDIED BY X-
Kinematical simulations have been then performedstmin data obtained from FEM
calculations using the elliptical cross-sectionfiieoof the ridge, and taken into account also the
increased beam spot size with respect to the emhbwidth. The simulations, agree qualitatively
and quantitatively with the experimental diffractiprofiles (see Fig. 5.9(b) and 5.9(c)), showing
that () the intensity profile obtained on the nano-ridgectually a coherent superposition of the
signals coming from etched layer and from the nmtén the ridge, andii) a strain relaxation is
present within the ridge. The close agreement kmtvwbe kinematical simulations of Fig. 5.9(c)
with the experimental profiles of Fig. 5.9(b) suggethat the strain model developed for the ridge
using FEM calculations, which predict a preferdntiaiaxial compression along its axis, is a
realistic representation of the strain state of tidge within the sensitivity limits of the

measurements.

2004}

—Tt
1 -’i; ’,\‘f

100 4 B 30

04 i
ISP

100 150 2 3 .
| Im

-200 4 ] 20

0 1([)() 2(‘)0 3(')0 4(‘]0 500 10 T T T T T T T T
x[nm] 7,28 7,30 7,32 7,34 7,28 7,30 7,32 7.34
gL (nm) qu (nm)

z[nm]

q‘ | — 00 nm'l q: 00 nm-]

FIG. 5.9. Panel (a): Perpendicular strain (along the [001] direction) calculated by meanOpenFOAM package
using an elliptical profile as derived by the AFMa&ge of Fig. 2(d). The vertical dotted lines intécthe positions of
the measured diffraction profiles shown in (b). &afb)-(c): experimentally measured (b) and 2D kiagcal
simulations (c) intensity profiles of the SiGe peka function oL for g// = 0 nm'" as the beam crosses the ridge in
the positions shown in (a). Each trace has beesebfiy a factor of 10 in intensity for clarity. Thewest and the
highest traces correspond to the beam impingingptetely on the etched regions besides the ridge. tidce at the
position 2 corresponds to the beam impinging cotepleon the ridge. The most of the signal still @arfrom the
etched region, however, the rapidly varying feaguappearing within this profile are related to tlamo-structures. The
peak maximum and the minima in the regions.bf= 7.29 and 7.34 nthshift toward largerL values by 0.004 nih
indicating elastic strain relief of the ridge.
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5.5 Conclusions

In this chapter we presented the first results ¥fRay Diffraction study aimed to the strain
state characterization on a nanometer scale ajgitphically defined SiGe structures: the step
edge of a large square and a single small nane-ritlge latter represents the prototypical structure
for the investigation of the strain state when apphing lateral width of about several tens of
nanometers, while the former has been used asstestture to verify the sensitivity of the
measurements. We have described the sample pliepapabcedure, the experimental setup, the
diffraction geometry and the post-acquisition del@oration methods. The experimental results
clearly indicate an elastic strain relaxation orsub-micron scale, in broad agreement with
kinematical simulations performed on strain dataamed from Finite Element Modeling
calculations. For ~ 250 nm wide ridge the closeeagrent between experimental data and
simulations suggests that the strain model develameng FEM calculations, which predict a
preferential uniaxial compression along its ax3sa realistic representation of its strain statbese
results are of interest to the sub-micron scalingtr@ined Si and SiGe devices and to the phydics o
electronic transport in such devices, as well anafestrating the capabilities of the relatively new

technique of x-ray nano-diffraction.
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Conclusions

The relationship and the interplay among morpholefgmental composition, strain state and
electronic structure of self-assembled and lithphreally defined SiGe nanostructures have been
experimentally investigated by means of severaktspanicroscopy techniques. The research
project, which took advantage from a joint effoftseveral experimental groups, aimed at a better
understanding of several key factors that are soll fully understood for the development of
emerging processes based on SiGe nanostructuobsding the kinetics and thermodynamics of
formation, the interplay between the strain relmxamechanisms and the SiGe intermixing, and
the control of the strain state and of the straouced modification of the electronic band struetur
when approaching to the nanometer length scale.

The initial part of the thesis dealt with the intrgation of the surface diffusion dynamics of
Ge on both C-free and C-covered Si(001) surfacenpted by annealing at high temperatures in
UHV of Ge stripes by means of-situ Scanning Auger Microscopy. The temperature depsrale
of the Ge diffusion coefficient on a microscopiakechas been directly measured in case of a C-free
Si surface and the results interpreted within a-dingensional diffusion model. The Ge diffusion
coefficient at 600 °C has been monitored as a foncbf the carbon coverage, exploiting a
continuous spatial modulation obtained by ion sty a homogeneous carbon layer during an
increasing time. The increase of the carbon coeefegm 0.1 ML to 1 ML corresponded to a
decrease of the diffusion coefficient from ~ 3%Ifrf/s to ~ 3- 13> cnf/s. This huge dependence
has been discussed within a physical scenario wbargon is incorporated within the shallow
volume of the Si substrate inducing increased sarfmughness and a compressive local strain
field. These two phenomena, together with the chahnteractions among Si, C and Ge, are the
main factors influencing the diffusion modulatiomhis has been described through a linear
dependence of the diffusion activation energy an @coverage which correctly reproduced the
experimental data.

The heart of the thesis is oriented to the studtghefspontaneous nucleation of SiGe islands
coexisting with the continuous surface diffusionGg from the source stripe.

Joining SAM and AFM analysis the critical overlayickness for nucleation has been
measured, showing that island growth mode gradwalbives from Stranski-Krastanow (SK) in
case of absence of surfactant to Volmer-Weber (Yo high surfactant coverage. This observation
supports the possibility of engineering the se#femsbly of SiGe islands by a controlled C
deposition. A semi-quantitative estimation of thenCorporation inside the Si substrate is then

132



Conclusions

deduced from the critical thickness. The carbornceatration inside the topmost Si substrate layer
is found to increase linearly as a function of tebon coverage, starting from a critical threshold
6p =0.16 + 0.06 ML. Below this critical coverage ripable effect on the diffusion of Ge or on the
nucleation of SiGe islands has been found.

Then, the growth process of SiGe islands obtainethb surface thermal diffusion of Ge
from a source stripe onGfree Si(001) surface has been experimentally invesdyahd discussed
in detail, with a particular emphasis on key aspestich as the formation kinetics, SiGe
intermixing, strain relaxation mechanisms and idlardering.

Using extensive AFM statistical analysis we haveedsined the size and density behavior
exhibited by islands grown at different temperadurethe range 600 + 700 °C as a function of the
distance from the source stripe. Our results gixeegmental evidence that the growth process
mainly evolves within a diffusion limited regime ete the island density follows a universal
scaling distribution depending only on the Ge caget Moreover, we showed that the density
behaviour has been successfully reproduced usihiy enodel of nucleation which considers the
probability of formation of a critical nucleus ontiependant on local differences in the chemical
potential of the wetting layer. In this scenarie ieland growth can be described by the Mulheran
capture zone model. The model’'s validity has beenfigd by evaluating the correlation between
the island volumes and the capture zone area, matically defined as the area of the Voronoi cell
within the Voronoi tessellation of the island netkorhis findings suggest that kinetics rather than
energetics crucially affect the competition betweabe islands to gather the available mass,
represented by both Ge atoms diffusing on the seréad Si atoms from the substrate, penetrating
into the islands leading to the formation of alldyenocrystals (SiGe intermixing).

To measure the composition of single islands wdopmed a STEM-EELS experiment
giving both the vertical and the horizontal concatibn profiles. We found a vertical compositional
gradient from a Si-rich bottom to a Ge-rich topmesgfion and highly Si-intermixed boundaries. To
explore the interplay between intermixing and sEmlution, we measured the composition of
single islands as a function of the distance framdtripe by means of micro-Raman spectroscopy
and Scanning Auger Microscopy. Looking at the agerasland concentration, a greater Si
incorporation has been found for islands nucledtather away from the stripe at lower Ge
coverage regions. This modulation of Ge compositisnbelieved to be the origin of the
experimentally observed increase of the islandmelas a function of the distance from the stripe.

Moreover, we have experimentally studied the ptastrain relaxation of nucleated self-
assembled SiGe islands. The aspect ratio distobsitas a function of the base width gave a

statistical indication of the coherent nature & tlucleated islands. This has been confirmed by the
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structural analysis performed with TEM and LAADFEM on single islands. We have shown that
islands grown by surface thermal diffusion remasiatation-free for base width values greater by
a factor ~ 3-3.5 and 1.5-1.8 than those obtained by MBE and CVD, respely. An enhanced
SiGe intermixing is believed to be the origin ofsteuppression of the plastic relaxation. In faet t
growth method used intrinsically promotes highéenmixing since the Ge supply occurs on a time
scale longer with respect to the Si incorporatimmt the substrate, and thus intermixing becomes
the dominant process for the strain relaxationitegatb the quenching of the plastic channel.

In order to explore device engineering for nandebeics applications based on self-
assembled SiGe islands, some crucial parameters bausontrolled. From a mesoscopic point of
view, island positioning and size distribution éine most important factors that can be managed.
Hence, we have investigated the growth of SiGenddaon a Si(001) surface patterned with a 2D
squared array of circular pits. The ordered islgralvth has been obtained by controlling the local
atomic mobility and the length of the diffusion Ipaty of Ge atoms by means of a correct choice
of the growth parameters (annealing time and teatpe). Moreover, controlling the diffusion
dynamics of Ge from the source stripe, we were #&blebtain a controlled size evolution of the
orderly nucleated islands as a function of the @eerage. Our observations are consistent with a
physical scenario where island positioning is madétermined by energetics, which predominate
with respect to the local kinetics of diffusion,dathe size evolution mainly depends on the local
density of Ge atoms.

The last part of the thesis addresses the chaimatien of the strain state and of the strain-
induced band structure modifications in lithograjally defined SiGe nanostructures.

First, we presented the spatial mapping of streamposition, work function and valence
band structure of SiGembedded nano-stripes by means of TERS and Energy-Filté?&&EM
techniques. The perpendicular strain profile acssngle nano-stripe is obtained with a spatial
resolution of about 30 nm. The perpendicular str@long the [001] direction) is tensile and
becomes maximum (~ 0.014) at the center of the 1stnqwe while decreasing close to zero at its
boundaries. 3D Finite Element Modeling (FEM) cadtidns are successfully compared to the
experimental results. From the local work functind the valence band mapping, the strain-
induced conduction (-0.49 eV) and valence band2@@V) offsets for the SiGe nano-stripes with
respect to the Ge(001) bulk case have been detedmirne calculated offsets obtained within the
framework of the linear deformation-potential theoorrectly reproduce the experimental values.

Finally, the first results of airect characterization of the strain state in lithogiaglty
defined SiGe nano-ridges by means of nanofocuseD AfR presented. The experimental results

clearly indicate an average elastic relaxationhef perpendicular strain of about 12 %, in broad
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Conclusions

agreement with kinematical simulations performedstnain data obtained from Finite Element
Modeling calculations. The close agreement betwegrerimental data and simulations suggests
that the strain model developed using FEM calootesti which predict a preferential uniaxial
compression along its axis, is a realistic repried@m of its strain state.

We think that these systematic experimental resuiéke a real contribution to a better
understanding of the factors influencing the swefdidfusion of Ge, the self-organization of SiGe
islands, and strain relaxation mechanisms when oagping to the nanometer length scale.

Moreover, we hope that they will act as a motivafior further experimental and theoretical work.
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Pand A

Scanning Auger Microscopy

A.l Introduction

Most physics-based techniques can be classifiedcaiering experiments: a particle is
incident on the sample, and another particle i®aetd after the interaction with the sample.
Surface sensitive techniques are no exception; avwe fan incident electron probe, with a well-
defined energy, and the response particle in cgg saanother electron. If we understand the nature
of the scattering process, then we can interpret ekperiment and deduce corresponding
characteristics of the sample. Here we concentnatihe imaging and spectroscopic capabilities of
the Scanning Auger Microscopy (SAM) technique, whaan be considered as the child of the
Scanning Electron Microscopy (SEM) and the AugesckEbn Spectroscopy (AES). The panel is
organized as follows. First we introduce the bawsiaciples behind the SEM technique and we
discuss the physical aspects of the Auger proddsm the characteristic and performances of the
elements constituting the illumination and detetstages of the PHI 660 SAM microscope used in
this thesis work are presented. Finally the probt@nthe quantification of the Auger spectra is

addressed.

A.2 Scanning electron microscopy (SEM)*

The basic principle of SEM technique consists iansing a focused electron beam (primary
energy typically 2 — 25 keV) over the surface unsteidy and simultaneously detecting electrons
emitted from the surface. Thebectron-electron scattering involving primary electrons and bounded
electrons within the sample causes the generafisacondary electrons, which propagate into the
sample and possibly generate further ionizatiomsexwmitations. The intensity of this emitted signal
determines the brightness of the spot on a TV tlihe.formation of a topographical image is due
to local variation of the electron emissivity ofettsurface. In fact the emission yield of the
secondary electrons is strongly dependent on tpegraphy of the sample surface. However,
although to a minor extent, the secondary elegtreld depends also on the ionization cross-section
of the primary electrons, on the atomic number andthe work function of the sample. The
operation of a SEM is schematically described o A.1. The scanned electron beam is produced

in a electron microscope column. Electrons are tedhifrom a heated LaBcathode (or field
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emission cathode) and are focused by the Wehnktidey and an anode aperture in the so-call
cross-over point. The cross-over point is projected by a first nelgnlens onto a smaller image
point, which is further reduced by a second magretns onto the sample surface. The best S

column can achieve a spot size of about 10 A. Hewehe spatial resolution within a SEM imag
depend not only by the beam spot size, but alsthéyaberration of the optic column and by th

lateral width of the region on the sample surfaoenfwhich secondary electrons are emitted.

alectron gun

glectran beam

"““a,/‘*"\ anode
‘r Fir 4%, ;.r“'
magnetic lens
backscattersd
electron I::ietec:t{:nr~\‘_--a.'h_:'r;a secondary
:.- : glectron detector

specimen stage

FIG. A.1. Schematic layout of a scanning
electron microscope.

It is worth noting that the typical energies of tbecondary electrons generating in a sol
belong to the range 5 — 2000 eV. Electrons withrgias in that range are strongly scattered
solids. Fig. A.2 shows a plot of the experimentalues of the inelastic mean free path (IMF
versus the electron kinetic energy. Though the deggenergy and material dependent, the IMFP
the energy range 5 — 2000 eV changes from 5 to.30 kis sense, scanning electron microsco

can be considered a surface sensitive technique.

Escape Depth (A)

*1 FIG. A.2. Inelastic Mean Free Path of electron
as a function of their kinetic energy collected fo
different materials (from Ref. 2).

) 50 100 200 300 500 1000 2000
Electron Energy, eV
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A.3 Auger effect and chemical analysis'

The principle of the Auger process is explaine&im A.3. The primary electron produces an
initial hole by ionization of a core level (K ordhell). Both primary electron and core electromthe
leave the atom with an ill-defined energy; the psog primary electron has lost its “memory” due
to the complexity of the scattering process. Tleetebnic structure of the ionized atoms rearranges
such that the deep initial hole in the core lewelfiled by an electron originating from an
energetically higher-lying shell. This transitionayn be accompanied by the emission of a
characteristic X-Ray photon, or alternatively theexkcitation process might be a radiationless
Auger transition, in which the energy gained by ¢hectron that “fall” into the deeper atomic level
is transferred to another electron of the samediffarent shell. This latter electron is then esut
with a characteristic Auger energy, thereby leatlmgatom in a double-ionized state [two holes in
different (or the same) core levels]. The charastierAuger energy is close to the characteristic X
Ray photon energy but, due to many-body interastidns not identical. In comparison to the X-
ray emission process the final state of the atoovg nas one more hole and is thus more highly
ionized. In comparison to the X-ray emission predie final state of the atom now has one more

hole and is thus more highly ionized.

A,y % |

K —¢8—15 —98— —898— —o0— FIG. A.3 Explanation of the Auger

K L LL L V\. process on the basis of atomic-level
Ab L(;r Agﬂgc 1 Costerﬁgzrorli AU e? schemes in case of KLL (a), LMM (b),
9 9 9 9 LLM (c) and LVV (d) transitions.

(@) (b.) (c.) (d.)

Since the emitted Auger electrons carries a wdlhdd kinetic energy that is directly related
to the differences in core-level energies (seevijglmeasurement of this energy can be used to
identify the particular atom. Moreover, looking ttte intensity of the Auger peaks a quantitative

estimation of the elemental concentration withinoanposite sample can be also obtained with a
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sensitivity of about 1% of a monolayer (see Sectd®). It is worth noting that a right
guantification can be only obtained if the conttiba of the elastic Auger electrons, which didn’
suffer any energy loss escaping from the samplecoisectly separated from the inelastic
background.

The nomenclature of the Auger transitions refl¢lsescore level involved. When the primary
hole is produced in the K shell, the Auger prodssaitiated by an outer electron from the L shell
e.g. the L level as in Fig. A.3(a) . This electron falls hretinitial K vacancy giving up its transition
energy to another electron from the L shell, éng.lt shell; such an Auger process is namedlKL
process. Another possibility is shown in Fig. AB(Im this case the two final holes are both in th
M, shell. Since the initial hole was in the ¢hell, this transition is known as aM;M; process. If
the initial hole is filled by an electron from tkame shell (see Fig. A.3(c)), the process is callec
Coster-Kronig transition (e.g. LLoMj). When the Auger process occurs in an atom thadusd in
a solid, electronic bands may be involved in thandition, in addition to sharply defined core:
levels. The process shown in Fig. A.3(d) involvies formation of a primary hole in the khell
and deexcitation via an electron from the valermedh(V), which transfers its transition energy t
another valence electron. This process is correipgly called LVV process. The strongest
intensity is observed for processes in which the fiwal holes are produced in regions of higl
valence band density of states.

To illustrate the calculation of the characterigtinergy of an Auger transition, we consider &
an example the KiL, process of Fig. A.3(a). In a simple one-electrariype the kinetic energy of
the outgoing Auger electron would be given by dedénce between the corresponding core-lev
energies:

EI%LlLZ = Ef — ELZ1 - ELZZ (A.1)
where Z is the atomic number of the element coremeridowever the Auger process involve:
many-body interactions, and a further correctiomtes therefore used to describe the effect of tt
rearrangement of the other electrons in a double-éa atom:

EI%LlLZ = Ef — ELZ1 - ELZ2 —AE(LyL,) (A.2)
The correction termAE (L, L,) is small; it involves an increase in binding eryeof the L, electron
when L electron is removed, and of the électron when anjelectron is removed. The detailec
calculation of the correction term is, of cours#fiailt but there is an empirical formula, which
relates the higher ionization states of the atoto the core-level energies of the atom with atomi
number Z+1. The average increase in binding endugyto a missing electron in the ¢hell is thus

approximately expressed I@Efjl — ELzl)/Z and the correction term follows as:
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1
AE(L,L,) = E(ELZZ+1 —EZ +EEM —EE) (A.3)

1

The principal Auger electron energies of the eleieme given versus atomic number Z in
Fig. A.4. Three main branches, the KLL, LMM and #&IN processes can be distinguished. The
stronger transitions are indicated by heavier goifthe strong Z dependence of the binding
energies and of the Auger energies is importantttier application of Auger spectroscopy as a
chemical technique.
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FIG. A.4. Auger electron energies as a function of
bttt laa .l 3Hs  atomic number Z for all the elements (with the
0 0O 1000 1500 2000 2500 3000 exception of H, He).
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A .4 Instrumentation

Figure A.5 shows the main components and the eleatptics of the PHI 660 Scanning
Auger microscope used in this thesis work. The Siabbrporates an electron-optical column, a
sample stage with translational and turning movdsea detection unit for secondary, back-
scattered and Auger electrons, and idn gun for sputtering purposes.

The electron source used in the SAM is a § bBated crystal. The electrons emitted from the
source are focused by the Wehnelt cylinder andrede aperture at the entrance of the optical
system. This is made of axially-symmetric magnégitses and electrostatic deflectors. The first
element of the optic column is the beam blankinggdenof an annular electrode at which a retarding
field is applied. The first lens is a condenseslamich operates a collimation of the electron hheam
the lens collects the electrons arriving from thede aperture on a wide angle and redirect them
toward the optical axis. At this stage the beanthiss demagnified of a factor ~ 1/100, thus
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requiring a very small focal length for the condemkens. The final lens is the objective whick
focalizes the electron beam on the sample surfi#isedesign and performance (including
aberrations) largely determine the spatial resmtutrf the instrument. Possible deviations of th
electron beam from the coaxial condition are cae®asing electrostatic steering plates locate
after the condenser and the objective lenses. liFimal electrostatic octopol, made of heigh
deflection plates arranged to form an octahedsonsed for the scanning of the beam on the sam|

surface and the corrections of the aberratione@btam.

electronic source |
O N\

Primary Beam !
Cilindrical Mirror N —\— G e
Analyzer (CMA) l | |
channeltron Auger Electrons N
detector (chemical analysis) \ \
Secondary Eleclrom ! ‘;\ o — " m— Mm
Ion Gun

(morphological analysis) - \ K | ion

Specimen Stage:
handling and annealing

FIG. A.5. Schematic layout and electron optic caluoi the PHI 660 Scanning Auger Microscope usethis thesis
work.

For the detection of the secondary electron signahg the scanning of the primary bean
on the sample surface, a channeltron electron phieltis used. It consists of a specially formutate
lead silicate glass shaped like a cornucopia, atibis the properties of electrical conductivity
and secondary electron emission. The input erad ground or some positive potential while th
output end (the tail) is at high positive voltage. electron striking the input face of the chanmelt
produces 2-3 secondary electrons. These electrerscaelerated down the channel by the positiy
bias. Secondary electrons are progressively credted) the channel length until at the output er
a pulse of 10to 1@ electrons emerges.

The problem of measuring the electron energy spectis non-trivial. There are various
possible geometries for the analyzers, and the umeaents can be performed in an angl
integrated or angle-resolved (AR) mode. The PHI $@lem uses an electrostatic angle-integrat:
cylindrical mirror analyzer (CMA). A CMA consistsf &wo concentric metal cylinders arrangec
such that their axes are coincident. Differentagdts are placed on each cylinder such that there
an electric field between the two cylinders. Elens are injected from a point on the axis into th

gap between the two cylinders. If the electronsteaeelling very fast, they will impinge on the
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outer cylinder. If they are travelling very slowljpey will be attracted to the inner cylinder. Henc

only electrons in a narrow energy region (called plass energy) succeed in getting all the way
along the cylinders to the detector. The resoluisamproved by apertures within the analyzer. The
CMA operates in non-retarding mode. In this mode e¢kectrons pass through the analyzer with
their initial kinetic energy and the energy rangeswept by varying the potential on the outer
cylinder. The resolution is then fixed and depemadshe width of the entrance and exit apertures of
the analyzer. The spectrum actually refléet®(E), whereE is the electron kinetic energy and

N(E) are the number of counted electrons at a gizen

A.5 Quantification of Auger spectra

The general equation governing the Auger electnameat, 1o caused by a primary beam

currentl, can be written down easily, but really needs &swtic drawing, such as Fig. A.6.

Primary \8; Auger electron
electron

beam

/

Backscattered

Auger
escape _
depth

.................. - - electrons
FIG. A.6. Schematic diagram of electron scatteiimg solid,

indicating the incident and detected anglgsandd,, plus the
role of backscattered electrons in determining feger
signal strength. The escape depth is qualitativedg
Electron thickness of the region from which most of the ditd
cascade Auger electrons originate, of the same order asrtbkastic
mean free path discussed in the text (from Ref. 3).

For a bulk sample, the incoming electron causesettron cascade below the surface, whose
spatial extent is typically much greater than thP. For example, the spatial extent is about 0.5
pm at an incident enerdyp = 20 keV, but also depends on the material andwuigge of incidence,

6. As a result Auger electrons can be produced éynttoming primary electron beam, and also by
the backscattered electrons as they emerge froseathele; the Auger signal intensity thus contains
the backscattering factoR, which is a function of the sample materiad, and . The ratiola/l,
can be expressed as a product of terms describmgotoduction and detection of the Auger
electrons, as first developed by Bishop and Riiefae Auger yieldY is the number of Auger
electrons emitted into the total solid andgle<4x sr). It is therefore not dependent on the detdils o
the analyzer. The detection efficienidyof the analyzer can be written dg), whereT is a function
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f(Qd47), Q4 being the solid angle collected by the analyzed ais the energy resolutionE/E.
Thus:

14(2)
Ip

z
=YD = (oyR) sec HO(TS)NAJ- exp (—m> dz (A.4)
A A

where z is the coordinate normal to the sampleasarfand increasing moving deeper along i
depth. Here we havé expressed as the cross-section for the initiazetion eventd), the Auger
efficiency ), and the factoR. The se@, term describes the extra ionization path lengtised by
having the primary beam at an angleto the sample normalk, is the Inelastic Mean Free Path
and the exponential term describes the probaliiiéyy an Auger electron generating at a posizon
can escape from the surface without suffering argrgy loss. Finall\Ne is the effective number of
atoms/unit area contributing to the (particular)g@uprocess. What we actually want to know is
given a measured signel, how many A-atoms are there on the surface? Tlpit@ere is not a
unique answer to such a simple question, becawssigimal depends not only on the number ¢
atoms but also on their distribution in depth. e tsimple case when the atoms are uniform
distributed in depth, like in bulk materials, thager intensity is thus given by:

NG
Ip

+o0

= (oyR) sec HO(TS)NAf exp <—

0

1o cosd, 9,4) dz = (oyR) sec0y(Te)N, A, cos 6, (A.5)
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Panel B

Atomic For ce Microscopy®

B.1 Introduction

The Atomic Force Microscopy (AFM) belongs to theodm family of scanning probe
microscopy in which a proximal very sharp probeeigploited for investigating properties of
surfaces with sub-nanometer resolution. The AFMiaily developed to overcome the limitations
of his ancestor, the scanning tunneling microsd¢®éV), in imaging non-conducting samples, has
provided a break-through in the ability to inveatgthe matter on the atomic scale. Since usirgg thi
instrument the electrical conductivity of the saenfd not required, it can virtually image any flat
surface without the need for surface preparatidrousands of AFM’s are nowadays in use in
university, public, and industrial research laborias all over the world.

The aim of this panel is to illustrate how AFM repents a very useful tool for the
measurement of highly magnified three dimensiomelges of a surface. The panel is organized as
follows: first a brief description of basic print#s and of the main characteristics of the AFM
instrumentation are presented. Then the possibégimy modes are described with a particular

emphasis toward that one used for the images shote thesis.

B.2 Basic principles

Unlike traditional microscopes, the AFM does ndy @n electromagnetic radiation, such as
photon or electron beams, to create an image. AWM Ad~a mechanical imaging instrument that
measures the three dimensional topography as wefphgsical properties of a surface with a
sharpened probe (see Fig. B.1).

The sharpened probe is positioned close enoughetsurface such that it can interact with
the force fields associated with the surface. Tienprobe is scanned across the surface such that
the forces between the probe and the sample recmmistant. An image of the surface is then
reconstructed by monitoring the precise motion led probe as it is scanned over the surface.
Typically the probe is scanned in a raster-likegrat

¥ The most of information and images presented is fhanel make reference totroduction to Atomic Force
Microscopy, Paul E. West.
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In an AFM the probe is very sharp, typically lebart 10 nm in diameter and the area
scanned by the probe are less than 100 um. Iniggabe heights of surface features scanned wi
an AFM are less than 20 um. Scan times can ramge & fraction of a second to many 10’s 0

minutes depending on the size of the scan anddightof the topographic features on a surface.

FIG. B.1. In the AFM, a sharp probe is

scanned across a surface, left, and b

— .P' monitoring the motion of the probe from

— 3 _F‘:i_“'— each pass across the surface, a 2D lin
e —s —F profile is generated. Then the line

profiles are combined to create a three
| dimensional image of the surface, right.

Fig. B.2 illustrates the block diagram of an atoriticce microscope. In the microscope, thi
force between a nanoscopic needle and the sudaneasured with a force sensor, the output of tl
force sensor is then sent to a feedback contrdtlat then drives a Z motion generator. Th
feedback controller uses the force sensor outpotaimtain a fixed distance between the probe ai
the sample. X-Y motion generators then move thég@ver the surface in the X and Y axis. Th

motion of the probe is monitored and used to craatenage of the surface.

X-Y Motion Image Out E ------------ li
Generator _’E Tl E
7 Motion S :
(Generator ¢ Feedback

Controller

Force >

Sensor

Ve .

FIG. B.2. Basic block diagram of an AFM

Laser Photo detector

NS

Cantilever

FIG. B.3. lllustration of a light lever force semso
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The force sensor in an atomic force microscopgpally constructed from a light lever, see
(Fig. B.3). In the light lever, the output fromaseér is focused on the backside of a cantilever and
reflected into a photodetector with four sectiofise output of each of the photo-detector sections
is compared in a differential amplifier. When threlpe at the end of the cantilever interacts with th
surface, the cantilever bends, and the light patnges causing the amount of light in the two
photo-detector sections to change. Thus the el@ctautput of the light lever force sensor, So, is

proportional to the force between the probe andotam

B.3 AFM Instrumentation

Fig. B.4 illustrates the primary components of diVAstage. There is an AFM scanner that
measures the force between the probe and surfacscans the probe over the surface. There is a
motion control mechanism, the Z motor, which carventhe AFM scanner towards the sample.
There is also an X-Y positioning stage which is megfuired but is useful for positioning the feature
for imaging under the probe as well as an opticatescope for viewing the probe and surface. A

mechanical structure is required to support the Adelsinner.

Video Microscope Lens

AFM Scanner

Sample Holder

Z Mot
X-Y Sample olers

Stage (Granite)

FIG. B.4. Left: photograph of the Veeco Innova ARMcroscope at the Laboratory LNESS (Como) useditlier
measurements presented in this thesis. Right:lsletaan AFM stage.

B.3.1 AFM scanners

Typically, the scanners used for moving the probdlative to the sample in an AFM are
constructed from piezoelectric materials. This ecduse piezo-materials are readily available,
easily fabricated in desirable shapes, and cost&ie.

The most common types of piezoelectric materialase for AFM scanners are constructed
from amorphous PdBaT#gOThe ceramics may be “hard” or “soft”, dependingtbe formulation.
Hard ceramics have smaller coefficients of expamsibut are more linear. Soft ceramic
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formulations have more non-linearities and havetgreexpansion coefficients. After fabrication
piezoelectric ceramics are polarized. Polarizatoay be lost by elevating the piezos to |
temperature above their critical temperature ogilking them an over voltage.

All piezoceramics have a natural resonance frequémat depends on the size and shape
the ceramic. Below the resonance frequency, thangerwill follow an oscillating frequency, at
resonance there is a 90° phase change, and alsmreanee there is a 180 degree phase change.
a great extent, the resonance frequencies of gmelectric ceramics limit the scan rates of atom
force microscopes.

Ideally, the piezoelectric ceramics would expand aontract in direct proportion to the
driving voltage. However, piezoelectric materiats/é two primary non-ideal behaviors, hysteres
and creep. Hysteresis, derived from the word hystoauses the ceramic to maintain the shape tt
it was in. As the ceramic is expanding, there megative shaped non-linearity, and as the mater
is contracting, there is a positive shaped noraliig Creep occurs when the ceramic is subject
to a sudden impulse such as a voltage step funciioese non-ideal behaviors must be corrected
they cause distortions in AFM images.

B.3.2 Light Lever Force Sensors

The force sensor in an AFM must be able to measgeing low forces. This is because, if a
small probe is used, the pressure, force/area, meissmall so that the probe is not broker
Although a number of different force sensors hagenbtested and demonstrated to work with &
AFM, the light lever is used routinely for measgriminute motions in scientific instrumentation.
With the advent of microfabricated cantilevers thght Lever AFM (LL-AFM) became the most

widely used design for the force sensor in an AFM.

* nght lever

Fensie beﬂ.[“

Osclll:\(::ry
SUT

EKCI{E[IDTI

C.'Lmllt-

brobe —( R

rooe =

FIG. B.5. lllustration of the light lever AFM force

|/¥ sensor. In the LLAFM sensor the end of the cartitev

: bends and thus the angle between the probe andesar

— x changes as the cantilever bends.
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The design for a LL-AFM sensor is illustrated igFB.5. A laser light is reflected of the
back side of a cantilever into a 4 section photectet. If a probe, mounted on the backside of the
cantilever, interacts with the surface the reflddight path will change. The force is then meadure
by monitoring the change in light entering the 4dpant photo-detector. The light reflects off the
parabolic end of the cantilever, which gives mutlthe amplification of the light path in the light
lever. Geometrically, it is calculated that theleetion at the end of the cantilever is equal t® th
motion of the laser beam across the face of théopletector.

The LL-AFM force sensor requires alignment eachetien probe/cantilever is exchanged.
Typically, alignment is accomplished by first pasiting the laser light onto the cantilever, andhthe
confirming that the light is reflected onto the phdetector by looking at the photo-detectors
electronic output.

B.3.3 Cantilevers and tips

An LL-AFM force sensor requires a cantilever witprabe at its end for operation. Typically
these are fabricated using MEMS technology andcareidered a disposable component of the
AFM. In principle, an AFM probe should last forevéowever, in practice the probe tip is often
blunted when it touches a surface. Changing thbeptgpically takes only a few minutes. Fig. B.6

illustrates the geometry of a typical probe/camglésubstrate.

Substrate .
FIG. B.6 lllustration of an AFM

cantilever/probe/substrate created by
micromachining of Si or SiN. All

Cantilever commercially available probes have
i substrates with the same dimension.

——— Probe

The geometry of the probe is critical to the qyatif images measured with an AFM. All
AFM images are a convolution of probe geometry sundiace. In principle, AFM cantilevers can be
made of any material that can be fabricated ingprang-like cantilever. The first AFM cantilevers
were fabricated from tungsten wire and had a petbbed in the silicon at the end. Early in the
evolution of AFM it was discovered that the bestM\robes could be constructed from MEMs
technology. There are two materials commonly usedFM cantilevers: SiN and Si.

SiN is used for creating probes that have very fosme constants. The thin films used for
creating SiN probes must have very low stress soctntilevers don’t bend naturally from the

stress. Practically, most SiN films have some residtress and in fact, cantilevers made with SiN
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tend to have curvature along their primary aximitavers fabricated from silicon tend to have les
residual stress than SiN and tend not to suffemfizending. However, the Si probes that ar
fabricated at the end of the cantilever can beld@ind tend to chip if they contact a surface. Mo:
of the cantilever/probes used in LL-AFM force sessare constructed from Si.

Two basic geometries are used for AFM cantileveesfangular and triangular. The two
primary shapes for probes are pyramidal and canicgdically SiN probes are pyramidal and S
probes are conical, see Fig. B.7. AFM cantileveesewnitially fabricated from SiN in a triangular

shape. Because of the cantilevers bending, Si betaepreferred material.

o \ FIG. B.7 SiN cantilevers are typically triangulaittwtwo arms
meeting at an apex. The probe on SiN probes areatiyp
pyramidal and appear hollow at the top. (Top) Sititavers are
typically rectangular and the probes tend to hatgaagular shape

to them. Si probes are crystalline and are pronehipping and
breaking if they crash into a surface. (Bottom)

B.4 Imaging modes

A force sensor in an AFM can only work if the prabeeracts with the force field associatec
with a surface. In ambient air, the potential egdvgtween the probe and surface is shown in Fi
B.8. There are three basic regions of interactietwben the probe and surface: (i) free space, (

attractive region, and (iii) repulsive region.

Repulsive

/ Cantilever pushed up
Distance
\/\ FIG. B.8. Potential energy diagram of a probe an:

sample. The attractive potential is caused by th

» Attractive capillary forces from surface contamination.
Cantilever pulled down

Attractive forces near the surface are caused bgnamscopic layer of contamination that is
present on all surfaces in ambient air. The comatiun is typically an aerosol composed of wate

vapor and hydrocarbons. The amount of contaminatEpends on the environment in which th
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microscope is being operated. Repulsive forceseas® as the probe begins to “contact” the
surface. The repulsive forces in the AFM tend tasegthe cantilever to bend up.

There are two primary methods for establishing ftirees between a probe and a sample
when an AFM is operated. In contact mode the diédlecof the cantilever is measured, and in
vibrating mode the changes in frequency and angditare used to measure the force interaction.
As a rule of thumb, the forces between the proliksamface are greater with contact modes than

with vibrating modes.

B.4.1 Contact Mode

In contact mode, the cantilever is scanned ovenface at a fixed deflection (see Fig. B.9).
Provided that the PID feedback loop is optimizedpastant force is applied to the surface while
scanning. If the PID feedback parameters are notmged, a variable force is exerted on the
surface by a probe during a scan. The force constay be calculated if the dimensions and
material of the cantilever are known. Most commadlgiavailable cantilevers for the AFM are
supplied with the approximate values for the faroastant.

Contact mode is typically used for scanning ham@as and when a resolution of greater
than 50 nanometers is required. The cantileverd @mecontact mode may be constructed from
silicon or silicon nitride. Resonant frequenciescohtact mode cantilevers are typically around 50

KHz and the force constants are below 1 N/m.

Contact Point

/ =
V4

Distance et —" S

FIG. B.8. Left: Potential diagram showing the regiaf the probe while scanning in contact mode. Riffh contact
mode the probe glides over the surface.

B.4.2 Vibrating M odes

In order to make more sensitive measurements iaguietter signal/noise ratios in scientific
instruments, it is common to modulate the signahdpaneasured and use phase or amplitude
detection circuits. Use of modulated techniquedtsithe measurement to a higher frequency
regime where there is less thahrdise. Such techniques were developed for the ABbh after it

was invented.
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In order to make the S/N ratio higher, and thualfle to measure lower forces with the AFM
the probe is vibrated as it is scanned acrossfacgurAs shown in Fig. B.9, the probe is vibrated i
and out of surface potential. The modulated sigaalthen be processed with a phase or amplitu

demodulator. The cantilever can be excited witleaqelectric ceramic and exhibit natural resonal

frequency isvo w, = cVk, wherek is the force constant amds a proportionality constant.

v
13 .

- i

s L X
c::(_., :: = v LS

A L3
= v ., =
\/ Distance

FIG. B.9. Left: Potential diagram showing the matiof the probe in vibrating mode. Right: The profigrates as it
scans across a surface.

At the resonance frequency, there is a 90° phaife ¥Hhen the probe tip interacts with a
surface, the resonance frequency shifts to a lealere, and there is a corresponding change in t
phase. When scanning in the vibrating modes, ataoneelationship is maintained by the feedbac
electronics, which keeps either the phase shifaroplitude constant at a given frequency, whil
scanning.

As mentioned before, there is a “contamination”elapn surfaces in ambient air with &
thickness between 1 and 50 nm. The probe surfaeeastion forces are governed by the capillar
forces between the probe and the contaminatiom.ldye probe may be vibrated in three separat
regimes as it is scanned across the surface, gasH-9.

In the first regime, the probe is vibrated acrdss surface of the contamination layer. Thi
vibration amplitude must be very small and a vediff probe must be used. The images of th
surface contamination layer are typically very tay” and appear to have low resolution. This i
because the contamination fills in the nanostrestat the surface.

In the second regime the probe is scanned inselednhtamination layer6. This technique
named “near contact”, requires great care to aehi€ke cantilever must be stiff so that the tipsdoe
not jump to the surface from the capillary forcemised by the contamination layer. Then ver
small vibration amplitudes must be used. Often Jagh resolution images are measured in th
regime.

In the third regime the probe is vibrated in and @iuthe contamination layer. This mode is
given several names such as intermittent contaiepming. In this mode the energy in the vibratin

cantilever is much greater than the capillary feraad the probe moves readily in and out of tf
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contamination layer. This mode is the easiest tplement but often results in broken probes
because the tip is crashing into the surface upch escillation.
Vibrating methods are used when the highest rasolig required or if very soft samples are

being scanned. The probes used for vibrating moeleféen less than 10 nm in diameter.
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Panel C

Transmission Electron Microscopy

C.1 Introduction

Advanced electron microscopy techniques, especiatysmission electron microscopy
(TEM), are indispensable for characterizing inteelaand defects, nano-devices, nanoparticles &
catalysts, and other nano-systems. The single mysirtant feature of a TEM instrument is its
versatility: atomic resolution images, diffractipatterns from nanometer regions and nanomete
scale spectroscopy data can be obtained eitheftaimeously or sequentially from the same regio
of the sample. The availability of the various inmag diffraction, and spectroscopy technique
within a single instrument makes TEM one of the npmsverful microscope for characterizing the
nature of nanoscale systems.

The panel is organized as follows. First the bamsiaciples, the instrumentation and the
imaging contrast for Conventional TEM are reviewElden the main aspects of Scanning TEM ar
Energy Filtered TEM are critically discussed. Tlangple preparation procedure for cross-sectic
TEM using a Focused lon Beam (FIB) microscope entbpresented. Finally the application o

TEM-STEM capabilities for imaging dislocations irG&/Si(100) system is discussed.

C.2 Conventional TEM
C.2.1Basic principles'

In transmission electron microscopy the image mnéxl by electron passing through the
sample. The principle of operation is the samehas of an optical microscope, using magneti
lenses instead of glass lenses and electrons éhefgahotons. A beam of electrons emitted by a
electron gun is focused by a condenser lens isimall spot (~ 2 + 3 um) on the sample and aftt
passing through the sample is focused by the obgelens to project the magnified image onto th
screen (Fig. C.1). A very essential element isaperture located at the back focal plane of tf
objective lens. As it will be show below, this deténes the image contrast and the resolution lim
of the microscope. It is worth noting that this plexscheme illustrates only the principle of imag
formation in TEM, not the actual TEM setup whichmre sophisticated. Due to the limitec
penetration depth of electrons in solids the samptauld be very thin: the acceptable thickness
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100 + 1000 A for conventional microscopes with #&@ing voltages of 50 + 200 kV, and a few
thousand A for high voltage microscopes with agegien voltages up to 3 MV. Of cause, the
required sample thickness depends on the sampéziaiathe larger the atomic number, the greater

the electron scattering, hence a thinner samplelghxe.

Electron
Source

Condenser

Electron Lenses

Beam

Sample

Objective Lens

Projector Objective Aperture

Lenses

FIG. C.1. Schematic diagram illustrating the
electron optic of a typical transmission

Viewing electron microscope.

Screen

The diffraction for TEM resolution can be estimafiedm A = 0.51/sin a, wherei is the
electron wavelength andequals one half the angular aperture, which caappeoximated by the
ratio of the objective diaphragm radius to the otiye focal lens. For a voltage of 100 k¥ £
0.037 A), diaphragm radius of 20 pm, and focal feraf 2 mm, the estimation yields~ 2 A. In
practice the resolution is usually worse due to ideality of the electronic optic system.

The formation of TEM image contrast will be disa$sn more details in Section C.2.3. In
brief it can be understood as follows. When pas8ingugh a sample, the electron flux loses part of
its intensity due to scattering processes. Thi¢ igagreater for thicker regions or regions with
species of higher atomic number. If the objectiyeerture effectively cuts off the scattered
electrons, the thicker regions and the regionsighdr atomic number appear dark. The small
aperture enhances the contrast (but leads to fisedbresolution as shown above). In crystals, the
elastic scattering of electrons results in the apg®ce of diffraction contrast.

C.2.2 Instrumentation?

The overall flexibility of a TEM microscope is aekied with an electron-optical system

containing an electron gufwhich produces the beam of electrons) and seveeagnetic lenses,
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stacked vertically to form a lens column (see Ed.). It is convenient to divide the instrumenbint
three sections: the illumination system, the sarsfdge, and the imaging system.

The illumination systentomprises the electron gun, together with two oremmondenser
lenses that focus the electrons onto the sampl@leign and operation determine the diameter
the electron beam at the sample and the interesitgl in the final TEM image. The electron gur
produces a beam of electrons whose kinetic enarg;jygh enough to enable them to pass throut
thin areas of the TEM sample. The gun consistsnoglactron source, also known as the catho
because it is at a high negative potential, ancelastron-accelerating chamber. Hot filament
Schottky emission and Cold Field emission are thestnused electron sources, exhibiting a
increasing brilliance and a decreasing beam spget going from the former to the latter. After
emission from the cathode, electrons are accetktateheir final kinetic energy by means of ar
electric field parallel to the optic axis. Thislfleis generated by applying a potential differenc
between the cathode and an anode, a round metalqaataining a central hole (vertically below
the cathode) through which the beam of acceleratectrons emerges. Many of the accelerate
electrons are absorbed in the anode plate andasalynd 1% pass through the hole, so the bee
current in a TEM is typically 1% of the emission@nt from the cathode.

The TEM may be required to produce a highly magdifimage of the sample on a
fluorescent screen, or for viewing larger areasasfiple the final-image magnification might nee
to be very low. In order to achieve the requirexithility, the condenser-lens system must conta
at least two electron lenses. The first conderesss is astrongmagnetic lens, with a focal length
that may be as small as 2 mm and located 20 cnmoee brelow the source, which accounts for th
high magnification mode. The second condenser (&% is aweak magnetic lensf(is around
several centimeters) that provides little or no mfagation but allows the diameter of illumination
at the sample to be varied continuously over a \nadege.

The sample stagallows samples to either be held stationary or ielntionally moved, and
also inserted or withdrawn from the TEM. The meatanstability of the sample stage is ar
important factor that determines the spatial resmuof the TEM image. To allow observation in
different brands or models of microscope, TEM sawn@re always made circular with a diamete
of 3 mm. Perpendicular to this disk, the sampletnbasthin enough (at least in some regions) f
allow electrons to be transmitted to form the magdiimage. The sample stage is designed to hc
the sample as stationary as possible, as anyodnifbration would be magnified in the final image
impairing its spatial resolution (especially if tireage is recorded by a camera over a period
several seconds). But in order to view all possielgions of the sample, it is also necessary

move the sample horizontally over a distance aioup mm if necessary.
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Theimaging systengontains at least three lenses that together peodunagnified image (or
a diffraction pattern) of the sample on a fluoreé@ereen or on the monitor screen of an electronic
camera system. The design of the imaging lens@e¢esly the first imaging lens, the objective)
largely determines the spatial resolution that lmambtained from the microscope. The lens closest
to the sample is called the objective. It is arggriens, with a small focal length; because ohiggh
excitation current, the objective must be cooledhwiemperature controlled water, thereby
minimizing image drift that could result from theshexpansion of the sample stage. The TEM also
has fine controls that enable the operator to nskall fractional adjustments to the objective
current, to allow the sample image to be accurdtmtysed on the viewing screen. The objective
produces a magnified real image of the samplediétance of aboutO cm below the center of the
lens. Because of the small value fpfthe object distance is only slightly greater thiha focal
length, so the sample is usually located within phe-field of the lens (that part of the focusing
field that acts on the electron before it reaches denter of the lens). By analogy with a light
microscope, the objective is therefore referredasoan immersion lens. When the final (C2)
condenser lens produces a near-parallel beam réheepd focuses the electrons into a nanoprobe
of typical diameter 1 + 10 nm (see Fig. C.2(a))teAatively, if the condenser system focuses
electrons to a crossover at the front-focal plahéhe pre-field, the illumination at the sample is
approximately parallel (Fig. C.2.(b)). An objectideaphragm can be inserted located at the back-
focal plane (BFP) of the post-field of the objeetiens, the plane at which a diffraction pattern of
the specimen is first produced. In this plagistancefrom the optic axis represents tiiieection of

travel (angle relative to the optic axis) of ancélen that has just left the specimen.

o
\///‘

— FIG. C.2 Formation of (a) a small-diameter nanoprahd
{ \ o >< (b) parallel illumination at the sample, by meahshe pre-
l i field of the objective lens. S defines the samplg, is the
principal plane of the objective lens, and BFPhis back-

() ) focal plane.

A modern TEM contains several lenses between tiectve and the final (projector) lens.
At least one of these lenses is referred to asnteemediate. The intermediate lens serves two
purposes. First, by changing its focal length irabmsteps, its image magnification can be changed,
allowing the overall magnification of the TEM to baried over a large range. Second, by making a
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larger change to the intermediate lens excitatmnelectron diffraction pattern can be produced ¢
the TEM viewing screen. Finally, a projector lesdacated after the intermediate and before tt
screen. The purpose of the projector lens is toymwe an image or a diffraction pattern across tt

entire TEM screen, with an overall diameter of salveentimeters.

C.2.3 Image contrast?

In a transmitted-light microscope, variation ofensity within an image is caused by
differences in the absorption of photons withinfetiént regions of the sample. In the case of
TEM, however, essentially all of the incoming eteos are transmitted through the sample
provided it is suitably thin. Although not absorbdtese electrons are scattered (deflected in th
path) by the atoms of the sample. The nature efdbattering process is essentially the electiosta
(Coulomb) interaction between charged particleterfiction between the incoming fast electro
and an atomic nucleus gives rise dlastic scattering where almost no energy is transferre
Interaction between the fast electron and atomectedns results imelastic scattering, in which
process the transmitted electron can lose an appte@mount of energy.

The amount and angular distribution of electroritedag within acrystallinematerial, which
primary affect the contrast within a TEM image,stsongly dependent on theientation of the
atomic planes relative to the incident electromie®o understand why this orientation matters, w
must abandon the particle description of the intiddectrons and consider them as de Brogl
(matter) waves. A useful comparison is with x-rayhjch are diffracted by the atoms in a cryste
(see Panel G and Chapter 5). The simplest way démgtanding x-ray diffraction is in terms of
Bragg reflection from atomic planes, which occurdyowhen the angle of incidence (here
measured between the incident direction and theeplais equal to a Bragg andlg that satisfies
the Bragg's law:

nd = 2d sin g (C.D
Here, A is the x-ray wavelength amtis the spacing between atomic planes, measuredineetion
perpendicular to the planesjs an integer that represents the order of reflactrhe fast electrons
used in a transmission electron microscope peeettabugh many planes of atoms and at
diffracted (elastically scattered) within crysta#liregions of a solid, just like x-rays. Howevéeit
wavelength { = 0.037 A primary beam energy of 100 keV) is fatow a typical atomic-plane
spacing (~ 3 A) so the Bragg angles are smallegsired by Eq. (C.1) wheh<< d. The integen
in Eq. (C.1) is usually taken as one. Using thellsamle approximation, Eq. (C.1) can therefor¢
be rewritten as:

A=29;d=9d (C.2)
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where 9 = 295 is the angle of scattering (deflection angle) lné &lectron resulting from the
diffraction process.

Considering a polycrystalline sample made of a memobf crystallites with different
crystallographic orientations, for a few particuteitentations of a crystallite relative to the hent
beam Eq. (C.2) will be satisfied and a crystallt@l strongly diffract the incident electrons.
Provided the corresponding deflection anglexceeds the semi-angleof the objective aperture,
the diffracted electrons will be absorbed by thgsctive diaphragm and the crystallite will appear
dark in the TEM image. Crystallites whose atomiaAgl orientations doot satisfy Eq. (C.2) will
appear bright, as most electrons passing througi twill remainundiffracted(undeviated) and
will pass through the objective aperture. This imggnode when only the undiffracted beam is
collected is generally callearight-field. Instead of selecting the undiffracted beam oftebdes to
form the image, we could horizontally displace tigective aperture so that it admits diffracted
electrons. Strongly diffracting regions of the s@npould then appeadoright relative to their
surroundings, resulting in @ark-field imagebecause any part of the field of view that contaios
sample would be dark.

Close examination of the TEM image of a polycrystal sample shows there can be a
variation of electron intensityithin each crystallite. This diffraction contrast arissther from
atomic-scale defects within the crystalfimm the crystalline nature of the material itseimbined
with the wave nature of the transmitted electréndact in the vicinity of a crystal defect a strai
field is present and a distortion of the crystalégahic planes appear. Because the Bragg angles for
electron diffraction are small, it is likely thatt some places within this strained region, thedben
causes the angle between an atomic plane anddigem beam to become approximately equal to
the Bragg angléd;. At such locations, electrons are strongly diffealc and most of these scattered
electrons will be absorbed at the TEM objectiverape. In addition to diffraction (or scattering)
contrast, features seen in some TEM images depenidephaseof the electron waves at the exit
plane of the sample. Although this phase cannanhéasured directly, it gives rise to interference
between electron waves that have passed throufgradif regions of the specimen. Such electrons
are brought together when a TEM imagedefocusedby changing the objective-lens current
slightly. Unlike the case of diffraction-contrashages, a large-diameter objective aperture (or no
aperture) is used to enable several diffracted beantontribute to the image. Some examples of
diffraction and phase contrast will be given int88tC.6 concerning the imaging of dislocations in

case of a Ge/Si(100) system.
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C.3 Scanning TEM?

The Scanning TEM works on the same principle antirenal scanning electron microscope
(SEM), by forming a focused beam of electrons thatanned over the sample while some desir:
signal is collected to form an image. Figure C.®veh the main components comprising a
aberration-corrected STEM. Electrons are accelédaten a source and focused into a point on t
sample (see Section C.2.2 and Fig. C.2) by a seboflenser lenses and an objective lens. /
objective aperture limits the maximum angle ofrtination included in the incident probe, which

is scanned across the sample by a set of scan coils

emission
gun

High-angle
detector
Aberration chn Post - Removable
comactor: o7 specimen bright-field preprism
é lenses | detector coupling
i l [ lenses
Field ~

Prism

O , L Postprism
I optics
Condenser o f . .
lenses Objocivalans, | B FIG. C.3. Schematic diagram of
SR Hompobi Erle a high resolution Scanning TEM
sample ronchigram detactor 9 9

camera (From Ref. 3)

The output of a variety of possible detectors dantbe used to form an image. In faci
multiple detectors can be used simultaneously e giifferent views of the sample, providing
different but complementary information. The usdatectors include a bright field (BF) detecto
that intercepts the transmitted beam and an anmulalide field (ADF) detector that surrounds the
transmitted beam to collect scattered electrons.ifiher angle of this detector can be changed wi
post-sample lenses from just outside the incideanbcone, which gives maximum efficiency fo!
collecting scattered electrons (generally refeteeds low angle ADF - LAADF), to several times
this angle, that enhances the atomic number (Zentignce of the image contrast. This latte
configuration is often referred to as a Z-contrasthigh-angle ADF (HAADF) image. Also,
normally, part of the STEM is an EELS system (seetiSn C.4), comprising spectrometer ant

parallel detection system using a charge-coupletcdgCCD).

C.4Energy Filtered TEM*

Electrons scattered inelastically as a result afrgy loss and wavelength change in th

sample, are brought to a focus plane far distamh fthe viewing screen showing the elastic imag

159

AdOISOYIIN NOYLOHATH NOISSINSNVYL — O TANVd



PANEL C — TRANSMISSION ELECTRON MICROSCOPY

This out-of-focus “inelastic”, as far as ConvenabriTEM, contributes only with a uniform
background to the in-focus elastic image. Howetecontains a tremendous amount of both
structural and chemical information. The interactwf the fast electron with the sample causes
either collective excitations of electrons in thalence band (plasma oscillations), or discrete
transitions between atomic energy levels with sciaiy angles of about 1 + 2 mrad for 100 keV
primary beam energy. The ability to observe digcratomic transitions allows compositional
analysis to be performed since the transitions maticharacteristic binding energies for a given
element. Furthermore, the transitions to unoccuptates above the Fermi level allows the degree
of hybridization between atomic orbitals to be d®ieed, i.e. information on local electronic
structure (bonding) changes can be ascertained.

Measurement of the kinetic energy allowing analydigast electrons, can be done using an
energy-loss system combined with the transmissliectren microscope, i.e., the Energy-Filtering
TEM. The filter, generally based on a magnetictprigpectrometer, is able to analyze the energy
distribution of initially monoenergetic electroradter they have traversed the sample, and moreover
recombines those electrons that have lost a sdlectergy, thus forming an energy filtered image
on a two-dimensional CCD array as detector. Morgothee energy filter can be also integrated
within a Scanning TEM (see Fig. C.3), allowing &rfprm spectroscopic analysis on a single point
with nanometric resolution. In fact, as can be seem Fig. C.3, the annular detector used for Z-
contrast imaging does not interfere with the lowlarscattering used for EELS. This means that
the Z-contrast image can be used to position tbetrein probe over a particular structural feature

for acquisition of a spectrum.

C.5 Cross-section TEM sample preparation by FIB

A Focused lon Beam (FIB) instrument looks and djesranuch like a scanning electron
microscope (SEM). Both instruments rely on a foduseam to create a specimen image; an ion
beam (generally Ga for the FIB and an electron beam for the SEM. Both instruments, the
intensity of the secondary electrons produced eh easter position of the beam is displayed to
create an image of the sample. However, the FIBbeaalso used for micro and nano-machining
due to the sputtering effect of the ion beam imtidn. In fact when a Gaon is accelerated toward
the target sample, it enters the sample and craatascade of events which results in the ejection
of a sputtered particle (which may be an ion oeatral atom).

Another feature that is used extensively in the KHBon beam assisted chemical vapor

deposition. The deposition of metal is used extamgi in silicon semiconductor device
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modification and is used in TEM sample preparatemhniques to protect the top surface of intere
from spurious sputtering. A needle is brought tosel to the target surface (see Fig. C.4(a)).

suitable gas (e.g., W(Cg))is injected from the needle and adsorbs ontdatget surface. The Ga

beam is raster over the desired sample region.idih&eam decomposes the gas, which leaves
deposited layer of metal (e.g., W), while the byjurct (e.g., CO) is removed through the vacuul
system.

In the following we describe the procedure adogtedthe sample preparation for cross:
sectional TEM investigation of SiGe islands presdnin Chapter 3, and performed at the Eco
Polytechnique and at the Université Paris-Sud ditial sample preparation have been performe
before the sample was placed into the FIB usingdbventional TEM specimen preparatior
method. An area of interest was located and cut Bmm in length. The sample has been the
mechanically polished along the direction paraltelthe surface (and parallel to the Ge stripe:
down to 60 um to reduce the FIB time. The sampke bdeen mounted on a slotted TEM Cu gri
that has been patrtially cut away (see Fig. C.4{)g sample is then positioned into the FIB. AV
line is deposited on the area of interest (see Eig(b)) to prevent damage and spurious sputteril
of the top portion of the sample and to also deli@eehe location of the area of interest. Larg
trenches are then sputtered on either side ofréee @f interest using a high Gleam current (see
Fig. C.4(c)). The beam current is reduced and mgjlls performed on alternate sides of the sam
to reduce re-deposition of sputtered material aht® surface of the sample (see Fig. C.4(c)

Milling is continued until the membrane is thinned~ 100 nm.
FIG. C.4. Panel (a): gas needles for ion assiste
CVD. Panel (b): SEM image of a portion of the

Wiga '
sample surface. The vertical lighter band is the G

membehe stripe; the thin horizontal line represents the W
, deposit to protect the island during the milling.
{ Iﬂ,.m Panel (c): SEM image of the thinned region afte
BN F15 milled wenches w1 0w FIB processing; the large trenches on either sfde ¢

!/ the area of interest are clear. Panel (d): sctiemal

of a conventionally prepared FIB TEM sample (not
in scale).
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C.6 Imaging dislocationsin a Ge/Si system

Let's now consider the heteroepitaxial growth of @etop of a single crystalline Si(100)
substrate. At the beginning the growth processwewoin layer-by-layer mode (see Chapter 1), and
the Ge layer will first adapt its lateral latticarpmeter to that of the substrate by deforming
elastically. As the film grows thicker, more and melastic energy will therefore accumulate until
at some critical thickness is no longer energetically favorable to straie ffilm to the substrate
lattice constant. In hypothesis that island nuabeats kinetically prevented, the so-calledsfit
dislocationswill start to form in the film. For diamond and zHblende crystal structures the
dislocation structure is of mixed edge and screaratter. Here, the glide planes are {111}-planes,
and the most common dislocations aré-@i3locations, where the Burgers vector makes ghean
of 60° degrees with respect to the dislocationlifine dislocation line is not located entirely fiet
interface plane. This is the case only for thisfit segmenMD, while the so-calledhreading
segmenflD lies in the (111)-plane and extends to the surfacthe film. The presence of this

threading arm is related to the way in which diatamns are formed.

FIG. C.5. Panel (a) PV BF image in [100] axis
beam condition of a Ge layer on Si(001). Panel
(b): PV BF image in [220] axis beam condition
of the same region shown in (a). Panel (c) and
(d): LAADF-STEM images of the
SiGe/Ge/Si(100) system.

Transmission electron microscopy allows to direptigbe the presence of such a dislocations
thanks to the diffraction and phase contrast cditiabj as recently shown by Capelligi al®. Fig.
C.5(a) shows plan view (PV) bright field (BF) imalgg Conventional TEM, under the [100] zone
axis beam condition (the optic axis is aligned gldhe [100] direction normal to the sample
surface). In this experimental condition, the priynalectron beam generates a translational Moiré
pattern due to the interference of the two electreams transmitted by the two layers of the Ge/Si
heteroepitaxial structure. The presence of sewat@druptions of their Moiré pattern in the Ge laye
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is due to the presence of MDs. In Fig. C.5(b) ievain a Conventional TEM image obtained ir
weak beam-BF with a diffraction vector g =[220]gated in the same region of Fig. C.5(a). Th
regular network of dark lines represent the [11@wted MDs at the Ge/Si interface as well as tf
presence of threading dislocation arms (line hauiregular shapes), propagating both in plane ar
toward the sample surface. Figs. C.5(c) and C.5{idplay the cross sectional LAADF-STEM of &
sample composed of a 200 nm thick Ge relaxed laydra 400 nm thick SiGe top layer. The Ge/S$
interface appears bright, owing to the high densitiDs scattering the electron beam. In fact, th
contrast is due to the static random displacemérdt@ms around defects which causes ext
scattering in the low angle regiont is possible to observe also few threading aoh60° MD

(TD) departing from the Ge/Si interface propagaimghe <110> / {111} slip system through the

Ge layer.
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Panel D

Micro-Raman Spectr oscopy

D.1 Introduction

Raman spectroscopy is a photon in-photon out tgcienbased on the inelastic scattering of
monochromatic light, usually from a laser sourcie Trequency of the incoming photons changes
upon interaction with the sample due to the exoitadf vibrational modes (generally referred as
phonons in case of crystalline materials). Ramattspscopy can be used to study solid, liquid and
gaseous samples, and have wide applications fonicakanalysis, since the vibrational excitations
in a medium represent a fingerprint of its composit

Moreover Raman spectroscopy has emerged as a jmgnasd feasible solution for an
accurate characterization of composition and sira@loy of group IV and IlI-V semiconductors.
In fact the optical phonon modes of the alloy drergly affected by their composition and strain,
with the additional advantage of being a fast amadestructive technique.

The outline of this panel is as follows. First, thesic theory underlying Raman spectroscopy
is reviewed. Then a typical experimental setupnfiiro-Raman is described. Finally the effects of

composition and strain on the Raman modes in SiGgtfems are critically discussed.

D.2 Raman effect: general theory

The vibrations of a crystal are described not imgeof the vibrations of individual atoms but
in terms of collective motions in the form of wayeslled lattice vibrations. Each possible
vibration j of the lattice is characterized by a wavevedjoand a frequencyy;. The vibration
amplitude, at position, is given by%

Q; = Ajexp[+i(q; - 7 — w;t)] (D.1)
where Q; is the normal coordinate of the vibration afydis a constant. Such a quantized lattice
vibration is called a normal mode or a phonon. €Hattice vibrations may cause a variation in the
electrical susceptibility of the crystal, which cgine rise to “Raman scattering”. dassical way to
explain Raman scattering is the following. When owmwomatic light of frequency; is incident
on a crystal in a directiok;, the associated electric fiekl will induce at positiorr an electric

momentP, which is related t& through:
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P =¢,xE = soxEoexp[i(ki ‘r— a)jt)] (D.2)
wherey is the susceptibility tensor, which describesrésponse of the crystal to the electric field
If the atoms of the sample are vibrating, the Spisicdity may change as a function of these
vibrations. This can be expressed by expanginigr each normal mode of vibratipnin a Taylor

series with respect to the normal coordinate «f ¥ibrationQ;:

0 0
= D.3

which can be redefined as:

X=X+ xjQ; + x7Q;Qu+ ... (D.4)
The first term will give rise to Rayleigh scattagjrthe second to first-order Raman scattering, al
the third to second-order Raman scattering (twanphe are involved). For simplicity, we neglec
the third and higher-order terms. Combining equmeti(®.1) to (D.3) results in:

: dx : .
P = so)(OEOexp[l(k,- T — w]-t)] + &,E <%> A]-exp[—l(wi + wj)t]exp[l(ki + q]-) . r] (D.5)
170

From this it follows that the induced moment wékadiate light which has three distinct frequenc
componentsw;, which is called Rayleigh scattering, amg+ w; andw; — w;, which are called
anti-Stokes and Stokes Raman scattering respectiieis will only be observed if} differs from

zero. The scattering efficiencly,depends on the polarization vector of the indideand scattered

& light, and is given by:
1=C) leiRy-ey’ (D.6)
j

where C is a constant ai] is the Raman tensor of the phorjoiTheR; are obtained from group
theoretical consideratioh$ They are second-rank tensors which are propcmtitm)(}, and they

are used to calculate the polarization selectitesri_oudon derived the Raman tensors for each «
the 32 crystal classes (symmetry point groups$. Worth noting that the expansion (D.5) is limitec
only to the first order term in the susceptibility.considering also the second order term, th

polarizationP becomes:

P=zo.+f.0.+ soE0< X > Ajexp[—i(w; + w; + wy)t]exp[i(k; + qj + qi) -]  (D.7)

9]
0Q;Qk/,
wherez.o. andf.o. mean zero order and first order, respectivelynftbis it follows that, if)(]Z

differs from zero, the induced moment will reradifight which has all the possible combination

amongw; and+w; andtwy,.
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PANEL D — MICRO-RAMAN SPECTROSCOPY

From aquantum physical point of view, Raman scattering involves the degiom of a
photon with frequency;, incident from a light source, and the creatioma @hoton with frequency
ws. Fig. D.1 shows a typical Feynman diagram and¢leted energy levels for a first-order Stokes
scattering process. The scattering cross sectiorbeaalculated by treating this three-step process
using third-order perturbation thedryAn electron—hole pair is created through intéoacbf the
incident photon (frequency;), with an electron. By this interaction, the eteot goes from the
ground statd0) to a statgl). By electron—phonon interaction, where a phonofrexfuencyw; is
created (or annihilated in anti-Stokes), the etettgoes from statgdl) to state |m). By
recombination of the electron—hole pair, a photath irequencyw, is emitted, wherev; = w; —

w; (for anti-Stokes it would be; + w;). Because conservation of momentum is requirectémh
intermediate step, whereas conservation of enarggquired only for the overall process, both real
and virtual intermediate states are allowed. Fuytine three steps described above are taking place

instantaneously, so the order in which they ocsunat important. This results in six types of this
(1>
fm>

10>

kind of process.

Phonon

Photon

ki! 0;

FIG. D.1. Feynman diagram and related energy I€eela first-order Stokes scattering process.

D.3 Experimental setup

Raman scattering is a second-order inelastic stajtprocess, and therefore, its intensity is
very weak compared with first-order effects suclelastic Rayleigh scattering. Typically about one
photon out of 1¥ is inelastically scattered. For this reason, \@mgsitive detectors are required,
and the monochromator should have a high rejectito of the Rayleigh-scattered light (double
monochromator). Fig. D.2 shows a typical experiraeset-up of a Raman spectroscopy system.
The incident light is provided by a laser. Thishligs focused on the sample, either directly thfoug
a cylindrical lens (often a 50 mm lens, this isledimacro-Raman spectroscopy), or through a
microscope (as shown in the figure), in which case speaks about micro-Raman spectroscopy.
The microscope, ofteconfocal, allows one to change the analyzed surface frooutab um to a
few um (100x to 10x objective). For reliable looachanical stress measurements, the basis of the

166



microscope should be an automatic XY stage, allgvire sample to be moved in small steps in
well controlled manner. The scattered light of #ample is collected, either in back scatterin
(micromode) through the same microscope, or in bexdttering, near back scattering or 90
scattering for the macro-mode, and directed inte tlouble pre-monochromator through th
entrance slit (S1) and into the spectrograph throdige exit slit (S3). The double pre-
monochromator consists, in general, of two idehticats which are separated by the intermedia
slit (S2). Each unit has two spherical mirrors ané grating. These gratings are typically blazed &
600 or 1800 grooves/mm. The spectrograph is congpokevo spherical mirrors and a grating, ir
general with 1800 grooves/mm. The position of thatiggs of the pre-monochromator anc
spectrometer, and the width of the slits is cotgblthrough a computer. The aperture of th
entrance and exit slits determines the resoluti@n,the width at half maximum height of the
spectral peak. The smaller the slit, the betterdiselution, but the weaker the signal. The mala ro
of the intermediate slit is to reduce scatteredhtligAt the exit plane of the spectrograph,

photomultiplier, multichannel detector or CCD déteds mounted.

Double pre-
monochromator

S = Slit N
- : Interference 0
G = Grating . ’ filter . Sample

XY stage R

FIG. D.2 Experimental setup of a micro-Raman Sjpacéter

D.4 Application to a strained SiGe/Si system

A fundamental issue in heteroepitaxial SiGe/Siaystis to be able to determine the epilaye
straine and the compositior, because these parameters affect the electrodioptcal properties
of the material. Raman spectroscopy is expectdzbta very useful technique for characterizatio
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of SiGe/Si heterostructures, since the frequermidbe optical modes are entirely determined: by
andXx. Nevertheless, precise measurements of these etantan be performed only if relations
describing the dependence of the Raman active phivaquencies oaandx are well known.

In SiyxGe alloys, three first-order Raman modes are presémsGe-Ge, the Si-Ge, and the
Si-Si nearest neighbors vibrations. For a giveonyalomposition grown pseudomorphically on
material with in-plane lattice parametey, the biaxial strain due to lattice mismatch induce
frequency shift of the Raman mode giverf:by

Aw;(x, ) = wj(x,€)—wq;(x) = bje = bjw (D.8)
epi
wherew; andw,; are, respectively, themode Raman frequency of the strained and relaltey, a
agi IS the relaxed epilayer lattice constant &nid the so-called strain shift coefficient.

In Fig. D.3(a) are reported the Raman mode fregesnmeasured by Pezzdadi al.> as a
function of the Ge concentrationof ShGe, relaxed layers. For the Si-Si and Ge-Ge linesetier
an almost linear variation of the peak positiorhviite composition, while the Si-Ge mode behavior
is highly non linear. In Fig. D.3(b) are shown the-Ge, Si-Ge and Si-Si Raman spectra measured
by Pezzoliet al.® for a Sp.Geys layer under different biaxial strain conditions, abtained by
tailoring the lattice parameter of the substrateeyffound that the peak shift to lower energy a&s th
epilayer changes from a compressive to a tensissistate. Repeating this type of experiment for
different compositionx, they were able to determine the behavior of thenpn strain shift
coefficientsb; for the three modes as a function»o{see Fig. D.3(c)). Their results evidenced

negligible variations through all the compositiamge.

(arb. unit}

Intensity (:

Raman Shift (cm™)

b (em™)
3
=
|
| .‘
o ) roh
]

|
0.0 0.2 0.4 0.6 0.8 1.0
Ge content x

00 62 GF 08 Gé \B

FIG. D.3. Panel (a): frequency of the three optinades as a function of the Ge concentratiam unstrained $ikGe;
alloys (full squares). Panel (b): Ge—Ge, Si-Ge, 8hbi Raman spectra for,QG&) s epilayers relaxed (dashed line)
and under a compressive (full line) or tensile {glbtine) strain. Panel (c): experimental straiift gloefficients for the
Si-Si (diamonds), Si—-Ge (squares), and Ge—Ge é€si)rékaman modes. Solid lines are valence forcé &ialculation
results.
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Panel E
Tip Enhanced Raman Spectr oscopy

E.1 Introduction

The main drawback of Raman spectroscopy is theemdly low cross section%‘g:

10728¢cm~2sr~1) of the Raman event compared with the much highebability of other optical
processes such as the Rayleigh scattering or 8uenee. Thus, powerful exciting sources, very
sensitive detectors and a large number of scafterioms are needed in order to record a Raman
spectrum. The last constraint would make Ramantspsopy rather unsuitable for surface studies,
where usually one has to deal with a small amo@imhaterial, down to the monolayer level, or
even less.

In contrast to this expectation, some twenty yeays, at first Fleischmanf and then Van
Duyne et al.® reported huge Raman intensities observed for ineetdsorbates at rough silver
electrodes. Van Duyne concluded that the signgkardue to a tremendous enhancement of the
Raman cross section for the adsorbed moleculesitAlde choice of the metal (copper, silver and
gold being the most used) andaughening of the surface turned out to be the key factordhe
enhancement. Since then, this effect is known assthiface enhanced Raman scattering (SERS)
and has been widely studfed®’® Today, it is commonly accepted that the enhanoeragses
mainly due to two different mechanisms operatingha same time. In the literature, these are
usually named the ectromagnetic enhancement and tiskemical enhancement; together, they may
provide enhancement factors betweeharfd 16; yet, the exact partition between the two is siill
matter of debate.

However, SERS suffers of a severe limitation du¢ht essential need to have the sample
surface heavily roughened. Moreover, because ofathdom distribution of the surface roughness,
even considering a uniform coverage of the effecivea, two different positions on the surface
will never give the same enhancement, thus makiggaamtitative analysis rather delicate. Most of
the above mentioned limitations could be circumegdriy using an external field enhancing unit, as
for instance a metallic object of sub-micrometaneinsions placed a few A above a crystalline
sample surface. This simple geometry actually dessrthe junction formed in a scanning
tunneling microscope (STM) with the piezo-elemertstrolling, at atomic resolution, the height
and lateral movement of the scanning tip and awcinge sample to close the electric circuit and to
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enable the current feedback loop. This approachobes called Tip Enhanced Raman Spectrosco
(TERSY. There are more features that make it very appgakirst of all the possibility to have a
local (in the sub-wavelength domain) non-invasivelgtical tool: as far the illumination is
concerned, Raman spectroscopy and SERS may bealeegas far field optical techniques, wher:
the laser spot size and subsequent lateral resoloéinnot be lower than half the wavelength of tt
excitation beam, due to the diffraction limit offit. In contrast, the extension of the tip induce
enhanced field depends mainly on the size of fhégelf. A number of theoretical investigations
point out that the highest fields are expectedtifs with a small radius, between 10 nm and 2C
nm. To a first approximation, only the area dingdtlelow the tip, shadowed by it, will be
influenced by the external field. Such an areayiddb smaller than the average diffraction limitec
laser spot (0.5-2 um).

The panel is organized as follows: first we desciifie basic physical principles underlying
the field enhancement effects, and then we disitiesssase of near-field enhancement induced by
metallic tip in tunneling contact with a crysta#isurface. Finally, the possible operating modes
a TERS system are described and the method fdabnieation of Au tip is presented.

E.2 Surface plasmon polaritons

The so-called electromagnetic effect involves tReitation of surface plasmon polaritons
(SPP) at the metal tip apex. Since these modesphall a major role in all the forthcoming
discussion, it is worthwhile introducing them he#s.long as the free electron model is consister
a metal behaves like a plasma of an electron gaslectrons being the mobile charge carriers, a

the dielectric function may be expressed as:
2

e(w)=1— M s (E.1)
EgMeW 1)
where:
Ne?
= omew? &2

is defined as the (bulk) plasma frequency for tletamw is the frequency of lighte andm are the
electron charge and massg,is the permittivity of free space amdlis the electron density of the
metal. Using the general relation for the opticapdrsion of an electromagnetic wave in a

isotropic medium:

s(w, k)w? = c?k? (E.3)
the dispersion curve for the bulk plasma is obt#ine
w? — wip = c?kip (E.4)
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The oscillating electron cloud of a metal behaves aollection of coupled harmonic oscillators
with a characteristic resonance frequency givereqy (E.2), where thelasmon polariton is the
quasi-particle of the excited mode.

This assumes so far a bulk (volume) plasma. Nexgidmetal phase boundary system with
the metal surface & = 0 ande(w) = ¢, (w) for z < 0 is considered. Solutions for the Laplace
equation that fulfill the boundary conditions ftwettangential components of the electric field and
for the normal component of the electronic disphaest exhibit the form:

E, = Ey,expli(kx — wt)]exp(—k,z) (E.5)

the dispersion relationship reads as follows:

ky, =2 | M E.6
P ey +1 (E.6)

The limiting frequency for the oscillating chargaisthe surface, the surface plasma frequency, is
defined by:

Wpp
Wep = —= (E.7)

V2

The wave described in Eq. (E.5) is an evanescemnewice. it is a wave propagating along the
interface and decaying exponentially in intensgyitgpenetrates the less dense medium. This is also
seen in Fig. E.1, where the dispersion curve ofthréace plasma is confined below the propagating
wave domain. It means that volume plasmons may Xmtee by any incident light with
9; <9, (the critical angle), ifk,(w,9;) = kgp(w) (the red dotted line intersects the dispersion
curve) but not surface plasmons, for whikh(w, ;) < kg,(w). This is why they are usually
described as radiative and non radiative processggectively.

In the foregone discussion a planar surface wasidered to derive the surface plasmon
dispersion curves. However, a small perturbatiéthe regular surface structure (like a metallgc ti
in tunneling contact with the surface) may alsovte the missing momentum to satisfy the law of
momentum conservation:

ki + G, = kg, (E.8)

whereG, is the reciprocal of the perturbation extent (sagbossibility is often called thanklapp
proces’?), so that also surface plasmon modes may be exaite radiate.

The surface plasmons are therefore electromagweties propagating along a flat surface.
Any structure in their way acts as an hindranceaattering center that can convert the delocalized
mode into a localized one (LSP), the electromagnetive being confined into sub-wavelength

structures. The local field strength, amplitude #r&lresonant condition associated with the charge
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oscillations are all governed by the size and gegna each structure as well as by their spati

arrangement(s).
A
0) ., Bulk Plasmon
Propagating region ' . :
(Radiative domain) | ko t O WP

c
Propagating light

k.= n—(: sin 0,

i Ne’
mesﬂ
P FIG. E.1. Dispersion curves for bulk
V2 and surface plasmons. Excitation of

bulk plasmon in the metal is allowed at
the frequency defined by the crossing
point between the dispersion curve an
¢ | &M the dotted line (angle of incidence

€N gyl 9; <9.). Excitation of surface
plasmon is normally forbidden (the

required angle of incidence is larger

> than the critical anglé,).
Wave vector k,

Surface Plasmon

Damping region
(Non radiative domain)

E.3 Electromagnetic enhancement at thetip apex

Let us consider first the electronic processemtpkilace at a metal sub-wavelength partic
due to illumination with a monochromatic light soer(see diagram in Fig. E.2). The abov
mentioned LSP are excited by the absorption of@qrhwith energyiw;; the particle is now found
in an excited state and will relax to the grourates(relaxation timer, , in the order of 16 s) with

the annihilation of the LSP mode and the creatiom econd photon.

ksc(m sc) ki(wi)
1£> li>
emission absorption

FIG. E2. Rayleigh scattering by a metal surface.
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This process is also a Rayleigh scattering withpitsicle acting as the scatterer of light: the
frequency of the emitted photon remains the sanferdke incident photon,. = w;. The emitted
electromagnetic field is thus represented by tloallfield enhanced by the induced oscillations of
the electrons in the metal particle. Since the iection for the Raman process scales with the
fourth power of the electromagnetic field enhancetitea moderately enhanced field gives an
extremely enhanced Raman intensity.

Let us consider now a metallic tip of sub-micrometienensions placed a few A above the
sample surface (see Fig. E.3). By the illuminatbbsuch a cavity, plasmon modes will be excited
that are localized below the tip, i.e. at the gapried by the tip apex and the surface. This approac
should bring a substantial Raman enhancement $imecéield associated with the external body
should extend over several nanometers, thus regathenunderlying surface if the tip is at tunneling
distance. In a figurative way, the tip may be cdastd as playing the role of a particle, where the
enhancing field is extremely localized, facing oWlee surface. Since it is mainly the tip which
provides the electromagnetic enhancement, the gamay have a smooth surface contrary to the
SERS case. Such an improvement, i.e., the avatlalf a vibrational spectroscopy with high
spatial resolution, would be extremely valuable tloe study of surface processes on crystalline
material. Moreover, Raman studies could be extendexhy kind of samples: only the choice for
the tip material is restricted, but virtually amyncluctive surface may be chosen as substrateaalso

semiconductor.

enhanced field

FIG. E.3. Schematic diagram of the
field enhancement at the apex of a
metallic tip in case of TERS

configuration.

diffra

The dominant contribution producing the enhancerfastor in TERS is thus associated with
the large local field enhancement due to the etxaiteof localized surface plasmons at the tip—
substrate system when illuminated by the incomadjation. The strength of the localized surface
plasmon resonance and the corresponding TERS esin@nt is dependent on many factors, such
as the size and shape of the tip, the materiateeofip and substrate, the distance between the tip
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and substrate, and the dielectric environments BRS. The strong near-field coupling effec
between the tip and substrate usually plays a &kyin producing efficient enhancement in a re
TERS system. Figure E.4(a) and E.4(b) show Finifee2nce Time Domain (FDTD) simulations
performed by Yangt al.*? of the calculated optical field enhancement in BB/&th and without a
gold substrate, respectively. The Au tips are mediels a metal cone with a radius of curvature
nm. The 632.8 nm monochromatic plane wave is imtidé an anglé = 60, with the polarization
in the plane of incidence, from the side. The distad between the tip and substrate is set to b
nm. The maximum field enhancement, defined as @hie between the maximum local fiell,
and the incoming field, amplitude, M= [Eioc//[Ein|, in @ single tip is only about 20 (Fig. E.4(a))
which is much smaller than the field enhancemectibfaof 189 in a tip—substrate coupled syste
(Fig. E.4(b)).

—

B, Substrate

0.0 (dB)
(a) Single Au Tip (b) Au Tip on Au Substrate

FIG. E.4. FDTD simulations of the electric fieldsttibution for a single Au tip (a), and a gold tipld at distancd = 2
nm from a gold substrate surface. The polarizakoand wave vectok of the incoming light are displayed in the
schematics. Mtands for the maximum. (From Ref. 12)

In Fig. E.5 are shown the FDTD simulatibhsf the maximum field enhancement at th
surface of a Au substrate when probed with gold bp different sizes undgs-polarized laser
excitation with a wavelength of 632.8 nm illumingfieom the side at an incident angle of 60°. Th
tip—substrate distance is fixed in all cases atlaesofd = 2 nm. The radius of curvature of the ti
ranges from 5 to 80 nm. The calculations show thatfield enhancement does not change ve
much as the tip size changes. The value of theneeiaent factor is in the range of 180 to 220. T
TERS enhancement increases slowly when the tipusaicreases from 15 to 50 nm. Furth
increase of the tip radius does not provide addti@nhancement.

Moreover the tip radius significantly affects thgasal resolution of TERS. Due to th
highly localized electromagnetic fields, TERS caovide very high spatial resolution, smaller tha

the size of the tip apex, mainly determined by tipegeometry. The field distribution in a plan

175



PANEL E — TIP ENHANCED RAMAN SPECTROSCOPY

parallel to and 1 nm above the substrate is shawanainset in Fig. E.5 corresponding to a tip
radiusr of 5, 25, and 50 nm, respectively. The figure dieardicates that the center of the area
underneath the tip apex gives the highest enhandemed the spatial resolution, quantified as the
full width at half-maximum (FWHM) of the Raman emltament, is strongly dependent on the tip
radius. Decreasing the tip radius can improve dtaally the spatial Raman resolutions of TERS,

and therefore tips with sharp ends (small radiusuovature) are preferable in TERS.

(a) 300

5

%

S 280

=

5

D

2

W — " o FIG. E.5. Tip size dependence of the maximum field

E \ e enhancement and spatial resolutions of TERS. Maximu

E - electric field enhancement in the gap as a functibip

£ radius. The inserts give the spatial field disttiboi for tip
PR | S — radiusr = 2, 25, and 50 nm respectively, from left to right

0 10 20 30 40 50 &0 70 ' a[u The yellow scale bar is 20 nm. (From Ref. 12)
Tip radius / nm

E.4 Instrumentation

The crucial attribute of a TERS experiment is &fienhancing metal object which is raster
scanned across a sample surféceessential pre-requisite for any TERS experim&rt scanning
probe microscope of some sort to provide a scanstage that controls precisely the distance
between the object and the surface. Either AFMSTdvIs are presently used for this purpose. The
latter can control the distance more easily, e¥éinel use is restricted to either conductive sample

or very thin layers of non-conductive samples @omductive support.

E.4.1 TERS configurations

A TERS experiment can be performed in two differeperating modes: back-illumination
and side illumination. Fig. E.6(a) shows a schemdiagram of a TERS setup working in back-
illumination mode. An inverted Raman microscope&asipled with a scanning probe microscope
for synchronized use. The Raman microscope is meguo illuminate the metal tip. The back
scattered Raman signal is collected through theesayective and notch or edge filter are used to
block the laser line. After this filter stage, thignal is coupled to a spectrometer equipped with a

cooled charge-coupled device (CCD) for spectradgotved measurements. This configuration is,
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however, limited to transparent samples based iongthss cover slips, whereas, obviously, not a
materials of interest can be deposited on tranapatdstrates. Moreover, an important requireme
for attaining maximum enhancement under the tiphes orientation of the electric field of the
incident light along the tip axi& This condition is difficult to achieve in the bam-illumination

geometry. Thus, despite the many advantages pmbvige bottom illumination, it is not the
optimum geometry for TERS. The side-illumination R& configuration, see Fig. E.6(b) for &
schematic diagram, working in reflection mode igeneersatile as it can be performed on any kin
of samples including bulk and opaque ones. Unfatielg, owing to geometrical constraints, only
long-working-distance objectives can be used, witmerical aperturesN@) limited to ~ 05 and

typically producing spots of some square micronseterthe visible range. Under such conditions
larger field enhancement factors would be requicedave the ratio between the TERS signal ar

the far field background greater than 1.

(a) 1 T (b) long

distance
Raman Laser objective

signal excitation

sample

FIG. E.6. TERS operation modes: back-illuminatiajy @nd side-illumination (b)

E.4.2 Scanning Tunnelling Microscopy (STM)

The concept of the operation of STM is as followsvery sharp metallic tip is placed so
close to the probed surface that the wave functairtbe closest tip atoms and the surface ator
overlap. This take place at tip-sample gap of ~1®-A. If one applies a bias voltagebetween the
tip and the sample, a tunneling current will fldwdugh the gap. In simplified form the tunneling
current density is given by:

D(U)U
j= (d) exp(—Ad\/¢5) (E.9)

whered is the effective tunneling gap,(U) reflects the electron state densiyis a constant, and

¢p is the effective barrier height of the junctiorhelsuccess of resolving the atomic structures
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PANEL E — TIP ENHANCED RAMAN SPECTROSCOPY

conductive surfaces with the STM is based on timweantial distance dependence of the tunneling
current”.

In the usual topographic studies (generally peréminm the constant current mode), the
tunneling bias is kept much belapy and the tunneling current is set to a fixed valuenetal tip is
laterally scanned over the surface by piezo-elesaéfia an internal electrical loop the z-elongation
of the piezos (onto which the tip is mounted) iguatéd in order to have always the set current
between tip and sample. The voltage(s) appliedererded and processed to produce an “image”
of the surface.

E.4.3 Tip fabrication
In the TERS experiment presented in the Chapteredused gold tips fabricated by

electrochemical dissolution in a proper etchingusoh™>*® For gold, a concentrated hydrochloric
acid solution was used. The overall electrocheme&attion is:

Au + 4Cl™ — AuCly + 3e”

H;0* + e > 1/2H, + H,0
and thus:

3H;0% + Au + 4Cl1™— 3/2 H, + AuCl; + 3H,0
A small electrochemical cell was used to etch tive vas depicted in Fig. E.7(a). The counter

electrode was a small gold ring (diameter of tlmg i cm) surrounding the wire (diameter 0.25
mm). A constant voltage of 3.0 V was applied to ¢ké. When the wire was partially immersed
into the electrolyte, the etching of the metal pexed as a necking in around the region closer to
the counter electrode but material was also remdnaed the lower part of the wire. The etching
was stopped manually when the lower end finallypged. Fig. E.7(b) shows a SEM image of
typical gold tip obtained by this method.

Au (Ag) wire @ 0.25 mm

( ) [ 1.
Video camera Au counterelectrode & 10 mm

+ ‘s
Monitor

AN

A u('l_l. flow

Etching solution

FIG. E.7. Panel (a): diagram of the electrochemiedll used for etching metal tips. SEM images gb#d tip obtained
by the method shon in (a) (From Ref. 17).
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PANEL F - PHOTOELECTRON EMISSION MICROSCOPY

Panel F

PhotoElectron Emission Microscopy

F.1 Introduction

The worldwide advances in nanoscience and nanodémiy have strongly pushed the
development and improvement of adequate analytedhods. In the field of microscopy there has
been dramatic progress in imaging performance. yedanning tunneling microscopy (see Panel
E) and transmission electron microscopy (see P@halre standard tools for imaging of surfaces
with atomic resolution. Less progress has beenegeli in the field of nano-spectroscopy. The
spectroscopic mode of STM works very well withifiea eV from the Fermi eddebut gives no
access to core levels, being the ‘fingerprint’ ¢ééneents and their chemical environment in a
compound. Scanning Auger Microscopy (see Panel m&) Energy-filtered TEM (see Panel C)
allows for a spatially resolved chemical charaetgion of the sample, but have difficult access to
the investigation of the electronic band structwhbich plays the dominant role in determining the
electrical and optical properties of a material.

Looking at the problem with the eyes of a spectpmt, photoelectron spectroscopy
represents one of the most powerful techniqueatt énergy analysis of the electrons yields the
core level binding energies. This facilitates agérprint-like detection of elements and their
chemical states in compounds, and allows direcessdo the valence band structure of the
investigated material. It is near at hand that dbmbination of photoemission with microscopy
provides an attractive surface analytical tool. réhlbave been several approaches to implement
laterally resolved photoemission. A straightforwaraly is to focus the photon beam in a small spot
and scan the surface, taking spectra at each fdiig.concept is used in various laboratdriasd
in a commercial instrumehtbut its spatial resolution is limited to the x:faeam spot size. The
alternative way is parallel image acquisition vianagnifying lens system and an imaging energy
analyzer. This approach provides both a higher datpiisition rate and the possibility to take
energy-filtered images at selected photoelectroes land in real time.

The panel is organized as follows. After havingradticed the basic principles of the
photoemission process and the most used photorcesoun condensed matter physics and
nanoscience, we describe in detail the operatiodem@nd the characteristics of the NanoESCA

Energy-Filtered PhotoElectron Emission Microscopedufor the measurements performed during
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the thesis work, which exploits a double-hemisptadranalyzer as aberration-corrected energ

filtering stage.

F.2 Basic principles of photoemission spectroscopy

Photoemission spectroscopy performed with UV phet@dPS) and with X-ray photons
(XPS) is based on the well-known photoelectric aff@he solid is irradiated by monochromatic
photons which excite electrons from occupied staiemmpty states (within the solid), whence the
are released into vacuum (free-electron-plane-wataées) and detected by an electron ener
analyzer. Thus the kinetic energy of the emittedtpélectron is determined and its wave-vectc
outside the solid can be derived from its energy #re direction of the analyzer aperture witl
respect to the sample orientation. Since for teetedn wave escaping from the crystal, the surfas
represents a 2D scattering potential (braking @inglational symmetry), the wave vecto
perpendicular to the surface is not conserved.

Eﬁ’ i jJ
spectrum

sample

E
i |
[ .

Er=0

I(E)

] T Fermi level

hv FIG. F.1. Schematic showing the principle of
valence band photoemission. An electron in a bound state is
excited by a photon of energy:hthe electron is
detected in its final state outside the sample at a
Eg| kinetic energy given by, = hv — Eg — O,
Do ety allowing one to deduce its initial state and
—= N(E) binding energy. (From Ref. 6)

The basic relation for the photoemission procesomes clear from the Fig. F.1, where
schematic state density of occupied and emptyssiafglotted. Optical excitation by a fixed photor
energyhw populates the empty states in the crystal aboweréicuum level and the correspondin
energy distribution of the electrons measured dat¢he crystal yields a qualitative image of th
distribution of the occupied crystal states (vakeand core-level states). The measured distributi
of sharp peaks is superimposed to the true secpthadakground, which arises from electrons the
have lost quasi-continuous amount of energy dumutiple scattering in the crystal. The sharj
peak in the spectrum corresponds to a kinetic gnafrthe externally detected electrons given by:
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PANEL F - PHOTOELECTRON EMISSION MICROSCOPY

Ex =hw—E; —¢ (F.1)
wherek; is the binding energy of the initial state afthe work function which has to be overcome
by electrons reaching vacuum states. All energiessuch a photoemission experiment are

conveniently referred to the Fermi level of the pan

F.3 Photon Sources

For XPS, the choice of the X-Ray laboratory phosmurces is very limited. In fact, few
materials combine high resistance to the electreany high cross-section for fluorescence
emission, and a small natural width of the emi¥edhy lines. Actually only Al ki (1486.7 eV),
Mo Ka (1253 eV), and Si K (1740 eV) can be envisaged. In the case of URSptbst used
laboratory photon sources are He discharge langds/eding photons at 21.2 eV (He-I) and 40.8
eV (He-I1), with an intensity of 1§ photons/s- sr if working in He-1 mode. Other nofises can be
also used, like Ar (Ar-l at 11.6 eV), Kr ( Kr-1 2eV), and Ne (Ne-l and Il at 16.7 and 26.8 eV,

respectively).

zom-ong Unautator

%

SPring-8 Standard Uncuiamr_.-

=

Soft X-ray Undulator

=

\

(photonsisec/mm?/mrad? in 0.1% bandwidth)
N
\

Brilliance
=2

T ‘ \ FIG. F.2. Comparison of the brilliance of
o  m w10 1 ¢ different synchrotron radiation sources as a
Protonenergy (V)  function of photon energy with that from a

I e S K X standard Al K laboratory X-ray source.

Visible light  Vacuum Uitsaviclet X-ray

=2y

1000 100 0 ! 03 0.01  0.001
Light wavelength (nm)
(1nm=10A)

Nowadays synchrotron radiation has come to playah le in photoemission spectroscopy,
even if its beginnings were extremely modest. Xistence was known since of decades like a by-
product of the particles accelerators, and itswee restricted to a parasitic mode. The first gfera
rings as ADONE in Frascati (Italy) or ACO in Orgdrance) were synchrotron radiation sources of

this type. But the properties of the emitted radigtthe tunability on a wide energy range, itshhig
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intensity, and the preferential emission within dubit plane of the electrons moving into the ring
made the synchrotron radiation a source of photarisof pair in physics and chemistry of the
condensed matter. The two limitations to the safiyitof the photoemission spectroscopy with
laboratory sources have been surmounted by theofigbe synchrotron radiation. The high
brilliance of the photon beam delivered by an uathrlon a 3rd generation synchrotron is about s
orders of magnitude greater than that one of arédbry X-Ray source (see Fig. F.2), making
accessible some physics phenomena which cannotetseteld in laboratory. The continuous
spectrum of the synchrotron radiation allows touaticontinuously the photon energy in order t
optimize the photoionization cross-sections for éhements constituting the investigated sampl
Moreover, the possibility to tune the photon eneafjpws to modulate the escape depth withot

changing the detection angle.

F.4 The NanoESCA spectro-microscope

The NanoESCA is an imaging analyzer derived fronelactrostatic photoemission electror
microscope (PEEM) column, combined with an abesrattompensated double hemispherice
analyzer. A schematic of the optical layout andhatpgraph of the instrument indicating the

operation modes are shown in Fig. F.3.

(b)

= Sample
(a) = \|[-=—= " Objective Lens
it — .__:"“‘*Comrasmperture
~—— Transfer Lens
E “———— Field Aperture

T~ Projection / Retardation
Optics

Imaging Double
IDEA "_ Energy Analyser

—_— }———— Projection
=/f\= Optics
.

+«—— 2D Detector

FIG. F.3. Panel (a): scheme of the optical layduthe NanoESCA instrument for real space imagingnd? (b):
photograph of the instrument. The optical path tfer three working modes: direct non-energy filteRIEEM (1),
small-spot spectroscopy with a channeltron dete@hprand energy filtered imaging (3) are indicabgdthe colored
lines. (4) sample position, (5) double hemisphé@acalyzer. (From Ref. 7)

The PEEM column works as follows. Photons are icdn the sample surface at an ang
of 65° with respect to the sample normal. The sanplat a potential close to zero, and a hig
tension, typically between 10 and 20 kV, allowseatractor lens, situated some millimeters awa

from the sample, to collect the photoelectric emis®n a large range of emission angles. Then,
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lens system is used to focus the photoemittedrelestand to create a first intermediate image.
Finally, a projective lens system allows the magatfon of this first image. Three operating modes
are available: direct non-energy-filtered PEEM; Brepot, area selected spectroscopy; and energy
filtered imaging. The fully electrostatic PEEM coila is either used for direct (secondary electron)
PEEM-imaging or as the entrance lens for the aealyZhe good lateral resolution of the
microscope is accomplished by the immersion objedens with an extraction voltage of up to 16
kV. In contrast to other cathode lenses descrilmetitératuré® the objective lens works with
asymmetrical voltages where the electrons are deted in the focusing field of the lens towards
the low voltage column typically at 1000 eV drithezgy. The objective lens is equipped with
exchangeable and adjustable contrast aperturesffefedt sizes and an octopole stigmator to
compensate for axial astigmatism. A continuouslystdble iris acts as a field aperture for small
spot spectroscopy or angular imaging. The low coluemergy allows the retardation of the
electrons toward the low pass energies which aeslegk for high transmission operation. The
projection lenses project and retard the electimotasthe analyser entrance or, in PEEM-mode with
the energy analyzer deactivated, magnify it onte itmage intensifier for non-energy filtered
operation. A channeltron detector located behirefifst hemisphere can be used to acquire fast
small-spot overview spectra. A set of projectionskes after the second analyzer is used to obtain
the final magnification in energy filtered operatiorhe magnification can be adjusted over a large
range between <5 pum up to > 650 um field of viewenergy filtered operation, image stacks are
recorded by scanning the sample voltage with fixealyser pass energy and automatic refocussing
of the objective lens. The three-dimensional d#aks|(x,y,E), therefore contains at each image
pixel microscopic and spectroscopic informationd aan be analyzed off-line by standard data
reduction techniques, as described in the Chapter 4

The analyzer and the entrance lens used for imagjitlye photoelectrons set the limits to the
performance of the instrument, as the energy resplpower and lateral resolution are closely
linked to the achievable transmission. A higheroh&®on is generally only feasible if the
transmission of the instrument is reduced by imsgrpertures, either angular apertures to enhance

the lateral resolution or apertures in a disperplaee to achieve a higher energy resolution.

F.4.1 Energy resolution and transmission

Most of the properties of an ideal hemisphericallyer (HSA) can be easily deduced from
its approximate (second order) imaging propertreshe dispersive plane. Neglecting the fringe
field effects at the entrance and exit slits, etatd entering the hemispherical field at the emtean
slit with an excess energy aE., over the pass enerdig.s of the analyzer at a point from the

184



slit centre and an angta with respect to the optical axis of the analyzer teansferred to the exit
slit plane according to:

X, = —x; + 2Re — 2Ra? (F.2)
(F.3)

wherex, anda, are the coordinates in the exit slit plane (se&g Fi6),R is the mean radius of the

0{2 == _al

HSA ande = AEqn/Epass is the relative energy difference of the electt@ni the non-dispersive
direction the electron coordinates are mirroredhgyoptical axis without second-order aberration
Assuming a continuous energy distribution of theoming electrons, the energy filtering action o
the HSA described by Eq. (F.2) and (F.3) with atmagrte slit of widthw; and an exit slit of width
W, results in a band pass with a base widthBfvhich is given by:

wq + w,
OF = By (o + )

These considerations are only strictly valid in dmspersive direction of the analyzer and one wou

(F.4)

open the apertures in the non-dispersive directimnnon-imaging spectroscopy. The situatiol
changes for energy filtering of images. The angalad lateral spreads at the analyzer entran
correspond to angular and lateral apertures imticeoscope column. The angular aperture define
the lateral resolution and one uses round apertisrdzave the same lateral resolution in bot
dispersive and non dispersive directions. The fafldiiew imaged has also comparable sizes
both directions due to the lens bore geometry aattimmg to the circular image detector. Thus, th
phase space accepted by the analyzer can be tattak
_ AE3R?

Q= F.5
Egass ( )

Fig. F.4 shows the maximum possible phase spaadatction of pass energy (full lines) for three
different analyzer energy resolutions and the amalgntrance slit (dashed lines) needed to obte
it, calculated with Eq. (F.3) and (F.4). High tramssion with good energy resolution is only
possible at low pass energies.
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] > — .. OE=08eVi01F  FIG. F.4. Calculated maximum phase space (solis)in

Analyser phase space [mm ?sreV)]

e s AE=0.2eV] for three different energy resolutiong using Eq. (F.5).
it . . . _'_"“:I-'-'—l;:_—_-_ The slit widths needed for a given energy resoiutice
200 400 600 800 1000 shown as dashed lines. (From Ref. 7)
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F.4.2 Spatial resolution

Considering the properties of the objective lem® lateral resolution is limited by the
electron optical aberrations. The objective lensttid NanoESCA, like in most photoelectron
emission microscopes, is an immersion lens, i&stmple is immersed in a strong electrical field.
This field accelerates the electrons into the fowupart of the lens and simultaneously reduces the
axial angle of the electrons inside the lens. Tkading of the electrons trajectories strongly
reduces the amount of spherical and chromatic ati@ns of the focusing lens but, simultaneously,
aberrations of the extracting field are introducBadese field aberrations have been easily calallate
analytically and depend mainly on the field strength at the pdansurface. Moreover, the
aperture’s size can be reduced until diffractiontteg aperture plays the dominant role, and
resolution deterioration by diffraction have beéspaestimated analyticallyThe total resolution of
the objective lens can be approximated by the gewmnmean of the size of the spherical and
chromatic aberrations and diffraction discs. Thieudated resolution in a case typical of core level
XPS imaging is displayed in Fig. F.4 for electravith a kinetic energy of 100 eV and an energy

width of 0.5 eV for three different values of thdraction potential.

10 = . ;

£ . c=3omm /S /’{

o * Experimen: C=130mm  / (;f

S E_=5kaV vy

5 1 E, =10keV Lt i

S ——F =15keV o

% a

-:-c._ e S /4

= il Wi FIG. F.5. Calculated lateral resolution of the NBSEA

&S g1 skt /_/ / aberration | 2. 9. - i \

2 . W s objective lens for electron with 100 eV kinetic gme

8 S N i il Two experimentally obtained values with 12 kV

“\hi_l__.x"// Aootiancal extractor voltage are marked with symbols. The

oo diffraction. .~ aberration contnbghons of dlffract|on, sphencal .and chroroat
e g 100 Y aberration for the highest extracting field are kear

aperiure diameter [um] with dashed lines. (From Ref. 7)

A hemispherical analyzer also limits the lateraotation of the microscope. To understand
this behavior we will go into the details of theage transfer through the hemispheres. If a real
image plane is introduced to the entrance planehef hemispheres, the dispersion of the
hemispherical field destroys the image at the ¢i#tne whereas angles are preserved. To
circumvent this problem a reciprocal image, i.eaagular image plane, is used for energy filtering.
The reciprocal image is created by a coupling lengont of the analyzer. It is then transmitted
through the analyzer and transferred back to aimeade by an identical coupling lens behind the
analyzer. The distance of the real image plané¢ostit plane of the analyzer is twice the focal

lengthf of the coupling lens. However, this setup is gpiteblematic in terms of aberrations. In
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fact combining the coupling lens action with theusing properties of the hemisphere, a mixing
the analyzer'se® term, dispersion and higher order terms with teeslaction and spherical
aberration of the coupling lenses lead to detetimmeof the lateral resolution by first and secon
order terms in the angle and energy spread(see Fig. F.6). This is not the case for the d®ub
hemispherical analyzer IDEA used by the NanoESCAe Becond analyzer compensates tt
dispersion of the first analyzer, thus eliminatiallf dependence on the energy spreaof the

analyzer. Imaging of the double analyzer can becrdesd as achromatic, leaving only the

aberrations of the coupling lenses as additiomaige

FIG. F.6. Scheme of the optical layout of the IDEA-
i L— Analyzer showing the two hemispheres and schemat
e gm‘ranc@ — L i electron trajectories. In the first hemisphere t)lehe
E’;ﬂer dispersive action on electron beams of differerdrgy,
shown in different color, is shown. The transfensle
transfers an reciprocal image at the exit of thestfi
analyzer to the entrance of the second analyzeg.ath
aberration of the first hemisphere can be seemrfooff-
axis image-point at the exit of the first analyzad is
compensated by the second analyzer. (From Ref. 7)
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PANEL G — X-RAY DIFFRACTION

Pand G
X-Ray Diffraction

G.1 Introduction

In x-ray scattering, intensity distributions in g@ocal space are recorded instead of real-
space images, and in most cases the interpretitiexperimental data requires model assumptions
and fitting routines. As in electron microscopyg thcident beam is diffracted. Due to the lack -of x
ray lenses, however, it is not possible to formiraage out of the diffraction pattern; the pattern
itself is recorded. As only intensities can be meed, the phase information on scattered x rays is
lost, which is certainly a drawback of the X-RayffRiction (XRD). The measurements usually
require no special sample environment or preparafldne penetration depth of x rays between
several nm and several hundred nm allows for thmlestructive investigation of both buried and
surface structures. Choosing the proper scattgugnetry, one can tune the penetration depth so
that information is gained either about the surfaicabout the bulk. Different means of contrast can
be used, e.g., differences in the refractive index exploited in x-ray reflectivity and grazing-
incidence small-angle x-ray scattering, while theis fields are measured in coplanar x-ray
diffraction and grazing-incidence diffraction. lact, one particular strength of XRD is its verytig
sensitivity to the strain. In the following we firglescribe the basic principles of the x-ray
diffraction from a crystalline sample, and then giscuss the x-ray reciprocal space mapping in

case of Ge/Si heterostructures.

G.2 Basic Principles'

A sketch of a scattering geometry is shown in EHdl.. Commonly, the intensity distribution
of an x-ray scattering experiment is plottedretiprocal space, i.e., the space spanned by the
momentum transfer between incident radiation withvevvectork; and scattered radiation with
wave vectorks: Q = k; — k; (scattering vector). Here we consider elasticteday with |kf| =
|k;| = k = 2m /A, whereA is the x-ray wavelength. As the penetration dépttonsiderably smaller
than the sample dimensions, only radiation withitp@sincident and exit angles;s can be used in

the reflection geometry, the so-called Bragg cases puts restrictions on the accessible range in

reciprocal space, indicated by the three half sgsher the Fig. G.1. The outer half sphere, with a
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radius of X, marks the limit due to the maximum scatteringlargd 26 =  (backscattering). In

the Bragg case, only the region between the laededphere and the two small half spheres

accessible, as fa@ within the latter either; or ar becomes negative. These regions, the so-call
Laue zones, are accessible only in transmission. Note thatdhentation of thex axis is always

along the projection ofk; into the xy plane. A review of especially surface-sensitiveay-r

diffraction techniques was presented by Robinsod @weef. The characterization of self-
assembled nanostructures by diffuse x-ray scatfdras been reviewed by Schmidbauer, Hank
and Kohle.

r=|k|=k=2a/A

A J FIG. G.1. Reciprocal space sketch of &
; generic x-ray scattering experiment in
reflection geometry (From Ref. 1).

G.3 Reciprocal space mapping of a Ge/Si(001) system”

Fig. G.2 shows a plane of the reciprocal latticex dilly relaxed Ge layer on a unstrained S
substrate. The plane of diffraction is defined bg incident and diffracted x-ray beams which ar
chosen to lie in the plane determined by the twatatlographic [001] and [110] directions. The
two small half-circles (Laue zones, radiugl) and the large one (radids/A) indicate the limits
of accessibility for the diffractometric measurernsein the Bragg (reflection) geometry. The Ewalt
sphere construction is shown for the Si(115) higtidence reflection. The Bragg condition is
fulfilled when the diffraction vecto@ equals a reciprocal lattice vector. The incideacglew is
defined as that between the incidekt,() beam and the sample surface, and the a2@les that
between the incident and the diffractd;( ) beams.

Three possible scan directions, i.e., thg20 (“a”), the w- (“b”), and the26- (“c”) scan
directions, as depicted in Fig. G.2. An ideal difftometer collects intensity transversal i
reciprocal space (arrowp®) along a circle with center in (000), the origihthe reciprocal lattice, if
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the ample is rotated, i.e., i is changed ¢-scan direction). If the detector is moved with the
sample position being fixed (i.e., the ang® changes), intensity will be collected along theaktlv
sphere (arrow ¢”, 20-scan direction). Finally, if the detector is rethttwice as fast around the
diffractometer axis as the sample, the scan doedti reciprocal space is radial from (000) (arrow
“a’, w/20-scan direction). Reciprocal space mapping is lsdaine by making a series af/20
scans at differenb settings. It is worth noting that in the 2D CCDeaige acquired at a given by
the Maxipix detector used for the nanofocused XR{peement at ID13 beamline of ESRF,
different pixels along the horizontal axis of thetettor corresponds to differe2® values (arrow
“c").

.. V20 scan direction (001]

.. wscan direction  2@max=160° Ewald sphere
.. 20 scan direction T

Si, cubic T ~ .
Ge, cubic AT . \ 7™
‘ . C\l i . - .

e pow

not acccessible Aot acccessible _
(20<w) (0<0°) 3

[10] S —————< *

FIG. G.2. Scematic representation of the reciprspakte lattice points (RELPS) of fully relaxed [POtiented Si (full
diamonds) and Ge (+) accessible by XRD in the alition plane in reciprocal space with [110] azimuth

: \ , ~incident beam \
%

For the strain analysis one needs to map the regi@rked in Fig. G.2 by measuring a sets of
w /20 scans at differenb positions in the vicinity of the symmetrical (0G&)d asymmetrical (224)
reciprocal lattice points (RELPS) originating frahe layer of interest. The substrate is assumed to
be unstrained, and from the relative position efghbstrate and the layer RELP maxima in this two
maps, one directly obtains the in-plamg)(and out-of-planed;,) lattice constants of the layer as
described in Fig. G.3. The distance between a IRyP maximum and the origin (000) along the
direction [110] is inversely proportional to theprane lattice constant. If a Ge layer, which has a
larger lattice parameter than that of Si substretegrown pseudomorphically, i.e., tetragonally
distorted (GE™ in Fig. G.3), it has the same in-plane latticestant as the substrate. Its RELP
maximum lies underneath that of the Si substrabegalthe growth direction [001] both in the
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symmetric and asymmetric reciprocal maps. In theroextreme, if the Ge layer is fully relaxec
and cubic (G€ in Fig. G.3), asymmetrical lattice planes of laged substrate are parallel to eac
other, and the layer RELP maximum lies underndadh af the substrate along the directibil]

through the likl) substrate RELP maximum as shown in Fig. G.3. Qumly a partially relaxed Ge
layer gives rise to a RELP located in between theseextreme positions of substrate and laye

RELPS described above (bold arrows in Fig. G.3).
[kh¢] [001)

hv2  hV2

.................... Sif - %
00¢)
{(hh£) : .
l -Ge® s FIG. G.3. Schematic representation of
\ - | correlation between distances in the
GeP asif --- a_ reciprocal space and lattice constants
o f along and perpendicular the [001]

= and fully relaxed Ge on Si. The colored
n.GeP  ones defines the reciprocal space
i regions explored by the symmetric
- (004) and asymmetric (224) reflections.

ac’;er ; growth directions for pseudomorphic

From the angular positions of the layer peaks @ riciprocal space maps, the reciproci
lattice vector componentgyy,; andby,44; Of the layer can be calculafed

bjoo1] = %sin Ocos(w—0) and bpqig = %sin@ sin(w — ©)
For the (001) surface and in case of the symmet(@d) reflection onlybjgo1; = 4/a, can be

determined, while in case of the asymmetrical (2@f)ection the two reciprocal lattice vector

components correspondsi@oq) = 4/a, andb; 1o = Zx/i/ap.
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