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Résumé de la these de doctorat de Xiguang Li

Nanocomposites graphéne/polymeres: role de la viscoélasticité, mise en ceuvre
par assemblage forcé, et étude de I’interface

Cette thése ayant été rédigée en anglais, nous commengons ici par brievement décrire les

objectifs et principaux résultats de ce travail en frangais.

Ce travail a été réalisé dans le cadre d’une cotutelle entre Texas Tech University et Arts et
Métiers ParisTech. Une partie du travail a donc été réalisée a Texas Tech University dans le
département de Chemical Engineering, ’autre a Arts et Métiers ParisTech, plus précisément au

laboratoire PIMM, grace a 1’obtention d’une bourse Chateaubriand.

Le travail de these est ici présenté, aprés deux chapitres introductifs, sous forme d’articles. 3
articles, ainsi qu’un acte de conférence dans une revue a comité de lecture, ont déja été publiés
(chapitres 3, 4 et 5) (voir références). Le chapitre 6 est également basé sur un article en cours de

rédaction.

L'ajout de graphene et de nanoparticules dérivées de graphene pour renforcer des matrices
polyméres est une thématique de recherche en pleine expansion depuis 1’isolation du graphene en
2004 et la caractérisation de ses propriétés exceptionnelles, du point de vue mécanique et
électrique notamment. Cependant, comme il a pu étre montré précédemment dans le cas d’autres
nanocharges (montmorillonite ou nanotubes de carbone, par exemple), les nanocomposites

polymeéres /graphéne posent encore plusieurs questions qui doivent étre abordées:

1. L’effet de renfort observé est-il li¢ aux propriétés intrinséques de la nanocharge ou
aux modifications structurales que la nanocharge peut amener au niveau de la matrice

(modification de la cristallinité, par exemple). Dans le cas de polyméres amorphes, le
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renforcement apparent serait-il tout simplement dii a une variation de la transition
vitreuse ? Dans ce cas, comment prendre en compte cet effet pour obtenir le renfort
« réel » de la nanocharge ?

ii. Le graphéne étant une particule plane, est-il possible d’obtenir cette orientation
planaire des particules dans une matrice polymeére, ceci afin d’obtenir un renfort a 2
dimensions?

iil. Comment étudier les mécanismes d'interface entre le graphéne et les matrices
polyméres, avec l'utilisation d'une méthode directe pour obtenir des réponses
mécaniques?

Ce travail de these apporte des ¢léments de réponses a ces questions.

Aprées un chapitre d’introduction présentant les particules de graphéne et ses dérivés ainsi que
leurs propriétés, puis les principales méthodes de mise en ceuvre pour les nanocomposites, nous
détaillerons brievement dans le chapitre 2 les trois principales techniques expérimentales

utilisées au cours de ce travail.

Pour répondre a la 1¢ére question, dans le chapitre 3, nous proposerons de nouveaux résultats
expérimentaux pour la transition vitreuse et le module de cisaillement dynamique de poly
(méthacrylate d'éthyle) / nanocomposites d'oxyde de graphéne (PEMAGO), et utiliserons
¢galement des données de la littérature pour des nanocomposites de poly(méthacrylate de
méthyle) et d'oxyde de graphéne (PMMAGO). Une approche micromécanique thermo-visco-
¢lastique est présentée pour expliquer le renforcement des nanocomposites polymeres de

graphéne.

Ci-dessous sont résumés les principaux résultats de ce chapitre :
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e ['oxyde de graphéne a été incorporé dans le poly (méthacrylate d'éthyle) de la matrice
(PEMA) a 0,25 % en poids (Figure 1) et pres de 15 K d'augmentation de la température
de transition vitreuse T ont été observés. (Figure 2)

e Apres avoir remplacé le module en fonction de la température par le module en fonction
de T-T, afin de donner les renforts expérimentaux corrigés, notre approche
micromécanique thermo-viscoélastique montre que la plupart des renforts apparents
extrémes décrits dans la littérature pour les nanocomposites polymeéres / oxyde de
graphéne peuvent étre attribués a 1'augmentation de la T du polymeére. Ainsi nous
montrons que le renforcement mécanique corrigé a partir de I'oxyde de graphéne,
permettant d’obtenir le renfort « réel » induit par la nanoparticule, est beaucoup plus

faible que précédemment. (Figure 3)
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Figure 1. Procédé¢ de fabrication de nanocomposites polyméres / oxyde de graphéne
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Figure 2. Module de conservation (G’) et de perte (G’’) en rampe de température pour (a)

PEMA et PEMAGO 0,12% en volume (b) Détermination de la T pour les 2 systémes
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Figure 3. Prédictions apparentes et renforcement corrigé et limite supérieure suivant le modele

de Voigt (a, b) pour le systtme PEMAGO 0,12% en volume

Dans le chapitre 4, pour répondre a la 2éme question, l'assemblage forcé est utilisé pour
orienter les nanoplaquettes de graphéne dans les films multinanocouches poly (méthacrylate de
méthyle) / polystyréne (PMMA / PS) et PMMA / PMMA produits par co-extrusion multicouche,
procédé innovant disponible au laboratoire PIMM. (Figure 4). Comme montré dans la figure 4,
ce procédé innovant permet par ’utilisation d’éléments multiplicateurs de couches, en théorie,
d’obtenir des films constitués de milliers de couches alternées d’un ou plusieurs polymeres,
éventuellement chargés. Ici, on s’en sert pour favoriser la dispersion et I’alignement des
particules de graphene, en les confinant dans des couches d’épaisseur de I’ordre de la dizaine de

nanometres suivant la configuration illustrée dans la Figure 4. La morphologie des couches et



l'orientation des nanoplaquettes de graphéne ont été caractérisées par microscopie optique et
¢lectronique. Les propriétés mécaniques des matériaux ont été déterminées et reliées a
I’orientation des nanoplaquettes de graphéne dans les films multicouches. Les principaux
résultats sont donnés ci-dessous :

e Dans les films multicouches PMMA graphéne / PMMA, les couches renforcées
(épaisseur 35 ~ 40 nm) montrent le graphéne orienté dans la direction d'extrusion et
partiellement orienté dans la direction transversale. (Figure 5)

e L'orientation de nanoplaquettes de graphéne au sein des nanocouches (2 % en poids),
conduit a un renforcement significatif de la couche renforcée. On a pu estimer une
augmentation de 118% dans le module de traction le long de la direction d'écoulement.
Contrairement a 1’étude faite dans le chapitre 3, I’effet sur la T des particules de
grapheéne est moins important : en tenant compte de I'augmentation de la Ty, le
renforcement corrigé est d'environ 101 % comparé a la matrice de polymere pur. (Figure

6).
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Figure 4. Schéma du procédé de coextrusion multinanocouches
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Figure 5. Images en coupe de films constitués de 2049 couches de PMMA graphéne / PMMA (a)
0 % poids (sans graphéne); (b) 0,1 % en poids de graphéne (1% dans les couches chargées);
Images TEM a 0,2% en poids de graphene (2,0 % dans les couches chargées) (c) montrant des
particules de graphéne « froissées » (les lignes pointillées représentent les positions estimées des

couches minces de PMMA) (d) montrant une particule unique de graphéne alignée.
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Figure 6. Renforcement expérimental et extrapolations en utilisant le modele de Mori-Tanaka
pour les couches renforcées au sein d’un film PMMA-graphéne / PMMA de 2049 couches
(Cercles vides: renforcement apparent / cercles pleins: corrigés pour tenir compte de 1’effet du
graphene sur la Ty; ligne solide: prédiction Mori-Tanaka, en trait pointillé: borne supérieure du

modele de Voigt; ligne pointillée: borne inférieure du modele de Reuss.

Dans le Chapitre 5, pour répondre a la 3¢éme question, une nouvelle structure dite de « nano-
sandwich » fait de couche mince de PEMA / couche simple de graphéne CVD / couche mince de
PEMA a été créé (Figure 7), et la méthode expérimentale d'inflation de nano-bulles a été
appliquée a ce systéme pour obtenir les réponses mécaniques et obtenir des informations sur les

mécanismes d'interface entre le graphéne et les polymeres:

e Des renforcements mécaniques (rigidité) importants ont été observés a des petites
déformations, tant dans le domaine caoutchoutique (45,9 fois pour 0,52% en volume de
graphéne) que pour 1’état vitreux (2,5 fois pour 0,48% en volume) pour le PEMA (Figure
8).

e Au-dessus de déformations critiques (0,18% pour le régime caoutchoutique et 0,23%
pour le régime vitreux dans le PEMA), un phénomeéne similaire a de la plasticité a été
observé et a ét¢ interprété comme étant di a un glissement interfacial. La force de
cisaillement a l'interface a pu ainsi €tre estimée en utilisant une analyse de décalage de

cisaillement. (Figure 9)
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Lift by a PEMA/ template from bottom
to create graphene nano-sandwich

Etch copper

Figure 7. Protocole expérimental pour créer les nano-sandwichs polymere / graphéne
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Figure 8. Gauche: images AFM en trois dimensions de bulles de diameétre 10 pm sur une
bicouche de PEMA d'¢épaisseur de 62 nm (image du haut) et sur un nano-sandwich

PEMA/graphéne/PEMA de 64 nm d'épaisseur (image du bas) a 80 °C avec une pression de 13,0
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kPa. Droite: Réponses en contrainte-déformation pour le nano-sandwich et le bicouche PEMA a
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Figure 9. (a) Le comportement contrainte-déformation d'un nano sandwich de 68 nm d'épaisseur
montrant une instabilité similaire a de la plasticité liée au glissement a I’interface entre le
graphéne et le PEMA a 80 °C; (b) la variation de contrainte et la contrainte de cisaillement
interfaciale pour une déformation de la matrice de 0,18% pour un nano-sandwich de 68 nm

d'épaisseur en utilisant I'analyse de décalage de cisaillement.

En conclusion, nous avons montré au cours de cette thése 1’importance du réle du
graphéne et de ses dérivés sur la visco-€lasticité des matrices amorphes, et la nécessité de tenir
compte de ces changements de visco-¢lasticité pour appréhender le renfort mécanique pur de
nanocomposites polymere / graphéne. Nous avons ensuite illustré les capacités d’un procédé de
mise en ceuvre innovant, la coextrusion multinanocouches, pour 1’obtention de nanocomposites
graphéne dans lesquels les particules sont partiellement orientées dans la direction de 1’extrusion
par le biais du nanoconfinement. Enfin nous avons développé un systéme expérimental
permettant de caractériser ’importance du renfort dii au graphéne au niveau de 1’interface

polymeére-graphéne.
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Abstract

Graphene is an atomically thick, two-dimensional nano-sheet with advanced mechanical,
electrical, and thermal properties. As a result, the addition of graphene and graphene derivative
nanoparticles to polymer matrices has been a major strategy towards development of new
materials in the field of composites. However, from a fundamental point of view, the origins of
the advanced properties of graphene-based nanocomposites have been little investigated. In
particular, changes in the viscoelastic properties of the polymer matrix due to specific
interactions between the polymer and the graphene reinforcing elements can cause higher than
expected apparent reinforcement. In addition, there is little work on characterizing the strength of
the interface between the graphene used for reinforcement and the polymer matrixes. From a
more engineering point of view, the design of polymer nanocomposites made of in-plane
oriented graphene to create a two-dimensionally reinforced structure has also not been previously
undertaken. The present dissertation is composed of three major works focusing on these
problems.

The first part focuses on how to use a viscoelastic micromechanics approach to account
for the effects of glass transition temperature 7, changes to correct the apparent stiffening of
graphene oxide nanocomposites. It is found that graphene oxide stiffens the polymer matrices by
increasing the 7,, which significantly modifies their thermo-viscoelasticity. This leads to
apparent reinforcements that are not due to the stiffness of the graphene oxide itself, and largely
explains anomalously high moduli reported in the literature for such graphene oxide/polymer
matrix nanocomposites.

The second part focuses on a forced assembly multi-layer co-extrusion method to create

films made of alternating layers of neat polymer / oriented graphene nanoplatelet filled polymer.
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The morphology of the layers (35 ~ 40 nm thick) containing oriented graphene was established
by electron microscopy. Mechanical properties of the materials were determined and the two-
dimensional stiffening could be related to the oriented graphene nanoplatelets in the layered
films. Taking into account the change of 7,, more than 100% intrinsic reinforcement was
estimated for 2 wt % of graphene in the nanolayers. The results were analyzed and interpreted
via an analytical model based on Mori-Tanaka analysis.

The third part focuses on extending a nano-bubble inflation method to the investigation
of a novel graphene nano-sandwich with the purpose of investigation of the graphene / polymer
interface. At small strains, significant mechanical reinforcement was observed for both
graphene-reinforced rubbery and glassy PEMA layers. The interfacial mechanics between
graphene and polymer layers was investigated and a “yield-like” interfacial slip was observed in
the mechanical response of the nano-sandwich structures. The nano-bubble inflation method was
also used to investigate the viscoelastic responses of poly(ethyl methacrylate) (PEMA) ultra-thin
films over thicknesses ranging from 112 to 21 nm. A reduction in glass transition temperature

with stiffening of the rubbery regime as decreasing film thickness was observed.
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Chapter 1. Background & Introduction
1.1 Graphene

Graphene is an atomically thick, two-dimensional sheet composed of sp? carbon atoms,
arranged in a hexagonal lattice (Figure 1.1a)." Graphite, an abundant naturally occurring material,
has been viewed as constructed by graphene sheets stacked on top of each other. Attempts to
study graphene can be traced back to Brodie’s work? in 1859, and studies of single layer
graphene became possible with the development by Novoselov and Geim in 2004, who used the
“Scotch-tape method” to produce large isolated graphene sheets from graphite (Figure 1.1b).>”
Because of the unique properties of graphene, the area of graphene research grows extremely fast
around the world and the number of research publications with the title containing the word
“graphene” is more than 66,600 between 2005 and 2014.( Searched by ISI-Web of Science on
November 4%, 2014)

Graphene has many unique properties so as to draw such a high research interest in fields
to utilize its mechanical, electrical, thermal, and gas barrier properties. Graphene has been found
with a Young’s modulus of 0.5 - 1 TPa%” and ultimate strength of 130 GPa’. It has also been
reported with a high electrical conductivity up to 6000 S/cm® and a thermal conductivity of 4840
- 5300 W/(m.K), which is above the reported value for carbon nanotubes.” Moreover, the
theoretically high surface area of 2630 m?/g'® and gas impermeability'' arouse high interest of
graphene application in a variety of fields.

Methods to create graphene are being researched intensively. There are two major
strategies: Top-down and bottom-up. In top-down methods, graphene sheets are exfoliated from
graphite. A micromechanical cleavage technique, called the “Scotch-tape method”, ignited the

original interest of graphene research and so far is still the most reliable method for producing



3

high-quality graphene sheets, although in limited quantities.” Chemical exfoliation with

sonication is also widely used, and graphene dispersion can be stabilized by specific

1213and ionic liquid'*. Oxidation of graphite! is also a useful method for this process.

surfactants
Another method is heating graphite oxide with inert gas at 1000 °C to produce thermally reduced
graphene oxide in one step.'® On the other hand, surface science provides new strategies to grow

graphene using “bottom-up” methods. Chemical vapor deposition (CVD) on metal substrates'’-1®

and epitaxial growth on SiC'%%°

can produce large graphene sheets in small amounts. Most of
these techniques produce few-layer graphene (2~5 layers) with thicknesses around 0.7~1.7 nm,
rather than single layer graphene with a thickness of 0.34 nm. The major methods to produce
graphene are summarized in Table 1.1.

It is necessary to obtain the information of the size, thickness and quality of graphene
produced by the different methods described above. Therefore the techniques to characterize
graphene are also important. To obtain the thickness (the number of layers), Raman
spectroscopy®! and Atomic Force Microscopy (AFM)?? can be used. And AFM??* and
transmission electron microscopy (TEM)?® can be used to measure the lateral size.

To identify the chemical structure, X-ray photoelectron spectroscopy (XPS)** and
infrared absorption® can identify the carbon oxygen bonds, and element analysis can measure
the oxidation degree. NMR and Raman spectroscopy can distinguish and quantify chemical
modifications, such as identifying oxygen functional groups®¢, and the transformation of sp® to
sp” hybridized carbons®*.

1.2 Graphene oxide and graphene nanoplatelets
A variety of graphene derivative nanoparticles have been created to enlarge the

“Graphene Family”, such as graphene oxide,?’ fluorographene?® and graphene nanoplatelets.?*-*



(Figure 1.2) Since graphene oxide and graphene nanoplatelets were used in the work of the
present dissertation, these two graphene derivative nanoparticles will be discussed.

Graphene oxide (GO) is one of the most studied graphene derivative nanoparticles. It is
exfoliated from graphite oxide, with a carbon/oxygen/hydrogen ratio of 2/1/0.8.3! There has
been much work on the structure of graphene oxide and it is found that it contains 1~3 layers
(0.34 ~ 1.0 nm thick) with carboxyl, hydroxyl, epoxide and ketone groups.?*” Although
graphene oxide is electrically insulating, its good dispersion in water and polar organic solvent,
and the ease of mixing it with polar polymer matrices make it of interest in the production of
polymer nanocomposites.>?

For practical use, graphene nanoplatelets (GNP) have been used to improve the
mechanical and electrical properties of polymer matrices.’>3* GNP is exfoliated from graphite
by rapid heating and pulverization, to produce the platelets with thicknesses 2~10 nm (6~30
layers), with different lateral sizes.?” Although GNP is indeed stacks of graphene, and much
thicker than a single layer graphene, hence less surface area and lower tensile strength, GNP can
still provide excellent electrical conductivity and good mechanical reinforcement. The reason is

that the GNP has a large lateral size (5~15 pum) therefore high aspect ratios are still achieved.?*3

1.3 Graphene/Polymer Nanocomposites: Preparation and properties

Polymers are used in a broad range of applications, especially due to their light weight,
low cost, flexibility and easy processing. However, compared to ceramics and metals, polymers
have weaknesses in terms of low stiffness and strength, limiting their use. Therefore, the addition
of rigid fillers in nanometer size to reinforce the polymer matrices, leading to a new class of

materials, polymer nanocomposites, has been a major strategy from 1920s, when carbon black



was first added to stiffen rubbers.>*¢ And Toyota Motors first used layered silicates (plate-like
nano-fillers) to stiffen nylon 6 in the late 1980s.” Compared to conventional micro meter sized
fillers, nano-fillers have the advantage of much higher surface area, which can increase the
interface between the polymer matrix and the filler and lead to better load transfer from the
matrix to the filler, for example. However, in spite of large promise of nanofillers, only a few
nanofillers have successful practical applications, e.g. carbon black in rubbery industry. The

reasons are the aggregations of nanofillers, high cost and environment concern’®,

1.3.1 Preparation methods

Since the properties of polymer nanocomposites depend on how well the nanofillers are
dispersed in the polymer matrices, the methods to disperse graphene and graphene derivative
nanoparticles are of significant interest and we summarize them in Table 1.2 and describe them
next.

Solvent blending with the aid of sonication has been broadly used to produce

32,39-41

nanocomposites of polymer / graphene oxide, polymer / reduced graphene oxide,*** and

polymer / pristine graphene with surfactants**,

Generally solvent dispersion methods give
good dispersion, however, the cost of the solvents, their potential hazards, and solvent removal
hinder their industrial use.'!® Another dispersion strategy is in situ polymerization of monomers
with graphene and it has succeeded in several polymers, e.g. epoxy,** PMMA,* PU* and
PDMS,* and some nanocomposites prepared by in situ polymerization have been reported to
contain covalent bonding*® between graphene and the polymer chains which enhance the

properties of nanocomposites. The limitation of the technique is still the use of solvent since

bulk-phase polymerization with graphene is difficult due to high viscosity of the graphene filled



monomer systems.

Melt blending is the most economical and scalable dispersion method.!% 32 Under high
shear conditions, graphene and polymer melts can be mixed on a large scale without the use of
solvent. Reduced graphene oxide and graphene nanoplatelets have been reported to mix with
polymers using extrusion.’* ** The major shortcoming is that the dispersion of the graphene in
polymer melts is not as good as that achieved by solvent mixing, mainly due to the high
viscosities of the polymer melts.*® Also the thermal instability of some graphene derivative

nanoparticles limits this method.!”

1.3.2 Mechanical properties

Because graphene has reported Young’s modulus between 0.5 - 1 TPa and ultimate
strength of 130 GPa, it is thought that graphene is an excellent candidate for mechanical
reinforcement of polymer in the area of nanocomposites. To this end, there is significant research
in which graphene has been added into a variety of polymers to make nanocomposites, with
varying level of success.3?3% 39-41. 48,5052 Taple 1.3 is a summary of mechanical properties of
graphene polymer nanocomposites. Interestingly, besides the mechanical properties of graphene,
there are two additional stiffening mechanisms for graphene and graphene derivative
nanoparticles to stiffen certain polymer matrices. With hydrogen bonding, graphene oxide (GO)
generally interacts with polar polymers to give higher glass transition temperature, and this leads
to apparently superior mechanical reinforcements due to the change in viscoelasticity of the
polymer matrix, rather than the extraordinary reinforcement by the graphene.’**! (We discuss

this in details in Chapter 3) For semi-crystalline polymers®®, graphene can enhance the degree of



crystallinity as a nucleating agent, and therefore stiffens the polymer matrix by increasing the
crystallinity.

In addition to stiffness change, tensile strength and elongation at break of graphene
polymer nanocomposites have also been reported. With good dispersion, tensile strength

51, 53-54

increases with the addition of graphene, although usually elongation at break decreases,

hence leading to increased brittleness.**>*

1.3.3 Electrical conductivity

Graphene can provide electrical percolation (network) above a critical concentration
(threshold) to make the polymers electrically conductive. The threshold concentration is
significantly lower than that needed for carbon black to percolate. Although graphene oxide is
electrically insulating, reduced graphene oxide (RGO), thermally reduced graphene (TRG) and
graphene nanoplatelets (GNP) have been widely used to increase the electrical conductivity of
polymers 3> 4% 45 485557 Here we summarize typical polymer nanocomposites with their
electrical conductivities in Table 1.4. Although the electrical conductivities of graphene polymer
nanocomposites are still much lower than that of copper, they still have some applications,*® such

as antistatic coating® and electromagnetic shielding®.

1.3.4 Gas barrier properties

As a two dimensional nanofiller, graphene is impermeable to most gas molecules in the
direction perpendicular to the plane of the graphene.!! Therefore the incorporation of graphene
and graphene derivatives into polymer matrices can enhance the gas barrier properties,?’ 43 0 61

e.g. a 60 % reduction of H> permeability for polyethylene naphthalate (PEN) using 1.8 vol %

graphene was observed by Macosko and co-workers.®’ Due to the two dimensional



characteristics of graphene, higher aspect ratios and better orientation are important to reduce the

gas permeability.*

1.4 Stiffening mechanics of graphene polymer nanocomposites
1.4.1 Elastic micromechanics theories

Over several decades, micromechanics theories have been developed for evaluating the
influence of stiffness, geometry, aspect ratio and orientation of nanofillers, and predict the
mechanical properties of nanocomposites. The most widely used elastic micromechanics theories
are Voigt upper bound®” and Reuss lower bound®® mixing rules, Halpin-Tsai model®* and Mori-
Tanaka model®.

Voigt upper bound and Reuss lower bound mixing rules have been used for composites
for almost a hundred years.®?%* ¢ By neglecting the Poisson effects, filler size and geometry, a
set of bounds on the Young’s modulus of the composite are given from equation 1, 2 and 3:

Evoigt = VmEm + VrEf (D)

1 |74 V
O (2)
EReuss Em Ef

Ereuss < E < Eyoige 3)
where E is Young’s modulus and V¥ is volume fraction of each component. Subscripts are m for
the polymer matrix and f for fillers. To further incorporate the influence of geometry and aspect
ratio of nanofillers, Halpin and Tsai developed a theory for disk-like platelet fillers®* 7 from

equations 4 and 5:
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where 1 is the stiffness contrast between the filler and the polymer and the shape factor & (¢ =
21/t). I and t are the diameter and thickness of platelet fillers.

Mori and Tanaka developed the Mori-Tanaka average stress theory® and Tandon and
Weng derived complete analytical solutions for the elastic modulus of composites with

unidirectionally aligned isotropic platelets as equation 6,%

E 1
FIH:(]'/'VI‘ ('2VmA3'(]-VmA4+(]+Vm)A5A))/2A) (6)

where Eu , v, and Vy are tensile modulus of the polymer, Poisson’s ratio of the polymer and
volume fraction of the filler, respectively. A and A; are functions of Vi, vin and the Eshelby
tensors provided by Tandon and Weng.®® Comparing to Halpin-Tsai model, the treatment of
filler geometry is different in Mori-Tanaka model and Paul and co-worker reported that for
clay/nylon 6 nanocomposites, Halpin-Tsai model slightly overpredicts the experimental results
compared to Mori-Tanaka model.®” In Chapter 4, we use the Mori-Tanaka theory to analyze the

graphene reinforcement in PMMA/PMMA-graphene multilayer films.

1.4.2 Current challenges

As already stated, because of its high mechanical strength and stiffness, graphene has
been thought to have the potential of achieving excellent mechanical reinforcement for polymer
nanocomposites. Also because of the two dimensional structure of graphene, if graphene can be

oriented in the plane of the polymer matrix, the mechanical reinforcement along two dimensions



at a significantly lower loading can be achieved than for randomly dispersed graphene in the
polymer matrix.>

To date, significant stiffening by graphene or graphene derivative nanoparticles in
polymer matrices have been reported widely,* #3670 such as PMMA/ graphene oxide (33%
enhancement of Young’s modulus £ at only 0.005 vol %) reported by Brinson and co-workers.*
The apparent high reinforcement of Brinson and co-workers’ work exceeds the Voigt upper

16266 and these

bound prediction (the limit of infinite aspect ratio of filler and perfect alignment
striking results have lead to great enthusiasm for the prospect of graphene polymer
nanocomposites. At the same time, Macosko and co-workers’! have questioned Brinson and co-
workers’ results and claimed that most of the reinforcements and 7, increase they observed are
due to the removal of low molecular additives in the original PMMA during the solvent mixing
procedure used to prepare nanocomposites. Therefore their comparison of the properties of neat
PMMA containing additives with that of the nanocomposites without additives leads to
apparently higher T and stiffness values. ”!

Because its chemical structure contains carboxyl, hydroxyl, epoxide and ketone groups,?*-
27 graphene oxide (GO) generally interacts with polar polymers via hydrogen bonding, hence the
nanocomposites frequently have a higher glass transition temperature T, than the neat resins.*” *!
70 The increases of T, cause a change in thermo-viscoelastic properties of the polymer matrices,
hence graphene oxide has an additional stiffening mechanism when incorporated into polymer
matrices, when compared to graphene. Consequently, investigation of the mechanical

reinforcement of polymer graphene nanocomposites requires a viscoelastic micromechanics

approach to account for the effect of 7, change to correct the apparent stiffening. This is



especially important because polymers generally are used relatively close to their glass transition
temperatures.’> We will discuss this in details in Chapter 3.

Another challenge is how to align the graphene in a plane of the polymer matrix, to
achieve the two dimensional reinforcement. The development of methods to create in-plane
oriented graphene in a polymer matrix have not been undertaken. Kim and Macosko™ reported
the production of slightly oriented polycarbonate/ graphene nanocomposites with only weak
reinforcement, using injection molding. We will show how to use multilayer co-extrusion to

orient graphene in polymer thin layers by forced assembly in Chapter 4.

1.5 Interfacial mechanics between graphene and polymer matrices

It has been commonly thought that nanoparticle / polymer interfaces are important in the
reinforcement of nanocomposites since the observation of the bound rubber’® (immobilized layer
adhered to fillers) in carbon black reinforced rubbers. In the area of graphene polymer
nanocomposites, the understanding of interfacial interaction between graphene and the polymer
matrices at generally small amount of graphene in polymer matrices, is very important but
challenging, due to the limitation of experimental techniques. Recently, however, there has been
an attempt to understand the interfacial mechanics of single and multilayer graphene sheets in

21 7475 Single layer graphene has several characteristic

polymers using Raman spectroscopy
peaks in Raman spectroscopy (Figure 1.3a), and the shift of the Raman peaks of graphene upon
stretching the graphene can be used to characterize the deformation of the graphene.”®” Under
tension the Raman 2D peak at 2645 cm™! shifts to lower wavenumbers. (Figure 1.3b)

Young and co-workers used Raman spectroscopy to study graphene supported on

polymeric substrates using a bending/stretching test.?!> 7 8 (Figure 1.4a) Their work provided

10



the first measurement of interfacial mechanics of a graphene/polymer system, and they created a
strain map for graphene on a PMMA (Figure 1.4b). They also observed what appeared to be an
interfacial slip. Using a shear lag analysis, they estimated the shear strength of the interface
between the polymer and graphene. The interfacial slip and interfacial shear strength results were
interpreted to mean that the graphene and the polymer matrix are bonded by van der Waals
forces, i.e. the interface is formed by a relatively poor adhesion, but can transfer interfacial stress
at very small strains (< 0.4 %).!

The interface study based on Raman spectroscopy has been used to probe the
reinforcement mechanism and to study the effect of the chemical modification on the interface
between graphene derivatives and polymer matrices.®! In addition, AFM has also been used to
investigate the interfacial adhesion in polymer graphene nanocomposites.®?** However, most of
these techniques still have limitations. For the AFM techniques, it is necessary to convert the
morphology of the interface after peeling®” into mechanical information, therefore these are
indirect measurements of the mechanical properties of the interface. Although the Raman

> is not as “indirect” as AFM, it requires specific instrumentation and

spectroscopy?"”
spectroscopy expertise. We will show the measurement of a novel graphene nano-sandwich

using a nanobubble inflation method, to add a new technique to the investigation of graphene /

polymer interface in Chapter 5.

1.6 Motivation and overview
The addition of graphene and graphene derivative nanoparticles to reinforce polymer
matrices has been widely studied. However, as discussed above, graphene polymer

nanocomposites still pose several questions which need to be addressed:
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i.  How to use a viscoelastic micromechanics approach to account for the effects of a 7,
change in the apparent stiffening of graphene nanocomposites?
ii.  How to achieve planar orientation of graphene in the polymer matrices to realize two
dimensional reinforcement?
iii.  How to develop a method to investigate the interfacial mechanics between graphene and
polymer matrices, using a novel graphene nano-sandwich structure?

The understanding of these topics is so important that it helps researchers to evaluate,
design and improve nanocomposites. The present dissertation addresses them and provides some
answers to these problems. Viscoelasticity, orientation of graphene and interfacial mechanics are
investigated using three different experimental techniques: rheology, forced assembly multilayer
co-extrusion and nano-bubble inflation methods. Chapter 2 describes briefly the three major
experimental methods used in this dissertation.

Chapter 3 describes the study of the mechanical properties and viscoelasticity including
glass transition and P relaxation of graphene oxide/polymer nanocomposites. A viscoelastic
micromechanics approach is applied to explain the reinforcement of graphene oxide in PEMA
and PMMA matrices and we describe an investigation in which to account for the apparent
stiffening, which is due to 7, changes in the polymer matrix.

In Chapter 4, forced assembly was used to orient graphene nanoplatelets in poly (methyl
methacrylate)/polystyrene (PMMA/PS) and PMMA/PMMA multilayer films produced through
multilayer co-extrusion. The morphology of the layers and orientation of the graphene
nanoplatelets were characterized with optical and electron microscopies. Mechanical properties
of the materials were determined and related to the oriented graphene nanoplatelets in the layered

films.
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In Chapter 5, the creation of a nano-sandwich model structure composed of ultrathin
polymer layer/monolayer graphene/ultrathin polymer layer is described. A nano-bubble inflation
method was used to study the interfacial mechanics. Interfacial shear strength and internal
residual stress were also estimated.

In Chapter 6, the nano-bubble inflation method was used to investigate another topic of
interest: the viscoelastic responses of poly(ethyl methacrylate) (PEMA) ultra-thin films over
thicknesses ranging from 112 to 21 nm. A reduction in glass transition temperature with
stiffening of the rubbery regime as decreasing film thickness was observed.

Finally, Chapter 7 summarizes all key results of the dissertation and provides
perspectives for future work.

Parts of the information in Chapters 3-5 are from the journal manuscripts and the permission
has been obtained from the journals to incorporate them into the present dissertation. Detailed
information of published journal articles and a conference proceeding related to Chapters 3-5 is
as follows: Chapter 3, entitled “Considering Viscoelastic Micromechanics for the Reinforcement
of Graphene Polymer Nanocomposites”, was published under a slightly different form in ACS
Macro Letters, 2012, 1, 388-391. Chapter 4, a part of work entitled "Forced Assembly by
Multilayer Coextrusion to Create Oriented Graphene Reinforced Polymer Nanocomposites",
was published in Polymer, 2014, 55, 248-257. Another part of the work contained in chapter 4,
entitled "Graphene-based Multilayered Poly (methyl methacrylate) Nanocomposites via Forced
Assembly Coextrusion", was published in Society of Plastics Engineers’ Annual Technical
Conference, 2014, Las Vegas. ISBN 978-0-9850112-4-6, pp. 609-613. Chapter 5, entitled
“Mechanical Responses of A Polymer Graphene Sheet Nano-sandwich” was published in

Polymer, 2014, 55, 4976-4982.
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Table 1.1 Typical methods to produce graphene

Strategy Methods Advantage Disadvantage
Top-down | Micromechanical cleavage® | Large size Very small quantity
High quality
Single and few layers
Exfoliation of graphite with | High quality Low yield;
surfactants!?!3 Low cost Contamination by
Few layers; surfactants
Sonication exfoliation of Large quantity Low electrical
graphite oxide and chemical | Few layers conductivity;
reduction? 84 Hazardous procedure
Thermal exfoliation and Large quantity; Few High temperature
reduction of graphite oxide | layers; No solvent; Fast process;
in one step!® process with one step Relatively smaller
exfoliation/reduction size
Bottom-up | Chemical vapor Large size; Single and few | Small quantity

deposition!”!8

layers; High quality

Epitaxial growth on SiC'%-%

Large size; Few layers

High quality

Very small quantity
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Table 1.2 Dispersion methods to produce graphene polymer nanocomposites

Method

Advantage

Disadvantage

Solvent mixing*% 3’

Good dispersion

Cost / removal of solvent

In situ Good dispersion; Solvent using
polymerization*®7 | Enable covalent
bonding
Melt blending!®>® | No solvent Poor dispersion due to high viscosities;

Degradation of polymer and graphene derivatives
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Table 1.3 Mechanical properties of typical polymer graphene nanocomposites

Nanocomposites Graphene Increase in Increase in | Tgchange/°C

wt. % Young’s tensile

modulus strength
PMMA?* GO 0.01 33% N/A +13
PMMA>* GNP 2.0 118 % N/A +2
PEMA* GO 0.25 25% N/A +15
pp>? RGO 0.85 74 % 54 % +2.5
Epoxy"! TRG 0.1 31 % 40 % N/A
PVA>* GO 0.7 62 % 76 % +3.3
Polyurethane*® TRG 3.0 680 % N/A N/A

GO: graphene oxide; RGO: reduced graphene oxide; TRG: thermally reduced graphene oxide;
GNP: graphene nanoplatelet
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Table 1.4 Typical electrically conductive polymer graphene nanocomposites and other

conductive materials

Nanocomposites Lowest percolation | Maximum conductivity/ S/cm
threshold / wt. %

PS> Treated GO 0.2 0.01 at 5 wt. %
Polyurethane*® TRG 0.5 N/A
Polycarbonate®’ TRG 0.3 0.5 at 4.8 wt. %

PMMA>® GNP 0.7 1 at 10 wt. %
PE* RGO 0.2 0.1 at 1.3 wt.%
Pp* GNP 0.7 0.005 at 10 wt.%

PDMS* Pristine graphene N/A 2.2 at 3.4 wt. %

Other materials

Copper N/A 5.85x10°

Graphite N/A 2.5x10°

Graphene?® N/A 6.0x10°
Carbon nanotube® N/A 4.0x10°~ 5.0x10°
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Figure 1.1 Left: The structure of graphene; Right: Large graphene pieces placed on SiO, wafer

prepared by “Scotch-tape method” (Adapted from Reference!:?)
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Figure 1.2 Graphene derivative nanoparticles: (a) Graphene oxide (GO), adapted from
Reference®®; (b) Fluorographene, adapted from Reference®’; (c) Graphene nanoplatelets (GNP),

adapted from Reference®
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Figure 1.3 (a) Raman spectrum of single graphene, adapted from Reference®; (b) Shift of 2D

peak as a function of strain, adapted from Reference’
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Figure 1.4 (a) Stretching test on a PMMA beam with graphene on top of it; (b) Strain map of a

single layer graphene in the direction of tensile axis at 0.4 % strain (Adapted from Reference’*)

26



Chapter 2. Experimental Methodology

In this chapter, we describe briefly the three main experimental methods used to prepare
or investigate the graphene oxide nanocomposites, oriented graphene nanoplatelets in multilayer
films, and graphene nano-sandwich.
2.1 Rheometry

Viscoelastic behavior of polymer can be measured by rheometers, using dynamic tests,
stress relaxation and creep test. In the dissertation, the dynamic test on rheometers is the major
experimental method. Using the rheometer, when a sinusoidal strain or stress is applied to a
sample, the corresponding stress or strain can be measured. If the sample is elastic, the resulting
signal is also sinusoidal and in phase. If a sample is purely viscous, the resulting signal is out of
phase with a 90° angle. However, for polymers, due to their viscoelastic characteristics, the
resulting signal is out of phase with a shift called phase angle 0 (0° < < 90°).

When the rheometer is applying a sinusoidal strain onto the sample, as equation 1,

y =y sin(wt) 1)
where o is the frequency, y° is the maximum strain applied. The resulting stress response can be
described as equation 2,

7o(t) = y°(sin(wt) G’ (w) + cos(wt) G'(w)) (2)
where G’(0) and G”(w) are the storage modulus to measure the elasticity and loss modulus to
measure the energy lost by viscous dissipation, respectively.! Then the phase angle § is defined

as equation 3,

G"(w)

tan(6) = m 3)

Dynamic frequency test and Dynamic temperature test are generally used to test the

polymeric samples. In dynamic frequency test, the temperature is fixed and the resulting
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responses as a function of frequency are measured. (Usually 100 — 0.01 rad/s). In linear regime,
the response of amorphous polymers at lower temperature is equivalent to that within short time /
large frequency, and the response at higher temperature is equivalent to that within long time /
small frequency in the same way. Therefore, a time-temperature superposition (TTS) can be
applied, in the way that all curves of responses can be shifted to a reference temperature to
construct a continuous curve (master curve). Using TTS, experiments on a commercial
rheometer can be designed to collect data for up to 15 decades.

A shift factor ar was defined as equation 4,

_(7)
ar = T(Ty) (4)

where 1 is the relaxation time and Ty is the reference temperature. In the temperature ranging
from T, to T¢+100 K, the shift factors ar can be typically fit to the Williams-Landel-Ferry (WLF)
equation,’

—Ci(T = To)

G+ (T—Ty) (%)

log(ar) =

where C; and C; are material-dependent constants, and generally the reference temperature 7y

equals to 7.

5

The Vogel-Fulcher-Tammann (VFT) equation®? is equivalent to the Williams-Landel-

Ferry (WLF) equation, with a T,, rather than reference temperature:

T= Tooexp(T — Too) (6)

where 1., and B are material-dependent constants, and T, is the temperature at which the
viscosity becomes infinite.

Dynamic temperature tests are often used to characterize some transition temperatures of
polymers, such as glass transition temperature 7,,® and B relaxation temperature 75.” The testing
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frequency is fixed, and the resulting response is measured as a function of the temperatures. The
glass transition temperature 7, can be estimated as the corresponding temperature of the peak of
tan(d), or G” in the glass transition region, and 7 can be obtained in the same way (Figure 2.1).
However, the value of 7, and 73 also depend on the testing frequency and heating/cooling rate.

Generally 6.28 rad/s (1Hz) and 1 K/min are used for most dynamic temperature tests.

2.2 Forced assembly multilayer coextrusion

Melting extrusion has been used to disperse nanoparticles into polymer matrices and is
especially relevant for industrial applications, due to cost and simplicity compared to other
techniques such as in-situ polymerization and solvent mixing.®!! However, nanoparticles tend to
aggregate due to van der Waals forces and high specific areas, and the high viscosity of polymer
melts often leads to the poor dispersion of nanoparticles, especially when there are no strong
interactions between the nanoparticles and polymer matrices. Forced assembly multilayer
coextrusion, also named layered multiplying coextrusion, is an attractive technique to produce up
to thousands of layers in films, and the individual layer thicknesses can be ranged from micron
meter to nano-meter scale.'”!¢ Figure 2.2 illustrates the procedure: Two polymeric melts are
extruded from two single-screw extruders and combined, then flow through a series of n mixing
elements, each of which doubles the number of layers by the process of vertical slicing,
spreading and recombining,'*!” to make the layers in the number of 2""!. For example, with up
to n=11, a 30 um thick film with 4096 layers can be produced, with the layer thickness less than
10 nm.'* 1

In pioneering work, Baer and coworkers used this “forced assembly” technique to force

immiscible polymer pairs to construct unique multilayer structures (Figure 2.3), such as designed
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architectures leading to interesting confined crystallization ( EAA / PEO ),'® optical properties
( PMMA / SAN ) and combined glass transition temperature ( PMMA / PC ).!® They also
reported that multilayer coextrusion requires a reasonable viscosity match between the two
polymeric melts.'*

The idea of using forced assembly multilayer coextrusion to disperse particles into
polymer matrices takes the advantage of layer thickness theoretically smaller than the typical
size of the aggregates of particle (often in the micron scale). (Figure 2.4) During the co-extrusion,
the confined layer structure forces the breaking of aggregates by shear stress. Up to recently,
only micro-fillers such as talc micro-platelets,'® phosphate glass spherical particles (diameter is
2~4 um)®® have been dispersed into multilayered films with layers in micron meter thicknesses,
leading to materials presenting enhanced gas barrier and mechanical properties. Studies on
carbon black!” and carbon nanotubes'” 2! dispersed into multilayered polypropylene films with

layers in nano-scale thicknesses were published very recently and showed potential to prepare

nanocomposites using this technique.

2.3 Nanobubble inflation method

The classical bubble inflation technique has been used in the study both the elastic and
viscoelastic properties of polymeric membranes’*?*. In 2005, O’Connell and McKenna®*
developed a nano-bubble inflation method which is a miniaturization of the membrane inflation
experiment to study the viscoelastic properties of ultrathin polymeric films. Using atomic force
microscopy (AFM) they imaged the time-changing bubble profile of membranes as small as 1.2

um in diameter and of thickness to 27 nm.?* In 2008, Bunch et al* used a bulge test technique®®

and AFM to study the elastic properties and gas permeability of graphene by inflating a 4.75 um
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square graphene membrane with helium. The nano-bubble inflation method of McKenna and co-
workers?* 2730 has also been expanded recently to measure the mechanical properties of 800 nm
x 2.6 pum rectangular ultrathin polymer films®' as well as to polycarbonate films as thin as 3
nm.>® More recently Maillard, et al.** used a laser confocal microscope profilometer to image
500 um x 5 mm rectangular near-nanometric scale thickness films of a glassy polystyrene filled
with silica nanoparticles.

In the nano-bubble inflation method, a polymer thin film was prepared by spin coating
the polymer solution onto mica sheets and floated onto the water surface, then transfer on top of
a filter template. The filter template holding the film was mounted in a custom pressure cell
using adhesives and pressurized dry air was applied into the pressure cell to inflate the sample
films under AFM.?” The details of experiments will be described in Chapter 5. Figure 2.5
illustrates the bubble inflation for a single bubble and three-dimension AFM images of inflated
bubbles.

When the bubble deflections are larger than three times the film thickness (membrane
limit**), the bending contribution can be neglected and the bubble deformation is dominated by
the stretching stress.?® In this case, the bubble shape can be described by a hemisphere. By fitting
the bubble profile data to the equation of a circle, the radius of curvature R is calculated as,

R* = (x—a)’ + (y — b)* (M
where x and y are the x-position and height data, and a and b are offset constants for a circle not
centered on the coordinate axes. The stress o is related to the pressure P, the film thickness #) and

the radius of curvature R of the bubble as equation 8:

_ __ PR
011 = 022 —m

@®)
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The biaxial strain &;;=¢2; at the pole of the bubbles is related to the geometry of the bubble by

Equation 9 and 10,227

€11 = &2 :2570_1 )
s = 2R sin™? (RO/R) 10)

where Ry is hole radius and s is the segment length of the bubble. The total stress i in the
bubble is the sum of the elastic stress and pre-stress oy as given in Equation 11.%

Ototal = 011 = Epiax€11 + 0o an
Therefore, a plot of o versus ;7 should be a straight line and the biaxial modulus Epi.x and pre-
stress go can be obtained as the slope and intercept, respectively. oo is generated by the surface
energy of polymers as:

_%

i (12)

Op

where 7y is the film thickness and y is the surface energy of polymers.
To study the viscoelastic properties, creep tests can be performed with constant pressure
at different temperatures, to construct a master curve using time — temperature superposition.

Then temperature shift factors can be collected and fitted using Williams-Landel-Ferry (WLF)

2

equation,> or the Vogel-Fulcher-Tammann (VFT) equation®, therefore to obtain the glass

transition temperature T,.3% 3
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Figure 2.1 An example of a dynamic temperature test: 7, and 7 of epoxy / POSS composites by

the test with the condition of 1K /min and 1Hz (Adapted from Reference®)
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Figure 2.2 Schematic of forced assembly multilayer coextrusion (Adapted from Reference!'®)

36



lll\tli.r’ -rll.!ll.llr -

- -— l-!!l-..l' TS . ———

I.D'!-Ivrl..bo ru!vll..h:l-r\f!ll— —_
mn'r

PR W AP T,

o, A T e T, e el e B e 2

e e Tt . el e et A G . i+

50. um

EAA PEO
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Figure 2.4 Schematic and SEM images of multilayered PP/PP filled with phosphate glass

particles (Adapted from Reference?’)
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Chapter 3. Viscoelastic Micromechanics for the Reinforcement of Graphene oxide
Polymer Nanocomposites
3.1 Overview and Introduction

Recently, it has been reported!™ that dispersing graphene or graphene oxide into polymer
matrices at low loading (< 0.50 vol %) can lead to excellent mechanical reinforcement of
polymer nanocomposites (PNC). In some instances, such as PMMA/ graphene oxide (33%
enhancement of Young’s modulus £ at only 0.005 vol %)!, results were interpreted to exceed the
idealized Voigt upper bound prediction (the limit of infinite aspect ratio of filler and perfect
alignment)*>. The Halpin-Tsai model prediction® has also been exceeded in an epoxy/graphene
system (31% increment of Young’s modulus at 0.05 vol %).2 The authors attributed this high
reinforcement to a hydrogen-bonding interaction' or an enhanced nanofiller-polymer mechanical
interlocking due to the wrinkled morphology of graphene.!> These striking results exceeding
elastic micromechanics predictions lead to a great enthusiasm for the prospect of graphene
polymer nanocomposites. However, Macosko and co-workers have questioned the surprising
results of PMMA/ graphene oxide' and claimed that their most of the reinforcements and T,
increase is due to the removal of low molecular additives in the original PMMA during the
solvent mixing procedure to prepare nanocomposites.’™

An interesting phenomenon to be considered in what follows, is that associated with the
reported striking reinforcement is a significant increase in the glass transition temperature (7g):
17 K at 0.005 vol% (PMMA/ graphene oxide)' and 10 K at 0.05 vol% (epoxy/graphene).>° In
Figure 3.1, constructed from Ruoff’s data,® we can see that the increase of Tyand reinforcement
for PMMA/ graphene oxide nanocomposites share a similar trend. This hint that 7y and modulus

increases are correlated leads us to consider that the thermo-viscoelasticity of the polymer
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matrix change with the addition of the graphene or graphene oxide, and we propose that
incorporation of viscoelastic micromechanics rather than conventional elastic micromechanics is
necessary to describe the reinforcement of PNCs especially if the 7, of the matrix is changed by
the addition of a nanofiller. The reason is that polymer nanocomposites are frequently used at
high fractions of their 7, e.g. the room temperature 298 K is around 78 % for the 7, of PMMA
(383 K). In this case, the time dependence of the polymers is significant so as to influence their
mechanical properties.'”

The most widely used elastic micromechanics theories are the Voigt upper bound mixing
rule® !!, Halpin-Tsai equation® and Mori-Tanaka model'?, and they are used to predict elastic
properties of composites.* '* To account for the polymer matrix viscoelasticity in composite
materials, Hashin defined a viscoelastic micromechanics model for the modulus behavior, 43

E¢ = VipEp(iw) + Ve Ef

En(iw) = Ep (@) + iEp(0) (D)
where E* is the complex modulus; V is the volume fraction of components; subscript: m for the
polymer matrix , f for filler, and ¢ for composites. Following Hashin’s work, finite element
analysis and Mori-Tanaka model have been extended to the viscoelastic materials.!®!” And the
interphase around the fillers has also been considered in viscoelastic micromechanics model of
composites (Three-phase model).!”!8

In the present work, we examine the influence of viscoelasticity of the polymer matrix on
the PNCs’ reinforcement and especially consider changes in the viscoelastic properties induced
by the changing 7, upon the addition of graphene oxide. We provide new experimental results
for the glass transition and complex modulus of poly(ethyl methacrylate) / graphene oxide

nanocomposites (PEMAGO) and consider literature data® for poly(methyl methacrylate) /
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graphene oxide nanocomposites (PMMAGO). A convenient thermo-viscoelastic micromechanics
approach is presented to explain the reinforcement of graphene polymer nanocomposites. As
shown below, apparently high reinforcement can be attributed to the changing thermo-
viscoelasticity of the polymer matrix.
3.2 Experiments
3.2.1 Materials

The graphite oxide was purchased from Graphene Laboratories, Inc. Poly(ethyl
methacrylate) (PEMA) was supplied by Sigma-Aldrich (Mw = 515 Kg/mol, PDI = 1.52).
3.2.2 Methods

Using a solution procedure, graphene oxide was exfoliated from graphite oxide in THF
by ultra-sonication using a Misonix sonicator (XL 2000), then mixed with PEMA / THF solution
and precipitated by MeOH.! (Figure 3.2) The graphene oxide was added to the system as 0.25
wt % (0.12 vol %). Rectangular bar samples (1.3x8.0x45 mm?) and cylindrical samples (8.0 mm
diameter, 1.1 mm height) were prepared through compression molding using a hot-press at 453
K. Dynamic mechanical properties were characterized using an ARES rheometer with
rectangular torsion fixtures. The glass transition temperature 7, was determined from the
absolute heat capacity measurement as the limiting fictive temperature'® T;. Using the step-scan

method in Koh and Simon’s work,?%°

the absolute heat capacity was measured by a
PerkinElmer Pyris 1 differential scanning calorimeter (DSC) with multiple temperature
ramp/isothermal steps. Each step is in 2 K size, with a 10 K/ min heating rate between each

isothermal hold temperature, and holding for 0.8 min at each temperature. The temperature range

of measurement is from -30 °C to 125°C.
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3.3 Results and Discussions

As seen in Figure 3.3a, a significant increase in the glass transition temperature 7 (nearly
11 K) was observed for the 0.12 vol % PEMAGO. Generally this could be attributed to hydrogen
bonding between the hydroxyl groups in graphene oxide and the carbonyl groups of PEMA
(Figure 3.3b), leading to a strong interaction of graphene oxide with the PEMA, as postulated for
the PMMA /graphene oxide system.! This is also similar to the increased T, values that have been
reported in thin polymer films on substrates with strong interactions,?’ such as PMMA on native
silicon oxide.?! Here absolute heat capacity measurement for both glassy and liquid states can
provide better understanding of the reinforcement. It is found that the addition of graphene oxide
leads to a slight depression of the absolute heat capacity in both glassy and liquid states.(Figure
3.3a) Another interesting phenomenon is that a larger depression is observed in the liquid state
than the glassy state, indicating a reduced AC,, at the glass transition. The magnitude of the heat
capacity change (AC,) at the glass transition depends on the amount of polymer involved in the
transition.’! Therefore Figure 3.3a shows the evidence of an imobilized polymer layer around the
graphene oxide. A lower AC, for the 0.12 vol % PEMAGO suggests that 25 % of the PEMA is
imobilized on the surface of graphene oxide. However, the glass transition doesn’t seem to be
significantly broadened, hence the reduction in ACp due to the reinforcement with the graphene
oxide does not fully explain the results and further investigation would be necessary to examine
possible reasons, such as all of the polymer is confined but in a way that the liquid loses mobility
uniformly. Koh and Simon reported a similar result of the greater reduced absolute heat capacity
in liquid states for stacked ultra-thin polystyrene films due to the nano-confinment.?3
Figure 3.4 shows dynamic temperature ramp results for both the PEMAGO from this

work and the PMMAGO from reference’. The addition of graphene oxide causes a shift in the
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curves towards higher temperatures for both materials, consistent with a nearly 15 K increment
in Ty for the PEMAGO 0.12 vol%, 14 K for the PMMAGO 0.13 vol%, and 17 K for the
PMMAGQO 1.0 vol%. Therefore, the polymer matrix with the graphene oxide seems to behave as
the pure polymer at lower temperatures, showing the importance of the matrix thermo-
viscoelasticity.

Dynamic frequency sweep results for the PEMA and PEMAGO at different temperatures
are shown in Figure 3.5. At 298 K (room temperature), the curves for G"and G for the 0.12 vol %
PEMAGO (solid square and solid diamond) overlap the curves of pure PEMA at 283 K (open
circle and open triangle), which is consistent with the increase of 15 K in the 7, and for the
frequency — temperature behavior of the polymer matrix.

To further explore the influence of the matrix thermo-viscoelasticity and elasticity on the
reinforcement for graphene polymer nanocomposites, the dynamic temperature ramp data were
shifted to the same value of 7-7; in Figure 3.6. It is found that for the PEMA the curves for
storage modulus G’ coincide well though the loss modulus G curves don’t overlap well due to
the 8 relaxation®” (Figure 3.6a). In the case of the PMMA, it is found that £’ and E” for the
PMMAGQO 0.13 vol% nearly overlap the PMMA curves, but the PMMAGO 1.0 vol% shows a
slight vertical shift (Figure 3.6b).

The apparent experimental reinforcements can be obtained using equation 2 for the data
of Figure 3.4. However, upon considering the thermo-viscoelasticity, equation 2 was modified to
equation 3 by replacing the modulus as function of temperature by the modulus as function of 7-
Ty, to give corrected experimental reinforcements from the shifted data of Figure 3.6. In a similar
manner the reinforcement prediction from the elastic Voigt upper bound (equation 4)!' was

modified to the viscoelastic Voigt upper bound (equation 5).
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It is worth noting that the interest in the Voigt bounds arises because properties that
exceed these bounds are considered to be evidence for “extreme reinforcement” or synergistic
reinforcement, which could be evidence for novel behavior in such nanocomposites.

The influence of viscoelasticity is more clearly illustrated in Figure 3.7, where the
apparent experimental reinforcements (obtained by equation 2) are plotted for different
temperatures and compared to the elastic Voigt upper bound predictions (equation 4) (Figure
3.7a and 3.7c). The corrected reinforcements obtained from equation 3 are also shown to
compare with the viscoelastic Voigt upper bound predictions (from equation 5) in Figure 3.7b
and 3.7d. Although the apparent uncorrected reinforcement is close to or even exceeds the elastic
Voigt upper bound prediction, it is clear that the corrected reinforcements are much weaker than
the viscoelastic upper bound prediction.

Figure 3.7 demonstrates that in polymer nanocomposites, the apparent reinforcement can
be attributed to the changed viscoelasticity of the polymer induced by the T, change. The
corrected effect of the graphene oxide reinforcement on PEMA and PMMA at ultra-low loading
is not as high as has been reported and accounting for the viscoelastic response indicates less
reinforcement than estimated from the elastic bound, hence providing a reason to Macosko and

co-workers’ skepticism concerning claims of extreme reinforcement. It may also explain Ruoff’s
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work with polycarbonate/graphene oxide that exhibits weak reinforcement, where little 7,
change (< 1 K) is seen.?

The results presented here show that it is necessary to consider the thermo-viscoelastic
response of the polymer matrix in nanocomposites (PNCs) to fully understand the reinforcement
of the filler. This is especially so because polymer nanocomposites are frequently used at high

t.19 Therefore it is a

fractions of the 7, where the time dependence of the polymer is significan
conceptual error to examine the modulus behavior of PNCs via only elastic micromechanics.
When the glass transition temperature increases, the polymer matrix in the PNCs behaves as the
pure polymer at a lower temperature, contradicting the inherent assumption in elastic
micromechanics.* Consequently, it is more reasonable to use Hashin's viscoelastic
micromechanics model, taking into account changes in matrix response due to the addition of the
filler, to estimate the bounds on modulus behavior of PNCs.!*!5 At temperatures much farther
below 7g, or when there is no change of 7, , the changes in the viscoelasticity of the polymer
matrix are less important and the elastic micromechanics might be considered to capture the
approximate reinforcement behavior of PNCs.

Another topic of interest is the f relaxation of graphene polymer nanocomposites. As the
first relaxation below glass transition temperature 7, f relaxation has been related to the side
group motion of the poly (n-alkyl methacrylates),”* and it is important for a material’s
mechanical properties, i.e. brittleness.”>2° In Figure 3.4, we can see for the PEMA peak of the
loss shear modulus G~ around 274 K, the addition of graphene oxide can increase the relaxation
temperature by 6~7 K but doesn't change the intensity of f relaxation peak, which means the

graphene oxide does not reinforce the PEMA by suppressing the £ relaxation as an

antiplasticizer.”” Considering the increase of 14~15 K in the glass transition temperature T, the
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incorporation of graphene oxide splits the glass transition and f relaxation, similar to the result

reported for an epoxy/ POSS nanocomposite system.?

3.4 Conclusion

In summary, we have demonstrated in this chapter that the ultra-low loading of graphene
oxide raises the 7, of PEMA and PMMA significantly and leads to a large shift of the frequency—
temperature properties of the polymer matrix. In such a condition, it is necessary to consider the
influence of thermo-viscoelasticity on the expected reinforcement in graphene oxide polymer
nanocomposites, and our thermo-viscoelastic approach shows that apparent extreme
reinforcements can be attributed to the changing 7, of the polymer, and the corrected mechanical
reinforcement from graphene oxide is much weaker than previously reported. It is also found that
incorporation of graphene oxide splits the glass transition and P relaxation, instead of

suppressing the f relaxation.
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Chapter 4. Forced assembly by multilayer co-extrusion to create oriented graphene
nanoplatelets reinforced polymer nanocomposites
4.1 Overview and Introduction

To date, most work on graphene polymer nanocomposites has focused on isotropic or
random dispersion of the graphene in the polymer matrix,' giving limited reinforcement.* If
platelet-like fillers can be oriented in a plane of the polymer matrix, they provide the possibility
of two-dimensional reinforcement in the plane of orientation.’ Theoretically, if the requirements
of both high volume fraction of filler and in-plane alignment of the platelets are met, the
mimicking of nacre-like® structures might be achieved. Therefore, methods to create such

structures, especially with a potentially industrially useful method, are desirable and important.

In the general case, graphene nanocomposites have been made in ways that emphasize
good dispersion and have not examined heavily the possibility of creating oriented structures.
For example, as already stated in the previous chapter, it has been reported’® that dispersing
graphene or graphene oxide into a polymer matrix at low loadings (< 1 wt %) can lead to good
mechanical reinforcement for polymer nanocomposites, such as PMMA/graphene oxide’ (33%
enhancement of Young's modulus at only 0.01 wt %). One reason that has been given for the
apparent strong reinforcement is that, via a solution mixing method, graphene and graphene
oxide are dispersed with a wrinkled topology in the host polymer matrix.” Some researchers think
that this provides strong interfacial adhesion between graphene and the polymer chains with a
consequent significant increase in the glass transition temperature (75) of the polymer matrix.”®
If this is the case, we showed in chapter 2 that much of the high degree of reinforcement might
be attributed to the changing thermo-viscoelasticity of the polymer matrix due to the changing

T’ rather than to a mechanical reinforcement per se, although such strong reinforcement is still
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impressive and could lead to many applications. In addition to bench scale solution mixing,
graphene nanoplatelets can also be dispersed into a polymer matrix via melt mixing, e.g. in most
cases through extrusion, which is the most relevant tool for exploring potential industrial
applications.* 112 However, due to the high viscosities of polymer melts, melt extrusion usually
falls short of providing effective dispersion of nanofillers and results in filler aggregation.'?
Recently it has been shown that this method can be improved by multiplying the number of
extrusion steps: a concentrated solid mixture of filler in polymers (or “master batch”) is
produced by melt mixing then further dilution one or more times with the same polymer to the
desired concentration.!*'* It has been found that this technique can result in better dispersion of

the nanofiller with consequently better composite mechanical properties.

To the best of our knowledge, the development of methods to create in-plane oriented
graphene in a polymer matrix in order to realize two-dimensional reinforcement have not been
undertaken either for bench scale solution mixing or for melt extrusion. Kim and Macosko
reported the production of slightly oriented polycarbonate/graphene nanocomposites obtained
from injection molding. However, they also reported that wrinkling of the graphene in the

polymer matrix resulted in only weak reinforcement.'”

Multilayer coextrusion, which has been briefly described before, is an attractive
technique to produce up to thousands of alternating layers in films with individual layer
thicknesses from 10 nm to multiple pm.!>!® In pioneering work, Baer and coworkers have used
this “forced assembly” technique and have shown that immiscible polymer pairs and
filled/unfilled polymers can be forced to combine into a unique multilayer structure,

accompanied with interesting confined crystallization effects,!” gas barrier properties,'® and
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optical properties.!” In addition, Koets et al report the toughening of immiscible amorphous

polymer pairs by multilayer coextrusion.?’

Since multilayer coextrusion is scalable to industrial processing and alignment of
anisotropic nanofillers can make desirable composites, it offers an attractive approach to orient
nanoparticles with high aspect ratio 4y, such as graphene nanoplatelets, in the layer plane. What
we search to achieve in the present study is evidence that the forced assembly, by creating a
structure with extremely thin layers filled with graphene, has the potential of creating a new type
of nanocomposites in which in-plane oriented graphene is the reinforcing element. Figure 4.1
shows a schematic of the multilayer coextrusion method of forced assembly and how the
geometric constraints and the complex flow that includes biaxial stretching?' may create the

oriented graphene layers in the multilayer film.

To date the idea of dispersing and orienting anisotropic nanofillers through multilayer
coextrusion has been only briefly investigated. In 1999, the Baer group reported incorporating
talc micro-platelets into poly(ethylene terephthalate) micro-layer films to reduce oxygen

2l Very recently, Guo et al ?? reported that enhanced electrical conductivity can

permeability.
result from oriented carbon nanotubes in layers with carbon black in polypropylene films formed
through multilayer coextrusion. And Miquelard-Garnier et al?®> have also reported on
nanocomposites with improved mechanical properties through the dispersion of carbon
nanotubes in polypropylene via multilayer coextrusion. However, to the best of our knowledge,

multilayer coextrusion has not been exploited to orient platelet-like nanofillers, such as graphene,

to reinforce polymer matrixes, with particular thought to creating a biaxially reinforced medium.
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In the present study, we use forced assembly by multilayer coextrusion to develop a new
class of polymer nanocomposites with planar oriented graphene nanoplatelets to achieve two-
dimensional reinforcement. To this end we prepared and studied two different nanocomposites
made using the amorphous polymers polystyrene (PS) and poly(methyl methacrylate) (PMMA).
The PMMA/PS couple is a typical alternating layered film structure used in multilayer
coextrusion studies.?” 2* Furthermore, commercial polystyrene /graphene master batch materials
are now available in reasonable quantities. Therefore, the immiscible PMMA/graphene filled PS
(PMMA/PS-graphene) system was the first that we investigated. In this instance we used a
commercial PS/graphene master batch and compared the films obtained with similar films using
a lab-made PS/graphene masterbatch. As poor strength of the films was observed, possibly due
to the poor bonding between graphene and PS, and the weak interface between the PS and
PMMA layers, we also made our own master batch of PMMA/graphene and used this to

investigate the properties of PMMA/PMMA -graphene nanocomposites.

The morphology of the continuous layers and orientation of the graphene nanoplatelets
were characterized with electron microscopy. Quasi-static mechanical and dynamic mechanical
properties of the materials were determined. Differential scanning calorimetry was used to
determine the glass transition temperatures of the systems, hence permitting us to evaluate the
magnitude of any apparent reinforcement due to the changing viscoelasticity of the matrix

materials due to a change in T,.
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4.2 Experiments
4.2.1 Materials

Neat poly(methyl methacrylate) was supplied by Altuglas International (PMMA V920T,
MFT is 6 g/ 10 min at 230°C /3.8 kg; GPC using tetrahydrofuran and calibrated with polystyrene
standards gives Mw = 110k, PDI = 2.15) and neat polystyrene was obtained from Total
Petrochemicals (PS 1340, MFI is 4 g/ 10 min at 200°C /5 kg; GPC in THF gives Mw = 286k,
PDI = 1.66). The graphene nanoplatelets came from two sources: virgin graphene nanoplatelets
obtained from ACS Materials were used to make PS/graphene and PMMA/graphene master
batches in our laboratories. Prior to extrusion the PMMA systems were dried in a SOMOS dry
air dryer T20 eco system at 80 °C for 4 hours. A commercial polystyrene/15% graphene
nanoplatelet filled master batch was obtained from Ovation Polymers Company. The

characteristics of the master batches and the graphene nanoplatelets are presented in Table 4.1.
4.2.2 Preparation of lab made polymer/graphene master batches

The lab-made PMMA/20 wt % graphene master batch was prepared from the Altuglas
PMMA and the ACS Materials graphene nanoplatelets following a solution mixing method used
by Ramanathan et al’ and adapted here for bigger quantities. 15 g graphene and 60 g PMMA
were dissolved in 600 mL THF (Emparta ACS) at 40 °C and the mixture was mechanically
stirred for 2 h to assure good dispersion. The mixture was precipitated by adding 6 L water and
vacuum dried at 80 °C for 24 h. The lab-made PS/graphene master batch (20 wt %) was prepared

using the same method.
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4.2.3 Preparation of the polymer/graphene formulations

Prior to multilayer coextrusion, the relevant PMMA -graphene formulations (0.5, 1.0 and
2.0 wt %) to be used in extruder 2 (see Figure 4.1) were prepared by diluting the PMMA-20 wt %
graphene with the neat PMMA using a Thermo Haake PTW 16-40D co-rotating twin-screw
extruder at 600 rpm and 215 °C. The PS-graphene formulations (0.5, 2.0 and 4.0 wt %) were
prepared by diluting the commercial PS/ 15 wt % graphene master batch from Ovation Polymers
Company with the Total Petrochemicals PS, using the same twin-screw extruder at 200 °C with
co-rotating mixing, again, at 600 rpm. The specific mechanical energy (SME = torque X screw
speed of the extruder / throughput of the mixing) was around 5000 kJ/Kg for the PMMA systems
and 8000 kJ/kg for the PS systems. For the two systems, this value was fixed as high as possible,
following studies by Potschke? and others?® showing that a high SME value for twin-screw

extrusion results in better dispersion of nanofillers in polymers.

Multilayer coextrusion requires a reasonable viscosity match between the polymer melt
streams.'® In the present study, because the films were prepared with different amounts of
graphene nanoplatelets, the viscosity ratio between the two melt streams (Ngraphene filled polymer /
nemma) could not be maintained constant. The viscosity ratios were obtained from the apparent
steady shear viscosities of all polymers and graphene formulations as a function of temperature
to choose acceptable operating conditions. And 240°C and 225 °C were chosen for PMMA/ PS-
graphene systems and PMMA/PMMA-graphene systems, respectively, considering both
viscosity match and degradation.. The zero shear viscosity increases with increasing
concentration of graphene. However, at the shear rate of 4s™! to simulate the flow condition in the

extrusion, the graphene enhances shear thinning therefore decrease the viscosity of polymers.
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4.2.4 Fabrication of multilayer polymer/polymer-graphene films

Using a multilayer coextrusion process (Figure 4.1), the primary polymer melt A (in this
study always PMMA) and the secondary polymer melt B (PMMA or PS) filled with graphene,
were extruded from two single-screw extruders (Extruder 1: Mapre, 30 mm diameter with a
barrel of length-to-diameter ratio of 33 and speed fixed at 37 rpm; Extruder 2: Scamex, 20 mm
diameter with a barrel of length-to-diameter ratio of 20 and speed between 30 and 45 rpm)
respectively, combined in a classical three layer coextrusion feed block (ABA). In this study, the
percentage of polymer B in the film was kept constant at 10 wt %. Exact values for this ratio
were calculated after extrusion by measuring the mass flow rate and always found to be between

9.3 and 10.8%.

The three-layer melt block flows through a series of mixing elements with the process of

2223 shown in Figure 4.1 to produce 2! +1

vertical slicing, biaxial stretching and recombining
layers (n being the number of mixing elements). In this study, 0, 6 and 10 mixing elements were
used, giving films containing respectively 3, 129 and 2049 layers. These are then spread through
a flat die (width = 100mm, thickness = Imm) and onto a chill roll drawn at 1.7 m/min and
maintained at 80 °C to allow relaxation of the PMMA. The result is a rectangular film made up
of the alternating layers. For the two single-screw extruders, mixing elements and die were set to
225 °C for the PMMA/PMMA systems and 240°C for the PMMA/PS systems. The residence

time for the melts in the mixing element segment, estimated using the throughput of the extruder,

is approximately 2 minutes.
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The final concentration of graphene was then 0.05, 0.1 and 0.2 wt % in the
PMMA/PMMA films, and 0.05, 0.2 and 0.4 wt % in the PMMA/PS films if both filled and

unfilled layers are counted.

4.2.5 Morphological analysis

Optical microscopy: 20 um thick slices were obtained using a Leica RM 2225 microtome.
The cuts were made perpendicular to the extrusion flow direction. They were then observed by
transmission optical microscopy using an Olympus BH2-UMA. Images were analyzed using
Imagel] (an open source image processing software developed by the National Institutes of

Health) and at least five images were used for quantitative analysis.

Electron microscopy:

- Scanning electron microscopy (SEM) and scanning transmission electron microscopy (STEM):
70-80 nm thick slices from the films were obtained using a LKB BROMMA 2088 ultratome with
a glass knife at the speed of 2 mm/s. The cuts were perpendicular to the extrusion flow direction.

Images were collected using a HITACHI 4800 SEM in SEM and STEM modes.

- Transmission electron microscopy (TEM): TEM was performed using a TESLA BS500
electron microscope operating at 90 kV. Approximatively 50 nm thick sections were microtomed
from multilayered films with a Power Tome XL ultramicrotome equipped with a diamond knife.

Again, cuts were perpendicular to the extrusion direction.
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4.2.6 Property Measurements
4.2.6.1 Steady shear viscosity measurement

The apparent steady shear viscosity of all polymers and graphene formulations were
determined using an ARES Rheometer (TA Instruments) with 25 mm diameter parallel plate
fixture at a shear rate of 4s™! to simulate the flow condition in the extrusion. In the mixing
elements section, one can estimate the shear flow knowing the throughput of the extruder
(around 6 kg/h), the density of the PMMA (1.18 g/cm?®) and the dimensions of the mixing
elements (10 x 10 mm) and obtain a value close to 8 s'. The 4s! shear rate was chosen because

the high viscosity system gave a torque at the limit of the instrument for this rate.
4.2.6.2 Mechanical Properties

Quasi-static mechanical properties of the multilayer films were determined in uniaxial

extension using an Instron 4301 testing machine with a 1kN load cell. At least five specimens of
each sample (0.3~0.5x10x110 mm3), cut parallel and transverse to the extrusion flow direction,

were tested at ambient temperature and 50% relative humidity at a cross head speed of 5 mm/min.
Strain was obtained from the cross head displacement and original sample length (110 mm )
between the grips of testing machine. Tensile modulus was calculated within the linear regime of

strain (0.2-0.4 %) from the stress versus strain curves.

The dynamic moduli at a single frequency of 1.0 Hz were determined using a TA
Instruments Q800 DMA with a rectangular specimen (0.3~0.5x5 x20 mm?). Compliance was
calibrated with a stainless steel strip by using the internal instrument procedure. A dynamic

temperature ramp at 2 °C/min was run at 1Hz and 0.5 % strain over the temperature range from
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40 °C to 130 °C. It was verified that the measurement remained in the linear viscoelastic domain.

Three samples were tested for each type of sample investigated.
4.2.6.3 Glass Transition Temperature Determination

The glass transition temperature 7, was determined from calorimetry as the limiting
fictive temperature 77.22" The calorimeter was a TA Q10 differential scanning calorimeter
(DSC, TA Instruments) and the tests were run in heating at 10 °C/min after cooling at 10 °C/min

from a temperature of 130 °C under nitrogen flow.
4.2.6.4 Annealing Test

Films were cut to 5 X 5 mm? and annealed at 125°C for 1 hour. The dimension change

was obtained using optical microscopy to characterize de-orientation of the polymer chains.

4.3. Results and Discussion
4.3.1 Structure and morphology

Electron microscopy was used to confirm the existence of the continuous layer structure
of the films. Multilayer coextrusion produces polymer films with alternating layers, and the
thickness of the layers is controlled by varying the number of layers and keeping the total
thickness of the films constant. The overall thicknesses of the films in the present study were
approximately 0.5 mm and 0.3 mm for PMMA/PS and PMMA/PMMA systems, respectively.
For example, taking into account the weight ratio of 9:1 for the two polymer layers, the
multilayer films with 2049 layers contained individual layers with a theoretical thickness of 500

nm for the PMMA and 65 nm for the PS in the PMMA/PS-graphene films, and 290 nm and 35
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nm for PMMA/PMMA-graphene films. The layers then provide the geometric constraints to

orient the graphene nanoplatelets.

Due to these constraints, graphene nanoplatelets were expected to be oriented in the
confinement by the thin layers. The layer and orientation were studied by SEM, STEM and TEM.

It was found that the concentration of graphene influenced the alternating layer structure.

4.3.1.1 PMMA/PS-graphene system

The STEM and SEM images of Figure 4.2 show cross sections of the 2049-layer
PMMA/PS films with 0 wt %, 0.5 wt %, 2 wt % and 4 wt % graphene nanoplatelets in the thin
PS layers(e.g. 0 wt %, 0.05 wt %, 0.2 wt % and 0.4 wt % in the total film). The layer continuity
was evidenced and the influence of graphene on the layer structure was studied, although the

graphene confined in the thin PS layers was difficult to observe.

The PMMA and PS layers (white and black) are readily distinguished as continuous layers
(Figure 4.2a), with the thickness close to expectation (PS: 60-90 nm; PMMA: 300-600 nm),
although with some non-uniformity with the addition of 0.5 wt % graphene (Figure 4.2b).
However, when the concentration of graphene is 2 wt % in the PS layers, some layers break and
are no longer continuous. (Figure 4.2c). We also note that the addition of graphene swells the
layer, which may lead to the break-up of layers at higher concentrations of graphene. When there
is 4 wt % graphene in the PS layers, most of the layers are broken, with some aligned lamellae
and some droplets. (Figure 4.2d) Therefore, 2 wt % graphene is found to be the upper limit in our

filled layer to maintain the layer structure.

4.3.1.2 PMMA/PMMA-graphene system
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We first used optical microscopy to characterize the morphology of the multilayer films
at the micro-scale and to compare the dispersion of graphene nanoplatelets for films with
different number of layers. To quantify the dispersion of graphene nanoplatelets, the fraction R
of the total aggregates with diameter > 5 um (area > 19.6 um?) over the total area of the sample
was determined following the work of Potschke.?® Although the value obtained cannot be related
to the real volume fraction of aggregates in the sample, concerning the thickness of the sample
imaged, it is still observed that the large aggregation (particles > Sum in diameter) fraction R
decreases as the number of layers increases. Although it is clear that some large aggregates
remain in the sample, which certainly results in the local perturbation of the nano-scaled layers
even when 10 mixing elements are used, the dispersion of the graphene nanoplatelets and the
breakage of aggregates in the relevant polymer matrix appears to increase upon increasing the
number of layers. In the process of multi-layer co-extrusion, the mixing elements slice the melts
with the result that the graphene aggregates are broken up to a large extent. In addition, due to
the limitation of resolution, optical microscopy is not able to show the layers below 1um.(For the
PMMA/PMMA films, the thickness of the filled layers are 450 nm and 35 nm for the 129 and
2049 layer films, respectively). In addition, the contrast between PMMA layers is too low to
show distinct layers using optical microscopy. These are the reasons that Figure 4.3 does not

show a distinct layered structure.

STEM and TEM were used to study the graphene orientation and aspect ratio, when the
layer thickness reaches the nano-scale in the 2049-layer films (see Figure 4.4). With no graphene,
as expected (Figure 4.4a), there is no clear distinction between the thin PMMA and the thick
PMMA layers. However, when there is 1 wt % graphene in the thin PMMA layers, the individual

graphene nanoplatelets can be observed and appear mostly oriented in the plane of the layers
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(horizontal direction in Figure 4.4b), with distribution of platelet length ranging from

approximately 50 to 150 nm.

When there is 2 wt % graphene in the layers, similar to the PMMA/PS system, the
concentration appears to reach an upper limit which starts to perturb the nanostructure (Figures
4.4c and 4.4d). Figure 4.4c displays some small or wrinkled graphene nanoplatelets which are
still expected to be confined within the thin layers (dashed lines), similar to the results reported

by Gupta, et al'®

for polypropylene/ 10 vol. % phosphate glass particle filled polypropylene
multilayer films. On the other hand, Figure 4.4d shows a large and oriented graphene with a
length of approximately 600 nm. Although there are some stacks of graphene nanoplatelets, e.g.
60 layers of graphene with 20 nm thickness, the stacks of graphene can still be confined in the

thin layers (30-40 nm thick). It is also possible that the thick-looking graphene nanoplatelets are

not stacks of graphene, but rather titled platelets.

It should be noted that the length of the graphene nanoplatelets is, in any case, smaller
than the data provided by the suppliers, but the observed particles may not be totally flat (since
thickness, on the contrary appears greater than the supplier provided information (see Table 1)).
Extrusion is also known to result in the shortening and breakage of nanofibers®® and

nanoplatelets,?® so this is not unexpected.

As seen in Figure 4.4, it is difficult to give an average aspect ratio for the graphene
nanoplatelets, due to the variety of shapes, lengths and thicknesses, the precision of the apparatus,
and the relatively small scale of the pictures. To obtain more quantitative information concerning

the size and orientation of the nanoplatelets, indirect scattering methods could unfortunately not
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be performed because the graphene concentrations in the samples are too low for simple

scattering characterization.

In consequence we can approximate the aspect ratio assuming the graphene thickness is
2-10 nm as given by the material provider. Then the aspect ratio Ay = length / thickness,
depending on whether one has a wrinkled or flat shape of the nanoplatelet, can be estimated to
range from 5-10 (wrinkled particles) up to 100-300 (flatter ones). Since the outer layer of films is
unfilled polymer, electrical conductivity cannot be measured to obtain the percolation
information of graphene in inner filled layers. In the next section we compare these values of
aspect ratio with estimates from mechanical reinforcement data and the Mori-Tanaka model of

composite reinforcement.?’
4.3.2 Glass transition temperature

Polymers are frequently used at ambient temperature or above and this can be a high
fraction of the glass transition temperature.’’ Because of this a change in T, can impact the
thermo-viscoelastic response of the polymer matrix significantly.” 3 Hence it is important to
establish that any observed stiffness increase in a nanocomposite relative to the neat resin is not
simply the result of an increased 7. As discussed in Chapter 2, for example, a 16 °C increase in
T, in poly(ethyl methacrylate) (PEMA) with 0.25 wt % graphene oxide gives an apparent 25 %
reinforcement at room temperature, and this could be mistaken for a large graphene oxide
reinforcement.” Therefore to quantitatively study the reinforcement of the planar oriented
graphene, the glass transition temperatures of samples taken so that they comprised the entire
film thickness were studied by DSC and normalized heat capacity was determined to compare T,

variations.>! As shown in Figure 4.5, the T, is observed to increase by approximately 1.5-2 °C
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upon the addition of 2 wt % graphene to both the PMMA and PS thin layers. Hence the shift of
the T, due to the presence of graphene in the present work is small, unlike previous work with
the nanocomposites of PEMA/graphene oxide.” Subsequently, we show that this small change of
T, results in only modest apparent reinforcement and that most of the reinforcement observed in
the present work occurs due to the oriented graphene and not to the change in 7, due to confining

effects of the nanofillers.
4.3.3 Mechanical properties

From the microscopy we can see that, as we hypothesized, the forced assembly method
succeeds in orienting the graphene in the plane of the layers to some extent. Therefore, in the
direction of the orientation, nanocomposites with such structures should provide enhanced
stiffening of the composites in the plane directions in which the graphene platelets are aligned.
To confirm the microscopic observations, we examine the stiffening or reinforcement of the
multilayer composites in two ways. We first considered the modulus of the multilayer films,
themselves. The results show, in this case, modest reinforcement because the individual
reinforcing elements (individual layers filled with graphene) make up only 10% of the film itself
and, so, are effectively diluted. We, therefore, then analyzed the results by estimating properties
of the single, graphene-filled, layers. We have also analyzed the experimental results within the
framework of the Mori-Tanaka model which gives an additional estimate of the graphene platelet
aspect ratio. This was found to be in the same range as the estimates obtained from the

microscopy measurements for flatter nanoplatelets.

4.3.3.1 Mechanical properties of multilayer films
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Figures 4.6a and 4.6b show the relative stiffening of the multilayer films along extrusion
flow direction based on the quasi-static tension tests and dynamic mechanical tests, respectively.
The figures show the ratio E/En vs. weight fraction graphene of the composite modulus E to the
modulus En of the corresponding unfilled multilayer film (for PMMA/PMMA, En= 2.89 GPa;
for PMMA/PS, En= 2.71 GPa, as measured in our lab). The results are plotted as a function of
the weight fraction of graphene in the full film. From the quasi-static tension tests, we see that as
the addition of graphene increases to 0.2 wt % for the total film, the reinforcement is 11.0 % for
the 2049-layer PMMA/PMMA-graphene film (E= 3.21 GPa) and 4.2 % for the 2049-layer
PMMA/PS —graphene film (E= 2.82 GPa). In addition, as expected, the reinforcement due to the
graphene in the 2049-layer film is greater than in 129-layer and 3-layer films, consistent with the
idea that increasing the number of layers improves the graphene orientation. From Figure 4.6b
we see that the DMA results give a similar trend, but somewhat weaker than the quasi-static
tension test, i.e., approximately 8% increase in modulus for the 0.2% graphene in
PMMA/PMMA system. The slight difference can possibly be explained because the DMA tests
were performed at 1.0 Hz and 40 °C while the static tension tests were performed at a rather low
strain rate of 7.6x10/s and at room temperature. In addition, in fracture toughness tests (data not

shown), up to 0.2 wt % graphene, the brittleness of the films does not change significantly.

The PMMA/PS-graphene films made from the commercial master batch appear to
display weaker reinforcement than PMMA/PMMA-graphene made from the lab-made master
batches. This might be due to the poor bonding between graphene and PS or the poor bonding
between the PS and PMMA layers. We note that a significant spontaneous delamination between
the PMMA and PS layers occurred after two months of the samples sitting at ambient conditions

in the lab, apparently due to the low interfacial adhesion between the immiscible PS and PMMA
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layers.>? In addition, we note that the commercially supplied master batch has additives in the
mix to improve the graphene dispersion and this could also be a factor in the lower reinforcement.
Regardless, in what follows we consider only the PMMA/PMMA-graphene system in an
examination of the reinforcement in terms of the individual graphene reinforced layers rather

than the total film.

We have already used optical microscopy to compare the dispersion of the graphene
nanoplatelets for varying the number of polymer film layers. In Figure 4.7, it was observed that
the stiffening of films versus layer thickness, share a similar trend with the dispersion quality. By
increasing the number of layers, the degree of dispersion of the graphene nanoplatelets and the
possible breakage of aggregates in the polymer matrix appear to increase as the thickness of the
confining layer decreases, and should confine the graphene nanoplatelets more efficiently, giving
enhanced reinforcement.

Another mechanical property of interest is the fracture toughness, the ability of a material
to resist fracture in the presence of cracks. As we know, incorporation of some stiff nanofillers
such as carbon nanotubes may increase or maintain the polymer brittleness depending on the
dispersion,? and silica nanoparticles can enhance the fracture toughness of epoxy.**~** When the
crack propagation of PMMA films at room temperature occurs in the linear elastic region,

fracture toughness Kjc can be obtained from the following equation,>*

Pc

Kic = thQ 1)
where Pc is the load at crack propagation obtained from the load-displacement curve, t is the

thickness, w is width, and Q is a dimensionless function of pre-crack length over width. Figure

4.8 shows both the fracture toughness results and reinforcements for the 2049-layer
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PMMA/PMMA-—graphene films. No change in fracture toughness was observed. Therefore the

addition of graphene can reinforce the PMMA films without loss of toughness.

4.3.3.2 Reinforcement of a single, graphene filled PMMA layer

From the measurements on the multilayer films, we can estimate the modulus of the
actual single, graphene filled layer (see equation 2). Although the microscopy was not conclusive
that there are distinct filled/unfilled layers in the PMMA/PMMA-graphene system, it is still
reasonable to assume, in a first order approximation, that the graphene nanoplatelets are mainly
confined within the thin PMMA layers and aligned in the flow direction. Such an assumption is
reasonable because of the short residence time of the melt streams and slow diffusion of the
graphene nanoplatelets in the mixing elements (~2 minutes). Using the Stokes-Einstein
equation®> and an equivalent spherical diameter*® for the graphene nanoplatelets. For example,
for diameters of 28.8 nm (for a 5 nm x 50 nm x 50 nm platelet) and 72.6 nm (for a 5 nm x 200
nm x 200 nm platelet), the mean-square diffusion displacement in 2 minutes is estimated to be
1130 nm? (d=34 nm) and 449 nm? (d=21 nm), respectively, for a melt viscosity of 5367 Pa.s at a
temperature of 225°C. Considering the concentration of graphene, the system is not a dilute
dispersion, and we would, therefore, expect that the particle diffusion should be slower than the
Stokes-Einstein estimate because of the particle interactions.’’” Hence, the actual diffusion
displacement of the graphene nanoplatelets would be significantly less than the above estimates.
In addition, even if there are stacks of graphene, the larger particles should have even slower
diffusion than the simple Stokes-Einstein estimates above. To conclude, even not considering
that the particles need to move laterally to the (apparent) orientation direction nor the fact that

the diameter reductions would be greatest in the last stage of the process, the distance migrated
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out of the confining layer by the graphene nanoplatelets should not be enormous. The
examination of the reinforcement of the single PMMA layer containing the graphene, and the
comparison with micromechanical predictions assuming alignment of the nanoplatelets, provides
us with insight into the advantages of the forced assembly in orienting the graphene. It also
provides information about the efficiency of orientation within the single layers. This is
particularly relevant if one can eventually make multilayer systems in which all of the layers are

of nanometer thickness and reinforced by graphene.

The tensile modulus Esingle of a single graphene filled PMMA layer can be estimated
using equation 1, which corresponds to the results from the Voigt upper bound mixing rule,*®
where Viick and Viingle are the volume fraction of the unfilled thick PMMA layers and single

graphene filled PMMA layers, respectively.

E-VenickEm
Esingle:— (2)
Vsing/e

In order to obtain further insight into the single layer reinforcement, we used the Mori-
Tanaka model? to analyze the graphene reinforcement in the single filled PMMA layer. Tandon
and Weng>® have derived an analytical form of the Mori-Tanaka model for the tensile modulus in

composites with unidirectionally aligned isotropic platelets:

E 1

FIH:(]'/'VI‘ ('2VmA3'(]-VmA4+(]+Vm)A5A))/2A) (3)

where En , vm, and Vy are tensile modulus of PMMA, Poisson’s ratio of PMMA and volume
fraction of graphene, respectively. A and A; are functions of Vi, v and the Eshelby tensors

provided by Tandon and Weng.>* In the case of the single layer, Esinge=E. We have assumed
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E,=2.89 GPa, v,= 0.35, and the tensile modulus of the graphene sheet was taken as 1060 GPa
(value measured by nanoindentation*’). At low volume fraction, the Mori-Tanaka model is
insensitive to the Poisson’s ratio of the filler and we have assumed that graphene is isotropic with

a Poisson’s ratio of 0.006.*!

In Figure 4.9, for the case of the 2 wt % graphene in the individual layer, the degree of
apparent reinforcement is 118 % (from the quasi-static tension tests) and 86 % (from the DMA
results). These results are close to the predictions from the Mori-Tanaka model with Ay =225 or
137, for quasi-static or DMA testing, respectively. This is similar to values from 100 to 300
estimated from the electron microscopy images described previously for the flatter nanoplatelets.
The high amount of reinforcement is significantly greater than previously reported for
reinforcements in isotropic or random dispersions of graphene in polymer matrices. For example,
a 2 wt % graphene dispersed in PMMA by in situ polymerization gave a 39 % reinforcement®
and a 2 wt % graphene dispersed in polycarbonate by melt mixing gave a 21% reinforcement.'°
Importantly, the single layer analysis shows that we achieve significant reinforcement in the

polymer by orientation induced by forced assembly.

With regard to the small increase in 7,, we modified the mechanical results versus
temperature to give corrected reinforcement E(7-T,)/Em(T-Ty),” and also compared the results
with the Mori-Tanaka model. In that case the fitting parameter Ay gave values of 180 and 102 for
quasi-static and DMA experiments respectively, as shown in Figure 8, again in the range of the
estimated Ay values for aligned nanoplatelets, obtained from the electron microscopy images. For
the 2 wt % graphene in the filled layer, the reinforcement is 101 % (from quasi-static tension test)
or 69 % (from DMA), still higher than previously reported reinforcements in isotropic or random

dispersions. A point worth making here is that comparison of the corrected reinforcement with
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the apparent reinforcement shows that there is an extra 15-20 % reinforcement that arises from

the relatively small change in 7.

We have also examined the two-dimensional reinforcement in the single layer from the
measurements of modulus perpendicular to the extrusion direction. Indeed, when the film leaves
the extruder, its thickness is close to 1 mm, whereas the final film thickness obtained after the
chill-roll is between 0.3 and 0.5 mm, indicating orientation of the polymer chains. A point of
importance here is that annealing of the samples above 7, and watching them de-orient, gives the
result that the deorientation is approximately the same for the graphene filled and unfilled system.
We interpret this to imply that the addition of the graphene does not significantly change the
orientation of polymer chains induced by the multilayer extrusion process. Hence, we can
compare the reinforcement relative to the neat resin properties using the extruded film estimates
and the neat PMMA/PMMA multilayer film properties of the tensile modulus of 2.89 GPa and
2.08 GPa, along flow and transverse directions, respectively. We compare the mechanical
properties by considering the tensile modulus of the single graphene filled layer, along both flow
and transverse directions. Figure 4.10 presents the 7, corrected reinforcements of flow and
transverse directions. We see from the figure that the transverse reinforcement is weaker than
that of the flow direction and the difference between the two gets larger the higher the graphene

content. We discuss the possible mechanism in the next section.
4.3.3.3 Graphene Orientation

The ability to create a two-dimensional, maybe nacre-like, structure that gives isotropic
in-plane stiffening through platelet orientation*? is a promising advantage of the forced assembly

method of making graphene or other platelet-like nanocomposites. In the previous section we
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saw that we obtained very good reinforcement of the single graphene reinforced layers in the
flow direction and more modest reinforcement in the perpendicular direction. To explain our
observations of planar reinforcement and its anisotropy (which cannot be explained by the
presence of wrinkled, almost isotropic, graphene nanoplatelets) we can apply the Krenchel’s
approach®® and Brune and Bicerano’s model of “small off-plane deviation: imperfect planar

orientation”.**

There are some studies that explore how platelet-like particles orient during flow.*3-¢

Although numerical methods predict that the major axis of rectangular platelet-like particles
aligns in the shear flow direction®, in Paul's work of polymer/nanoclay composites produced by
injection molding, a lower degree of alignment of platelets was observed by TEM in the
transverse direction compared to the flow direction.*® Paul also reported higher thermal
expansion coefficients in the transverse direction, corresponding to the non-uniform
orientation.*® This work indicated an imperfect planar orientation of platelet-like particles, and
there has been some theoretical work to predict the effect of imperfect alignment on the
composites properties. Both Lele et al* using Krenchel’s approach*’ and Brune and Bicerano**
using a numerical method, showed that a small off-plane deviation from perfect planar

orientation of platelet-like particles can reduce the reinforcement significantly.

When graphene nanoplatelets are in such an imperfect planar orientation or “tilted” in the
transverse direction, we can estimate the transverse reinforcement from the axial reinforcement
(Brune and Bicerano assumed that the axial reinforcement equals to the maximum reinforcement
for perfect planar orientation) as being tilted at an angle 0 to the flow direction with the
following method: If we assume that the individual graphene filled PMMA layer thickness is 35

nm and the length of the graphene nanoplatelets confined in the layer is 120 nm, the maximum
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h,43’ 47

tilted angle 0 equals to sin"'(35/120)=17 °. Following Krenchel’s approac we can estimate

the lateral tensile modulus using equation 4:
E=EmVm+cos*OFVr 4

where 6 is the tilted angle to the flow direction, equaling to the angle to the lateral tensile load
direction Efis the tensile modulus of the graphene sheet. Krenchel’s approach (equation 4) gives
a value of the transverse reinforcement (E/En)iransverse=0.86 (E/Em)axial, Which is somewhat
higher than the experimental results presented in Figure 8. Brune and Bicerano** solved the full
tensor constitutive equations numerically and, from their graphical solution we estimate that
(E/Em)iransverse=0.75 (E/Em)axiai, closer to the experimental result. Future work should explore the
possibility that this imperfect planar orientation could be improved by combining the multilayer

coextrusion with an external biaxial stretch.'®
4.4. Conclusions

We have used forced assembly through multilayer extrusion methods to create PMMA/PS-
graphene and PMMA/PMMA-graphene multilayer films. A combination of microscopic
analysis of the morphology of the multilayer films and mechanical property measurements
provides evidence that the reinforced layers contain oriented graphene in the direction of
extrusion and partially oriented in the transverse direction. The amount of reinforcement is
greater than normally reported for graphene nanocomposites and has been attributed primarily to
the graphene orientation and not to the small increase in the glass transition temperature of the
reinforced matrix. For the PMMA/PMMA-graphene system with 2% by weight loading of
graphene in the thinnest layers (35 nm), the room temperature, flow direction tensile modulus is

2.18 times that of the neat resin while accounting for the increased 7, reduces the estimated
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reinforcement to approximately 2.01 times that of the neat polymer matrix, still a significant
effect. For the 40 °C data from dynamic testing the similar relative moduli are 1.86 and 1.69 for
the non 7e-adjusted and T,-adjusted values, respectively. The lateral degree of reinforcement at
the same graphene loading in the PMMA/PMMA -graphene system is approximately 75 % that of
the flow direction reinforcement, leaving room for improvement in the properties in the
transverse direction. The results suggest that forced assembly by multilayer extrusion offers the
opportunity of creating layered structures with high degrees of in-plane reinforcement and

further refinements of the method should be developed.

While some of the results for the PMMA/PS-graphene are similar to those of the
PMMA/PMMA-graphene system, the material is not very strong and weakens with time,
possibly due to poor adhesion between the PS and the graphene and the weak interface between
PMMA and PS. It has been suggested that the interface can be improved by the use of block

copolymer compatibilizers to prevent delamination in this system.3? 4
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Table 4.1 Material characteristics reported by manufacturers

Master batch Graphene Graphene Graphene | Graphene | Graphene

concentration | source Thickness | Size / um | Aspect Ratio
/ nm Af

Lab made 20 wt % ACS Materials | 2-10 5-10 1000-2000

PMMA/Graphene GnP

Lab made 20 wt % ACS Materials | 2-10 5-10 1000-2000

PS/Graphene GnP

PS/Graphene from | 15 wt % X-GnP M15 5 15 3000

Ovation Polymers

84




1. Biaxial n mixing

1
]
! ]
: Slicing e men stretching . elements
- -
Polymer B + graphene ~ : et ::> L= . . ::>
e 5 ! e, 2.Combining _**°%*
- 1 ss* s
3 ! i
s ! . 5 layers 27141 layers
i W Mixing element
Polymer A s e —

3 layers : ————————————————
h -
Extruder 1 ¢ IIIIIIIIII Die

Mixing elements

Figure 4.1 Schematic of the multilayer coextrusion process for production of multilayered
polymer nanocomposites with alternating layers of unfilled polymer and polymer containing

oriented graphene.
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Figure 4.2 Cross section STEM images of 2049-layer PMMA/ PS filled with (a) 0 wt %; (b) 0.5
wt % graphene; (c) 2.0 wt % graphene; (d) SEM image for films with 4.0 wt % graphene (Here
all films are made from the commercial graphene master-batch. The films with 4 wt % graphene
were too brittle to microtome therefore they were immersed in liquid N> and cryogenically

fractured before imaging by SEM)
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Figure 4.3 Optical images of PMMA/PMMA filled with 1 wt % graphene. (a: 3-layer, b: 129-

layer and c: 2049-layer) and large aggregations fraction R
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Figure 4.4 Cross section STEM images of 2049-layer PMMA/ PMMA film filled with (a) 0
wt %; (b) 1.0 wt % graphene; TEM images of 2049-layer PMMA/PMMA film filled with 2.0 wt %
graphene (c) showing graphene confinement (dashed lines represent the tentative positions of the

thin PMMA layers) (d) showing a single aligned graphene particle.
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Figure 4.5 DSC results for the (a) 2049L PMMA/PMMA-graphene and (b) 2049L PMMA/PS-

graphene systems. Reinforcing layers contain 2 wt % graphene.
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Chapter 5. Mechanical responses of a polymer graphene-sheet nano-sandwich
5.1 Overview and introduction

As previous chapters have shown, there has been significant interest in the reinforcement
of polymer matrices by graphene over the past years.!* And most of the work has focused on
methods of obtaining good dispersion of the graphene in the polymer matrix*’. Recently,
however, there has been an attempt to understand the interfacial mechanics of single and
multilayer graphene sheets in polymers using Raman spectroscopy®'’. In the present work we
use a previously developed nano-bubble inflation method!!"! to probe the interfacial mechanics
between graphene and poly (ethyl methacrylate) (PEMA) in both its rubbery and glassy state.
The method provides new information on the stiffness of a chemical vapor deposited (CVD)
graphene in a novel nano-sandwich structure and provides new data related to the interfacial
strength and internal stresses built up in the interface between the graphene and the polymer
layers.

Young and co-workers used Raman spectroscopy to study graphene on polymeric
substrates using a bending test®”. Their work provided the first measurement of interfacial
mechanics of a graphene/polymer system. However, Raman spectroscopy only provides indirect

16-17 " rather than

stress/strain responses of the graphene as a function of the beam surface strain
through a direct measurement of the stress-strain responses of the graphene and the polymer
matrix. Here a nano-sandwich built by layering a single CVD graphene sheet between two thin
polymer films is proposed (Figure 5.1). There are three features of this unique nano-sandwich
structure: first is that we can apply the nano-bubble inflation method developed in our laboratory

previously!!"! to obtain the stress-strain response of the graphene nano-sandwich directly. Hence

we can probe the interfacial shear strength and internal stresses set up between the graphene and
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the polymer matrix. Second is that single sheet, large-area CVD graphene!3!? (graphene created
by chemical vapor deposition, the area is > 1 x 1 mm?) can be incorporated between the planes of
two ultrathin polymer layers. The graphene reinforcing element has a large aspect ratio (4y =
length / thickness). Therefore the designed structure can also be used to estimate the properties of
the CVD graphene.?’ In addition, we can use the nano-bubble inflation method at a temperature
above the glass transition temperature of the polymer. In the previous Raman spectroscopy-based

works®1°

the polymer was in the glassy state.

Recently, Raman spectroscopy has been incorporated with the bulge test to monitor the
biaxial strain of graphene bubbles.?!*> However, to the best of our knowledge, the nano-bubble
inflation or bulge testing methods have not been exploited to study such a nano-sandwich model
composite as that investigated in the present work. Here we have applied the nano-bubble
inflation method to obtain the mechanical response of the nano-sandwich as a function of
inflating pressure. From the measured stress-strain behavior of the nano-sandwich we then

extracted the interfacial shear strength and the internal stress built up between the graphene and

polymer matrix, as well as the stiffness of the CVD graphene sheet.

5.2 Experiments
5.2.1 Materials:

Single layer CVD graphene sheets grown on copper foils were purchased from Graphene
Laboratories, Inc, and characterized by micro-Raman spectroscopy. The measurements were
performed using a Bruker Senterra dispersive Raman microscope spectrometer equipped with a
532 nm laser, and Figure 5.2a shows the Raman spectrum of a single layer CVD graphene

transferred from the copper foil to a silicon wafer. The ratio of the integrated intensity of the 2D
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peak to that of the G peak is greater than two, which suggests that the CVD graphene is single
layer.® Furthermore, the defect density estimated from the ratio of In/Ig < 0.3 is low, and this
confirms the quality of graphene. Poly(ethyl methacrylate) was purchased from Sigma Aldrich
( PEMA, T; = 65°C, My, = 515 k, PDI = 1.52 ). Iron(IIl) chloride (FeCl3) was purchased from
Sigma Aldrich( sublimed grade, > 99.9% ).

5.2.2 Methods:

The method used to create the graphene nano-sandwiches has been developed in our
laboratory. In Figure 5.3 we show schematically how we have used our expertise in polymer thin
films and combined it with a recently reported transfer method for large-area CVD graphene!®!*:
23 Each PEMA/toluene solution (0.8 % - 1.6 %, w/w) was spin coated onto the graphene side of
a graphene/copper foil system at a speed of 2000 rpm for 30 s. The copper foil was then etched
away using a 1M aqueous solution of FeCl; for 16 h. The PEMA/graphene bi-layer was then
rinsed with deionized water. Another PEMA film of the same thickness was spin cast from
toluene solution onto freshly cleaved mica sheets at the same condition, and was allowed to dry
for 30 minutes at room temperature. The edges of the film were scraped off of the mica and the
film was floated onto the water surface and lifted onto a clean silicon nitride filter template into
which arrays of through-channels with a diameter of 10 um have been etched (Aquamarijn
Micro Filtration B. V.). This template (supporting the PEMA ultrathin layer) was then used to lift
the PEMA/graphene stack from the water surface to create the nano-sandwich. The nano-
sandwich structure was dried in a desiccator overnight and annealed at 80 °C for 15 mins to bond
the film to the template surface. Film thicknesses were determined by the concentration of
PEMA/toluene solution, and measured with an atomic force microscope (AFM) (Agilent

SPM5500) as the step height across the score marks made on the template edges.!? The
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PEMA/Graphene/PEMA nano-sandwich was also transferred to a silicon wafer and characterized
by micro-Raman spectroscopy. Figure 5.2b shows the Raman spectra of neat PEMA and a
PEMA/Graphene/PEMA nano-sandwich. Although some of the peaks of PEMA overlap with
that of graphene, the 2D peak of graphene is readily observed in the PEMA/Graphene/PEMA
nano-sandwich, consistent with the high quality of the graphene as shown in Figure 5.2a.

The TTU nano-bubble inflation methods have been described thoroughly in prior
works.!>!3 The filter template holding the nano-sandwich was mounted in a custom pressure cell
using the adhesive and pressurized dry air was applied below the filter template to inflate the
sample films into bubbles, and the AFM was used to measure the bubble profile. The AFM was
operated in intermittent contact mode and the scan area was 40 x 40 um?. The scan rate was 1.1

lines/ second.

5.3. Results and Discussion
5.3.1. Mechanical study of the graphene nano-sandwich

Figures 5.4a and 5.4b show the three-dimensional AFM images and center-line profiles
of both PEMA bilayer and graphene reinforced nano-sandwich bubbles as a function of pressure.
The main feature observed in Figure 5.4 is that the heights of the graphene nano-sandwich
bubbles are significantly lower than those of the PEMA bilayer bubbles of the same thickness.
This is a result of the graphene sheet reinforcing (stiffening) the nano-sandwich system. We also
remark here that the measurements at 80 °C are above the glass transition temperature of the
PEMA polymer, i.e., the polymer is in the rubbery state. It is also interesting to observe that only
the neat PEMA bubbles show “dips” at the hole or channel boundaries. The reason is that for

neat PEMA films the boundaries of the bubbles are below the template surface due to capillary

98



effects which pull the films approximately 100 nm into the channel during the previous
annealing stage. However, due to the high graphene modulus, the nano-sandwich is too stiff to be
pulled into the channel upon annealing.

To obtain the stress-strain response of the graphene nano-sandwich and investigate the
interfacial mechanics of the single graphene layer in the PEMA, the biaxial strain of the bubbles
as a function of pressure was obtained from their profiles. Since the present experiments were
performed for bubble deflections larger than three times the film thickness (membrane limit**),
the bubble deformation is dominated by the stretching stress of the membrane and the bending
contribution is negligible'®. In this case, following the analysis methods described previously!!"!4,
the radius of curvature R of the inflated bubble is calculated by fitting the bubble profile data to
the equation of a circle:

R*=(x—-a)*+ (y — b)* )
Where x and y are the x-position and height data, and a and b are offset constants for a

circle not centered on the coordinate axes. The stress o is related to the pressure P, the film

thickness #p and the radius of curvature R of the bubble as Equation 2.

_ __ PR
011 = 022 —E

2

The biaxial strain €1:=€2, at the pole of the bubbles is related to the geometry of the

bubble by Equation 3 and 4,!!!2

N

€11 = &2 :E_l 3)

s =2Rsin™t (RO/R) 4)
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where Ry is hole radius and s is the segment length of the bubble. The total stress oo in
the bubble is the sum of the elastic stress and pre-stress oo (the stress at zero pressure, e.g.
surface stress and residual stress) as given in Equation 5.1
Ototal = 011 = Epiax€11 + 0o )]
Therefore, a plot of osw versus €11 should be a straight line and the biaxial modulus Epiax
and pre-stress go can be obtained as the slope and intercept, respectively. In Figure 5.5a, we
observe that the stress-strain curves of the graphene nano-sandwich systems show greater
stiffness than do the neat PEMA films. These results show that in the rubbery state, the
interfacial stress transfer between the graphene and PEMA is sufficient to achieve good stiffness
reinforcement.

Since large-area CVD graphene is used in the nano-sandwiches, the aspect ratio Ay of
the graphene is extremely large. Assuming good stress transfer between the graphene and
polymer layers,?’ we used the Voigt upper bound mixing rule®® to estimate the modulus of the
graphene sheet by fitting the results for the nano-sandwich stress-strain information of Figure
5.5a using Equation 6.%°

Epiax = EgVy + EqVin 6)

Here V' is the volume fraction of the relevant component; the subscripts g and m are for

the graphene and the polymer matrix, respectively. The graphene volume fraction V, is obtained
from the ratio of the graphene thickness to that of the full nano-sandwich structure, that is, 0.34
nm/ total thickness. It is noteworthy that we also observe that the stiffness of the neat PEMA thin
films increases with decreasing thickness. Similar results have also been reported for poly(vinyl
acetate) (PVAc)'! 2, polystyrene (PS)?°, poly(n-butyl methacrylate)'*, polycarbonate (PC),'> and

a segmented polyurethane?’ in the rubbery state. The slope « obtained from the linear fit of log
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PEMA modulus vs. log thickness is «= -1.3, indicating a stiffening that is close to that of the
polyurethane(a =-1.2)?” and larger than that of the poly(n-butyl methacrylate)( & = -0.83)'*.
The PVAc, PS and PC all showed « values close to -2.0.
In Figure 5.5b, when a single layer of graphene is confined in the 69+69 nm thick
PEMA bilayer (corresponding to 0.25 vol %), the biaxial modulus of the nano-sandwich
increases from the 32.0 MPa for the neat resin films to 1.49 GPa. When the thickness of the
PEMA layers decreases to 33+33 nm, the volume fraction of the graphene increases to 0.52 %
and the biaxial modulus of the nano-sandwich increases from the 68.7 MPa of the neat resin
(stiffer than 69+69 nm thick PEMA bilayer due to the rubbery stiffening we reported
previously'* 2627) to 3.22 GPa. By fitting these results with the Voigt upper bound (Equation 6),
the biaxial modulus of the CVD graphene is obtained as 608 GPa. We then calculate the Young’s
modulus of the CVD graphene using Equation 7.
E = Epiax(1 =) )
Using a Poisson’s ratio of v=0.16%, the Young’s modulus of CVD graphene is found to
be 511 GPa. Of interest is that recent work has shown that there are wrinkles in CVD graphene,

which lower its Young’s modulus to between 250 and 550 GPa 2*-3

, compared to the pristine
graphene which has a reported Young’s modulus of 1060 GPa.?! The Young’s modulus obtained
in the present work is at the upper end of the results for CVD graphene.

The mechanical responses of graphene nano-sandwich with glassy PEMA layer has been
also studied using nanobubble inflation method and similar results of AFM profiles were
obtained (Figure 5.6a). In Figure 5.6b, stress-strain responses of 68~70 nm thick

PEMA/Graphene/PEMA nano-sandwich were obtained at 35 °C and the biaxial modulus of the

nano-sandwich increases from the 1.24 GPa of the neat resin films to 4.34 GPa. Therefore a
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significant reinforcement of 250 % with 0.5 vol % loading of graphene has been observed for
single graphene on glassy PEMA. Compared to the reinforcement of oriented graphene
nanoplatelet in the filled PMMA layers in Chapter 4, here the reinforcement is much higher and
reach the Voigt upper bound*?, because of the large aspect ratio of CVD graphene.

5.3.2. Interfacial mechanics between graphene and PEMA

The nano-bubble inflation method also provides a means to study the stress-strain
behavior of the graphene nano-sandwich beyond the linear regime to investigate the interfacial
mechanics of the graphene in PEMA. Figure 5.7a shows there is an interesting “yield-like” or
instability phenomenon which occurs. For the single layer graphene confined in the bilayer
PEMA (34+34 nm) at 80 °C, when the strain is below approximately 0.18 %, the stress increases
linearly with the strain. The composite biaxial modulus Epi. is approximately 3.0 GPa. As the
strain approaches 0.18 %, the stress goes through a maximum and drops sharply with increasing
strain. It then increases with the strain but with a much smaller slope showing a biaxial modulus
of around 0.2 GPa. Due to the experimental limitations for the stepwise pressure change loading
procedure used in this work, the precise “yield” point is very difficult to obtain. If we assume the
“yield” occurs near the peak obtained, the “yield” strain is estimated to be 0.18 %. In Figure
5.7b, similar “yield-like” phenomenon is also observed for graphene confined between glassy
PEMA at 35 °C, with a critical strain around 0.23 %.

One reasonable explanation for this “yield-like” phenomenon is that there is a critical
strain ¢. for interfacial slip between the graphene and the PEMA. Young and co-workers reported
that above a critical strain, the atomically smooth interface between graphene and the glassy
polymer is broken.® Therefore there is no longer sufficient interfacial stress transfer to reinforce

the PEMA and a maximum in the stress is observed.
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Shear lag theory has been used to analyze the interface behavior for fibers®® and

platelets+3

in polymer matrices. Recently, the interfacial strength between graphene and a
glassy polymer matrix was estimated using shear lag theory® '®2°. Here we use the shear lag

analysis and, first, calculate the strain in the graphene &, from the strain in the polymer matrix €,

and the graphene aspect ratio Ay using Equations 8, and 9.'% %
_ _ cosh(nA f%)
€9 = Sm(l cosh(0.5n4 )) (8)
f
26m_t
"= JBara ©)

Where 7 is calculated from the shear modulus of the polymer matrix G, thickness ratio
of graphene and polymer layer #/fp, and biaxial modulus of graphene Epiux . / is the length of

graphene sheet and x is the position. The interfacial shear stress T is given by Equation 10.!%20

oy e, SO 10

T = NLpigx g€m cosh(0.5n4) aw
E,. 1—v

Gm _ blaxm( m) (11)

21 +vy)

Young and co-workers used shear lag analysis to study the interface of the graphene with
free edges supported by a polymer beam?®, but in the nano-sandwich structure, there is no free
edge for a CVD graphene sheet confined between two PEMA layers suspended on the template
holes. However, when the nano-sandwich is inflated, due to the ridges and defect lines (“grain
boundaries”) on the CVD graphene sheet,” 3 there are some “weak points” between the
graphene and the polymer, which would debond. This would effectively create “free edges”
where the structure of the interface can be treated using the shear lag analysis. Since there are
more ridges around the hole edge and the distance between the defect lines (“grain boundaries™)

on the CVD graphene have been reported to be between 500 nm and 4 um,*® we can estimate the
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distance between the debonding points on the CVD graphene sheet as being between 500 nm and
10 um ( hole diameter), therefore the effective aspect ratio 4y would be approximately
1500~30000 (the distance between the debonding points / graphene thickness). Upon calculating
the interfacial shear stress of the graphene nano-sandwich as a function of aspect ratio using
equation 10, we find that the maximum shear stress at the “free edges” (x//=0.5) is between 3.08
MPa and 2.87 MPa when the aspect ratio 4y is between 1500 and 30000. Therefore, using the Ay
max = 30000, we obtain an upper bound for the interfacial shear strength between graphene and
PEMA."

For the stress-strain results shown in Figure 5.7a, we used the experimental value of Epiax
m = 68.7 MPa and assume a rubbery Poisson’s ratio v, = 0.5 to obtain the G from Equation 11.
Then we use our experimental value of Epiux = 608 GPa, the just determined G,, =11.45 MPa and
an aspect ratio Armax of 30000 for the 68 nm thick nano-sandwich. Figure 5.8a shows the plot of
strain ratio &y €, and interfacial shear stress T at a matrix strain of 0.18 % as a function of
position along the graphene sheet between debonding points (“free edges”). We see that the
maximum strain in the graphene is at the center of (x//=0) and the maximum interfacial shear
stress occurs at the “free edges” (x//=0.5). When the strain reaches 0.18 %, the interfacial shear
stress reaches a critical value and interfacial slip or failure occurs. At the critical matrix strain of
0.18 %, the shear stress maximum of 0.48 MPa provides an estimate of a upper bound of the
interfacial shear strength between graphene and rubbery PEMA..'°

In Figure 5.7b, when graphene is confined by two glassy PEMA layers, we used the
experimental value of Epiaxm = 1.24 GPa and assume a glassy Poisson’s ratio v, = 0.34 to obtain
the G from Equation 11. Then we use our experimental value of Epiux &= 608 GPa, the just

determined G, =305 MPa and an aspect ratio Armax of 30000 in the shear lag analysis. The upper
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bound of the interfacial shear strength between graphene and glassy PEMA is estimated as 3.08
MPa, at the critical matrix strain of 0.23 % (Figure 5.8b). This value of interfacial shear strength
is close to the value reported by Young and co-workers(2.3 MPa for graphene and glassy
PMMA)?. It is found that both the value of critical strain and interfacial shear strength for
graphene and rubbery PEMA are lower than those of graphene and glassy PEMA. A plausible
reason is that the graphene/rubbery PEMA interface is weaker than the interface between
graphene and glassy PEMA.Y’ This explanation is consistent with Gent’s work on peeling
polymer thin layers off of rigid substrates to test the different interface strengths of glassy and
rubbery polymers.*®3° He reported that the peel strength is higher at high peeling rates and
increases as temperature decreases through the glass transition. Gent attributed the different
behaviors to the rubber showing lower adhesive fracture energies than the glass.>®

The results for the “yield” in the stress-strain curves of the nano-sandwich can help
achieve a better understanding of the reinforcement mechanism of graphene in a polymer matrix.
Brinson and co-workers? proposed that strong interactions between graphene and the polymer,
e.g. hydrogen bonding, are important to achieve high reinforcement, which is supported by their
work on a graphene oxide/PMMA system. However, Young and co-workers® 2° observed that
even without strong interactions, the moderate adhesion that resulted simply from Van der Waals
forces between graphene and the polymer matrix provides sufficient interfacial stress transfer to
achieve high stiffening at small strains. In the graphene nano-sandwich studied here, even
though there are no hydrogen bonds between the CVD graphene sheet and the PEMA, a large
stiffness reinforcement is observed below the critical strain &, supporting the opinion of Young
and co-workers® 2° that significant stiffening can occur in graphene nanocomposites without

strong (hydrogen bonding) interactions with the polymer matrix. On the other hand, the full
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mechanical performance of graphene (and other) nanocomposites may depend in a complex
manner on the interactions between graphene (particle) and polymer matrices to achieve a good
balance between strength and toughness.**-*!
5.3.3. Internal residual stress

The stress-strain curves obtained for the nano-sandwich structure not only give the
biaxial modulus Epiax as the slope, but also give a pre-stress gy (the stress at zero pressure) as the
intercept. And the residual stress o, built up between the graphene and the PEMA faces can be

obtained from the pre-stress gy by considering both the pre-stress and the PEMA/air surface

tension contribution. As shown in Equation 12%7,

0, = 0y — 22 12)

to

where vy, and # are the surface tension and thickness of the PEMA layers, the residual
stress o, 1s then calculated by subtracting the external surface tension of the PEMA in air from
the pre-stress oyp. Since previous work'* 2" *? shows that the surface tension of polymer films is
independent of film thickness, the surface tension of the PEMA in air was taken as the
macroscopic value (44.9 mN/m) from the intercept of the stress-strain curve for the 140 nm thick
PEMA films. In Figure 5.9, the residual stress o- of the 68 nm thick nano-sandwich is
approximately -0.54 MPa at 80 °C.

The internal residual stress o, set up between the graphene layer and the PEMA faces can
be estimated from the spreading parameter S* and compared with the experimental results that
give the residual stress and the surface tension contribution as described above. A positive

spreading parameter (S=6.87 mN/m) is obtained using Equation 124344,

S=Ye¢—VYep — Vp 12)
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where vy is the surface energy of the components, the subscripts G, P and GP are for the
graphene in air, the PEMA in air, and the interfacial energy between graphene and the PEMA.
Here vc is equal to 54.8 mN/m*, yp is equal to 44.9 mN/m, and ycp is equal to 3.03 mN/m*.
( Due to the lack of data for the interfacial energy ycp between graphene and PEMA, here we use
the reported value for carbon nanotubes and PMMA?*®) Therefore the PEMA is estimated to wet
on the graphene and the spreading stress o; to cause the PEMA to wet on the graphene can be

calculated using Equation 13,

S
to/2

13)

o;, =2

where # is the thickness of the nano-sandwich. Since the wetting of the PEMA on the
graphene is constrained by the wrinkles of the CVD graphene, a residual stress o, equal to the
negative of the spreading stress oy is estimated to build up between the graphene and the PEMA
faces. In Figure 5.9, we compare values for g, estimated from gy with the experimental results in
which the measured value of oy and the surface tension stress are used to determine o,. For the 68
nm thick nano-sandwich, the experimental residual stress o is close to the o, estimated from the
spreading parameter. But for the 138 nm thick nano-sandwich, the experimental o, is greater in
magnitude than the estimated 0. Hence, other factors than the spreading parameter and
interfacial tensions may be playing a role in the residual stress development. Also graphene has a
negative thermal expansion coefficient** and creation of the graphene nano-sandwich at room
temperature and measurement at 80 °C can also introduce residual stresses due to the mismatch
of thermal expansion between the graphene and PEMA. However, the system is annealed at

80 °C, which should mitigate these stresses.
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5.4 Conclusions

We have created a novel nano-sandwich structure made of thin PEMA layer /single layer
CVD graphene/ thin PEMA layer, and have applied a nano-bubble inflation method to obtain the
interfacial mechanical response. Significant mechanical (stiffness) reinforcement has been
observed at small strains in both the rubbery and glassy states of the PEMA and the results were
used to estimate the stiffness of the large area, single sheet, CVD graphene. At larger, but still
small, strains, a critical strain for a “yield-like” or instability phenomenon was observed and has
been interpreted to be due to interfacial slip. A shear lag analysis shows that the interfacial shear
strength between the CVD graphene and the rubbery PEMA is lower than that between the CVD
graphene and glassy PEMA. The nano-bubble inflation method can also provide a measurement
of the internal residual stress set up between graphene and rubbery PEMA faces, although
different from the estimation from the spreading parameter for thicker films. In the future, the
technique has the potential to be used to study other 2-D plate-like nanoparticles, e.g. hexagonal
boron nitride*, confined in polymer matrices. The interfacial mechanics of graphene / functional
polymers can also be studied with this technique, and could be useful in other applications such

as flexible electronics.*’
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Figure 5.1 Schematic of a nano-sandwich of ultrathin polymer layer/single layer CVD

graphene/polymer layer.
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Figure 5.2 Raman spectrum of (a) single layer CVD graphene transferred onto silicon wafer and

(b) neat PEMA and PEMA/Graphene/PEMA nano-sandwich
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Figure 5.3 Schematic of the method to create the graphene nano-sandwiches
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Figure 5.4 (a) Three-dimensional AFM images of 10 um diameter bubbles of 62 nm thick
PEMA bilayer (upper image) and 64 nm thick graphene nano-sandwiches (lower image) at 13.0
kPa. (b) Center-line profile of bubbles for PEMA bilayer and graphene nano-sandwich systems
at different applied pressures, as indicated. Temperature is 80 °C. (The zero-positions of the
nano-sandwich profiles have been shifted downwards from the template surface in order to have
a clearer comparison with PEMA bilayer profiles for which the zero position is within the

template channel. The insert shows the original, unshifted, nano-sandwich profiles)
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Figure 5.5 (a) Stress-strain responses for graphene nano-sandwich and PEMA bilayer films at

80 °C (b) Biaxial modulus vs. graphene volume fraction with Voigt upper bound fit.
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Figure 5.6 (a) Center-line profile of bubbles for 68~70 nm thick PEMA bilayer and graphene
nano-sandwich systems at different applied pressures at 35 °C: (b) Stress-strain curves of

corresponding bubbles with the PEMA layers in the glassy state
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Figure 5.7 (a) Stress-strain behavior of a 68 nm thick nano-sandwich showing a “yield-like”
instability related to the interfacial slip between graphene and PEMA at 80 °C; (b) Stress-strain

behavior of a 70 nm thick nano-sandwich showing a “yield-like” instability at 35 °C.
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Figure 5.8 (a) Strain variation and interfacial shear stress at the matrix strain of 0.18 % for a 68
nm thick nano-sandwich with rubbery PEMA using shear lag analysis**-* (b) Strain variation
and interfacial shear stress at the matrix strain of 0.23 % for a 70 nm thick nano-sandwich with
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119



Residual stress/Pa
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Chapter 6. Confinement Effects on the Properties of Ultrathin Poly (ethyl methacrylate)
Films: Glass Transition Temperature and Rubbery Stiffening

6.1 Introduction

The dynamics of small molecules and macromolecules confined to nanometer geometries
have attracted significant research interest over recent two decades.'”!* Jackson and McKenna
first reported the reduction of glass transition temperature for glass forming liquids in nano-
pores ! and Keddie et al first observed the T, depression for polymer thin films.!* Particularly,
ultrathin polymer films have been widely studied due to the ease to control their thickness in
nano-scale. To date, significant amount of work has been done for supported thin films and free-
standing films using different experimental techniques, such as ellipsometry’, fluorescence'’,
DSC!¢ and nano-bubble inflation method®. In the case of supported polymer thin films, 7, may
increase or decrease depending on surface interactions between the substrates and polymer
films.> 3 Comparing to that of the supported films (with one free surface), freestanding films

which have two free surfaces are often seen to have much pronounced T, depression.5 10 17-18

To date, polystyrene (PS) and poly(methyl methacrylate) (PMMA) have been widely
studied for their nano-confinement behavior.» 3% ! 18 For freestanding PMMA films, T,
reductions have been reported by Roth and Dutcher® but not as much as polystyrene’.
Interestingly, chemical structure, i.e. tacticity of PMMA, has a large effect on the shift of 7, for
thin films.> Grohens et al reported the ellipsometry work on the supported thin films to observe a
large T, increase (+40 K) for isotactic PMMA and decrease (-10 K) for syndiotactic PMMA,
both with the film thickness of 35~40 nm.!” However, the tacticity effect also depends on
measurement methods. Fuako reported the dielectric results of decreased 7 for both isotactic and

syndiotactic PMMAZ’, with decreasing film thickness.
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Moreover, the inherent differences in the chemical structure among polymers lead to
different nanoconfinement behavior of thin films. The nano-bubble inflation work of O’Connell
and McKenna shows no significant 7, change for free standing poly(vinyl acetate) (PVAc) thin

7" significantly reduced 7T, for polystyrene!” and  greatest T, depression for

films,®
polycarbonate!®. In addition, using nano-bubble inflation method, enhanced stiffness at rubbery
regime for polymer thin films has been reported and the thickness dependence of rubbery
stiffening depends on the chemical structure of polymers. The slopes S obtained from the linear
fit of log biaxial compliance vs. log thickness is used to describe the thickness dependence, such

as S = 2 for polystyrene?! and poly(vinyl acetate)®, S = 1.93 for polycarbonate!®, S = 1.2 for

segmented polyurethane?? and S = 0.83 for poly(n-butyl methacrylate) (PBMA).?

To date, nano-bubble inflation method has not been exploited to study the
nanoconfinement behavior of thin films of poly(alkyl methacrylates). In this chapter, we present
the first nano-bubble inflation work on poly(ethyl methacrylate) (PEMA) ultra-thin films over
thicknesses ranging from 112 to 21 nm. A reduction in glass transition temperature (7¢) with
stiffening of the rubbery regime as film thickness decreases was observed. The results of
thickness dependence of rubbery stiffening were used to examine Ngai’s coupling model and

Page’s micromechanics approach, both proposed to explain the rubbery stiffening of thin films.

6.2 Experiments
Materials: Poly(ethyl methacrylate) ( 80% syndiotactic PEMA, Ty = 65°C, Mw= 515 k, PDI =

1.52; purchased from Sigma Aldrich).
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Methods: PEMA/toluene solution (0.5 % - 2.1 %, w/w) was spin coated onto the fresh cut mica
sheets at a speed of 2000 rpm for 30 s then dry for 30 mins at room temperature. The film was
floated onto the water surface and lifted onto a clean silicon nitride filter template into which
arrays of through-channels with diameters of 5 or 10 um. The PEMA thin films were dried in a
desiccator overnight and annealed at the actual 7y + 15 K for 15 mins to bond the film to the
template surface. Film thicknesses were determined by the concentration of PEMA/toluene
solution, and obtained by scoring made on the template edges and using an atomic force

microscope (AFM) (Agilent SPM5500) to measure the step height.

The TTU nano-bubble inflation method has been described thoroughly in Chapter 2. The
filter template holding the nano-sandwich was mounted in a custom pressure cell using the
adhesive and pressurized dry air was applied below the filter template to inflate the sample films
into bubbles, and the AFM was used to measure the bubble profile. The AFM was operated in
intermittent contact mode and the scan area was 40 x 40 and 20 x 20 pm?. The scan rate was 1.1

lines/ second.

6.3 Results and Discussions
6.3.1 Creep behavior and Ty reduction

Figure 6.1a shows a series of center-line profiles for a 21 nm thick PEMA film at 50 °C
with a pressure of 20.3 kPa, obtained as a function of time. During the annealing stage, the
capillary forces draw the film into the holes, hence the boundaries of the bubbles are observed
below the substrate surface. As shown in Figure 6.1a, the 21 nm thick PEMA bubble continues

to grow with time at 50 °C, illustrating a creep behavior. Figure 6.1b represents the creep
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compliance for a 21 nm and 112 nm thick PEMA film at 65 °C (the macroscopic 7y of PEMA).
It is observed that during the whole test the 112 nm thick PEMA film only shows a glass
transition behavior but the 21 nm thick PEMA film begins to level out after 3000 s as the rubbery
plateau is reached. Therefore, the hint of the 7, depression of PEMA with decreasing film
thickness was observed.

To represent the creep results for a range of temperatures, we choose the reference curves
in the glass transition region, then shift the other apparent creep compliance curves to construct a
master curve using time-temperature superposition.>* Figure 6.2a shows the creep master curves
for the 21 nm thick film along with 4 other film thickness from 27 to 112 nm, and two trends can
be observed. First when the film thickness is below 30 nm, PEMA can achieve creep below the
macroscopic 7y of 65 °C, hence indicating the 7, depression. Second is that the rubbery plateau
stiffens significantly as the film thickness decreases. Since the reference curve for each master
curve is somewhat arbitrarily chosen, we will show a quantitative determination of 7} in next

paragraph.

The glass transition temperature are determined using following procedure: For each
thickness, the creep results at different temperatures were fitted to obtain retardation times using

the modified Kohlrausch—Williams—Watts (KWW) equation?,

B
D(t) = Dy + Dy [1 — exp (— (;) )l (D

where D, is the glassy biaxial compliance (2x107'° Pa! from macroscopic data), Dn is the
rubbery plateau biaxial compliance. T and 3 are the retardation time and the stretching exponent,
respectively, which can be obtained as fitting parameters. For 112 nm thick PEMA film, its
retardation time 1 is obtained as 1x10° s at 65 °C and we assume the 112 nm thick film has the T,
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same as macroscopic Ty of 65 °C. Therefore 1x10° s is chosen as the reference retardation time
Trer and all shift factors are obtained using at = 1/ Tret. To determine the reduction of 7, of PEMA
quantitatively, the temperature shift factors ar vs. the reciprocal of temperature were plotted for
each thickness and fitted using the Vogel-Fulcher-Tammann equation (VFT)?*?® in Figure 6.2b.
For each thickness, the T is determined as the temperature with the shift factor ar equaling to

zero, using the VFT equation.

The reduction of T, as a function of film thickness is obtained and shown in Figure 6.3.
For comparison, the AT vs. free-standing film thickness for atactic PMMA reported by Roth and
Dutcher using ellipsometry,® and PS'7 and PVAc!” reported by McKenna and co-workers using
nanobubble inflation method were also plotted. As seen, very interestingly, 7, of PEMA thin
films decreases slightly before the thickness approaching 30 nm. However, a significant
reduction 7, ( 15.7 K ) was observed for 21 nm thick PEMA. To date, PC thin films have been
reported with the largest T, reduction and PS thin films has the second largest T, reduction,'® but
no T, reduction was found for PVAc.!” Here we observed that the thickness dependence of T,
depression of PEMA is smaller compared to that of PS. Although both PEMA and PMMA
belong to the family of poly(alkyl methacrylates), and their extents of 7, reduction are similar
when the thickness decreases from 120 to 20 nm, the trend is different since PEMA only shows a
significant 7, reduction when the thickness approaching 30 nm. Therefore, the thickness
dependences of 7, reduction of polymer thin films strongly depend on the chemical structures, as

O’Connell and McKenna claimed.'”
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6.3.2 Rubbery stiffening
Enhanced stiffness at rubbery regime for polymer thin films is another interesting
phenomenon reported by McKenna and co-workers using nanobubble inflation method (we call
it “rubbery stiffening” % !7- 2223 here), which also explicit a chemical structure dependence.
Above the macroscopic 7Tg, the PEMA thin films are inflated by different pressures and the
stress-strain response was obtained from the bubble shape and the applied pressure, using
equations 7-10 in Chapter 2. The stress-strain responses for thin films at thicknesses ranging
from 110 to 21 nm are shown in Figure 6.4a, and the linear relationship between stress and strain
can be described using equation 2,
Ototal = 011 = Epiax€11 + 0o (2)
where Epiax is the biaxial rubbery modulus and oo is the surface stress due to the surface energy

of PEMA.

As shown in Figure 6.4a, the rubbery modulus obtained as the slope of straight lines
increases as the PEMA film thickness decreases. Further, the biaxial rubbery compliance can be
determined from the biaxial rubbery modulus and the slopes S obtained from the linear fit of log
biaxial rubbery compliance vs. log thickness are used to determine the thickness dependence of
PEMA in Figure 6.4b. It was observed that the compliance of PEMA thin films are below the
macroscopic value, and show a stiffening dependence of thickness of S = 1.34. In Figure 6.5, the
stiffening dependence of thickness S is compared with PS, PVAc!'7 and PBMA?. The stiffening
of PEMA is higher than that of PBMA but lower than those of PS and PVAc.

Recently Ngai et al 2 have used the coupling model to explain the rubbery stiffening of
thin polymer films. When the film thickness decreases, the degree of intermolecular

cooperativity decreases as a consequence. Therefore Ngai proposed that the resultant increasing
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separation of the segmental a relaxation and the Rouse modes consequence can lead to the
observed rubbery stiffening.?’ Ngai et al further claimed that segmental o relaxation coupling
parameter n, indicates the extent of the separation of o relaxation and the Rouse modes, which
is consistent with the rubbery stiffening dependence of thickness observed for PS, PVAc,!” PC!°
and PBMA.?> And very recently, Zhai and McKenna reported the rubbery stiffening of a
=

segmented polyurethane (Estane)““, which is also consistent with Ngai’s analysis.

Here we discuss the results of PEMA with the literature values of coupling parameter ng
for PS, PVAc,? and poly(alkyl methacrylates).*® In Figure 6.5, the sequence of n, of PS, PVAc,
PEMA, and PBMA is consistent with the rubbery stiffening dependence of thickness S.
Therefore our results support Ngai’s explanation that coupling parameter n, is related to the
rubbery stiffening. Particularly, although both belong to the family of poly(alkyl methacrylates),
the degree of intermolecular cooperativity of PBMA is smaller than that of PEMA, due to the
longer ester side chains.? 3! This can explain why PBMA has the smallest rubbery stiffening

thickness dependence in Figure 6.5.

Very recently, Page et al*? have provided another explanation on the rubbery stiffening of
thin polymer films, using a micromechanics approach incorporating the stiffness of a single
polymer chain. Because the single polymer chain is much stiffer than the bulk polymer,** Page et

t,32 and treat the thin films as a

al consider the single polymer chain as a reinforcing elemen
mixture of soft bulk polymer and rigid single chain using a modified Halpin-Tsai equation.>* As

Page et al proposed, the ratio of the single chain (rigid phase) increase with decreasing film

thickness, hence, the rubbery film stiffness increases.
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Here we use the literature data of polymer chain stiffness and our rubbery stiffening
results of PS, PVAc, PEMA and PC to examine above micromechanics approach. Back to the

3738 were used to determine the stiffness of

1970s, X-ray diffraction®>® and Raman spectroscopy
local crystalline region, thought to be a good estimation of the stiffness of aligned polymer
chains. Tashiro® summarized the factors governing the polymer chain stiffness and we list the
literature values of some polymers in Table 6.1. Three things are remarkable. First, chain
conformation is the most dominant factor for chain stiffness. The conformation of planar zig-zag
usually gives a much higher stiffness compared to that of helix*’, e.g PE (planar zig-zag) has a
higher stiffness of 240 GPa than that of PP*° ( 3/1 helix, 40 GPa). Second, the stiffness of
polymer chain is mainly related to the backbone structure, e.g. PE and PVA have similar chain
stiffness because both their backbone are ~CH,CH,—**° Interestingly, polyesters e.g. PET,
usually have a lower chain stiffness due to the oxygen atom in their backbones.>* Third,
intermolecular interactions through side groups have week effects on the chain stiffness.

However, bulky side group might decrease the chain stiffness because of the large cross-

sectional area.

As shown in Table 6.1, isotactic PS has a chain stiffness of 12 GPa due to its helix
structure and bulky side group. With similar chemical structure, PEMA was reported to have a
similar local helix structure to PMMA,*! therefore it is reasonable to assume that PEMA has a
similar chain stiffness to PMMA (10 GPa). In the same manner, PVAc should have a similar
chain stiffness to PVA (255 GPa) due to their close chemical structure. And PC should have a

similar chain stiffness to PET (118 GPa).

In Figure 6.6, the biaxial modulus of PS, PVAc,'” PEMA and PC!° are plotted as a

function of film thickness, marked with their chain stiffness. However, the rubbery stiffening
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dependence of thickness (slopes) are not consistent with the chain stiffness data of these
polymers, i.e. PS and PEMA have similar low chain stiffness but PS has a larger slope of 2 than
1.34 of PEMA. Therefore, our results cannot support the micromechanics approach incorporating

the chain stiffness, as strongly as Ngai’s model.

The difference between Ngai’s model and the micromechanics approach of Page et al is
the role of interchain interactions. For Ngai’s coupling model, the interchain cooperativity is an
important factor of rubbery stiffening. However, in Page et al’s micromechanics approach, the
interchain interaction is neglected for the single chain stiffness.’® This might be the reason that

our results support Ngai’s model better than the micromechanics approach.

6.4 Conclusion

The viscoelastic responses of poly(ethyl methacrylate) (PEMA) ultra-thin films over
thicknesses ranging from 112 to 21 nm has been studied using nano-bubble inflation method. A
reduction in glass transition temperature (7¢) as much as 15.7 K has been observed for 21 nm
thick PEMA film. PEMA also has a rubbery stiffening as the film thickness decreases, with the
thickness dependence between PS and PBMA. Finally, the thickness dependence of rubbery
stiffening was analyzed using Ngai’s coupling model and Page’s micromechanics approach
incorporating the stiffness of a single polymer chain. It is found that our experimental results can

support Ngai’s coupling model strongly.
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Table 6.1 The chain stiffness of some polymers

Polymer /M o) 0
O @] o N
PE N PET
PS PEMA
Chain 240 GPa 12 GPa N/A 118 GPa
stiffness
Planar zig-zag**° | isotactic, helix* Planar zig-zag®
E.
Polymer /M M /{ﬁ o]
n n n _[
O
o T oo
PVA PVAC PMMA PC
Chain 255 GPa N/A 10 GPa N/A
stiffness
Planar zig-zag isotactic,
E.
helix*
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Figure 6.1 (a) Creep profiles of 5 um diameter bubbles for a 21 nm thick PEMA film at 50 °C
with the pressure of 20.3 kPa, with different creep times. (b) Creep compliance for a 21 nm and

112 nm thick PEMA film at 65 °C.
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Figure 6.2 (a) Creep master curves for PEMA thin films. (b) Time-temperature shift factors vs.

1/T for PEMA thin films. Dashed lines are the VFT fitting curves.

135



® PEMA Mn 340k |

@& PMMA Mn 718k
¢ PS

Mn 930k |
. PVAc Mn 58k

. :100
Film thickness / nm

Figure 6.3 T, reduction as a function of PEMA film thickness, comparing with PMMA®, PS and
PVAc!.

136



4x10° 6.0 T
= ® PEMA thin films
(3 w 6.5 . .
o 3x10° - 1 o ------ macroscopic rubbery compliance
m W
]
P g
3 . 8 7ot i
= %10 1 =3
2 E
[ 3
©
- - -7T.5 | 4
1x10° . &
-l
I 1 1 1 1L 1
0.00 0.01 0.02 0.03 10 100
Strain Film thickness/ nm

Figure 6.4 (a) Stress — strain responses for PEMA thin films at rubbery state; (b) Rubbery

biaxial compliance vs. film thickness

137



m 4 PBMAn =027 |
e PEMA n_=0.41
PVAc i

mPS n =064

Log( Compliance/Pa™)
]

”10 ' ' "””100
Film thickness/ nm

Figure 6.5 Rubbery stiffening dependence of thickness for polymer with different chemical

structure

138



T T ' i
10"’; 2 3
N :
o i '
2 |
S 10°
-g 3 ..
£ -
S 10 m PS,E_=12GPa Y 3
x A PVAc, E_=255GPa e~ ]
@ 10°k o PC,E =118 GPa
F| e PEMA,E_=10GPa ]
10° il ===
1 10 100

Film thickness / nm

Figure 6.6 Rubbery stiffening of polymer thin films as a function of thickness, compared with

their chain stiffness.

139



Chapter 7. Conclusion & Future work
7.1 Conclusion

The dissertation here addressed the problem of thermo-viscoelastic micromechanics and
showed that it should be applied to account for the effects of 7, change in graphene reinforced
polymer nanocomposites. This is recognized in order to decouple the reinforcement induced by
the graphene itself from the one induced by the change in the viscoelasticity of the polymer
matrix due to the addition of the graphene or graphene oxide. It was then demonstrated that a
multilayer co-extrusion procedure, can maximize the mechanical stiffening of graphene
nanocomposites by orienting the graphene in thin polymer layers created by forced assembly.
Finally, we showed how to use a “graphene nano-sandwich” structure to investigate the
interfacial mechanics between a single layer graphene sheet and the PEMA matrix. The
viscoelastic responses of PEMA ultra-thin films over thicknesses ranging from 112 to 21 nm
were also studied. The research methodology and major findings are highlighted as follows:

Rheological and glass transition temperature measurements demonstrate that graphene
oxide stiffens the reinforced polymer matrices by increasing the 7, significantly and this change
the thermo-viscoelasticity of the polymer matrices. Hence, much of the reported stiffening of
graphene oxide polymer nanocomposites is due to the matrix itself stiffening as the 7, increases,
rather than the extreme reinforcement of the matrix by the graphene oxide itself.

e In the work of Ruoff and co-workers,! the increase of T and reinforcement for PMMA/
graphene oxide nanocomposites share a similar trend with the increased loading of

graphene oxide.
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In the present work, graphene oxide was incorporated into a poly(ethyl methacrylate)
(PEMA) matrix at 0.25 wt % and a nearly 15 K increase of glass transition temperature
T, was observed.

The addition of 0.25 wt % graphene oxide doesn’t change the intensity of the B relaxation
of PEMA, but increases the f relaxation by 6 ~ 8 K. Therefore the incorporation of
graphene oxide further splits the glass transition and the S relaxation.

Our thermo-viscoelastic micromechanics approach shows that most of the apparent
extreme reinforcements in graphene oxide polymer nanocomposites can be attributed to
the increased 7, of the polymer, and the corrected mechanical reinforcement from

graphene oxide is much weaker than previously reported.?

Forced assembly multilayer co-extrusion was used to create films made of alternating

layers of neat polymer / oriented graphene nanoplatelet filled polymer with the structure

confirmed by a combination of microscopic analysis of the morphology of the multilayer films

and mechanical property measurements:

In the PMMA/PMMA -graphene multilayer films, the reinforced PMMA layers (35 ~ 40
nm thick) were shown to contain oriented graphene in the direction of extrusion and
partially oriented in the transverse direction.

The orientation of the graphene nanoplatelets in the PMMA thin layers (2 wt %), resulted
in a significant reinforcement of 118 % increase in the tensile modulus along the flow
direction. Upon accounting for the increased 7, (1~2 K), the corrected reinforcement is

approximately 101 % that of the neat polymer matrix.
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The stiffening of PMMA/PMMA-graphene films versus layer thickness, share a similar
trend with the dispersion quality. The reason is that, by increasing the number of layers,
the degree of dispersion of the graphene nanoplatelets and the possible breakage of
aggregates in the polymer matrix appear to increase as the thickness of the confining
layer decreases, and should confine the graphene nanoplatelets more efficiently, giving
enhanced reinforcement.

PMMA/PS-graphene is a good system to demonstrate the morphology of distinct layer
structure changes as the concentration of graphene nanoplatelets increases, but the weak

adhesion between PMMA and PS needs to be improved.

A novel nano-sandwich structure made of thin PEMA layer /single layer CVD graphene/

thin PEMA layer was created, and the nano-bubble inflation method was applied to obtain the

mechanical responses and investigate the interface mechanics between graphene and polymers:

Significant mechanical (stiffness) reinforcements were observed at small strains in both
the rubbery (45.9 times for 0.52 vol %) and glassy states (2.5 times for 0.48 vol %) of the
PEMA.

Above the critical strains (0.18% for rubbery and 0.23 for glassy PEMA), a “yield-like”
phenomenon was observed and has been interpreted to be due to interfacial slip

The interface shear strength can be estimated using shear lag analysis, and the interface
built by Van der Waals forces can transfer the interface stress to achieve stiffening from

graphene onto polymer matrices below the critical strain.
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e The biaxial modulus of the large single CVD graphene sheet was obtained as 608 GPa
from the mechanical responses of the graphene nano-sandwich. Therefore the Young’s
modulus of CVD graphene sheet was estimated as 511 GPa.

e The graphene nano-sandwich provides a measurement of the internal residual stress set

up between graphene and rubbery PEMA layers.

The viscoelastic responses of poly(ethyl methacrylate) (PEMA) ultra-thin films over
thicknesses ranging from 112 to 21 nm have been studied using nano-bubble inflation method:
e A reduction in glass transition temperature as much as 15.7 K has been observed for 21
nm thick PEMA film.
e PEMA shows a rubbery stiffening as the film thickness decreases, with the thickness
dependence S between PS and PBMA.
e Our experimental results can support Ngai’s coupling model better than the Page’s

micromechanics approach to explain the phenomenon of rubbery stiffening.

7.2 Future work

7.2.1 Influence of graphene oxide on the a and p relaxation of poly(n-alkyl methacrylate)
Excellent mechanical reinforcement of polymer nanocomposites (PNCs) and significant

increases of 7T, have been reported upon dispersing graphene oxide into polar polymer matrices

at low loading (0.1 ~ 1.0 vol %)!** and even at ultra-low loading (0.005 ~0.01 vol %)* However,

Macosko and co-workers have questioned Brinson's results for poly(methyl methacrylate)/ 0.005

vol % graphene oxide(PMMAGO) in which a solvent mixing method was used.> They reported

that using Brinson's solution-mixing method, they do not observe a significant 7, change for
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PMMA and most of the reinforcement and 7 increase reported by Brinson and co-workers result
from the removal of low molecular weight additives in the original PMMA during the solvent
mixing procedure to prepare the nanocomposites. The comparison of the neat PMMA containing
additives with nanocomposites without additives leads to the apparently higher 7, and stiffness
properties.’ They also reported that only insitu-polymerization of MMA monomer with graphene
oxide can raise 7y highly, due to the covalent bonds between graphene oxide and PMMA.

In our work, it was found that the 7, change of PMMA cannot be achieved to be as
significant as PEMA via adding graphene oxide using solution-mixing method (Table 7.1). This
result is consistent with Macosko and co-workers’ conclusions. We propose here to explain the
interesting difference between PEMA and PMMA in nanocomposites system. Both PEMA and
PMMA are poly(n-alkyl methacrylates) and their a (glass transition) and B (side ester group
rotation) relaxations have attracted great interest.®’ Williams an co-workers’ reported that based
on dielectric measurements, increasing pressure or decreasing temperature further separate the o
and [ relaxations of PEMA. In Chapter 3 we showed that graphene oxide can increase both a and
B relaxation temperatures and also increase the distance between them. In future work, it would
be of interest to investigate how graphene oxide can further split the o and B relaxations of a
series of poly(n-alkyl methacrylates). We hypothesize the splitting issue is the reason that
graphene oxide raises 7, more for PEMA than for PMMA. To study the splitting, one would
compare the distance between 7, and 75 for PMMA and PEMA with the addition of the same
loading of graphene oxide. Table 7.1 shows some preliminary results:

The preliminary results show that adding graphene oxide can further separate the 7, and

Tp for PEMA but not for PMMA, which is consistent with our hypothesis. The reason might be
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due to the fact that for PMMA with high 7,, o and B relaxations are already well separated
therefore adding graphene oxide might not split them further.

To test our hypothesis, 95% isotactic-PMMA with a lower 7, compared to commercial
atactic PMMA, has been chosen. Since the distance between the a and [ relaxations is smaller
than for commercial PMMA, it can then be split by adding graphene oxide, and give a significant
increased 7. So far preliminary results show that graphene oxide can also raise significantly the
Ty of 95% isotactic-PMMA compared to the commercial atactic PMMA ( Table 7.2 ) and in

future work we are going to measure its § relaxation temperature to study the splitting.

7.2.2 Forced assembly multilayer co-extrusion

In the work from the present dissertation, when creating films of neat polymer / oriented
graphene nanoplatelet filled polymer, the ratio of filled polymer / neat polymer is 1/9
( “asymmetric” alternating layers) and the highest graphene nanoplatelet concentration was 2 wt %
in the filled polymer layers, which was regarded to maintain the thin layer structure. Therefore,
the concentration of graphene nanoplatelets in the whole films was as low as 0.2 wt %. With
modification and refinement of the multilayer co-extrusion facilities (installation of a new
extrusion line in the PIMM lab at Arts et Métiers ParisTech in the fall of 2014), it would be
possible to increase the ratio of filled polymer / neat polymer to 1/1, hence, creating films
composed of “symmetric” alternating layers. In these films, when graphene nanoplatelet
concentration is 2 wt % in the filled polymer layers, the concentration in the whole films can be
as high as 1 wt %. (Figure 7.1) This new multilayer coextrusion line will also allow obtaining

films where all the layers are in the 10 nm thickness range, which means that graphene
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nanoplatelets can be incorporated into all the layers. In addition, not only reinforcement but also
the gas permeability can be studied for these systems.

Another future work of interest is to incorporate block copolymer PS-b-PMMA to
enhance the interface adhesion between the PS and PMMA. Although PMMA/PS-graphene is a
good system to demonstrate the morphology of distinct layer structures with graphene
nanoplatelets, the weak adhesion between PMMA and PS results in a spontaneous delamination
and poor properties for PMMA/PS-graphene films. PS-b-PMMA as a compatibilizer would

potentially strengthen the interface and therefore prevent delamination.®”

7.2.3 Graphene nano-sandwich

Incorporating specific amphiphilic surfactants to bond graphene and polymer matrices, is
an efficient strategy to disperse graphene in polymer matrices and increase their interaction to
enhance properties.!*!! However, it is of interest to evaluate the effects of different surfactants
directly. Therefore, a potential future direction would be to use the nano-bubble inflation method
to study the graphene nano-sandwich system with the addition of different surfactants to
strengthen the interface between graphene and the polymer.

Amphiphilic surfactants usually have the structure of an aromatic core (graphene-philic)
and polar chains (polar polymer-philic). However, with different surfactants, e.g. C10

triphenylene derivatives'® %13

and 1-pyrenemethyl methacrylate, the interface between the
graphene and polymers can be strengthened to different extents and this can be measured by

nano-bubble inflation method to obtain different critical strains and interface strengths. Therefore

strengthening of the graphene/polymer interface due to the surfactants could be investigated.
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The nano-sandwich system also has the potential to be used to study other 2-D plate-like
nanoparticles, e.g. hexagonal boron nitride (h-BN)!#!> confined in polymer matrices. Hexagonal
boron nitride has an excellent thermal conductivity with good dielectric properties.'* And the
future study of h-BN confined in polymer thin layer nano-sandwich could provide information

about the interface mechanics between h-BN and polymers.
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Table 7.1 Glass transition temperatures and 3 relaxation temperatures of PMMA/GO and
PEMA/GO (Obtained from the G peak in the rheological dynamic temperature test with the

frequency at 6.28 rad/s)
Sample Tp from G" /C Ty from G"/C Distance between T and Tp

/C

PMMA 4.0 94.8 90.8

PMMA/GO 7.4 98.4 91.0

0.12 vol %

PEMA 1.2 61.4 60.2

PEMA/GO 7.8 74.2 66.4

0.12 vol %
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Table 7.2 Glass transition temperatures of atactic PMMA/GO, PEMA/GO and 95%

isotactic-PMMA/GO (measured by DSC).

Sample Mw T, from DSC/C
Commercial PMMA (atactic) 100k 95.4
PMMA/GO 0.12 vol % 100k 99.6 AT=4.2
PEMA 515k 68.1

PEMA/GO 0.12 vol % 515k 81.7 ATg=13.6
95% isotactic-PMMA 300k 56.2

95% isotactic-PMMA/GO 0.12 vol % 300k 67.2 AT~11.0
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Asymmetric alternating layers Symmetric alternating layers

Figure 7.1 Refinement of the multilayer co-extrusion to create symmetric alternating layers with

higher graphene nanoplatelets concentrations.
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Résumé

Le graphéne est une nanoparticule bidimensionnelle d’épaisseur atomique
présentant des propriétés uniques, qu’elles soient mécaniques, électriques ou thermiques. Ceci
ajouté a une faible densité et une trés grande surface spécifique, fait que 1'ajout de graphéne et
de nanoparticules dérivées (oxyde de graphene, graphite exofilé¢) pour renforcer des matrices
polymeéres est devenu un sujet d’études d'intérét majeur dans le domaine des nanocomposites.
Cependant, l'influence de la variation de la viscoélasticité de la matrice due a I’ajout de graphéne
ainsi que la mécanique interfaciale reste aujourd’hui peu étudiée. De plus, il n’existe aujourd’hui
pas de procédé permettant d’obtenir des nanocomposites présentant du grapheéne dans le plan
orienté dans une matrice polymere afin de réaliser un renforcement a deux dimensions. Ce travail
de these est composé principalement de trois projets portant sur ces problémes.

La premi¢re partie de ce travail se concentre sur la fagon
d'utiliser l'approche micromécanique viscoélastiques pour soustraire l'effet de changement
de T, pour corriger la rigidité apparente de nanocomposites d'oxyde de graphéne. On a ainsi
trouvé que l'oxyde de graphéne rigidifie «indirectement» les matrices polymeres en
augmentant de manicre significative la Ty de la matrice, ce qui modifie largement
la viscoélasticité du matériau. Le mécanisme de renforcement est ainsi largement causé par cet
effet plutot que du fait de la rigidité de 1'oxyde de graphéne lui-méme.

La deuxieme partie se concentre sur l'utilisation d’un procédé de mise en ceuvre
innovant, la coextrusion multinanocouches, ou assemblage forcé, pour créer des films
nanocomposites constitués de couches alternées de polymeres et de polymeéres chargés de
nanoplaquettes de graphéne orientées. Cette orientation est induite par le nanoconfinement

imposé par le procédé. La morphologie des couches (35 ~ 40 nm d'épaisseur) contenant
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du graphéne orienté a ¢été¢ étudiée par microscopie électronique. Les propriétés mécaniques
des matériaux ont été déterminées et le renforcement bidimensionnel a pu étre corrélé a une
orientation (imparfaite) des nanoplaquettes de graphéne dans les films stratifiés.

La troisiéme partie se concentre sur l'utilisation de la méthode de l'inflation de
nano-bulle pour obtenir les réponses mécaniques d'un « nano-sandwich » (nanofilm de polymeére
/ feuille de graphene / nanofilm de polymere). Aux petites déformations, des renforts mécaniques
significatifs ont été observées pour le systtme PEMA / graphéne, tant a I’état caoutchouteux qu’a
I’état vitreux. Les mécanismes d'interface entre le graphéne et les polymeéres ont été étudiés et un

glissement interfacial a été observé.
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Nanocomposites graphene/polymeéres: role de la viscoélasticité, mise en oeuvre par
assemblage forcé, et étude de I'interface

RESUME : Les nanocomposites ont un énorme potentiel pour une large gamme d'applications : ajouter
des charges nanomeétriques aux propriétés intrinseques extraordinaires dans un polymeére est un moyen
simple de modifier ses propriétés et d’obtenir de nouveaux matériaux. Le graphéne est une nanocharge
a deux dimensions d'épaisseur atomique, avec un fort potentiel dans les domaines mécaniques et
électriques.

Dans ce travail, nous traitons plusieurs questions physiques concernant le mécanisme de renfort
mécanique dans les nanocomposites a base de graphéne et de ses dérivés : s’agit-il d’'un effet di aux
propriétés intrinséques des nanoparticules, ou di aux modifications de la structure du polymeére induit
par I'ajout de ces charges ? Quel est le rdle de l'interface ? De nouvelles pistes pour la mise en oeuvre
ont également été explorées : en utilisant un procédé innovant, des nanocomposites présentant des
particules de graphene orientées et donc un renfort a 2 dimensions ont pu étre obtenus.

Mots clés : nanocomposites, rhéologie, polymére, thin film.

GRAPHENE / POLYMER NANOCOMPOSITES:
VISCOELASTICITY, FORCED ASSEMBLY, AND NANOSANDWICH

ABSTRACT . Nanocomposites have a huge potential for a wide range of applications : adding fillers
with nano-meter sizes and amazing intrinsic properties into polymers allow designing new materials.
Graphene, is a planar nanofiller with atomic thickness, with high potential in the mechanical and
electrical areas. In this work we deal with several physical questions to understand the mechanism for
the mechanical reinforcement in graphene nanocomposites. In particular, this work aims at explaining if
the effect is due to the intrinsic properties of the graphene or to the changes in the polymer properties
induced by the addition of graphene. To do that, the effect of the graphene on the glass transition
temperature and of amorphous polymers and the properties of the interface between graphene and the
polymer were studied. We also designed nanocomposites presenting a nacre-like structure using an
innovative processing tool to obtain a 2-dimensional reinforcement.

Keywords : polymer nanocomposites, multilayer film, processing, rheology, thin films, mechanical
properties.
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