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Enfin, merci à l’équipe VAL pour m’avoir introduite et guidée dans le monde de ZeBuLoN.
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Abstract

Widely used for aircraft or rocket engine manufacturing titanium and its alloys are prone
to the room-temperature creep that leads to the phenomenon of sustained load subcritical
crack growth. One of the major cause of such unusual viscoplastic behavior of titanium is the
phenomena of static and dynamic strain aging which represents an interaction between dislo-
cations and interstitial atoms of oxygen and hydrogen. The aim of the present experimental
and numerical multiscale study is to investigate the influence of the interstitial hydrogen and
oxygen on the viscoplastic behavior and the resistance to sustained load cracking in commer-
cially pure titanium of phase alpha.

In a first step, a scenario of static and dynamic strain aging was proposed. The presence
of the stress peak was attributed to the segregation of interstitial atoms of oxygen on the
edge < c+ a > dislocations. In case of dynamic strain aging, the observed instabilities, typ-
ical for the Portevin-Le Chatelier effect, were associated with the non-planar core of screw
< a >-type dislocations. The crystal plasticity was introduced into the phenomenological
model in order to capture the strain aging phenomena and the anisotropy of the mechanical
properties. The modeling approach for strain aging suggested by Kubin-Estrin-McCormick
is based on the internal variable called the aging time which corresponds to the waiting time
of a dislocation in a pinned state. Finite element simulations were then performed on the
polycrystalline aggregates for different number of grains.

At next step, fracture toughness and sustained load cracking tests were performed on the
material with different level of hydrogen. Finally, numerical simulations of toughness and
sustained load cracking tests using the identified viscoplastic model were carried out for all
experimental conditions. A cohesive zone model was then introduced ahead of the crack tip
to simulate crack propagation.

Keywords: titanium, toughness, sustained load cracking, hydrogen and oxygen influence,
dynamic and static strain aging, numerical crack propagation
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Introduction

Résumé

Grâce au rapport résistance/masse volumique élevé, et à ses performances à haute température,
le titane et ses alliages sont largement répandus dans l’industrie aéronautique. Les alliages de
titane sont également employés dans d’autres secteurs tels que la chimie, l’énergie, la construc-
tion navale et la désalinisation de l’eau de mer pour leur bonne résistance à la corrosion. La
biocompatibilité du titane le rend intéressant pour les applications biomédicales comme les
prothèses articulaires, les implants dentaires ou les montures de lunettes.
Par ailleurs, le titane flue à température ambiante ce qui conduit à une réduction de la résistance
du matériau et provoque un phénomène de rupture différée. La rupture différée se produit dans
la structure lors de l’application d’un chargement de niveau inférieur à la ténacité pendant un
certain temps d’incubation allant de quelques heures à quelques jours. Une partie des études
montrent que ce comportement viscoplastique inhabituel à température ambiante est lié aux
phénomènes d’interactions entre les dislocations et les atomes interstitiels comme l’hydrogène
et l’oxygène, aussi appelés vieillissement statique et dynamique. L’hydrogène diffuse sans diffi-
culté dans les structures cristallines du titane à cette température, il peut interagir rapidement
avec les dislocations sans en diminuer leur mobilité, contrairement aux autres atomes inter-
stitiels comme l’oxygène dont la diffusion est beaucoup plus lente. De nombreuses études ont
suggéré que l’oxygène stabilise la phase α et durcit le matériau.
Pour comprendre les effets souvent antagonistes et en parti couplés de l’oxygène et de
l’hydrogène en solution sur le comportement viscoplastique du titane, une étude expérimentale
et numérique multi-échelle, a été lancée sur du titane non-allié de phase α. La thèse se
décompose en 4 parties: la première introduit les alliages de titane et les mécanismes de
déformation. On s’intéresse également aux effets de l’oxygène et de l’hydrogène sur les
phénomènes de vieillissement ainsi que sur le phénomène de rupture différée. La deuxième
partie présente le modèle de vieillissement statique et dynamique couplé avec l’approche de la
plasticité cristalline. La troisième partie présente l’ensemble des résultats des essais de rupture
différée. Enfin le quatrième chapitre est consacré à l’identification d’un modèle macroscopique
viscoplastique qui permettra de décrire la fissuration brutale et lente. Les essais seront simulés
par éléments finis prenant en compte la surconcentration en hydrogène en pointe de fissure.
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2 Introduction

Context

Combination of high strength to density ratio and good corrosion resistance makes titanium
(Ti) and its alloys attractive materials for aerospace, chemical and petrochemical industries. At
the same time it was noticed that Ti is sensitive to room-temperature creep which can lead to the
associated phenomena such as dwell-fatigue effect and subcritical crack growth under sustained
load. The phenomenon of delayed cracking or sustained load cracking (SLC) representing the
slow extension of the crack occurs at stress intensity factors below the fracture toughness of the
material [218]. The safety design of Ti structures for a long time was based on the notion of
fracture toughness and fatigue crack growth that can be assessed by following some guidelines
and prescriptions. The SLC phenomenon is of a great concern and it can lead to some dangerous
problems since the service stresses may well exceed those permitted by a general engineering
design prescriptions [102]. The SLC of titanium alloys is a complex phenomenon influenced by
many metallurgical variables and by external environment. One major cause of SLC is the pres-
ence of interstitial atoms like hydrogen that can be concentrated at the crack tip leading to the
creep-induced cracking at low hydrogen content, or to hydride precipitation and embrittlement
at high hydrogen content [227]. In the range between 60 and 200 ppm hydrogen has a large
but yet unexplained influence on room-temperature creep. For some alloys solute hydrogen can
enhance the cold creep and thus trigger the SLC, while for others it slows down the creep and
increases the threshold for slow crack extension [88, 218]. Furthermore, the interstitial oxygen
also plays a crucial role in the viscoplastic behavior of titanium by increasing the yield stress
through a reduction in the mobility of screw dislocations [141]. A clear insight in the physical
mechanisms governing the influence of hydrogen on SLC is necessary in order to predict the op-
timum range of hydrogen content to improve the resistance of Ti structures to delayed fracture.

Another phenomenon associated with a drastic effect of interstitial atoms of oxygen and
hydrogen on the viscoplastic behavior was observed in Ti alloys. The phenomena of dynamic
and static strain aging have been the object of multiple researches over the past few decades.
Strain aging can cause inhomogeneous yielding such as Lüders bands and Portevin-Le Chaterlier
(PLC) instabilities. Static strain aging (SSA) is usually related to the emergence and subsequent
propagation of plastic deformation bands. Dynamic strain aging (DSA) is associated with the
decrease in the strain rate sensitivity (SRS) parameter which tends to negative value [106].

Several constitutive models attempting to reproduce the SSA and DSA phenomena have
been suggested in the literature. The first class of models is based on the physical origin of the
strain aging, i.e. the pinning of dislocations by solute atmospheres that diffuse during strain-
ing or waiting time. This elastic-viscoplastic constitutive models proposed by Kubin and Estrin
[158, 106] accounts for an explicit mathematical description of strain rate sensitivity, which tends
to zero or negative values in some range of strain rate and temperature when the PLC serrations
are observed. The second class of models is based on an internal variable ta, called aging time,
that controls the increase in the local solute concentration at temporarily arrested dislocations
[129, 132]. This model was implemented in finite element codes and allowed the simulation of
both Lüders and Portevin-Le Chaterlier (PLC) instabilities, by choosing the appropriate set of
parameters [85]. Some attempts to introduce crystal plasticity formulation into a multiscale
modeling of the jerky flow in polycrystals were done by Kok [101] and later by Fressengeas [75].
However, for the sake of simplicity, those models were not taking into account the strain and
strain rate localization phenomena inside the grains.

In spite of the large number of studies devoted to the SSA and DSA in commercially pure
(CP) α-Ti, up to date no experimental evidence of macroscopic band nucleation and propagation
at room temperature in CP α-Ti has been reported in the literature. One of the possible expla-
nation of the absence of macroscopic bands in Ti can be related to the difference in manifestation
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of deformations at macro and micro length scales [66]. Héripré and Crepin [90], studying local
variations of plastic deformation in polycrystalline Zr by strain field mapping, reported strongly
heterogeneous distributions of strain in relation with the underlying crystal grain orientations
on a tensile specimen yet deforming homogeneously on the macro-scale. They concluded that for
an accurate description of the mechanical properties of the material, it is necessary to account
for the local microstructure and crystalline nature of the specimen at the grain scale. Many
recent experimental and numerical investigations [66, 90, 50, 165, 14, 15] confirm that heteroge-
neous straining patterns and strain localization modes observed in materials with low symmetry
crystal structure such as HCP α Ti, are correlated with their locally activated slip systems, the
local texture and possibly the nature of the grain boundaries. Therefore, a numerical model
at finer scale (micrometer) taking into account the local arrangement of grains and a detailed
description of their slip systems is necessary to understand the deformation heterogeneities of α
Ti.

Project ANR-FLUTI

The work presented in this thesis was carried out as part of the ANR-FLUTI (Fluage-
titane) project which is a collaborative research project between Centre des Matériaux of Ecole
des Mines de Paris, Le Laboratoire de Mécanique des Solides of Ecole Polytéchnique and Institut
de Chimie et des Matériaux Paris-Est of University Paris XII. The project was coordinated by
Véronique Doquet from LMS. The main goal of the project is to study the combined influence of
residual oxygen and hydrogen on the deformation mechanisms and the resistance to slow fracture
of CP α Ti alloys. One of the important objective of the project is to give some guidelines for
the optimization of chemical composition of Ti alloys in order to increase their resistance to
room-temperature creep, SLC and related phenomena. Emphasis is made on the experimental
investigation as well as multi-scale modeling (ab initio, polycrystalline plasticity and continuum
description of the behavior). The work presented and developed in this thesis is categorized
under mesoscopic and macroscopic levels.

Objectives

Accounting for the points mentioned above, the objectives of the present study are as follows:
– Develop a better understanding of the physical mechanisms which govern the viscoplastic

behavior of α Ti alloys.
– Formulate and identify a constitutive crystal plasticity model able to simulate static and

dynamic strain aging.
– Experimentally investigate the phenomenon of SLC in the range of low hydrogen content

where creep at the crack tip predominates over Ti-hydrides fracture. Characterize the
influence of hydrogen and oxygen on toughness and SLC of titanium alloys.

– Develop a constitutive model able to simulate the SLC which takes into account the
anisotropy and the impurity content at the crack tip of the material.

Methodology

In the present work a phenomenological strain aging model is combined with a comprehen-
sive description of slip systems active in HCP crystals in order to take into account the role
of crystal plasticity in static as well as dynamic strain aging phenomena. Finite element (FE)
simulations are performed on polycrystalline aggregates with various numbers of grains taking
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into account the elastic and plastic anisotropy of α Ti. It will be shown that the slip activities
can lead to cooperative deformation modes inside the grains of a polycrystal causing the de-
velopment of plastic heterogeneities inside the material. The model captures the macroscopic
viscoplastic anisotropic response and the corresponding slip processes in the grains.

In order to characterize the influence of hydrogen and oxygen on the toughness and SLC phe-
nomenon in CP α Ti, experimental studies are conducted on Compact Tension (CT) specimens
followed by fractographic observations. The aim of this study is to determine the evolution of
the toughness and the threshold to SLC in Ti alloys and detect possible modifications in fracture
mechanisms with increased impurity content. On the basis of the experimental study, it will be
shown that the concept of Linear Elastic Fracture Mechanics (LEFM) is not a suitable approach
for understanding the fracture behavior in such a viscoplastic material. The alternative local ap-
proach to fracture is proposed based on cohesive zone modeling (CZM) combined with a specific
elastic-viscoplastic behavior. This approach allows to take into account the micromechanisms
of failure such as stress and strain distribution at a crack tip.

Outline

The thesis is divided into four parts, each corresponding to one of the above mentioned
objectives. The first part gives a brief review of the fundamentals on crystallography, main
deformation mechanisms and the phenomenon of sustained load cracking in titanium alloys.
The strain aging phenomenon observed in the material is also revisited. In the second part,
experimental evidence of strain aging phenomena is shown. A physical interpretation of the
origin of the observed instabilities is proposed. A suitable crystal plasticity model able to
capture the strain aging phenomena and the anisotropy of the mechanical properties of CP α Ti
at the grain scale is presented. The third part is dedicated to the experimental investigation of
fracture toughness and SLC phenomenon on the pre-cracked CT specimens. Finally, the fourth
part introduces the motivations behind the constitutive modeling of sustained load cracking. The
fracture model based on the local approach to fracture which accounts to hydrogen concentration
at the crack tip is presented. Different aspects and limitations of the modeling are explored.
Finally, conclusions and avenues for possible future development are discussed [66].

General notation

a Scalar

a Vector

A
∼

Second-order tensor

C
∼

∼

Fourth-order tensor

ȧ rate of change of quantity a w.r.t. time
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[uvw] Crystallographic direction

< uvw > Family of crystallographic directions

(hkl) Crystallographic (slip) plane

{hkl} Family of crystallographic planes





Chapter 1

Literature review

Résumé

Ce premier chapitre présente brièvement les alliages de titane. La discussion se concentre
sur les différents mécanismes de déformation dans le titane ainsi que sur les connaissances
actuelles des cissions critiques des systèmes de glissement. On s’intéresse également aux effets
des atomes interstitiels et particulièrement de l’oxygène et de l’hydrogène sur la viscoplasticité
du titane et aux phénomènes de vieillissement statique et dynamique. Les phénomènes de
rupture différée et de fluage (qui sont très importants dans ce genre de matériaux) et leurs
effets sur la propagation des fissures sont également discutés. Ce chapitre contient également
des éléments fondamentaux qui sont nécessaires pour comprendre les méthodes utilisées dans
le développement du modèle de vieillissement présenté en Chapitre 2.

7



8 Chapter 1. Literature review

1.1 Some generalities about titanium alloys

1.1.1 Crystallography of α titanium

Pure titanium is an allotropic element. At room temperature, it exists in hexagonal close-
packed (HCP) crystal structure, designated alpha (α) phase, and at 882◦C it transforms to a
body-centred cubic (BCC) beta (β) phase (Figure 1.1 (a) and (b)). The hexagonal unit cell
with three possible index systems is shown in Figure 1.2. Lattice parameters a (0.295 nm) and
c (0.468 nm) result in a c/a ratio for pure α-Ti of 1.587, which is smaller than the ideal ratio
of HCP crystal structures of 1.633. Miller-Bravais system with 4 index notation (see Figure
1.2 (a)) will be used in this manuscript. Detailed information about transformation between
different index systems is given in the Appendix A.

Figure 1.1: Unit cells of Ti [124].

Figure 1.2: Unit cell (a) hexagonal (4 index) Miller-Bravais notation for: (a) non-orthonormal,
(b) primitive hexagonal (3 index) non-orthonormal and (c) orthonormal hexagonal (3 index)
index systems where ~e1 ‖ ~a1 and ~e2 ∦ ~a2.
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Solid solution and precipitation hardening are the most commonly observed hardening mech-
anisms in CP α Ti. Figure 1.3 shows two kinds of interstitial sites existing in HCP lattice: two
octahedral and four tetrahedral interstices per unit cell. Large octahedral voids are surrounded
by six atoms arranged on a regular octahedron. The smaller tetrahedral voids are enclosed by
four atoms which are tetrahedrally disposed. In α phase there are thus one octahedral and two
tetrahedral sites per titanium atom with a size of 0.62 Å and 0.33 Å, respectively [13].

Interstitial atoms of oxygen (with neutral atom radius of 0.6 Å) can significantly harden the
α phase by occupying the octahedral sites and causing a tetragonal distortion of the lattice due
to an increase in the c/a ratio [56]. Hydrogen atoms with an atomic radius of 0.46 Å enters the
smaller tetrahedral sites with a radius of 0.44 Å of the β-phase and produces non lattice distor-
tion. Consequently, atomic oxygen has a very high solubility in α titanium, while hydrogen is a
β stabilizer with a high solubility in the β phase.

Figure 1.3: Interstitial voids in HCP structure: (a) octahedral, (b) tetrahedral sites [155].

1.1.2 Deformation modes

Single crystal slip

The conventional slip by dislocations and twinning are two main deformation modes of CP
α Ti. Three slip system families with Burgers vector of 〈a〉-type 〈2110〉 gliding in basal (0001),
prismatic {1010} or first-order pyramidal {1011} planes constitute 4 independent slip systems
(see Figure 1.4). Some additional non 〈a〉-type deformation mechanisms such as pyramidal
〈c+a〉 dislocation slip and four twinning systems accommodate the plastic deformation of poly-
crystal along the c-axis [124]. The list of the most commonly observed slip systems in α Ti is
given in Table 1.1.

For a single crystal α Ti, the prismatic slip is identified as the preferential mode of defor-
mation due to its low value of critical resolved shear stress (CRSS). The prismatic stacking
fault associated with the dislocation core has the lowest energy for the < a > dislocation, and
the flow on the prismatic plane is controlled by low mobility of screw dislocations arising from
non-planar core structures [12, 115]. Due to its ease, prismatic slip has been extensively studied
[4, 142, 141, 170]. The CRSS for this slip mode was established over a wide range of temper-
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atures and compositions in a work of Conrad [56]. As the temperature increases, the CRSS of
the prismatic slip decreases, that might suggest a change in the underlying mechanism of the
slip. The similar trend is observed for a basal slip (Figure 1.5). The pyramidal < a > slip has
been reported as a secondary slip in the works of [170, 52]. The difference in CRSS between
the three slip families with a Burgers vector < a > becomes smaller with increasing temperature.

Figure 1.4: Slip systems in Ti of α phase [21].

Slip family Plane and direction Total number of slip systems

1. Basal < a > {0001}< 1210 > 3

2. Prismatic < a > {1010} < 1210 > 3

3. Pyramidal π1 < a > {1011} < 1210 > 6

4. Pyramidal π1 < c+ a > {1011} < 1123 > 12

5. Pyramidal π2 < c+ a > {1122} < 1123 > 6

Table 1.1: Slip systems in CP Ti of α phase

Pyramidal π1 < c + a > glide associated with the planes {1011} and {1122} has been ev-
idenced in a single crystal α Ti [156, 217, 46]. It has been concluded that < c + a > slip is
important for deformation accommodation at elevated temperatures. This slip has a CRSS of
3-4 times larger than the CRSS for < a > type slip. The large magnitude of the < c + a >
Burgers vectors and atomically rough planes explain the higher resistance to motion of < c+a >
dislocations. Pyramidal π2 < c+a > slip was rarely found to be activated in some c-axis tension
tests [221].
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Figure 1.5: The variation of CRSS with temperature [12].

Twinning

Twinning in α Ti occurs on {1012} and {1122} planes (Figure 1.6) depending upon whether
the loading stresses are tensile or compressive [12]. It represents the fifth degree of freedom
required for an arbitrary shape change. Twinning significantly contributes to the deformation
of the lattice through crystal shear, often involving atomic shuffling in the plane of shear, with
associated lattice reorientation [36].

Twinning plays two important roles: it contributes to texture evolution by reorienting the
twinned areas [51] and it influences the strain-hardening behavior [11]. The domination of twin-
ning over dislocation slip is affected by grain size, composition, and deformation rate of the
material. Twinning is suppressed as the grain size is refined, oxygen content is increased, and
deformation rate is slowed [33, 56].

Figure 1.6: Twin systems in Ti of α phase [21].
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Polycrystalline slip

An analysis of operating slip modes in polycrystalline Ti alloys has confirmed the dominance
of prismatic < a > type slip [56, 48, 180, 160]. Significant pyramidal π1 < c + a > slip was
observed at room temperatures [148, 162] when the oxygen content was high enough to suppress
the twinning. Pyramidal π1 < c+a > slip was also observed in textured CP Ti rolled at various
temperatures [81]. Using X-ray line-broadening techniques it was found that over the entire
temperature range 20◦-720◦C the deformation is dominated by prismatic < a > slip. Rare ob-
servations of pyramidal π2 < c+ a > slip in polycrystalline Ti were reported by [230, 171].

A possible source mechanism for non-basal < c + a > pyramidal slip was studied by Yoo
[228]. According to [228], there are two main ways by which non-basal slip dislocations can be
generated: (a) at/near surfaces and interfaces such as grain boundaries, and (b) at heterogeneous
sites in the grain interior such as the junction associated with < a > and < c > dislocations.
Figure 1.7 (a) illustrates schematically the cross-slip of an < a > dislocation from the basal
plane to a prismatic (1100) plane. Next, an active prismatic slip dislocation interacts with a
sessile < c > dislocations and a < c+ a > dislocation junction along its near-screw orientation
is formed (Figure 1.7 (b)). It should be noted that < c > dislocations are assumed to exist in
the grain matrix as a part of the initial microstructure. Finally the < c+ a > screw dislocation
cross slips from the prismatic (1100) plane to the (1122) pyramidal plane (Figure 1.7 (c)). The
generation of < c+ a > dislocations on the {1101} plane is also possible as a result of interac-
tion between < c > dislocations and pyramidal < a > dislocations. The direct evidence of the
cross-slip of < a > dislocations from {1100} to {1101} planes when the specimen was favorably
oriented, is provided during an in situ straining TEM experiment on Ti at low temperatures
[70]. These results suggest that < c+ a > slip is important in plastic deformation of α Ti.

Figure 1.7: Evolution of the dislocation source for a < c+ a > pyramidal slip system [228].

Texture of Ti sheet

The deformation behavior of α Ti is strongly affected by its crystallographic texture. The
conventional typical crystal orientation of a cold-rolled α Ti polycrystal in Euler angle notation
is g = (0,Φ, 30), where Φ is in a range of 30◦- 40◦. This typical texture is shown in Figure 1.8.
Here the c-axis is inclined about ±30◦ from normal direction (ND) to transverse direction (TD).
The typical rolling texture appears to form irrespectively of the initial texture [21]. The rolling



1.1. Some generalities about titanium alloys 13

texture in polycrystalline Ti sheets ensures that primary slip is confined to the prismatic slip
systems, while secondary slip is either prismatic or pyramidal < a > type [180].

Figure 1.8: Preferential orientation of the α-Ti subjected to cold rolling.

The pronounced texture in Ti after rolling results in highly anisotropic behavior of the ma-
terial. As a result, mechanical properties of textured material such as elastic modulus, strength,
ductility, toughness, creep and fracture behavior might be strongly affected. For a better under-
standing of the mechanical properties of Ti that depend on the deformation mechanisms, it is
necessary to know its texture evolution during plastic deformation. Phillipe [159, 160] studied
Ti α and near α alloys, and developed a model of texture evolution during cold rolling that
is able to predict the mechanical properties of the material. After the material was tested in
tension at different angles to the rolling direction (RD), it was found that the high value of the
yield stress in the TD is connected with the crystal orientation which favors the activation of
pyramidal < c + a > glide with high CRSS for the deformation accommodation along c-axis
(Figure 1.9).

Anisotropic hardening due to evolving texture was also studied by [89, 12]. It was noticed
that significant texture strengthening can occur when the loading direction imposes stress par-
allel to the c-axis. The strain anisotropy in polycrystalline CP Ti was found to be temperature
dependent. It is the highest at 973◦C and decreases rapidly with decreasing in temperature
[121].

As can be seen, many mechanical properties depend on the crystalline orientations. Signifi-
cant improvement in mechanical performance can be achieved through the texture control and
optimization.
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Figure 1.9: Yield stress and plastic ratio vs cutting angle with respect to RD for T60 alloy [159].

1.2 Anomalous macroscopic behavior in strain aging alloys

1.2.1 General information about strain aging

Many structural materials are subjected to the phenomenon of strain aging, that is asso-
ciated with the solute-dislocation interactions. Two primary mechanisms of solute-dislocation
interactions are arising from elastic interactions mediated by a long-ranged strain fields produced
by a dislocation, and short-ranged interactions with the dislocation core [229]. The long-range
elastic interactions of mobile dislocations with the solute atoms is relatively weak, while the
short-range or ’chemical’ interaction can significantly change the dislocation core and influence
dislocation mobility. This effect can be described indirectly in terms of the generalized stacking
fault energy.

The strain aging can induce inhomogeneous yielding and notably reduce the fracture tough-
ness of a material. Two types of instabilities are attributed to strain aging: Piobert-Lüders
bands and the Portevin-Le Chatelier (PLC) effect. The typical experimental stress-strain curve
affected by Lüders phenomenon takes the form shown in the Figure 1.10 (a). When the specimen
is loaded, the Lüders peak, also called upper yield stress, appears. The appearance of the peak
can be interpreted as the overstress necessary to move dislocations, which are initially pinned
by solute atoms. Upon unpinning, the dislocations suddenly break away from their solute atmo-
spheres provoking an avalanche of dislocations that leads to the strain localization [110]. The
propagation of the Lüders band is associated with a plateau at nearly the constant stress, also
called ’lower yield stress’ [23]. Macroscopically the Lüders front is a delineation between plasti-
cally deformed and undeformed material that appears at one end of specimen and propagates
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with constant velocity towards the other end [40, 123]. Lüders bands are usually attributed to
the phenomenon of static strain aging (SSA).

Figure 1.10: Strain aging: (a) static and (b) dynamic.

At sufficiently high temperatures and/or low strain rates, the point defects can diffuse back
to dislocations, thus causing repeated locking-unlocking processes called dynamic strain aging
(DSA). This leads to the discontinuous yielding phenomenon known as Portevin-Le Chatelier
(PLC) effect. At a given temperature and concentration, the average flow stress needed to unpin
dislocations, increases with decreasing strain rate or increasing waiting time. As a result, the
slope of total glide resistance vs. strain rate is decreasing or may become negative leading to
the so-called negative strain rate sensitivity (NSRS) [109]. When the imposed strain rate falls
into the range of NSRS, the initiation and propagation of plastic strain rate localization bands
in multiple sites of a specimen can be observed during the deformation process [94, 37]. These
shear bands can be produced with regular spacing, or as a set of propagating bands with a
source at one end of the specimen [49, 132]. The PLC effect manifests itself as an unstable
plastic flow that appears as serrations in the stress-strain curve [226]. The serrated flow or jerky
flow on the stress-strain curve is illustrated in the Figure 1.10 (b). During a constant-strain-rate
tests, each stress drop of a serrated plastic flow corresponds to a macroscopically observable
plastic avalanche of one of these localized bands [129, 226]. Figure 1.11 shows various types
of deformation bands that are assigned as type A, B, and C [49, 226, 84]. Type A bands are
characterized by continuous propagation across the gauge length of the specimen at a nearly
constant velocity and band width. It resembles a longitudinal wave [45, 226], with arbitrary
located small drops on the regular flow in the tensile stress-strain curve. Type B bands prop-
agate discontinuously along the specimen with roughly equal intervals. The average velocity is
significantly lower in comparison with type A bands [84]. Type C bands are randomly nucleated
with a limited propagation and a high frequency and chaotic load drops. Usually higher strain
rates promote type A bands, lower strain rates promotes type C bands and intermediate level
corresponds to the type B bands [2, 226]. Detailed information about strain aging mechanisms
is given in the next section 1.2.2.
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Figure 1.11: Schematics of motion, orientation, spatio-temporal appearance and strain-
controlled tensile curve characteristics of the PLC bands [226].

1.2.2 Microscopic mechanisms of strain aging phenomenon

The governing mechanisms of strain aging depend on the relative position of a point defects
that will interact with dislocations. The solute distribution is called Cottrell cloud, Snoek
ordering or Suzuki atmosphere when the point defects are distributed outside of the dislocation
core area. Volume diffusion in the crystal lattice governs the mobility of the point defects.
Defects distributed inside the dislocation core area are called a core atmosphere. Their mobility
is limited by the pipe diffusion along the dislocation core, or the directional diffusion under the
strong interaction force between the dislocation and point defects when the dislocation is in
motion [47].

Generally, the Cottrell cloud [58] is produced when impurity atoms bring the distortion in
the crystal lattice [94]. This distortion leads to the residual stress field around defects, that can
be relaxed by the impurity atom diffusing towards the compressive (in case of substitutional
atoms) or tensile (interstitial atoms) part of edge dislocation. Defects tend to congregate in
dislocation core regions where the elastic strain energy is large and negative, forming dense
atmospheres of solute atoms. As a results, an additional work then will be required to separate
the dislocation from these point defects.

Schoeck and Seeger [175, 176] suggested a mechanism that is based on Snoek’s ordering [185]
of interstitial solute atom pairs in the stress field of dislocations. According to this interpretation,
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the application of a stress, parallel to one crystalline axis, decreases the distortion of the lattice
filled with randomly distributed interstitial atoms in the octahedral sites. If the dislocation is
stationary for a suitable time, the applied stress favors the thermally-assisted jumps into the
appropriate preferred sites. Thus the solid solution becomes ordered around the dislocation
line and the concentration of solutes around the dislocations is constant. An increment in flow
stress is then required to free the dislocation from its ordered atmosphere. This increment may
be regarded as a transient increase in the friction stress. Snoek ordering can explain the rapid
strain aging phenomena observed by Wilson and Russell in tensile tests on a low carbon steels
[69, 219].

As mentioned before, the DSA is a result of the dynamic interaction of mobile dislocations
and solute atoms. Aging occurs during the period when the dislocations are temporarily arrested
at local obstacles in the glide plane. This time is called the aging or waiting time. On the time
scale of tensile test, the aging time of SSA is generally long enough, so unpinning of dislocations
is irreversible. Usually this phenomenon is observed at temperatures lower than for DSA. DSA
is happening during the on-going plastic deformation. During the waiting time at an obstacle,
solute atoms diffuse in the dislocation core and increase activation enthalpy for the unpinning
of the glide dislocation segment [37]. Schematically this process is shown in Figure 1.12.

Figure 1.12: Interaction between a mobile dislocation and forest dislocations in the strain aging
model [37].

According to the concept of DSA model developed by Cheng [47], the dislocation captures
the solutes during its bowing-out process, under applied stress, while being held at forest dis-
locations. As a result, the concentration of the dislocation core atmosphere increases with the
diffusion of the existing core atmosphere along the dislocation, and the new solutes which are
encountered and captured by the dislocation. An increase in the core atmosphere density leads
to the increase of the total thermal activation energy, mechanical threshold stress and the work
hardening rate. Hence the driving stress needed to move the dislocations increases, leading to
the DSA. The force exerted on each of the core solutes by the dislocation is inversely propor-
tional to the concentration of the core solute atmosphere, thus DSA can only be observed at low
solute concentration. Kubin and Estrin [108, 107] used the similar idea of the mobile dislocation
aging during the interaction with forest dislocations (Figure 1.13). According to their model,
solute atoms can diffuse towards the mobile dislocations in the presence of extrinsic obstacles,
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such as forest dislocations. The densities of mobile and forest dislocations evolve inversely dur-
ing the straining process. A high concentration of forest dislocations favors the anchoring of
mobile dislocations. Hardening due to solute atoms around obstacles depends on this interac-
tion between mobile and forest dislocations. At low strain, the density of mobile dislocations
increases rapidly, while the forest dislocation density is almost constant. At high strain, the
mobile dislocations density saturates and the forest dislocation density increases and then also
saturates [84].

Figure 1.13: Interaction between mobile dislocation and forest dislocations in the strain aging
model [108].

1.2.3 Strain aging phenomenon in titanium alloys

A large number of studies devoted to the phenomenon of dynamic and static strain aging and
the underlying physical mechanisms has been conducted for Ti over the past decades. Rosi and
Perkins [170] were the first to report strain aging phenomena in CP Ti at elevated temperatures
and they attributed it to the segregation of nitrogen atoms. According to Doner [62] since pin-
ning is controlled by diffusion, the activation energy of the process is that for the diffusion of the
solutes responsible for the pinning. The investigation of SSA in CP Ti at elevated temperatures
by Donoso [63] indicates that the activation energy of the process is in good agreement with that
for the diffusion of oxygen in Ti. At intermediate and low temperatures, Conrad [56] ascribed
the yield peak in CP Ti to dislocation multiplication mechanisms. An alternative explanation
of the yield peak in CP Ti observed at room temperature was proposed by Roth [171] who
suggested that distinct slip systems have different strain-rate sensitivity. The tendency for the
yield peak formation was explained by the initial domination of the pyramidal slip with a high
Schmid factor, resulting in a higher yield stress.

The significance of DSA in CP Ti at elevated temperatures was studied by Doner and Garde
[62, 79]. They suggested that interstitial oxygen interacting with mobile dislocations through
bulk diffusion can be responsible for DSA above 600 K [62, 79], while near 350 K DSA might be
due to hydrogen that has a higher diffusivity. According to Senkov and Jonas [178], solute hy-
drogen reduces the extent of DSA in titanium at high temperatures by weakening the interaction
between dislocations and impurity atoms thus causing material softening. Nemat-Nasser [146]
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argued that the activation energies for volume diffusion of solute atoms may not be pertinent
parameters to determine which solute is responsible for DSA in a given temperature range. He
was the first who documented experimentally DSA of CP Ti near room temperature presumably
caused by the pipe diffusion of interstitial atoms of oxygen along or inside the dislocation core.

Another mechanism based on the internal lattice friction was proposed to control the move-
ment of screw 〈a〉 dislocations in Ti. The applied resolved shear stress required to make a
dislocation glide in an otherwise perfect crystal is called the Peierls stress and it is a function
of the dislocation core structure. The Peierls stress can substantially grow when the local con-
centration of solute atoms increases. It can also induce stress instabilities contributing to static
and dynamic strain aging [42, 94]. Naka [141, 142, 140] and Biget [30] studied the importance
of lattice friction in the low-temperature deformation of α Ti single crystals. Post − mortem
transmission electronic microscope (TEM) observations [140, 142] have shown a large density
of long rectilinear screw 〈a〉 dislocations in the prismatic planes that govern room-temperature
plastic deformation of α Ti. In− situ TEM deformation tests [70, 71] revealed a jerky motion
of these dislocations with a series of sudden jumps between locked positions. It was concluded
that the plastic flow of α Ti at room temperature is controlled by Peierls type frictional forces in
connection with a non-planar core structure of the screw dislocations. According to this model
[59], the dislocation takes alternately two configurations: a low energy, stable and sessile config-
uration with a core spread on several potential glide planes [80], and a high energy, metastable
and glissile configuration with a core confined into a single glide plane (prismatic, pyramidal or
basal) [54]. In this latter configuration, dislocation segments can jump over variable distances
that can range from a single interatomic distance (classical Peierls mechanism) to large distances
(locking-unlocking mechanism). Solute atoms of oxygen are expected to harden α Ti through a
short range mechanical interaction in which the crystal distortions introduced by the interstitial
atoms stabilize the core structure of screw dislocations. This results in a more difficult sessile-
glissile transition and thus a larger lattice friction [42]. Transitions from one configuration to
another being thermally activated, a decrease of the jump length and an increase in the jump
frequency at higher temperature is observed experimentally by means of in− situ experiments.
At low temperatures, the deformation is controlled by the locking-unlocking mechanism [59],
long rectilinear segments of screw dislocations are observed and the activation parameters are
those of the Friedel and Escaig model [76, 68] (transition from a sessile to a glissile configuration
before glide in the prismatic planes). At high temperatures, a large density of macrokink pairs
is moving along bowed segments of dislocations and the kink pair mechanism (nucleation and
mobility) is controlling plasticity [71, 142, 140, 95].

1.2.4 Modeling of strain aging phenomenon

Various constitutive models attempting to reproduce the SSA and DSA phenomena have
been suggested in the literature. Two main types of these models are based on the physical ori-
gin of the strain aging, i.e. on dislocation-solute interaction. The first type of elastic-viscoplastic
constitutive models proposed by Kubin and Estrin [158, 106] accounts for an explicit mathe-
matical description of strain rate sensitivity, which tends to zero or negative values of SRS in
some range of strain rate and temperature when the PLC serrations are observed. Using such
phenomenological model in finite element (FE) code, the simulation of the propagation of the
Lüders bands was implemented by several authors: Tsukhara [198, 199] in 2D plates; Kok [101]
in 3D polycrystalline flat specimens; Benallal [24] in smooth and pre-notched axisymmetric ten-
sile specimens. The second type of the model initially proposed by McCormick [129] and later
improved by Mesarovic [132], includes an internal variable ta, called aging time, that controls
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the increase in the local solute concentration at temporarily arrested dislocations. This model
has been used in many recent PLC FE simulations [231, 85, 84, 128, 55, 125]. Some attempts to
introduce crystal plasticity formulation into a multiscale modelling of the jerky flow in polycrys-
tals were done by Kok [101] and later by Fressengeas [75]. However, for the sake of simplicity,
those models were not taking into account the strain and strain rate localization phenomena
inside the grains [83].

In spite of the large number of studies devoted to the SSA and DSA in CP α-Ti, up to date
no experimental evidence of macroscopic band nucleation and propagation at room tempera-
ture in CP α-Ti has been reported in the literature. In the recent work, Roth and Lebyodkin
[171] reconstructed a strain-rate patterns during the tensile deformation of the sample using
a CCD camera. The observation of the evolution of the local strain rate showed no plastic
front propagation. At the same time, as it was noticed by Efstathiou [66], the manifestation
of deformations at one length scale may be different at larger length scales, especially for the
materials with inhomogeneous microstructure [50]. Héripré and Crepin [90] who studied the
local variations of plastic deformation in polycrystalline Zr by strain field mapping conclude
that an accurate description of the mechanical properties of the material requires the knowledge
of the local microstructure and crystalline nature of the specimen at the grain scale. Numerous
experimental and numerical investigations [66, 90, 50, 165, 14, 15] confirm that the heteroge-
neous straining patterns and strain localization modes observed in materials with low symmetry
crystal structure such as HCP α Ti, are correlated with their locally activated slip systems, their
local texture and possibly the nature of the grain boundaries. Therefore, in order to understand
the deformation heterogeneities of α Ti, a numerical model at a finer scale (micrometer) which
would take into account the local arrangement of grains and a detailed description of their slip
systems is necessary.

1.3 The phenomenon of sustained load cracking (SLC) in
titanium alloys

1.3.1 Effect of hydrogen on fracture behavior

For a long time, the safety design of Ti structures was based on the notion of fracture
toughness and fatigue crack growth that can be assessed by following some guidelines and pre-
scriptions. In the early 1950th [39], experimental observations of Ti showed that this material is
susceptible to time-dependent failures such as cold creep, sustained load cracking, dwell fatigue
that can occur at stress intensity factors below fracture toughness KIc and when static loads are
applied [102]. This discrepancy can lead to some dangerous problems since the service stresses
may well exceed those permitted by a general engineering design prescriptions. SLC behavior
is of concern also when subcritical crack growth occurs internally so as to remain undetected
during service inspection [214, 189].

Delayed cracking, or SLC in Ti represents a slow extension of the crack under high sus-
tained loads in the absence of an aggressive environment. This type of cracking resembles
stress-corrosion cracking (SCC), where aggressive environments are involved. The main cause
of SLC behavior is usually attributed to the presence of interstitial hydrogen either in solid
solution [215, 135, 93, 205, 173, 153, 126, 32, 227, 153, 152, 86, 104] or in the local environment
[225, 145, 133, 138]. As a result, the hydrogen concentration of alloys for aircraft applications
was routinely kept below 125 ppm by weight because of the possible embrittling effect [93, 88].
Embrittlement by hydrogen might happen with or without hydride formation. In non-hydride
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systems, hydrogen was proposed to embrittle the material through a decrease in the cohesive
strength of the atomic bonds [196] or through the mechanisms of hydrogen enhanced localized
plasticity (HELP) around the crack tip [22]. In hydride forming systems, the crack propagation
occurs by hydride formation at stress concentrations followed by cleavage of the hydrides [182].
The overview of the main work on sustained load cracking in Ti alloys in the chronological order
of its appearance will be discussed below.

Meyn [135] studied the fracture toughness and resistance to inert-environment sustained load
cracking propagation of α-β Ti alloys. He stated that the occurrence of SLC is related to hy-
drogen contents. He observed a decrease of both fracture toughness KIx and the SLC threshold
KIth with increasing hydrogen content up to 50 ppm. Further increase in the hydrogen level
resulted in increased growth rates while the threshold remained constant (see Figure 1.14). The
SLC propagation occurred through a mixture of microvoid coalescence (MVC) and transgran-
ular cleavage on the plane oriented 2 to 15 degrees from basal {0001} in the α phase. Meyn
discarded the role of hydrides in the cleavage process since the cleavage plane did not coincide
with reported hydride habit planes [209]. In pure Ti, the known habit hydride planes are {1010},
{1011} and {0225}, with {1010} being the most common [148, 182]. The fast fracture and SLC
behavior were suggested to result from creep-induced cracking at room-temperature that can be
facilitated by hydrogen.

Figure 1.14: Effect of hydrogen on the fracture toughness KIx and the threshold stress intensity
factor for sustained load cracking KIth for Ti-6Al-4V [135].

Williams [215] observed remarkable increase in fracture toughness in Ti alloys resulting from
reduction in hydrogen content. The strain rate had no effect on fracture toughness. All spec-
imens showed ductile rupture regardless hydrogen level. The fracture surface at 60 ppm was
slightly rougher and had smaller dimples comparing to the specimen of 7 ppm. The variation of
fracture toughness and threshold to SLC with hydrogen content is summarized in Figure 1.15. In
both Ti-6Al-4V and Ti-4Al-3Mo-1V alloys, reduced hydrogen content increased fracture tough-
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ness KM , whereas the threshold Kth exhibited a minimum value at an intermediate hydrogen
content and further increased. Such an unusual beneficial effect of hydrogen on the threshold
Kth was explained by the reduction of secondary creep rate at low and high hydrogen levels. The
minimum Kth at an intermediate hydrogen content is due to hydrogen whose insufficient level
cannot neither suppress creep nor decrease toughness to a low level, but can promote hydrogen
embrittlement in material.

Figure 1.15: Effect of hydrogen on the fracture toughness KM and threshold stress intensity
Kth for Ti-6Al-4V and Ti-4Al-3Mo-1V [215].

Similar to Williams [215], the experiments of Vassel [205] at room-temperature single-edge-
notched precracked specimens showed that fracture toughness decreases as hydrogen content
increases, whereas the sustained load cracking was improved and even absent in the alloys con-
taining 105 ppm of hydrogen (see Figure 1.16). Such an anomalous behavior was suggested to be
due to an additional mechanism that must play an important role in crack propagation together
with hydrogen embrittlement. Metallographic observations established that SLC is due to the
cleavage of the α phase along a plane inclined at about 14◦ to the basal plane.

Sastry [173] in his exhaustive study on SLC behavior in Ti-6Al-4V came to the same conclu-
sion as Meyn [135] on the influential role of hydrogen in SLC. According to these conclusions,
at low hydrogen content, subcritical crack-growth under sustained load was governed by creep
deformation, while at high content the role of hydrides becomes increasingly dominant in crack
propagation. The effect of hydrogen was more pronounced in β-annealed specimens than in
recrystallization-annealed as can be seen in Figure 1.17 due to the higher fraction of β-phase in
the structure of the former alloy. It was explained by the higher solubility of hydrogen in the
β phase which might either create tensile stresses in the adjacent α-phase and initiate cleavage
near the α-β interfaces or result in hydride precipitation along the α-β interfaces and lead to
interfacial separation.
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Figure 1.16: Effect of hydrogen on the fracture toughness KIx and threshold stress intensity
KIth for Ti-6Al-14V [205].

Figure 1.17: Effect of hydrogen concentration on subcritical crack-growth in Ti-6Al-6V-2Sn in
humid air atmosphere for (a) β annealed and (b) recrystallization annealed alloys [173].

Gao and Dexter [78] in their investigation of room-temperature creep of Ti-6Al-4V alloy
suggested that hydrogen might promote both softening and embrittlement in the same alloy.
According to their study, dissolved hydrogen can alter the binding energy of the crystal lattice
in such a way that the cohesive energy is reduced and screw dislocation mobility is increased.
As a result, the primary creep in Ti can be accelerated leading to hydrogen-induced softening.
At the later stage of deformation, hydrogen pile-ups near the subboundaries can cause failure
by hydrogen embrittlement.
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In the work of Gu and Hardie [86] on Ti-6AI-4V, two regimes of slow crack extension Ks

depending on hydrogen content were detected (see Figure 1.18). Up to 90 ppm, Ks is enhanced
but the crack propagation resistance is decreased leading to an increasing rate of slow crack
growth. Creep was concluded to be a controlling mechanism of slow crack growth at this level of
hydrogen. At the content above 125 ppm, hydrogen might induce an expansion of the α lattice
and, as a result, the enrichment of hydrogen at the stressed crack tip due to interaction with
the triaxial stress and dislocations reduces the threshold stress intensity factor Ks. The crack
growth becomes controlled by hydrogen diffusion in the α and β phases. The fractographic
observations in the slow cracking region shows a mixture of dimples and cleavage below 90 ppm,
while the fraction of cleavage is reduced as the hydrogen content increases.

Figure 1.18: Effect of hydrogen on the threshold stress intensity factor for slow crack initiation,
Ks, and the critical stress intensity factor for fast cracking, KH for Ti-6Al-14V [86].

Hardie and Ouyang [88] studied the effect of hydrogen concentration in a large range on
slow and fast cracking regimes in Ti-6Al-14V CT specimens. They have found that increasing
the hydrogen content up to 60 ppm leads to the higher resistance to slow cracking Ks which
is dominated by creep effects (see Figure 1.19). This enhancement is probably due to the re-
stricted plastic zone at the crack tip. In the range between 60 and 200 ppm of hydrogen, the
critical stress intensity factors for slow cracking coincides with that for fast fracture KH . Above
the critical hydrogen level of 250 ppm, hydrogen gets accumulated at α/β interfaces, leading to
hydride cracking and fast propagation of a brittle crack.
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Figure 1.19: Effect of hydrogen content on the stress intensity factors of slow Ks and fast KH

cracking for CT specimens of Ti-6Al-14V [88].

Parameters such as microstructure, temperature, texture are expected to influence SLC char-
acteristics as well. The susceptibility of Ti alloys to hydrogen-induced subcritical crack growth
is strongly dependent on the microstructure of the alloy and especially on the amount of β phase
which is known to have a higher solubility of internal hydrogen in Ti. The higher solubility and
the rapid diffusion of hydrogen in the β phase results from the non compact body center cubic
(BCC) structure, which consists of 12 tetrahedral and 6 octahedral interstices in comparison to
4 tetrahedral and 2 octahedral interstitial sites in the HCP lattice of α phase [192].

In a hydride-forming system, Ti alloys of α phase, when exposed to external hydrogen, will
degrade primarily through the repeated formation and rupture of the brittle hydrides in the α
phase. Three types of hydrides have been observed to form in the α-phase at room temperature:
δ, ǫ and γ hydrides. The δ-hydrides which are formed between TiH1.5 and TiH1.99 have an FCC
lattice with the hydrogen atoms occupying the tetrahedral interstitial sites [148, 182, 192, 197].
The δ-hydrides transforms diffusionless into the ǫ hydrides with an face-centered tetragonal (fct)
structure (c/a ≤1 ) below 37 ◦C. At low hydrogen content (1-3 %) the metastable γ hydrides
are formed, with an fct structure of c/a ≥ 1. Interstitial hydrogen occupies one-half of the
tetrahedral interstices in the γ hydride structure.

The high voltage TEM in−situ observations of the HCP α Ti-4%Al alloy [182], exposed to a
gaseous hydrogen environment at room temperature, revealed two possible fracture mechanisms
which can be operative depending on the level of stress intensity factor. At low stress intensi-
ties corresponding to small crack velocities, the fracture proceeded by a stress-induced repeated
hydride formation and cleavage mechanism, whereas at high stress intensities corresponding to
high crack advance rates, failure occured by hydrogen-enhanced localized plasticity (HELP) at
the crack tip. The failure mechanism in case of HELP is similar to the mechanism of crack
advance in inert environment, however the stresses needed to move dislocations are significantly
reduced by a high hydrogen concentration in solid solution [182]. The role of hydrogen in reduc-
tion of the stress for dislocation motion and consequently for dislocation generation has been
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extensively studied by Birnbaum [31, 182]. Enhanced dislocation velocities were observed for
different kinds of dislocations and materials, indicating the generality of the mechanism [67].
It has been noticed that the stopped cracks continued to propagate under the sustained load
when hydrogen was introduced into the environmental cell. The fracture process in the presence
of hydrogen was due to localized ductile failure resulting from the increase in the dislocation
velocity at the crack tip. Hydrogen locally softens the material in front of the crack, allowing
ductile fracture to occur there, prior to general yielding away from the crack tip. The observed
deformation occurs along grain boundaries (intergranular fracture) where hydrogen tends to be
concentrated. The cause for softening should be sought in hydrogen shielding which greatly
reduces the interactions dislocations-point defects and dislocations-internal stress fields. As a
result, dislocations velocity increases under stress as the slip barriers can be more easily over-
came by thermal activation.

In the α-β alloys, in the presence of significant amount of β phase, environmental hydrogen
embrittlement of titanium can be explained in terms of relative hydrogen transport rates within
α phase and β-phase. Microstructure with a continuous α-phase matrix with a fine, dispersed
β phase in the boundaries were found to be less severely embrittled than microstructures con-
taining a continuous β phase in the boundaries which provided a rapid pathway for hydrogen
diffusion into the material (Figure 1.20 (b)) [144]. Brittle fracture in the former microstructure
occurred primarily by transgranular separation associated with cleavage and, in the latter by
intergranular cracking. From these studies it was suggested that the diffusion rate of hydrogen
in the β phase is the rate controlling process of crack growth under sustained load in Ti-6AL-4V.

Ti alloys of β phase are known to be fairly resistant to hydrogen embrittlement due to their
higher hydrogen solubility at room-temperature. However, at higher hydrogen pressures, they
were found to form brittle δ hydride phases [181] on the {1010} slip plane which can have a
significant effect on the ductile-to-brittle transition and the change in the fracture mode of the
BCC β alloys.

Boyer [32] pointed on the importance of exposure temperature and hydrogen content in SLC
of Ti-6Al-4V. He proposed that during the SLC experiments, the stress intensity is high enough
to allow crack propagation by any of three mechanisms: (1) creep (2) cleavage and (3) interfa-
cial separation. Increasing the hydrogen content raises the temperature at which SLC will occur
and increases the crack growth rate. The crack growth rate was observed to decrease at higher
temperatures which was attributed to a decrease in hydride nucleation.

The theoretical model of SLC by hydride growth presented by Pardee and Paton [153] indi-
cated that SLC rate in Ti alloys containing 100 ppm of internal hydrogen increases by several
orders of magnitude as temperature decreases from room temperature to approximately -70◦C.
A rapid increase in the crack growth was attributed to the facilitation for the δ-hydride nucle-
ation in the α phase with the decreased temperature. For a given hydrogen content, at room
temperature, the crack growth may be attributed to a creep mechanism, while at lower temper-
ature, hydride precipitation becomes operative, producing more cleavage sites.

Moody [138] investigated the dependence of internal hydrogen-induced subcritical crack
growth (SCG) in Ti-6Al-6V-2Sn on the temperature. It was found that, relatively small content
of residual internal hydrogen (≤50 ppm) at low temperature (slow strain rate) can increase the
crack growth rate due to the increase of hydrogen diffusion at the crack tip under applied stress
leading to hydride precipitation. The propagation of the crack in this case occurs by continuous
hydride cracking. At high temperatures (high strain rates) hydrogen decreases the crack growth
rate which is related to the difficulty of hydride formation.
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Figure 1.20: Initial microstructure of Ti alloy Ti-6Al-4V: (a) primary α phase, equiaxed grains
forming continuous matrix with the retained β phase; (b) Coarse, acicular α phase in a β matrix
[145].

The results of the sustained crack growth tests performed by Yeh [224] on Ti-6Al-4V with
47 ppm of hydrogen at temperatures from 20◦C to 95◦C showed that for all test conditions,
the crack growth exhibits the typical three-stage characteristics with a plateau in stage II cor-
responding to almost constant velocity of crack propagation (Figure 1.21). This plateau was
found to increase with temperature. It was concluded that the constant crack growth veloc-
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ity may be the result of the competition between the increase of hydrogen diffusion and the
decrease of yield strength with increasing temperature. The resistance to hydrogen-induced
crack growth is due to crack tip blunting. As the temperature increases, the ability of crack
blunting increases resulting in the higher resistance to crack growth. Two possible mechanisms
of hydrogen-enhanced localized plasticity (HELP) and dynamic strain aging were proposed to
explain hydrogen-induced crack propagation.

Figure 1.21: Crack growth rate in Ti-6Al-4V from for different temperatures [224].

The kinetics of crack growth and the shape of the crack surface developed under sustained
load can be equally affected by specimen dimensions. The threshold stress intensity can increase
when the specimen deviates from dimensions required to ensure plane strain conditions across
most of the crack front [215, 216]. Higher hydrogen susceptibility during crack growth in the
specimens with the plane-strain geometry was explained in terms of the smaller hydrostatic
stresses ahead of the crack tip which caused less hydrogen accumulation in the crack tip zone
[139]. According to Sastry [173], the greater prestrain and smaller plastic relaxation associated
with plane-strain conditions increase the sensitivity to SLC.

The effect of crystallographic texture on SLC crack was studied by Sastry on three differ-
ent microstructures of Ti-6Al-6V-2Sn shown in Figure 1.22: (a) Beta-annealed texture with a
random crystallographic texture; (b) recrystallization annealed and (c) treat-and-aged textures
with sharp near-transverse-basal components. The crack growth kinetics was determined in the
specimens with TL and LT orientation. The recrystallization-annealed and solution-treat-and-
aged specimens exhibited pronounced orientation dependence of crack-growth rate and threshold
stress-intensity. In the TL specimens, the cracking plane is parallel to the basal plane, which is
known to be the main cleavage plane in Ti [135]. As a result, crack propagation by cleavage is
facilitated in the TL orientation, causing a higher crack growth rate and lower Kth comparing to
the LT direction. Ductile tearing and secondary shear cracking characterized the LT specimens
fracture mode. The slow crack-rate growth can be due to the increased resistance to plastic
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deformation because of the higher resolved shear stress required for < c + a > slip and lower
Schmid factor in < 1120 > slip. In beta-annealed specimens, the randomness of the texture led
to the less pronounced orientation dependence of SLC growth.

Figure 1.22: Effect of specimen orientation on subcritical crack-growth rate in Ti-6Al-6V-2Sn
for (a) beta-annealed, (b) recrystallization annealed, and (c) solution-treat-and-aged microstruc-
tures tested in LT and TL orientations [173].

The comprehensive study of the effect of specimen orientation on resistance to hydrogen
embrittlement carried by Clarke [53] confirmed that the material is most susceptible to embrit-
tlement when the fracture plane is perpendicular to the direction in the material having the
highest concentration of basal poles, i.e. the applied stress is close to the normal to the common
habit plane for hydride in the α-phase.

The presented overview of the existing studies indicates that Ti alloys are highly susceptible
to inert-environment sustained load cracking propagation. This embrittlement is clearly linked
to the internal hydrogen content of the material or external hydrogen from the environment.
Depending on the concentration in the material, hydrogen can either precipitate under strain
as a hydride and then cracks nucleate, or it can remain in solution leading to hydrogen-induced
cracking in regions of high strain where hydrogen concentrates. Hydrogen-induced crack growth
is highly affected by temperature, microstructure, crystallographic texture and hydrogen con-
centration.
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1.3.2 Effect of oxygen on fracture behavior

As it is known from the existing phase diagrams, hydrogen stabilizes the β-phase, whereas
oxygen, nitrogen and carbon are α-stabilizers. Interstitial oxygen is known to increase the yield
stress of Ti alloys while preserving the corrosion resistance of the α-phase provided by a oxide
layer spontaneously formed when exposed to air (due to high affinity of titanium to oxygen).
Despite beneficial oxygen effect on the resistance to erosive corrosion, the removal of interstitial
oxygen is advisable since generally higher oxygen contents may enhance hydrogen embrittlement
by reducing the lattice solubility of hydrogen, thereby increasing the amount of precipitated hy-
dride. An extended review on mechanical behavior of oxygen and hydrogen-bearing Ti alloys
was given by Wacz [212] and Conrad [56].

At low temperatures, fracture in titanium alloys containing less than 1.5% oxygen occurs by
necking and microvoid coalescence followed by ductile shearing. Fracture strains decrease with
increasing oxygen content. In the temperature range between 500 and 970 K, CP Ti exhibits
a minimum of ductility, and the effect decreases with increasing oxygen content which promote
glide over twinning [56]. The fracture surface consists in this case of deeper and larger dimples.
Ti alloys with 1.0% oxygen concentration show brittle fracture at 116 K. Microcracks were ob-
served to nucleate at {1122} twins and to grow at the boundary between the second order twin
and the matrix [7].

Oxygen can significantly lower the secondary creep rates of α Ti alloys especially at high
temperatures. This effect was attributed to strain aging, which along with cold working, tended
to improve creep resistance [99]. A recent multi-scale investigation of the viscoplatic behavior
and SLC under the combined influence of solute oxygen and hydrogen [18, 17] confirmed the
effect of dynamic strain aging on the reduction of the creep rate in CP Ti alloys. It was pro-
posed that interstitial oxygen can exert a solute drag force on dislocation which would hinder
their motion leading to the incubation period observed in Grade 4 and decrease in the creep
rate at the primary stage (see Figure 1.23). The subsequent spontaneous creep acceleration
observed in the material was explained to be due to plasticity activated in a large fraction of
grains. Hydrogen-enhanced localized plasticity might result in an aging-induced rejuvenation of
the creep presented in Figure 1.24. It was concluded, that room-temperature creep is conrtolled
by the atomic oxygen to hydrogen ratio, where oxygen hinders the creep through the dynamic
strain aging, whereas solute hydrogen atoms shield gliding dislocations from the oxygen drag
force, thus enhancing the creep.
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Figure 1.23: Influence of hydrogen depletion on creep in Grade 4 tested in transverse direction
at 0,72 σ0,2 [18].

Figure 1.24: Aging-induced rejuvenation of the creep potential [18].
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1.4 Conclusions

The presented review shows that crystallography of CP α titanium defines many important
features of mechanical behavior of this material. Some of them are:

– Deformation modes: prismatic 〈a〉 slip is the easiest deformation mode to activate in
single and polycrystals. The pyramidal π1 〈c + a〉 slip is generally considered important
for accommodating strains along the c-axis. Twinning mode is also important for strain
accommodation, however there is less evidence about the overall operation of twinning in
CP α Ti at the low level of strain.

– The typical texture component of α Ti after cold rolling is (0, Φ, 30), where Φ ranges from
30 to 40◦, which leads to the strong anisotropy of the mechanical properties.

– The phenomena of static and dynamic strain aging observed in CP α Ti is associated with
the interaction between interstitial atoms of oxygen and hydrogen with moving disloca-
tions. Existing modeling approaches of strain aging effects are discussed.

– The importance of sustained load cracking in titanium alloys is highlighted. An antagonist
role of hydrogen and oxygen in the fast and slow fracture cracking of CP α Ti is discussed.



Chapter 2

Characterization and modeling of
strain aging phenomena in Grade 4

Résumé

Le deuxième chapitre vise à modéliser le comportement viscoplastique du titane de la phase
α (Grade 4) en tenant compte du vieillissement statique et dynamique mis en évidence lors
de la caractérisation expérimentale. L’apparition d’un crochet de traction de quelques MPa
suivi d’un palier de type Lüders a été attribué aux interactions entre les atomes interstitiels
d’oxygène et les dislocations < c+a > de type coin. Les serrations de type Portevin-Le Chater-
lier sont dû au blocage des dislocations < a > vis par dissociation de leur cœur dans la struc-
ture cristalline. Un modèle phénoménologique de vieillissement de Kubin-Estrin-McCormick
(KEMC) a été couplé avec une approche de plasticité crystalline pour prendre en compte le
rôle de la cristallographie dans le vieillissement statique et dynamique. Il a été démontré
que la localisation de la plasticité à l’échelle locale et macroscopique se manifeste de manière
différente.
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2.1 Introduction

The present chapter is dedicated to the study of viscoplastic behavior of CP α Ti and phe-
nomena of static and dynamic strain aging in the material. A phenomenological strain aging
model was combined with a comprehensive description of slip systems active in HCP crystals
in order to take into account the role of crystal plasticity in static as well as dynamic strain
aging phenomena. Finite element simulations were performed on the polycrystalline aggregates
with various numbers of grains taking into account the elastic and plastic anisotropy of α Ti. It
will be shown that the slip activities can lead to the cooperative deformation modes inside the
grains of a polycrystal causing the development of plastic heterogeneities inside the material.
The model captures the macroscopic viscoplastic anisotropic response and the corresponding
slip processes in grains.

2.2 Materials and experimental procedures

In the present study CP α-Ti of Grade 2 and Grade 4 were investigated. The nominal
chemical composition of the materials is given in Table 2.1. Experimental cylindrical specimens
with a 8 mm diameter and a 16 mm gauge length were extracted from cold-rolled plates and
cut parallel (longitudinal direction LD) and perpendicular to the rolling direction (transverse
direction TD) of the plates. The specimens were then annealed at 500◦C during 12 hours under
high vacuum.

H O C Fe N

Grade 2 6±2 1600±50 40 340 30

Grade 4 15±3 3200±100 70 1700 60

Table 2.1: Chemical composition of the titanium used in this study (wt. ppm).

The electron backscattered diffraction (EBSD) analysis showed that both materials have an
equiaxed grained microstructures with average grain size of 30 µm for Grade 2 and 42 µm for
Grade 4 (Figure 2.1 (a)). The crystallographic texture of both grades has a 〈1010〉 direction
parallel to LD and 〈c〉 axes tilted from 30 to 90◦ away from normal direction (ND) towards the
TD (Figure 2.1 (b,c)), characters that corresponds to the typical texture of the cold-rolled Ti
sheet [97].

Tensile tests were performed at room temperature on both TD and LD cylindrical samples of
Grade 2 and Grade 4 at fixed strain rate of 2×10−4 s−1 and with tenfold upward and downward
strain-rate jumps ranging from 2×10−6 s−1 to 2×10−2 s−1.

Additional in−situ tensile tests on the flat TD and LD specimens of 1.2 mm thick and 6 mm
width were carried out in a scanning electron microscope (SEM) in order to analyze the main
deformation modes. Critical resolved shear stress (CRSS) for each slip system was estimated
based on the slip trace analysis coupled with EBDS technique and TEM observations. More
information about the employed technique can be found elsewhere [17, 19]. Prismatic slip with
the lowest CRSS was found to be the leading deformation mode in LD and TD specimens for
both materials. The first-order pyramidal slip of 〈a〉 dislocations is the second most frequent
mode of deformation. The first order pyramidal 〈c + a〉 slip systems were mostly active in
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TD-specimens. No evidence of pyramidal 〈c + a〉 slip family of the second order was found.
Twinning was shown to become operative only at later stages of deformation (at εp ≥ 8%) at
a lower content of oxygen (for Grade 2). An increase in the oxygen content promotes prismatic
and pyramidal 〈c+ a〉 glide and suppresses basal slip and twinning [17].

Figure 2.1: (a) Initial 3D microstructure for Grade 2. (b) Schematic illustration of crystal
orientation withing the sample. (c) (0001) pole figure of Grade 2 and Grade 4 [17].

2.3 Evidence of strain aging

The engineering stress-strain curves of CP Ti of Grade 2 and Grade 4 strained at 2×10−4

s−1 are shown in Figure 2.2(a). Both materials show a higher yield stress when specimens are
tested along the TD than along the LD. Such anisotropic response can be explained by the lower
Schmid factor (⋍ 0.35 instead of ⋍ 0.43) for the < a > prismatic slip and the higher CRSS for
the more favorably oriented < c + a > pyramidal glide. In that orientation the activation of
< c+ a > pyramidal slip , with the highest CRSS has been repeatedly observed experimentally
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[163, 19] just after the yield drop and is expected to contribute to the higher flow stress recorded
in the TD. The measured yield stress and elastic modulus are given in Table 2.2. The anisotropic
mechanical response of the material in LD and TD directions is mainly due to the pronounced
texture, which is a consequence of rolling processing. A stress peak followed by a slight yield
drop and a stress plateau have been observed for both Grade 2 and Grade 4 at small strain for
the specimen loaded along TD. The stress drop slightly increases with the oxygen level (i.e. for
Grade 4). The stress peak and plateau have not been observed in tension along LD for either
Grade 2 or Grade 4. The present study will concentrate on the identification of the behavior of
Grade 4.

Grade Orientation E (GPa) σys (MPa)

Grade 2 LD 114 330

TD 118 404

Grade 4 LD 112 473

TD 121 592

Table 2.2: Young’s modulus (E) and yield stress (σys) for Grade 2 and Grade 4.

Figure 2.2(b) illustrates a tensile test conducted at ε̇ = 2 × 10−3 s−1 on the flat tensile
specimens of Grade 4 in TD with complete unloading and reloading without hold time. The
systematic reappearance of the yield peak after each reloading suggests a phenomenon of SSA,
even though the material was not aged before reloading. The absence of the first peak on the
stress-strain curve can be attributed to possible slight misalignment of the tensile grips during
this particular experiment.
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Figure 2.2: Tensile tests on Grade 4: (a) on the cylindrical specimen in TD and LD at ε̇ =
2× 10−4 s−1. (b) on the flat tensile specimen in TD with unloading and reloading without hold
time, ε̇ = 2× 10−3 s−1.
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Similar tensile experiments were performed with partial unloading (see Figure 2.3) in order
to check the kinematic hardening components. Slightly opened hysteresis loops revealed the
existence of the internal stress component for CP α Ti. Internal stresses can be induced by the
formation of appropriate dislocation arrangements such as pile-ups [34].
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Figure 2.3: Tensile test on Grade 4 on the flat tensile specimen in TD with partial unloading at
ε̇ = 2× 10−3 s−1 without hold time.

The strain rate sensitivity (SRS) of the material was determined in the tensile tests with
strain rate jumps ranging from 2× 10−2 to 2× 10−6 s−1. The SRS parameter is defined as:

SRS = (
∂σ

∂ log ε̇p
)T,εp (2.1)

where σ is the stress tensor and ε̇p is the accumulated plastic strain rate. Small serrations in
both TD and LD samples typical for the PLC effect were observed on the stress-strain curves
corresponding to strain rates of 2 × 10−5 and 2 × 10−6 s−1. The amplitude of these serrations
increased from 1 to 6 MPa as the strain-rate decreased from 2 × 10−4 to 2 × 10−6 s−1 (Figure
2.4). The amplitude of the detected serrations largely exceeds the measured noise by the strain
gauge of the load cell (0.22 MPa), and cannot be ascribed to the tensile testing machine. The
apparent macroscopic SRS during the jump tests between 2×10−5 s−1 and 2×10−6 s−1 remains
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positive. Note that additional tensile tests at lower strain rates should be carried out to explore
further the extent of the negative SRS domain. A physical interpretation of the existence of
PLC effect in the presence of positive apparent SRS will be proposed and discussed in the next
section.

Figure 2.4: Jump tests on the cylindrical specimens on Grade 4 in TD and LD at ε̇ = 2×10−2−
2× 10−6 s−1 [17].

2.4 Proposed scenario

Based on the literature results presented in the Chapter 1, a physical interpretation of the
origin of the anomalous yield point and serrations on the stress-strain curves in terms of the
main deformation mechanisms in CP α Ti at room temperature is proposed in the present sec-
tion.

The presence of a yield stress peak followed by a plateau on the tensile curves of TD-samples
can be explained by two alternative strengthening mechanisms simultaneously active in the ma-
terial: dislocation pinning by solute drag force exerted on moving dislocations (static strain
aging) and forest type mechanism due to multiplication of dislocations by sources, gliding with
a high velocity between long distances obstacles (strain hardening). When age hardening is
absent or disappears, strain hardening becomes operative thus sustaining locally a similar stress
level [188, 83].
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Hardening by solute drag is based on the elastic interaction between dislocations and solute
atoms that can take two forms: (1) Snoek ordering of interstitial solute atom pairs in the stress
field of dislocations and (2) Cottrell cloud produced by bulk diffusion of solute atoms around
edge dislocations. Following the Schoeck and Seeger [176] interpretation of the Snoek-effect
[185], an ordering (short-distance rearrangement) of solute interstitials can take place in the
immediate vicinity of the dislocation core where the strain distortion of the line is maximal.
Snoek pinning of dislocations by paired defects has been invoked as the applicable mechanism in
α-Zirconium [157, 98]. In the investigation of the effects of irradiation on Zircaloy-2 [206, 207]
oxygen-oxygen pairs were found to be responsible for strain aging. Later in the work of Lacombe
[111] it was also concluded that the rapid strain aging in Ti is mainly due to the Snoek ordering
of interstitial atoms of oxygen in the stress field of dislocations. During aging, interstitial atoms
in the close neighborhood of the dislocation core rearrange by jumps of small amplitude to oc-
cupy octahedral sites, thereby minimizing the free energy of interaction with the dislocations.
An increment in flow stress is then required to free dislocations from free energy valleys [69].
Donoso and Reed-Hill [63] argued that anelastic effects produced by oxygen ordering and dislo-
cation pinning are not necessarily related. They suggested that the initial rise in flow stress in Ti
is controlled by the drift of oxygen atoms to dislocations in agreement with Cottrell mechanism.
No matter which detailed mechanism is taking place in the present study, the phenomenon of
SSA observed for the material strained along TD can possibly be interpreted by the interaction
of oxygen atoms with 〈c+ a〉 dislocations, mobilized in tensile specimens tested along TD.

As was observed in the experiments with partial unloading and reloading, strong internal
stress fields develop in the specimen. According to Brandes and Mills [34], this internal stress
due to dislocation pile-ups might provide within a short time the driving force for a significant
reverse plasticity described by the authors such as ’dislocation recovery’. Thus, the reappearance
of the yield peak in the experiments with unloading and reloading might be due to the solute
drag stress that can be restored dynamically during straining due to the dislocation recovery.

The appearance of serrations on the tensile curves in both TD and LD samples at 2× 10−6

s−1 can be attributed to the non-planar core of long and rectilinear < a > screw-type disloca-
tions the mobility of which governs the room-temperature deformation of α Ti [142, 70]. Such a
non-planar core is the source of a high-lattice friction when screw dislocations are lying in Peierls
valleys and their motion can be described as series of jumps between adjacent valleys. Different
mechanisms can be suggested to explain the behavior of these dislocations subjected to Peierls
friction force: (1) nucleation and propagation of the kink-pairs when dislocation jumps between
adjacent Peierls valleys [177]; (2) Friedel-Escaig or Peierls mechanism when dislocations disso-
ciate out of their glide plane via cross-slip [68, 76]; (3) Locking-unlocking model based on the
transformation of the dislocation core between non-planar stable and metastable planar glissile
configurations [41, 42].

The observation of jerky flow in α Ti at positive macroscopic values of SRS is rather un-
expected. However, it should be noted that heterogeneous strain rate inside the grains can
be within the negative SRS regime causing the development of the stress-strain heterogeneities
during plastic deformation [164], which may explain the appearance of the PLC effect on the
stress-strain curve.

Additional confirmation of the proposed scenario can be found in the TEM observations of
the dislocation microstructure carried out by H. Jousset [95] on Ti-6242. At room-temperature
pyramidal 〈c+ a〉 dislocations tend to have an edge character (Figure 2.5 (a)). The movement
of these long edge dislocations is governed by the movement of small screw segments by a macro
kink-pair mechanism. As can be seen on scheme 1, under an applied shear stress, edge segments
start moving, creating multiple screw segments on the dislocation, called superkinks. It was
concluded that SSA is due to the pinning of the pyramidal 〈c+a〉 edge dislocation by the solute
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atoms of oxygen.
Dislocations of 〈a〉-type slip systems tend to have a screw character (Figure 2.5 (b)) and DSA

can be attributed to the non-planar core of these dislocations. The local occurrence of cross-slip
(scheme 2) was observed when prismatic screw 〈a〉-type dislocations glide onto the basal plane
generating numerous screw dipoles and dislocation debris (D in Figure 2.5 (b)) leading to wavy
slip lines. As described in the literature [59, 42], the sessile core structure of immobile screw
dislocations can recombine into planar, glissile and metastable configurations in one of the three
possible glide planes. Thus pinned by their core structure, screw dislocations in this waiting
position can be mobilized by the arrival of individual or even more efficiently groups of disloca-
tions that will form dislocation avalanches and generate localized strain bursts [95].

Figure 2.5: TEM observations of Ti-6242 after creep: (a) at 840 MPa at εp=3.4% at 20 ◦C. (b)
at 780 MPa at εp=8% at 150 ◦C (taken from the work of H. Jousset [95]).

Localized strain bursts recorded at room temperature in tensile load as well as in relaxation
test in Ti alloys [95] and in Ti-O pillars deformed in− situ by TEM [229] imply local values of
strain and strain rates in drastic excess of the macroscopic strain and strain rate experimentally
imposed to the test piece. Depending on the amplitude of these self-organized critical dynamic
events SOCD [75, 29], smaller or larger elastic unloading of the testing machine can occur and
are recorded as ’serrations’ of various amplitude, testifying of the negative sign of the local SRS.
On the other hand, even in the absence of detectable serrations involving unloading, plasticity
in crystalline materials has been recognized as intermitten or chaotic in time, a phenomenon
enhanced in materials exhibiting PLC effects [213, 114]. In the absence of plastic activity during
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these ’waiting periods’, aging of the material is taking place even though the macroscopic strain
rate is kept constant. Hence, we can conclude that, locally the aging of the material and the
pinning of dislocations cannot be directly controlled by the testing equipment and remains as a
specific response of the crystal, the grain or an array of grains to the particularly, stress strain,
temperature and strain rate values and gradient they are exposed to.

At room temperature, Ti and its alloys when tested at macroscopic ’constant strain rates’
in the range 10−3 - 10−9 s−1 will exhibit positive macroscopic SRS values since these testing
conditions encompass the low temperature/high strain rate boundary of the PLC domain; yet
for the lower values of this strain rate, localized prolonged aging periods will favor the formation
of SOCD effects or small strain bursts responsible for the A-type serrations observed on the
stress-strain curves (sudden increase in flow stress above the base line of the stress-strain curve
due to minor and localized age hardening events).

The above described mechanisms of SSA and DSA were implemented in the present study
in the formulation of a phenomenological strain aging model described in the next section.

2.5 Constitutive model

The original formulation of the phenomenological macroscopic viscoplastic model of strain
aging proposed by Kubin and McCormick [106, 129] based on an implicit mathematical descrip-
tion of negative SRS, does not allow to simulate such a phenomenon in a range of global strain
rate for which the apparent SRS is positive. It is due to the fact that such macroscopic models
consider the material at the scale of the sample and they ignore the elementary mechanisms
that can cause strain aging effects on a grain scale [83]. Therefore, in order to establish the link
between the microstructure and the observed mechanical properties, a model at a crystal scale
is needed. In the present study we introduced the aging contribution into the crystal plasticity
model [131]. This approach enables an accurate determination of the local mechanical field in
polycrystalline α Ti, as well as the strain and strain rate heterogeneities developed in grains
during mechanical tests [164]. Depending on the set of the chosen parameters, the model can
be used for both static and dynamic strain aging simulation [55].

2.5.1 Aging single crystal model

Continuum crystal plasticity model used in the present study is based on the strain aging
constitutive model proposed by Zhang [231]. An additional internal variable ta called aging time
is introduced into the crystal plasticity model for the simulation of strain aging phenomena.

Four slip systems families were considered in the present model: three of them with 〈a〉-type
Burgers vector and the fourth with 〈c+ a〉-type (see Table 2.3).

Slip family F (s) Plane and direction Slip systems s φ

1. Basal < a > {0001}< 1210 > 1, 2, 3 I

2. Prismatic < a > {1010} < 1210 > 4, 5, 6 II

3. Pyramidal < a > {1011} < 1210 > 7, 8...12 III

4. Pyramidal < c+ a > {1011} < 1123 > 13, 14...24 IV

Table 2.3: Considered slip systems families of α Ti.
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The full list of slip systems is given in Table 2.4. In total, we consider 24 slip systems,

Ntotal =

4
∑

F=1

NF=24. We introduce the function F (s) which gives the label of the family which

slip system s belongs to. Each of the four slip systems families represents a set φ of the corre-
sponding slip systems s. The attribution of the slip system to the set φF (s) is as follows:
If 1 ≤ s ≤ 3, then F (s)=I and the corresponding set φI = {1, 2, 3}.
If 4 ≤ s ≤ 6, then F (s)=II and the corresponding set φII = {4, 5, 6}.
If 7 ≤ s ≤ 12, then F (s)=III and the corresponding set φIII = {7, 8..12}.
If 13 ≤ s ≤ 24, then F (s)=IV and the corresponding set φIV = {13, 14..24}.

Resolved shear stress τ s on each slip system s is defined as:

τ s = σ
∼

: m
∼

s = σ
∼

:
1

2
(l s ⊗ n

s + n
s ⊗ l

s) (2.2)

where l
s and n s are unit vectors directed along the slip direction and along the normal to the

slip plane, respectively. σ
∼

is the stress tensor.
The plastic strain rate is the sum of the slip rates on all slip systems Ntotal:

ε̇
∼

p =

Ntotal
∑

s=1

γ̇sm
∼

s (2.3)

The yield function f s is defined as:

f s(τ s, rs) = |τ s| − rs (2.4)

Each slip system family possesses its own material parameters labelled with the exponent F (s).
The plastic strain rate γ̇s on each slip system s is determined by a hyperbolic viscoplastic

flow rule:

γ̇s = υ̇ssign(τ s), υ̇s = υ̇
F (s)
0 sinh

〈 f s

σ
F (s)
0

〉

(2.5)

The hardening introduced into material consists of two terms: the initial critical resolved

shear stress (CRSS), τ
F (s)
0 , and subsequent non-linear isotropic hardening including the inter-

action matrix hrs between the slip systems:

rs = τ
F (s)
0 +QF (s)

24
∑

r=1

hrs[1− exp(−bF (r)υr)] (2.6)

Kinematic hardening should be introduced for a better description of relaxation effects but it is
not done here for the sake of simplicity [184].

The interaction matrix includes self (diagonal coefficients of the submatrices: hb1, h
p
1, h

π1
1 ..)

and latent (off-diagonal components of the matrix: hbp, h
b
π1
, hpπ1 · · · ) hardening moduli [154].

This also includes interaction hardening between slip systems belonging to distinct families. The
interaction matrix [QF (s)hrs] is given by Eq.2.7. For more realistic description, this anisotropic
interaction matrix should be used in the simulations, however very little information is available
regarding the hardening moduli hrs of HCP metals including α-Ti. Hence, due to the lack of

the relevant data, the isotropic interaction is adopted with h
F (s)
1,2 =1 and h

F (s)
F (r)=1, s 6= r for all

matrix components.
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(2.7)

The aging time t
F (s)
a is introduced for each slip system family. The aging time increment is

computed from an evolution law depending on the accumulated viscoplastic strain rate ϑ̇F (s) on
the corresponding family:

ṫF (s)
a = 1− t

F (s)
a ϑ̇F (s)

ωF (s)
(2.8)

with the initial condition t
F (s)
a (t = 0) = t

F (s)
a0 , where t

F (s)
a0 represents the initial pinning of

dislocations leading to the anomalous yield point.
The accumulated strain rate ϑ̇F (s) is the sum of the cumulative slip rates of the slip system

s in the set φF (s):

ϑ̇F (s) =
∑

r∈φF (s)

υ̇r (2.9)

Strain aging introduces an additional hardening into the material behavior. The correspond-

ing hardening term, r
F (s)
a , depends on the new internal variable t

F (s)
a in the form:

rF (s)
a = r

F (s)
a0



1− exp



−
(

t
F (s)
a

t
F (s)
0

)βF (s)






 (2.10)

ra is controlled by aging parameters ra0, t0, β, ω and by the initial aging time ta0 taking different
values for each family. The parameter ta0 depends on prior aging history of the materials.

The yield function f s given by Eq.2.4 is enhanced, so as to include the additional hardening
term ra :

f s(τ s, rs) = |τ s| − rs − rF (s)
a (2.11)

According to the generalization of Schmid’s law, viscoplasticity occurs when f s becomes
positive. In this version of the model, the effect of aging is the same within each system family.
The model has been implemented in the finite element code Z−Set [232]. The resolution method
is based on an implicit Newton-Raphson algorithm. The numerical integration of constitutive
equations is performed at each Gauss point of each element using a second-order Runge-Kutta
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method with automatic time stepping [27].

System number Plane Direction Slip system family F (s)

Basal < a > (0001) 〈1210〉

1 (0001) [1210] I

2 (0001) [2110] I

3 (0001) [1120] I

Prismatic < a > {1010} 〈1210〉

4 (1010) [1210] II

5 (0110) [2110] II

6 (1100) [1120] II

Pyramidal π1 < a > {1011} 〈1120〉

7 (1011) [1210] III

8 (0111) [2110] III

9 (1101) [1120] III

10 (1011) [1210] III

11 (0111) [2110] III

12 (1101) [1120] III

Pyramidal π1 < a+ c > {1011} 〈1123〉

13 (1011) [2113] IV

14 (1011) [1123] IV

15 (0111) [1123] IV

16 (0111) [1213] IV

17 (1101) [1213] IV

18 (1101) [2113] IV

19 (1011) [2113] IV

20 (1011) [1123] IV

21 (0111) [1123] IV

22 (0111) [1213] IV

23 (1101) [1213] IV

24 (1101) [2113] IV

Table 2.4: The full list of considered slip systems of α Ti.
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2.5.2 Homogenized polycrystalline model

Identification of material parameters requires a comparison of simulation results with exper-
imental response of polycrystalline specimens. For that purpose, a homogenized polycrystalline
model is chosen that makes use of the previous single crystal model at the grain scale.
Homogenized polycrystalline model allowed to estimate the stress and strain based on the mean
response of the grains within the material volume element. The formulation of the transition law,
common to several simplified homogenization self-consistent schemes [43, 26] is the following:

σ
∼g

= σ
∼

+ 2µα(1− β)(E
∼

p − ε
∼

p
g
) (2.12)

where σ
∼

is macroscopic stress tensor, σ
∼g

is estimated mean stress tensor within a grain, and µ
is the macroscopic shear modulus.

β =
2(4− 5ν)

15(1− ν)
,

1

α
= 1 +

3

2
µ
EMises

ΣMises
(2.13)

where EMises and ΣMises are the macroscopic von Mises strain and stress respectively. This
corresponds to an isotropic approximation of the scale transition rule.
The macroscopic plastic strain rate Ė

∼

p
is calculated as the mean plastic strain rate in each grain

ε̇
∼

p
g
:

Ė
∼

p
=
∑

g

fgε̇
∼

p
g

(2.14)

where fg denotes the volume fraction of grains with orientation close to g [127, 43].

This simple model allows for rapid estimation of the material parameters. Validation is per-
formed on the full field simulations of polycrystalline aggregates presented in the next section.

2.5.3 Polycrystalline aggregates

In real polycrystals the averaged response of the grains is strongly dependent on the crys-
tallographic orientation and on the constraints due to neighboring grains [15]. The objective
of the present work is to study the deformation modes induced by strain aging in the grains
of a polycrystal. This is why several 2D and 3D polycrystalline aggregates were generated via
Voronöı tessellation [150, 44]. This model reproduces grains with a given crystallographic ori-
entation and mechanical constitutive equations, allowing to account for the heterogeneity of
polycrystalline structures [14]. 2D simulations allow to more easily observe the localization phe-
nomena inside grains and their possible transmission at grain boundaries. Several realizations
for statistical representativity were carried out. Validation of the observations is performed on
3D grain samples with periodic constraints . Figure 2.6 (a,b) presents flat polycrystalline mesh
with dimensional ratio of L

W = 2.5, where L and W are the length and the width of the sample,
respectively. The mesh consists of 71 and 432 grains. Note that ’2D’ means that an extruded
meshes was used with columnar grains with a single element in the thickness. As a first step, an
idealized texture was used due to the limited number of grains. The crystallographic orientations
corresponding to the texture presented on the pole figures were ascribed to the grains. Figure
2.6 (c) shows the obtained geometry of the 3D aggregates of 150 grains made with 100×100×100
µm mesh with 15-node quadratic 3D tetrahedral continuum elements (eighteen Gauss points per
element) with periodic boundaries.
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Figure 2.6: Simulated texture of: (a) 71 grains; (b) 432 grains; (c) 150 grains.

2.6 Identification of materials parameters

2.6.1 Identification strategy

A rapid estimate of the elasto-viscoplastic material parameters was first performed with the
help of a homogenized polycrystal model in which the mechanical fields are homogeneous, so that
the specimen can be considered as a volume element. At this step, the aging contribution of the
material parameters was disregarded. Next step was the identification of the aging parameters
and validation of the ability of the model to capture the main features of the strain localization
phenomena associated with the anomalous yield point and PLC effect. For this purpose, full-field
FE simulations are required on ’2D’ polycrystalline aggregates. (see Figure 2.6 (a,b)). Finally,
simulations on the 3D polycrystalline aggregates (Figure 2.6 (c)) were carried out in order to
obtain a more qualitative estimate of the material’s response. The typical computation time
(CPU time) for a precision ratio of 10−4 for tensile tests up to ε = 2% ranges from 7 to 10 hours
for 2D simulations and from 28 to 33 hours for 3D simulations.
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2.6.2 Identification procedure of viscoplastic material parameters

The identification of the viscoplastic parameters is performed on flat polycrystalline speci-
mens with either 71 or 432 columnar grains with ascribed crystallographic orientations corre-
sponding to the texture of the pole figures (Figure 2.6 (a,b)). Vertical displacements are applied
at the top edge of the mesh (keeping the bottom edge fixed) thus imposing the macroscopic
strain and strain rate on the sample at all times, as an infinitely hard machine would do. All
lateral faces are free of forces. The identified viscoplastic material parameters are given in Ta-
ble 2.5. In order to activate the right systems at the right time, appropriate CRSS should be
prescribed. Many researchers investigated the CRSS of Ti and its alloys under various con-
ditions of temperature and compositions [82, 230, 56, 117, 21], however, to date, there is no
consensus on the precise values of CRSS. For the ease of the comparison, the value of CRSS for
various slip systems is usually normalized by the CRSS of the easiest deformation mode. In the
present study, the slip trace analysis based on the results of EBSD was employed to estimate
the CRSS in CP α-Ti [17, 35, 116]. Table 2.5 gives the list of the CRSS of slip families used in
the simulations. The apparent CRSS includes the additive term of hardening due to aging, i.e.

τ
F (s)
0 + r

F (s)
a0 , r

F (s)
a0 being identified in a second step.

The elastic stiffness tensor exhibits transversely isotropic symmetry because of the crystal-
lographic structure of α-Ti with the following single crystal elastic constants: C11=153.97 GPa,
C33=183.0 GPa, C44=46.27 GPa, C12=85.98 GPa, C13=67.16 GPa [73, 72]. The viscoplastic
parameters σ0 and υ̇0 were identified from the tensile tests with strain rate jumps. For simplicity
the same values of these parameters are adopted for all slip families. The experimental stress-
strain curves for CP Ti show a very low hardening rate, thus a quasi-linear isotropic hardening
was prescribed for all slip systems (Q=250 MPa, b=1).

Slip systems family τ
F (s)
0 ,
MPa

τ
F (s)
0 + r

F (s)
a0 ,

MPa
Viscosity

Basal < a > 232 262 σ0=10 MPa, υ̇0 = 1.6×10−6 s−1

Prismatic < a > 161 191 σ0=10 MPa, υ̇0 = 1.6×10−6 s−1

Pyramidal < a > 189 219 σ0=10 MPa, υ̇0 = 1.6×10−6 s−1

Pyramidal < c+ a > 189 299 σ0=10 MPa, υ̇0 = 1.6×10−6 s−1

Table 2.5: Material model parameters.

2.6.3 Identification of static strain aging parameters

Following the scenario discussed in the section 2.4 and adopted in the present study, the
origin of the anomalous yield point phenomena observed for the material loaded along TD was
interpreted as resulting from the combination of two mechanisms: a higher apparent yield stress
due to lower Schmid factors on all potentially active slip systems (〈a〉 and 〈c+ a〉), immediately
followed by a significant strain softening provided by the unlocking of the 〈c+ a〉 pyramidal slip
system and leading to either a stress peak or a plateau. This interpretation is confirmed by the
quantitative observations on the contributions of individual slip systems in Grade 4 Ti reported
by Barkia [19].

The PLC effect observed during the tensile tests at low strain rate for both TD and LD, was
suggested to be due to the non-planar core of the 〈a〉-type screw dislocations which can switch
between sessile and glissile core configurations, causing jerky dislocation motion with a series of
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sudden jumps between locking positions.
In order to simulate the described scenario we have introduced two sets of distinct aging

parameters into the model: one for all < a > - type slip systems and the second one for
< c + a > - type slip systems. The parameters were calibrated so as to locate precisely the
domain of negative SRS, associated with plastic strain heterogeneities. For a given temperature,
this domain exists where the flow stress decreases when strain rate increases. According to our
model, the kinetics of dislocation anchoring is controlled by the parameters t0, ra0 , β, ω, and by
initial aging time ta0 . The identification and the role of the parameters controlling the strain
localization phenomena associated with the anomalous yield point are further discussed.

– Time t0 characterizes the relaxation kinetics between pinned and unpinned states of the
dislocations. Aging time ta0 is the initial value of the internal variable ta and characterizes
the initial state of pinning of dislocations leading to the anomalous yield point. In the
present model, we take sufficiently large value of ta0 (1000 s) compared with t0 in order
to get a suitable description of the peak stress.

– The plastic strain increment ω is the amount of strain associated with the activated plastic
bands when mobile dislocations have to overcome their obstacles. Its value is kept constant
here and equal to 10−4 as in [125].

– The ratio ω/t0 determines the position of the center of the NSRS domain. On Figure 2.7,
the flow stress (τ , the resolved shear stress) is plotted as a function of the plastic strain
rate (log γ̇); thus the evolution of the SRS of the phenomenological macroscopic model
can be visualized for each slip system family: respectively for Burgers vectors < a > and
< c+ a >. Analytical curves are constructed using the parameters identified in Table 2.6.
For < c + a > slip families, the SRS curve goes through negative value at ω/t0 = 10−7

s−1. The domain of NSRS for the < a >-type slip families is located at ω/t0 = 10−6 s−1

leading to the PLC effect. By separating the domains of NSRS for < c+ a > and < a >
slip families, we insure the PLC effect to be due to the < a > dislocations in the range of
strain rates explored.

– The parameter ra0 denotes the interaction force between dislocations and solute atoms,
thus it controls the pinning stress. The amplitude of the yield peak is directly related to
ra0 value and to the orientation of the texture with respect to the tensile direction.

– The exponent β depends on the type of diffusion and controls the kinetics of the pinning
process. In the present model the β=2/3 which corresponds to the pipe diffusion of solute
atoms along dislocation lines [76].

Slip systems family ra0 , MPa ω t0, s ω/t0, s
−1 β

Basal 30 10−5 10 10−6 0.66

Prismatic 30 10−5 10 10−6 0.66

Pyramidal < a > 30 10−5 10 10−6 0.66

Pyramidal < c+ a > 110 10−5 100 10−7 0.66

Table 2.6: Aging model parameters
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Figure 2.7: The evolution of stress showing the strain rate sensitivity (SRS) parameter as a
function of strain rate.

The results of the simulations on the flat polycrystalline specimen of 71 grains of tensile tests
under constant strain rate for TD and LD specimens and of the tensile test with loading and
unloading are presented in Figure 2.8 and Figure 2.9. The predicted overall stress-strain curves
can be compared to the experimental ones. The stress peak is observed in TD specimen and is
absent in LD specimen. Moreover, the stress peak appears in TD after each reloading, which is
in a good agreement with experimental results. It means that the unloading and reloading were
long enough to allow for significant aging to occur. The stress peak and the plateau level are
similar to the experimental results.
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Figure 2.8: Tensile test at ε̇ = 2 · 10−4s−1 for Grade 4 on the 71 grain aggregate. Comparison
of the model with experiment.
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Figure 2.9: Simulated tensile test along TD at ε̇ = 2 · 10−4s−1 with loading-unloading on the 71
grain aggregate.

2.6.4 Identification of dynamic strain aging parameters

Simulations of PLC effect were carried out using the above described set of constitutive
equations. The main difference in the parameters between SSA and DSA simulations are in the
values of t0, ta0 and ra0 . As stated above, the DSA in α-Ti can be ascribed to the dissociation
of the 〈a〉-type dislocation cores. Consequently, in the model, three slip families of 〈a〉-type
Burgers vector will reproduce the DSA at low strain rates.

A characteristic time t0 shorter than that of 〈c+ a〉 was ascribed to the 〈a〉 families. It can
be justified by the fact that the dissociation of 〈a〉 dislocation cores onto various glide planes is
shorter than the diffusion of oxygen towards the dislocation in the case of SSA. In addition, the
parameter ra0 corresponding to the maximal additional stress needed to switch between pinned
and unpinned state (locking-unlocking) is lower for 〈a〉-systems.

Using the parameters of Table 2.6, the stress-strain curves of the simulation of the tensile
test with strain rate jumps are plotted in Figure 2.10. For the better representation, the origins
of the simulated curves were slightly shifted. The identification of the material parameters
allows to obtain a correct description of the strain rate jumps and of the positive values of the
strain rate sensitivity. It should be noted that at 2×10−6s−1 the PLC serrations observed on
the experimental curve are absent on the simulation red curve. The absence of the serrations
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can be explained by the short duration of the simulation at the strain rate of 2×10−6s−1. When
carrying the tensile test simulation at 2×10−6s−1 for a longer time, the serrated flow can be
observed on the macroscopic stress-strain blue curves for both TD and LD (see Figure 2.10).

Figure 2.10: Experimental and simulation curves for the 71 grain aggregate for Grade 4 of
tensile test in TD with strain rate jumps. The curves are slightly shifted horizontally for the
illustration.

2.6.5 Prediction of unconventional behavior

The identified parameters of the strain aging model for Grade 4 (see Table 2.6) were used to
predict the domain of NSRS associated with the PLC instabilities observed on the stress-strain
curve at ε̇ = 2 × 10−6s−1 (see Figure 2.4). For this purpose simulations were performed on a
volume element with 21 grain orientations replicating the texture presented on the pole figures
2.6. The homogenization scheme described in section 2.5.2 was employed. Each simulation was
carried out at constant strain rate up to strain of 2%. The range of the explored strain rates
varied between 10−9s−1 to 10 s−1. Figure 2.11 shows the simulated stress σ as a function of
accumulated plastic strain rate ṗ, where ṗ = |ε̇p|. It can be seen that the domain of NSRS is
located in the vicinity of ṗ = 10−7s−1 and not at 10−6s−1 as it was predicted by the analytical
curve in Figure 2.7. It implies that the observed strain heterogeneities on the simulated stress-
strain at ε̇ = 2×10−6s−1 (see Figure 2.10) were obtained in the presence of positive SRS. Similar
to the simulations, the experimentally observed serrations were also obtained in the presence of
positive macroscopic SRS. In order to find the explanation to such discrepancy, the statistical
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analysis of the distribution of strain rates within the grains in the simulations at ε̇ = 2×10−6s−1

for TD specimen with 71 grains was made. The results are presented in the form a histogram
on Figure 2.12. It can be seen that the majority of the prismatic < a > dislocations is moving
at ε̇ = 10−6s−1. The same is applied to the pyramidal < c + a > dislocations. However, the
second most common strain rate for prismatic < a > dislocations is ε̇ = 10−7s−1, and it is
ε̇ = 10−8s−1 for < c+ a > dislocations. The present statistics shows that during the simulation
at ε̇ = 2 × 10−6s−1, there is quite important amount of the grains that are deforming at lower
strain rates than the tested macroscopic strain rate. As a result, these grains will exhibit locally
a negative SRS leading to the intermittent age hardening events which are evidenced by the
PLC serrations on the stress-strain curves under the form of erratic hardening peaks of short
duration on usual tensile tesing machines.

Similarly, if we examine the plastic activity on the local scale of a single grain or even of a
single Gauss point of the mesh inside that grain and plot the actual strain rates as a function of
strain (Figure 2.13) for an applied control macroscopic strain rate of 2×10−6s−1 on the sample,
large instantaneous and erratic variations are observed. The local strain rates resulting from the
activity of all slip systems in that grain can reach twice the macroscopically imposed strain rate
or drop down to half of it or else even tend to zero occasionally. As for the plastic strain rate in
a single mesh of the grid (red curve on Figure 2.13), it can reach 10 times the controlled strained
rate or drop down to zero. This local intermittence of plasticity within a grain is confirmed on
Figure 2.14 where the local strain rate is plotted as a function of time for a total of 0.6%, i.e.
just after the yield point. Although the plastic activity for the entire grain taken on all slip
systems (black curve) drops down below 2 × 10−6s−1 (blue line), it never stops; on the other
hand, the local plasticity in a given mesh of the FEM grid can stop completely for durations of
10 to 15 minutes, sometimes less, but clearly allowing full aging of the activated slip systems
and their necessary unlocking when the plastic activity reappears.

Figure 2.11: Predicted evolution of strain rate sensitivity in simulations performed on a volume
element with 21 grain orientations for a TD specimen.
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Figure 2.12: Histogram of strain rates distribution in various grains at ε̇ = 2 × 10−6s−1 and
ε=10% for a TD specimen with 71 grains.

Figure 2.13: Statistical distribution of strain rates in the simulation at ε̇ = 2 × 10−6s−1 for 1
grain and 1 Gauss point for a TD specimen.
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Figure 2.14: The zoom part at εp=0.6% of the statistical distribution of strain rates in the
simulation for a TD specimen for 1 grain and 1 gauss point.
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2.7 Results and discussion

2.7.1 Strain aging induced localization in flat extruded polycrystalline
specimen

The identified polycrystalline strain aging model was used to investigate the intragranular
strain and plastic strain rate instabilities that developed inside the material. The observed de-
formation modes differ for SSA and DSA simulations. The results of the SSA simulations are
discussed first.

The simulated macroscopic stress-strain curves for the flat polycrystalline mesh with 71
grains plotted in Figure 2.15 are in good agreement with experiments. The anisotropy of the
yield stress for TD and LD specimens of α-Ti is well captured. The model reproduces a small
yield point and plateau in TD specimen and no peak in LD specimen. The curve for TD speci-
men simulated without aging is given in blue. As expected, it shows no yield stress anomaly.

 300

 350

 400

 450

 500

 550

 600

 650

 0  0.005  0.01  0.015  0.02

S
tr

e
s
s
, 

M
P

a

Strain

TD:simulation, 71 grains

TD:simulation, 71 grains without aging

LD:simulation, 71 grains

Figure 2.15: Stress-strain curves of tensile simulations at 2×10−4s−1 for flat extruded polycrys-
talline samples with 71 grains: TD, LD and TD without aging. Selected maps for Figure 2.17
are indicated on the corresponding curves.

Series of maps of accumulated plastic strain in the TD specimen are shown in Figure 2.17
for 5 macroscopic strain levels defined in Figure 2.15 with points on the stress-strain curve.
Note that instead of p defined by Eq. 2.3, we used ϑF (s) defined by Eq. 2.9 presented with a
logarithmic color scale. With the present numerical model we can separately examine the accu-
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mulated plastic strain on four distinct slip system families. For comparison, we show the total
plastic strain ϑtotal in the specimen with aging contribution (Figure 2.17 (a)), the plastic strain
of prismatic 〈a〉 (Figure 2.17 (b)) ϑprismatic and pyramidal 〈c+ a〉 (Figure 2.17 (c)) slip families
ϑpyramidal. The corresponding maps of the total plastic strain without aging contribution are
given in Figure 2.17 (d). As can be seen, the 71 TD grain structure with SSA exhibits strong
plastic heterogeneities, while deformation appears more homogeneously distributed in space in
the absence of aging. No single Lüders-like band propagation through the entire specimen was
detected. Instead we observe the nucleation of local strain heterogeneities at multiple sites of
the specimen, which later start growing and expanding over several grains cutting across grain
boundaries. The observed yield point coincides with the onset of plasticity due to the activation
of prismatic 〈a〉 slip systems, while pyramidal 〈c+ a〉 slip starts later, at the end of the plateau
over ε ≈ 0.7− 1% strain. These results are in a good agreement with experimental observations
of in− situ tensile tests where prismatic slip was found to be a primary deformation mode for
LD and TD specimens due to the lower CRSS [19].

In order to clarify the role of the pyramidal 〈c+a〉 glide in the stress peak and in general on
the stress-strain curve, a simulation on the 71 grain aggregate was carried out at ε̇=2×10−4s−1,
in the absence of that slip system for both TD and LD orientations (dotted lines in Figure 2.16)
by giving an excessive high value to the CRSS of this system. It appears clearly that the 〈a〉
systems alone are unable to generate a stress peak, probably due to their low age hardening
ability (r<a>

a0 = 30 MPa in Table 2.6). On the other hand, the strain softening effect provided
by the unlocking of the 〈c + a〉 systems in the favorably oriented grains is responsible for the
stress peak and the plateau observed in the TD and for the slight decrement in flow stress and
strain hardening in the LD.
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Figure 2.16: Stress-strain curves of tensile simulations at 2×10−4s−1 for flat extruded polycrys-
talline samples with 71 grains: LD and TD with and without 〈c+ a〉 slip systems.

Figure 2.17 illustrates the plastic strain fields in the grains with prismatic slip which show
larger gradients compared with the strong plastic band front in the grains with activated pyra-
midal 〈c + a〉 slip systems. The plastic slip in these grains is mostly localized near the grain
boundaries and grain boundaries triple points and later it starts filling the interior of the grain.
In case of prismatic slip, the strain field shows less spatial inhomogeneities inside the grains.

A more detailed view of the local total plastic strain localization within couple of grains
is given in Figure 2.18. The strain fields formed within the grains show heterogeneities with
strains as large as six times the nominal strain. When the strain localization starts extending
into neighboring grain interiors, it still stays confined by the grain boundaries forming straining
patterns which resembles deformation bands that we called meso-Lüders bands. A consequence
of such cooperative grain behavior is the formation of the meso-bands inclined approximately
45◦ to the LD.
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Figure 2.17: Evolution of accumulated plastic strain ϑ for flat extruded polycrystalline sample
with 71 grains strained in TD at 2× 10−4s−1: (a) total ϑtotal; (b) ϑprismatic on 〈a〉 slip systems;
(c) ϑpyramidal on 〈c+ a〉 slip systems; (d) total ϑtotal for the model without aging contribution.
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Figure 2.18: Evolution of total plastic strain ϑtotal in a small region of the flat extruded poly-
crystalline TD sample strained at 2× 10−4s−1.
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Similarly to the TD specimen, series of maps of accumulated plastic strain in the LD spec-
imen for 5 macroscopic strain levels are shown in Figure 2.19. As in the case of TD specimen,
in order to get a better idea of the operating slip modes, we present separately the total plastic
strain and the plastic strain in prismatic 〈a〉 (Figure 2.19 (b)) and pyramidal 〈c+a〉 (Figure 2.19
(c)) slip families. As expected, prismatic slip is predominant, and almost no pyramidal 〈c+ a〉
was activated. The total strain field remains more or less homogeneous during the tensile test
simulation without formation of meso-bands as seen in the case of the TD specimen.

The simulations on the 432 grain TD and LD structures are presented in Figure 2.20. The
TD specimen shows strong plastic heterogeneities compared with the homogeneously distributed
deformation patterns in the LD specimen. Strain localization patterns are similar for both 71
and 432 grain samples. The stress-strain curves show a similar global mechanical response for 71
and 432 grains. The nucleation of meso-Lüders bands in TD specimen implies the cooperative
behavior of neighboring grains.

The numerical observations of the local strain fields at the mesoscale lead to the conclusion,
that in the case of SSA the plastic shear bands can penetrate neighboring grains when the lat-
ter are favorably oriented, they can also widen within these grains as the tensile test proceeds
but will not propagate along the gauge length of the specimen by invading neighboring grains
laterally. The texture of the material favors plasticity along predetermined arrangements and
associations of grains and inhibits the propagation of strain bands across the polycrystalline
microstructure. This conclusion partly explains the absence of the experimental macroscopic
observations of Lüders bands in α-Ti [171].
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Figure 2.19: Evolution of plastic strain ϑ for flat extruded polycrystalline sample with 71 grains
strained in LD at 2× 10−4s−1: (a) total ϑtotal; (b) ϑprismatic on 〈a〉 slip systems; (c) ϑpyramidal

on 〈c+ a〉 slip systems.
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Figure 2.20: Plastic strain ϑtotal at 2 × 10−4s−1 for flat extruded polycrystalline sample with
432 grains strained in: (a) TD; (b) LD; (c) the overall stress-strained curves.
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The proposed strain aging model was equally used to perform the simulations of the PLC
effect on the flat LD and TD specimens. Figure 2.21 shows the fields of plastic strain rate ϑ̇total

of the LD specimen and the corresponding simulation curve of the tensile test at ε̇ = 2×10−6s−1.
The LD specimen is of particular interest since, due to the crystal texture, we expect only 〈a〉-
type slip families to contribute to the deformation.

The tensile curve revealed slight serrations of 2-3 MPa amplitude corresponding to the PLC
effect. A series of macroscopic bands associated with the pointed stress drops on the stress-strain
curve can be detected on the specimen. As can be seen in Figure 2.10, the apparent macroscopic
SRS remains positive in the range of applied strain rates, however locally at the level of grains,
the material can exhibit negative SRS leading to DSA serrations at ε̇ = 2× 10−6s−1. The PLC
bands nucleate at random locations along the specimen and have irregular appearance and ori-
entation. They propagate discontinuously through the grains crossing the grain boundaries and
then overlapping in some regions. They eventually cross the entire section of the sample and can
be regarded as macro-PLC bands. These bands are most likely of A or possibly B-type [112].
The separated presentation of the strain rate of 〈a〉 and 〈c+a〉 slip system families confirms that
the observed slip bands are mostly due to the cooperative behavior of the grains with activated
prismatic 〈a〉 slip.

The local total strain rate field observations in Figure 2.22 show the grains with intense
permanent slip activity (grain A), while other grains are intermittently activated (grains B,C
and D). As a result, macroscopic PLC bands are formed across grains and grain boundaries
(bands number 1 and 2). The local increase in plastic strain rate precedes the band formation,
and is followed by a local decrease upon disappearance of the band [101].

In the simulations on TD-specimen, the deformation patterns are slightly different due to
the higher fraction of grains with activated 〈c + a〉 type slip (see Figure 2.23 (c)). As a result,
we observe the combination of two deformation modes: quick periodic shear activity of the
macro-PLC bands due to 〈a〉 slip systems (Figure 2.23 (b)) and slow permanent meso-Lüders
bands thickening due to 〈c+ a〉 slip (Figure 2.23 (c)).

The DSA simulations on the structure with 432 grains show similar localization patterns for
LD and TD-specimens (see Figure 2.24 (a,b)) as in the case of 71 grain structure. The strain rate
field mapping shows large strain heterogeneities developed within grains, which later collectively
form the macroscale deformation bands [90, 165]. These bands nucleate and vanish periodically
and erratically, and sweep across the same region of the sample several times [83]. It must
be noted, that the amplitude and the frequency of serrations on the tensile curves is smaller
than for 71 grains. It might be the consequence of the increased number of grains and possible
neighboring effect that can lead to alternating slip activities between grain assemblies of similar
plastic potential [193]. The obtained results numerically predict the formation and propagation
of macroscopic PLC bands in CP α-Ti. These results are of particular interest since, to date,
no experimental evidence of nucleation and propagation of macroscopic PLC bands in Ti alloys
at room temperature can be found in the literature.
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Figure 2.21: Accumulated plastic strain rate ϑ̇ for flat extruded polycrystalline 71 grain sample
strained in LD at 2× 10−6s−1: (a) total ϑ̇total; (b) ϑ̇prismatic on 〈a〉 slip systems; (c) ϑ̇pyramidal

on 〈c+ a〉 slip systems; (d) the corresponding overall stress-strain curve.
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Figure 2.22: Evolution of total plastic strain rate ϑ̇total for flat extruded polycrystalline sample
with 71 grains strained in LD at 2 × 10−6s−1. Grain A exhibits quasi permanent plasticity,
whereas grains B, C and D experience intermittent activity. Intermittent bands labelled ′1′ and
′2′ can evolve in several grains.
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Figure 2.23: Accumulated plastic strain rate ϑ̇ for flat extruded polycrystalline 71 grain sample
strained in TD at 2× 10−6s−1: (a) total ϑ̇total; (b) ϑ̇prismatic on 〈a〉 slip systems; (c) ϑ̇pyramidal

on 〈c+ a〉 slip systems; (d) the corresponding overall stress-strain curve.
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Figure 2.24: Equivalent plastic strain rate ϑ̇total for flat extruded polycrystalline sample with
432 grains strained at 2× 10−6s−1 in: (a) TD; (b) LD; (c) the overall stress-strain curves.
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2.7.2 Strain aging induced localization in fully 3D polycrystalline aggregate

The full 3D simulations were performed on the polycrystalline aggregate of 150 grains in
order to check the reference in 3D of the phenomena observed in 2D. Figure 2.25 (a,b) shows the
contour maps of the accumulated plastic strain for the tension test carried along LD and TD-
specimens at ε̇ = 2 × 10−4s−1 and the corresponding macroscopic stress-strain curves (Figure
2.25 (c)). The deformation pattern of the aggregate strained along LD direction is more uniform
than that of the TD-specimen. The strain field of TD-sample reveals the strain localization in
the form of the shear bands across couples of grains and at the grain boundaries occurring at
the moment of the yield peak at the stress-strain curve.

The results of the DSA simulations on fully 3D aggregates at ε̇ = 2 × 10−6s−1 are shown
in Figure 2.26. They display the same type of localization phenomena as in the case of flat
extruded specimens, but it is more difficult to observe due to the coarseness of the FEM used.

The comparison of the experimental and simulation results obtained on flat extruded poly-
crystalline specimens and fully 3D aggregates show the correctly predicted anisotropy of the
mechanical behavior of CP α Ti. The set of identified parameters adequately simulates the
anomalous yield point for TD-specimen in 2D as well as in 3D. The PLC effect was reproduced
on TD and LD-specimens at 2× 10−6s−1, even though the model should be improved to better
describe the detailed evolution, especially the frequency and the amplitude of the serrations.
One of the possibility to increase the amplitude of serrations is to shift the vertical relaxation
for aging ts0 of each system s to slightly smaller values (5 s and 50 s for < a > and < c + a >
respectively instead of 10 s and 100 s, see Table 2.6). The other possibility would be to include
in the model the stiffness of the testing machine, which was shown to amplify the DSA effect
[208]. Both options should be tried. The numerical results obtained so far support the proposed
scenario for the plastic instabilities observed in CP α Ti.
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Figure 2.25: Evolution of accumulated total plastic strain ϑtotal of a 3D polycrystalline aggregate
during a tensile test at ε̇ = 2 × 10−4s−1 for: (a) TD, (b) LD, (c) corresponding stress-strain
curves.



2.7. Results and discussion 73

Figure 2.26: Evolution of plastic strain rate ϑ̇total of a 3D polycrystalline aggregate during a
tensile test at ε̇ = 2× 10−6s−1 for: (a) TD, (b) LD, (c) corresponding stress-strain curves.
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2.8 Conclusions

In the present study, we investigated the phenomena of static and dynamic strain aging in
cold-rolled CP α-Ti using computational mechanics of polycrystals. The physical mechanisms
underlying the existence of strain heterogeneities in CP α-Ti were reviewed. The origin of the
anomalous yield point phenomenon in the samples strained along TD was attributed to the
interaction of 〈c+ a〉 dislocations with interstitial atoms of oxygen. The PLC effect revealed in
TD and LD-specimens was ascribed to the non-planar core structure of screw 〈a〉-type disloca-
tions that can cross slip on neighboring slip planes and thus change from sessile into glissile core
configuration.

Based on the proposed scenario, a new phenomenological elastic-viscoplastic aging model
coupled with crystal plasticity was proposed to simulate the SSA and DSA effects. The FEM
simulations were carried out for various specimens in tension: on flat extruded polycrystalline
specimens and on full 3D samples. The identification method enables calibration of viscosity,
hardening and aging parameters.

In the case of SSA, the FEM simulations of the tensile tests give a good description of the
stress-strain curves with a correct prediction of the material anisotropy resulting from its crystal
texture. As in the experiments, the TD simulation curve shows slight yield peak followed by a
stress plateau. When examining strain field simulations, the presence of complex plastic strain
localization phenomena was revealed. They take place within specific groups of grains which are
sharing crystalline orientations rather favorable for plasticity and therefore tend to retain and
concentrate plastic strain. Thus, contrary to the usual Lüders bands (observed on pure Fe, for
instance) that easily extend to neighboring grains and propagate across grain boundaries, the
strain localization bands generated by the present numerical model appear fairly immobile since
anchored by the crystalline texture. We suggest calling them meso-Lüders bands. Such locally
persistent straining patterns were recently observed experimentally by Barkia et al. [17] in this
material.

The resultant overall stress-strain curves of the DSA simulations show slight serrations on
both TD and LD specimens corresponding to the PLC effect. The numerical model predicts
initiation and propagation of macroscopic PLC bands in the strain rate domain explored. These
macroscopic bands are formed due to the cooperative behavior of the grains, where the strain is
localized. PLC serrations were obtained even in the presence of a positive value of the macro-
scopic SRS.

The model presented here, in making use of a FEM grid, although connecting all points of a
structure (test sample, engineering part), enables spacial decoupling of plastic events within the
structure at the appropriate scale; in introducing, in addition of the standard strain hardening
terms, a time dependent hardening term to the flow stress enables time and space decoupled
aging events to take place within the structure. The model recognizes the crystalline nature
of the mechanical structure by the use of the identified slip systems and enables to take into
account the lower symmetry of the HCP crystals constitutive of CP α Ti, as compared with FCC
or BCC crystals of higher symmetry. As a consequence, local strain softening events may occur,
associated with strain localization patterns and local strain rates in large excess to the nominal
macroscopic strain rate. For rather small spacial extension of these plastic avalanches and when
these events concern only a minor volume fraction of the entire sample, the amplitude of the
serrations, on the stress-strain curves, remain small and compatible with a positive value of the
macroscopic SRS of the sample. This apparent discrepancy between local, micro-scale value of
the SRS and its macro-scale value was observed and well simulated here, at room temperature,
in the low temperature (or high strain rate) region of the PLC domain of this material. An
additional achievement of this model is to provide for SSA as well as for DSA strain localization
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bands, by its appropriate crystalline description of the material, a clear interpretation of the lack
of mobility or the absence of plastic fronts in this material, in contrast with their counterparts,
usually observed in Fe or Al based alloys, which appear highly mobile and able to cross easily
all grain boundaries.





Chapter 3

Experimental study of sustained load
cracking in commercially pure α Ti

Résumé

Ce chapitre présente une étude expérimentale portant sur les essais de ténacité et de rupture
différée réalisés à température ambiante dans le titane non allié de pureté commerciale. Les
deux alliages de titane de phase alpha (Grade 2 et Grade 4) sont utilisés. On fait varier la
teneur en hydrogène dans la limite des concentrations admises dans les produits industriels.
Les techniques permettant de faire varier la teneur en hydrogène dans les matériaux étudiés
sont présentés. Les essais de déchirure ont été effectués sur des éprouvettes CT à entaille
latérale, préfissurées par fatigue. Des coupes métallographiques de surfaces de rupture ont été
examinées. Les principaux résultats issus de ces essais sont:
– La résistance à la déchirure a été dégradée dans le Grade 2 et Grade 4 par une légère
augmentation de la concentration en hydrogène. Une grande dispersion des résultats est
obervée dans les essais de rupture sous charge constante.

– Un accroissement de la teneur en oxygène de 1600 à 3200 ppm augmente la résistance à
la fissuration dans les essais de ténacité et de rupture différée grâce à l’effet durcissant de
l’oxygène.

– Des observations fractographiques indiquent que la rupture est du type ductile avec la
présence d’une très forte proportion de ’fluting’, avec des zones clivées éparses. Dans le
Grade 2 les flûtes sont plus courtes et plus larges, contrairement à celles couramment ob-
servées sur le Grade 4. D’après l’ensemble des examens, il ne semble pas que la teneur en
hydrogène de l’alliage ait une influence sur l’aspect des surfaces de rupture.
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3.1 Introduction

The susceptibility of Ti alloys to hydrogen embrittlement has been investigated for several
decades [214, 32, 134, 135, 93, 78]. Different methods have been developed for evaluating the
effect of hydrogen content on fracture toughness and subcritical crack growth properties in
structural alloys. Generally the methods utilize the concepts of linear elastic fracture mechanics
which allows to incorporate the phenomenon of hydrogen cracking into safety design of materials
structural integrity [77]. The governing role of K, as the single-parameter descriptor of loading
and crack geometry on the rate of subcritical hydrogen crack propagation, was established by
pioneering experimental work of Beachem and Brown [38]. Due to the fact that hydrogen can
induce subcritical crack propagation under static loads corresponding to the stress intensities
less than the critical stress intensity for unstable crack propagation under plane strain loading
(below fracture toughness KIc), it is necessary for a structural integrity model to predict (i) the
threshold loading conditions below which hydrogen-assisted cracking is not likely to occur and
(ii) the remaining life of a component based on rates of hydrogen-assisted crack propagation.
Crack growth threshold and kinetics can be measured in the laboratory with fracture mechanics
specimens. At first, smooth or notched specimens were used to evaluate the hydrogen content
needed for cracking [39]. Later, pre-cracked specimens which require a lower content of hydrogen
to initiate cracking have been used in the experiments [135, 172, 227].

The time-dependent subcritical crack growth is typically described by a functional relation-
ship between crack velocity da/dt andK. Usually theK dependence of da/dt exhibits the specific
form with four distinct features (see Figure 3.1) as K increases: (1) a threshold Kth, below which
stable crack growth is not occurring; (2) stage I just above Kth where da/dt rises sharply with
increasing K due to presumed mechanical control of crack tip damage; (3) Stage II where crack
growth rate da/dt is independent of K due to reaction rate/hydrogen diffusion control; (4) stage
III where da/dt increases with rising K approaching KIc, in which inert-environment fracture
mechanisms compete with hydrogen-induced subcritical growth [61]. The precise relationship
between da/dt and K depends on a wide variety of test methods, environmental exposure, hy-
drogen concentration, temperature, alloy strength and metallurgical variables [77]. The whole
curve is shifted towards the blue curve with increased local hydrogen concentration, Ch or yield
strength, σys. It leads to lower thresholds and accelerated growth rates. With increased tem-
perature (red curve), the amount of hydrogen necessary for the threshold regime is decreasing,
but the kinetics of the crack velocity (region 2) is increasing [20].

The influence of hydrogen on the unstable crack propagation or plane strain fracture tough-
ness is closely related to the influence of hydrogen on tensile strength and ductility properties
of the material. Generally, hydrogen damage is promoted by loading rates that are sufficiently
rapid to preclude time-dependent hydrogen-assisted cracking, and does not involve a change
in the microscopic fracture mode. Very often fracture toughness of the material is reported
both in terms of the 5% secant load (KQ) and the maximum load (KM ) encountered during
the rapidly rising load test. The former is determined by the standard ASTM method from
the load-crack opening displacement [10], whereas the latter is calculated by using the maxi-
mum load value Pmax from the same recorded data. The advantage of using KM is that it is
directly translatable to the maximum load-carrying ability of the specimen and thus it can be
used to describe the time-dependent degradation in load-carrying capacity. In turn, very often
KQ fails to meet the criteria valid for KIc, and therefore it is an invalid, dubious parameter [227].
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Figure 3.1: Schematic representation of the relationship between crack velocity and stress in-
tensity factor by the hydrogen embrittlement phenomenon [20].

Alternative way to calculate KIc was used in the study on stress-corrosion cracking (SCC) in
high strength steel [38]. A schematic curve presented in Figure 3.2 shows the connected points of
the initial stress intensity KIi with the KIc points at which condition the remaining ligament of
the specimens was separated. The stress intensity parameter KIscc is a threshold value required
to initiate SCC.

Figure 3.2: Schematic representation of the experiments indicating instantaneous KI values for
beginning of stress-corrosion cracking and for onset of fast fracture KIc. KIscc is a threshold
value required to initiate SCC [38].
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The influence of hydrogen and oxygen on fracture toughness and sustained load cracking
(SLC) will be characterized in the present chapter. The tests were performed on compact ten-
sion (CT) specimens so as to determine the evolution of the fracture toughness KIc and the
threshold stress intensity factor Kth for SLC with the impurity content and detect possible
modifications in fracture mechanisms. The fractographic examinations were performed on CT
specimens to define important aspects of fracture mechanisms such as ductile voids, interfacial
facetted fracture surfaces etc. On the basis of the experimental study, the effect of hydrogen
and oxygen on fracture toughness and sustained load cracking is discussed.

3.2 Experimental procedure

3.2.1 Preparation of the specimen

In the present study two grades (Grade 2 and Grade 4) of commercially pure α Ti with
different initial content in oxygen and hydrogen were studied. Some samples were heat treated
at 500 ◦C for 12 hours and they will be called Grade 2 base and Grade 4 base. Other specimens
were submitted to hydrogen charging or degassing in order to obtain different hydrogen content
in each case. To avoid hydride formation in the material, hydrogen content was kept below
the solubility limit in the charged specimens. Prior to hydrogen charging and degassing, the
sample surface was grounded sequentially to 4000 grit SiC paper, polished with 3 µm polishing
diamond paste, then degreased with alcohol and cleaned in distilled water and dried in cold air.
The treatment cycle consisted of ramping up to 550◦C for 5 hours, treatment for 12 hours, slow
cooling down in the furnace. By holding the same treatment cycle for all specimens, we ensure
that the difference in the mechanical properties will be dependent on the chemical composition
of each specimen only. The EBSD analysis showed that the texture of the material and the size
of grains was not affected by the specimen treatment [18]. The nominal and target chemical
composition of the materials is given in Table 3.1.

H O C Fe N

Grade 2 base 6±2 1600±50 40 340 30

Grade 4 base 15±2 3200±100 70 1700 60

Grade 2 charged 15±2 1600±50 40 340 30

Grade 4 charged 25±2 3200±100 70 1700 60

Grade 4 degassed 2±2 3200±100 70 1700 60

Table 3.1: Target chemical composition of the titanium used in this study (wt. ppm).

Among possible hydrogen charging techniques a charging from a gaseous environment was
chosen for the present material. This technique ensures uniformity of hydrogen distribution
in the material and gives the possibility to control amount of hydrogen in Ti by changing the
pressure of H2 in the bath cell. The hydrogen charging was performed at Institut de Chimie
Paris-Est (ICMPE) with the help of the charging facility shown in Figure 3.3. It consists of a
hydrogen source, a vacuum pumping system, a capacitance-based manometer and a resistance
furnace to heat the specimen. Sample holder with Ti specimen was heated in hydrogen atmo-
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sphere in a constant volume [183]. The product of system volume and the difference between the
initial and final partial hydrogen pressure of the system allow to estimate the average hydrogen
concentration in the sample. The charging was performed at 500◦C for 12 hours. As the sample
absorbs hydrogen in solution, the hydrogen pressure is decreased. The hydrogen content was
measured for verification by Bureau Veritas using inert gas fusion technique.

The aim of the process of degassing is to reduce hydrogen content in Grade 4 base from 15
ppm down to zero. Some popular methods of degassing are: helium sparging, warming, and
subsequent filtering and vacuum degassing. The last option was chosen since this method can
remove more than 95% of the dissolved hydrogen. A vacuum bake out at 550 ◦C for 12 hours
under high vacuum (10−7 Torr) was sufficient to reduce hydrogen level in Grade 4 down to
8 ppm. A vacuum system (Figure 3.4) has been designed in ICMPE (Institute of Chemistry
and Materials Paris Est) and it includes a quartz tube with the specimen connected to a turbo
molecular pump which provides secondary vacuum of 10−6 Torr. The high vacuum of 10−7 Torr
is produced by the ionic pump.

Figure 3.3: The gaseous hydrogen charging facility at ICMPE (Institut de Chimie Paris-Est)
[17].
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Figure 3.4: The hydrogen degassing device at ICMPE (Institut de Chimie Paris-Est) [17].

Among several existing specimen types used for the evaluation of the fracture toughness
of materials, we used compact tension (CT) specimens. The CT specimens were machined
from a cold rolled sheet of Ti with a crack plane parallel to the transverse direction (TD). The
applied load is parallel to the longitudinal direction (LD). The dimensions of a CT specimen
shown in Figure 3.5 are in accordance with ASTM Standard E1820-11 [10], except the thickness
B that was reduced in order to enter the specimen in the sample chamber for hydrogen charging.
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Figure 3.5: Dimensions of the CT specimen, where B is the thickness of the specimen.

All specimens were precracked in fatigue in conditions such that the plastic zone at the crack
tip remained sufficiently small. This was achieved by following the crack propagation, which
must remain below a specified value of stress intensity factor. A fatigue precrack of 2 mm was
produced under force control with the ratio of loads Pmin/Pmax=0.1 and at the frequency of 40
Hz. All specimens were precracked on a servo-hydraulic machine MTS in Centre des Matériaux.
The initial maximum load in fatigue precracking Pmax is calculated as follows:

Pmax =
Ki(B

2W )1/2

f
(

ai
W

) (3.1)

where the crack length/width ratio is defined by ASTM E1820-11 [10] as:

f
( ai
W

)

=

(

2 + ai
W

) [

0.886 + 4.64( aiW )− 13.32( aiW )2 + 14.27( aiW )3 − 5.6( aiW )4
]

(

1− ai
W

)1/2
(3.2)

The initial maximum load during precracking Pmax is required to be lower than the limit load
Plim which is defined as:

Pmax ≤ ηPlim (3.3)

where η is a constant varying from 0.4 to 1. The limit load Plim is a maximal admissible load
that a perfectly plastic material can withstand. In case of a CT specimen, it can be defined as:

Plim =
0.4B(W − a0)

2σys
2W + a0

(3.4)

where B,W and a0 are the thickness, width and the initial crack length respectively. At the
beginning of the fatigue cycling, the initial Pmax is applied. The specimen is carefully monitored
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until crack initiation is observed on both sides of the specimen. The applied load Pmax is
incrementally decreased as the crack begins to extend. In the present study, the initial load Pmax

corresponding to Kmax=12 MPa
√
m was applied at the beginning of the precracking procedure.

When the fatigue precrack propagated for 0.1 mm, the applied load Pmax was decreased to the
value of Kmax=11.75 MPa

√
m and so on until the precrack length was equal to 2 mm with

Kmax=7 MPa
√
m etc.

The next step was the to provide the CT specimen with side grooves (Figure 3.6) to maintain
a straight crack front during a fracture toughness test [8]. A specimen without side grooves is
subject to crack tunneling and shear lip formation because the material near the outer surfaces
is in a state of low-stress triaxiality. Side grooves remove the low triaxiality zone and lead to
relatively straight crack fronts. A net thickness of a side-grooved specimen is usually 80 % of
the gross thickness (i.e. BN = 0.8×B).

Figure 3.6: Side grooves in a CT specimen.

3.2.2 Fracture toughness test procedure

In the first approximation, a small scale yielding condition was assumed. Small scale yielding
corresponds to case where the size of the plastic zone ahead of the crack tip is much smaller
than the size of the specimen [25]. The loading curve remains linear up to sudden fracture
and Linear Elastic Fracture Mechanics (LEFM) can be used. The fracture toughness KIc tests
were conducted on CT specimens by following ASTM E1820-11 norms [10]. In summary, the
determination of the fracture toughness KIc included the following main steps:

1. Precracked CT specimen was loaded with a displacement rate of 1 mm/min up to fracture.
Load vs. load-line displacement was continuously measured and registered. Crack mouth
opening displacement (COD) was registered with the help of the clip-gauges.
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2. The determination of KIc was based on the calculation of a conditional result KQ, which
involves a construction of a test record. A line with a slope equal to 95% of the tangent OA
to the initial portion of the elastic loading curve as shown in Figure 3.7 was constructed
to determine P5. For fracture mode of Type I, PQ=P5.

3. The next step was optical measurement of the initial crack length a0 after precracking step
and calculation of the average value through the relation 3.5:

a0 =
1

N

N
∑

i=1

ai, N = 9 (3.5)

4. Once PQ and the crack length were determined, a conditional fracture toughness KQ was
computed from the following relationship:

Ki =
Pi

(BBNW )1/2
f
( ai
W

)

(3.6)

where f
(

ai
W

)

is a dimensionless function of a/W defined by Eq.3.2.

5. The validity requirement of ASTM norms [10] was checked for KQ to be a valid KIc. It
includes:

0.45 ≤ a0/W ≤ 0.55 (3.7)

The thickness of the specimen should be a multiple of the size of the plastic zone, rp, which

is proportional to
(

KI

σY S

)2
.

B, a ≥ 2.5

(

KQ

σY S

)2

(3.8)

where σY S is the 0.2% offset yield strength.

Pmax ≤ 1.10PQ (3.9)

6. Once all the conditions were fulfilled, then it was accepted that KIc=KQ

Figure 3.7: Determination of the conventional load FQ.
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3.2.3 Sustained load cracking test procedure

The estimation of stress intensity threshold value (Kth) to sustained load cracking might be
a complex task which requires an appropriate teasing procedure. In the literature, two different
strategies of testing are usually employed, based on either rising or falling K. In a rising K
test, a fracture mechanics specimen is held under a constant load. When the crack extends,
the K increases resulting in an accelerated crack growth. Decreasing or falling K tests are
conducted on fracture mechanics specimens held under a constant displacement [103]. One of
the consequence of this type of test is the material relaxation that might result in decreased K
over time without necessarily crack propagation. In both procedures, the loading can be ap-
plied differently: incrementally rising or a single constant loading. In the former incrementally
rising loading procedure or just step-loading, the Kth is estimated by first loading a specimen
to a certain K somehow lower that the expected fracture toughness KIc, waiting several hours,
and then, if no crack growth is detected, increasing the load to a certain increment. Each load
usually allows to remain applied for several hours. The indicator of crack propagation, such as
COD clip gage, or potential drop method allow to judge whether the load should be increased
at the end of some time interval. The lowest initial value of K resulting in sustained crack
propagation and eventual fracture, based on the average crack length measured on the fracture
surface, represents the threshold to SLC Kth [134].

In the present study, a second type of SLC testing called single-loading was adopted. In this
procedure, the value of Kth was assessed by applying a single load in both rising and falling K
tests. The list of the applied loads for different grades are given in Table 3.2. In some cases,
duplicate tests were performed.

Material Constant load test, kN Constant displacement test,
kN

Grade 2 base 16, 15, 14, 13.5, 13, 12, 11 16.6 , 16

Grade 4 base 18, 17.5, 17, 16, 15 17

Grade 2 charged 15, 14, 13.5, 13, 12.5, 12 10, 14

Grade 4 charged 18, 17, 16, 15 15

Table 3.2: Sustained load cracking test matrix.

In both procedures (rising of falling K), the SLC test involved loading the sample in a servo-
hydraulic test machine MTS with the displacement rate of 1 mm/min to set loads and then
keeping the specimen under constant load or constant displacement. Crack opening displacement
was monitored with the help of mounted clip gauge, while crack length was measured with a
potential drop method. All tests were performed at room temperature. Testing was continued
either until failure, recording the time to failure, or until a stabilization of the electrical signal.
On completion of testing, all specimens were broken and the fracture faces examined using
scanning electron microscopy. An average depth of fatigue precrack and the depth of SLC were
used to calculate the failure stress intensity K using the Eq.3.6. The obtained data were used
to estimate a value for the stress intensity factor below which no SLC was observed, Kth.
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3.2.4 Electrical potential drop method

In order to monitor crack growth during the experiments, potential drop (PD) method was
used as one of the most accurate and sensitive of Non-Destructive Testing (NDT) techniques.
This method allows the detection and evaluation of crack growth while maintaining the spec-
imen in service. Two types of potential drop methods could be used for crack measurements:
Alternating Current Potential Drop (ACPD) and Direct Current Potential Drop (DCPD). As
illustrated in Figure 3.8, the PD method consists of injecting electrical currents in the tested
specimen and measuring the arising the change in electrical potential difference between two or
more electrodes placed on its surface [187] across the crack. As the crack extends, the uncracked
cross-sectional area A decreases and the measured electrical resistance R increases leading to
the rise of electrical potential V .

R = ρ
l

A
(3.10)

R is the electrical resistance, A is the cross-sectional area, l is the length of the uncracked liga-
ment, ρ is the electrical resistivity, and V is the electrical potential.

In the present study the holes for the small metallic screws used as probes were drilled in
the specimens. The DC electrical current I is introduced on the top surface of the specimen as
shown in Figure 3.9 and the potential difference V is measured from probes located on the front
side.

Figure 3.8: Scheme of potential drop method for crack growth measurement [8].
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Figure 3.9: CT specimen-point application of current.

By monitoring this potential increase V , and comparing it with a reference potential V0

measured on the sample unaffected by crack growth at the beginning of the experiments, the
crack length a can be determined, with the use of a suitable calibration curves defined as:

a = f(V/V0) (3.11)

The use of such nondimensionalized ratio V/V0 makes the calibration curve independent
of material properties, specimen thickness, and magnitude of input current. As a result, only
specimen and crack geometry and the locations of current input and potential measurement
influence the form of the calibration curve. Calibration curves can be obtained experimentally,
analytically or numerically. Ritchie [166] proposed to obtain theoretical calibrations through
the use of finite element methods since it provides a rapid and relatively inexpensive means of
generating accurate calibrations for any required geometry.

The calibration curve in the present study was calculated using FE code Zset. Due to
symmetry conditions, only a quarter of the specimen is analyzed. The CT meshed specimen
presented in Figure 3.10 was modelled in 3D. Eight-node linear hexahedral elements have been
used for the calculation. The mesh near the crack tip was refined to a size of 300 µm. This
mesh was generated using the mesh generator ABAQUS. The mesh was imported in Z − set for
simulations and then used to solve electrical problem, which consists to find the solution of the
following differential equations:

∇2V (x, y, z) = 0 (3.12)

J = σE = −σ∇V (x, y, z) (3.13)

where J is the vector of current density which is simply the electrical current I per unit area
A, σ is the specific material conductivity, E is the vector intensity of the electrical field and
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V (x, y, z) is the electrical potential at point (x,y,z). The only material parameter needed in the
simulation is the electrical conductivity of Ti σ ≈ 1666 Siemens ·mm−1 for Grade 4.

Figure 3.10: 3D CT specimen simulated geometry.

The thermal-electrical analogy was employed in the calculations where electrical current I
flowing through an uncracked area can be regarded as the heat flux q. The measured electrical
potential difference V is equivalent to the temperature difference T between the two surfaces,
and the electrical conductivity σ is analogical to the thermal conductivity k.

~q = −k∇T (3.14)

The potential was measured for different crack depths, i.e. solving Eq.3.12 for different
surface areas, but keeping the current input constant. The calibration curve derived numerically
for the CT specimen is shown in Figure 3.11. The PD was expressed then as a function of crack
length ∆a in the form:

V

V0
= exp(0.07414∆a)1.00755 (3.15)

∆a =

(

log V
V0

0.07414

)1/1.00755

=

[

13.48(log
V

V0
)

]0.992

(3.16)

As mentioned above, the calibration curve is used for the estimation of the crack propagation
∆a during the experiments since optical post-mortem measurements do not allow to distinguish
the zone of the crack propagation during the tests from the final unstable fracture. In a very few
cases when the zone of the crack propagation ∆a during the tests was visible, FE predictions were
compared with the experimental results. It was noted that the FE solution lies consistently above
the experimentally measured values. Such a discrepancy can arise from the sudden increase of
electrical potential signal during the rising load stage illustrated in Figure 3.12. Here the PD
signal registered for the specimen loaded up to 15 kN shows a very important rise produced
within a short time (5 seconds) followed by the relatively stable increasing signal. This jump is
due to the sudden crack mouth opening leading to the rapid change in the PD signal. In turn, the
sudden crack opening can be triggered by the crack closure effect after precracking procedure.
As a result, the experimental measured ratio of V

V0
gives a bigger value which corresponds to
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the longer crack length deduced from the calibration curve. It should be also noted that in the
present simulations, the change in electrical resistivity and hence measured potential difference
from the crack tip plasticity was not taken into account.
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Figure 3.11: Calibration curve of a CT specimen.
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3.3 Experimental results

3.3.1 Toughness tests

Experimental curves for load as a function of crack opening displacement (COD) for CT
specimens machined from the rolled titanium plate in TD of Grade 2 and Grade 4 base are
presented in Figure 3.13. Specimens of each grade have been loaded with two different displace-
ment rates of 1 mm/min and 0.01 mm/min. The fracture toughness was apparently affected
by the loading rate for both Grade 2 and Grade 4 which does not fulfill the requirements of
Linear Elastic Fracture Mechanics (LEFM). In the following, the stress intensity referred to as
Kmax will be reported in terms of the maximum load encountered during the fracture test and
calculated using the fatigue precrack size. This non-standard stress intensity Kmax corresponds
to the beginning of measurable subcritical crack growth. Kmax will be used for comparative
purpose only, since we will not work with LEFM any futher, as required by the materials be-
havior. K notion will be considered in this study as a useful quantity that accounts for the load
applied to the specimen and to the length of the crack.

The values of KIc calculated by applying 5% secant criterion and Kmax are given in Table
3.3. It can be seen that slower strain rate promotes lower Kmax and KIc in both Grade 2 and
Grade 4 which is consistent with the strain rate jumps experiments presented in Chapter 2. The
degree of the deterioration of Kmax in Grade 2 is more significant with decreasing displacement
rate comparing to Grade 4. The measured values of KIc and Kmax are significantly lower those
reported by Millot [189] (KIc=111 MPa

√
m for Grade 2 and KIc=104 MPa

√
m for Grade 4).

The difference can be conditioned by the chemical composition of the materials and used strain
rates in the fracture toughness tests which were not precised in their study.

Material displacement rate, mm/min KIc, MPa
√
m Kmax, MPa

√
m

Grade 2 base 1 39.7 56.6

Grade 2 base 0.01 34.1 51.1

Grade 4 base 1 44.9 62.6

Grade 4 base 0.01 40.8 58.8

Table 3.3: The comparative results of the fracture toughness tests for Grade 2 base and Grade
4 base tested at different rate of displacement.

In general, a large difference in the fracture behavior between two grades can be observed.
Grade 4 specimen is breaking in a more brutal way comparing to Grade 2, and it shows a higher
tensile strength. This observation is consistent with the fact that materials with high tensile
strength are usually less ductile. The high strength and eventual quasi-brittle rupture of Grade
4 can be attributed to the higher content of oxygen comparing to Grade 2.
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Figure 3.13: Fracture toughness tests on Grade 2 and Grade 4 at displacement rates of 1 mm/min
and 0.01 mm/min.

In order to determine the influence of hydrogen, fracture toughness tests were performed on
Grade 2 charged and Grade 4 charged and degassed at the strain rate of 1 mm/min. The results
are presented in Figures 3.14 and 3.15. As can be seen, the ductility of Grade 2 is increased with
the increased hydrogen level from 9 to 34 ppm, but the strength of the material is decreased.
Note that the ductility measures the amount of energy required to fracture a material, and it
is represented here by the area under the load-displacement curve. Similar effect of hydrogen
embrittlement is observed in Grade 4 for base and charged specimens, however the ductility
of Grade 4 did not show strong dependence on hydrogen content. The degassed specimen of
Grade 4 did not show any significant change in ductility of the material. All three Grade 4
materials are fracturing in a quasi-brittle way. Difference in Young’s modulus were found for
Grade 2 which could be correlated with the variation in initial crack length of CT speciments
and possible problems with the stiffness of the tensile machine.

To a first approximation, the obtained results indicate that hydrogen improves the ductility of
the material through increase of plastic strain at the crack tip, but deteriorates the toughness of
the material (see Figure 3.16). The softening of the material due to hydrogen can be explained in
terms of the hydrogen-enhanced localized plasticity concept [31], which states that the presence
of hydrogen in solid solution decreases the barriers to dislocation motion, thereby increasing
the amount of deformation at the crack tip. The inceased oxygen content promotes higher
Kmax, however the fracture strain decreases leading to quasi-brittle fracture mode. One of the
explanation of the reduced ductility in Grade 4 is oxygen-induced static strain aging, which can
promote a solute drag force on dislocations, leading to the limited deformation at the crack



94 Chapter 3. Experimental study of sustained load cracking in commercially pure α Ti

tip [211]. The decreased mobility also results in higher strength, lower ductility and lower
toughness. The obtained results are in agreement with the fact that strength and toughness are
often mutually exclusive properties in materials.
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Figure 3.14: Fracture toughness tests on Grade 2 base and charged.
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Figure 3.16: Fracture toughness Kmax given by formula 3.6 for Grade 2 and Grade 4 as a
function of hydrogen content.

3.3.2 Sustained load cracking tests

All CT specimens were loaded at a loading rate of 1 mm/min to a given load at room tem-
perature and held under constant load until failure occurred or under constant displacement
during a defined period of time. In the SLC tests carried under the constant load the form of
the crack opening displacement (COD) vs. time to failure curve illustrated in Figure 3.17 (a) is
analogous to that of creep with three distinct stages: (i) Stage I where a certain displacement
rate is applied up to the required load; (ii) Stage II corresponding to the crack growth due to
SLC; (iii) Stage III or tertiary zone where the material fails due to tearing. Finally, the threshold
to SLC Kth is calculated from the load at which SLC was not observed within a specified period
of time.

The SLC tests under constant displacement are analogous to the relaxation tests. The vari-
ation of the load-point force as a function of time to failure is shown in Figure 3.17 (b). The
threshold to SLC, Kth, was determined by using the experimental value of the load correspond-
ing to a stabilized potential drop signal (which implies the arrest of crack propagation) and the
measured fatigue crack depth using the ASTM method for calculation of the stress intensity
factor (Eq. 3.6).
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Figure 3.17: Schematic diagram of SLC tests under (a) constant load and (b) constant displace-
ment. Prescribed loading on the left and specimen response on the right.

Figure 3.18 shows the curves of COD vs. time in the logarithmic scale for Grade 2 base.
For the better presentation in logarithmic scale, the first part of the curve corresponding to
Stage I in Figure 3.17(a) is not shown. As can be seen, all specimens exhibited time-dependent
sustained load failures and the time to failure is increased with reduction of the applied load.
The specimen tested at 11 kN did not break after 11 days. This specimen was later fractured
by applying rapidly rising load.

The results of the load evolution with time for the sustained displacement tests for Grade 2
base are presented in Figure 3.19. The higher fraction of the flow stress is relaxed in specimen 2
(Test2) which was initially loaded up to 16.6 kN and then kept at constant displacement. The
stiffness of the tensile machine can also contribute to the relaxation kinetics.
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Figure 3.18: Experimental curves of SLC under constant load for Grade 2 base. Arrow indicates
specimen removed from test before failure.
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Figure 3.19: Experimental curves of SLC under constant displacement for Grade 2 base.

The sustained load curves of Grade 4 base CT specimens are shown in Figure 3.20. The
results are less consistent compared to Grade 2 base which can be possibly attributed to the more
brittle fracture mode of Grade 4 as it was noted in the experiments on fast crack propagation. It
can be seen that specimens tested at 18 kN (black curve), 17.5 kN (red curve) and 17 kN (blue
curve) all start with the same level of COD. The post-mortem crack measurement showed that
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both specimens have the same initial crack length. However, the specimen at 17 kN fractures
much faster (in 1 min) comparing to the specimen at the higher load of 18 kN (3.5 hours) and
17.5 kN (8 hours). Thus, some additional factors should contribute in the fracture kinetics
of this specimen. The specimen at 15 kN did not fracture within 8 days and was broken by
applying the rapidly rising load.

The results of the constant displacement test (see Figure 3.21) showed the load relaxation
curve at 17 kN (Test1) with a very large load fluctuations. The present test was performed
on a different MTS tensile machine with a larger load capacity (250 kN). The obtained results
present the best calibration of the load-cell which was possible to obtain on the tensile machine
of such capacity.

Figures 3.23 and 3.24 illustrate ’Master’ plots for Grade 2 base and Grade 4 base, respectively,
in the coordinates time to failure versus stress intensity factor K. The ’Master’ plot for each
grade includes all SLC tests under constant load (C1, C2...), constant displacement (R1, R2) and
the fracture toughness tests (T1, T2). The corresponding loads applied on the specimens during
the tests are given in Tables 3.4 and 3.5. These tables also contain post-mortem measurements
of the precrack aprecrack which, as can be seen, often exceeds the target length of 2 mm. This
variation was conditioned by the difficulty to control the length of the precrack during the
precracking procedure. The calculation of a given K is based on the following procedure:

Figure 3.20: Experimental curves of SLC under constant load for Grade 4 base. Arrow indicates
specimen removed from test before failure.
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Figure 3.21: Experimental curves of SLC under constant displacement for Grade 4 base.

1. First, the precrack aprecrack is measured post-mortem. The crack extension ∆a produced
during the test is hardly distinguishable from the final unstable fracture. That is why this
length was estimated based on the experimentally measured value of the potential V/V0

through the use of the calibration curve and relation:

∆a =

(

log V
V0

0.07414

)1/1.00755

=

[

13.48(log
V

V0
)

]0.992

(3.17)

As a result, the total crack length a (see Figure 3.22) at a given time is equal to:

a = a0 +∆a (3.18)

where the initial crack length a0 is a sum of 14 mm and aprecrack, i.e.

a0 = aprecrack + 14 (3.19)

2. Next, the data processing is used to fit the values of a via polynomial function, such that:

afit(t) = a0 + a1t+ a2t
2 + a3t

3...,
dafit
dt

= a1 + 2a2t+ ... (3.20)

The chosen polynomial fit simplifies the calculation of the crack growth rate
dafit
dt .

3. Finally, the K is calculated as:

K =
Pi

(BBNW )1/2
f
(afit
W

)

(3.21)
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Figure 3.22: Schematic representation of the crack length in a CT specimen.

The examination of the experimental results of the ’Master’ curve for Grade 2 base shows
a trend in the evolution of Kmax, which can be traced by connecting the points of the ’creep’
curves corresponding to the beginning of the unstable crack propagation. The time-dependent
cracking behavior can be observed. By taking a closer look at the test C5, three stages of the
creep behavior can be distinguished (separated by two stars on the curve): up to 1000 s, the
value of K does not change implying the absence of crack propagation. At the same time, the
corresponding COD value shown in Figure 3.18 within the same time interval is slightly increas-
ing. This increase can be presumably explained in terms of the crack tip opening displacement
(CTOD) which is added in the COD measurement when the important plastic zone at the crack
tip of the specimen is developed. The occurrence of the intense plasticity at the crack tip makes
the crack behave as if it were longer than its physical size. The development of the important
plastic zone can be due to the intense creep at the crack tip. At 1000 s, the slow stable crack
propagation starts which is confirmed by the increased value of K in Figure 3.23 and the ac-
celerated growth rate of the COD in Figure 3.18. At 50000 s, a maximum value of toughness
Kmax is achieved and the unstable crack propagation occurs leading to the final failure of the
specimen. The above described 3-stage behavior is obtained for almost all creep curves. It is
interesting to note that Kmax can be only partly traced for some curves on Grade 4 base (see
Figure 3.24) which shows poor reproductibility of the experiments (for example two tests C3
and C4 at 17 kN).

The experimental curves R1 and R2 corresponding to the sustained displacement tests for
both grades are separated into two parts: the first part where K decreased due to softening of
the material connected with the crack propagation, and the second part in green color where
the propagation of the crack is slowed down (the PD signal is stabilized) and further decrease
in K occurs due to stress relaxation. The estimated value of Kth from the R1 test is about 44
MPa

√
m and 37.5 MPa

√
m from the R2 test for Grade 2 base. This difference is governed by

the hardening induced by the initial load. In the constant load test, the lowest reached value of
a threshold approaches to 43 MPa

√
m (test C7). The greater resistance to SLC is observed for

Grade 4 base. Both R1 and R2 curves showed Kth close to 53-54 MPa
√
m. The lowest attained

Kth value in the C6 test is 57 MPa
√
m. The summary of the estimated Kth values for base

materials is given in Table 3.6.
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Figure 3.23: Master curve for Grade 2 base.

Test No. Max load, kN Duration, h aprecrack, mm

Toughness test

T1 18.36 1.74

T2 16.5 2.0

SLC constant load tests

C1 16 0.15 2.9

C2 15 0.11 3.003

C3 14 0.6 3.075

C4 13.5 2 3.515

C5 13 21 3.00

C6 12 168 2.74

C7 11 264 3.0

SLC constant displacement tests

R1 16.6 18 2.56

R1 16 15 2.9

Table 3.4: Sustained load cracking and fracture toughness tests using CT specimens for Grade
2 base.
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Figure 3.24: Master curve for Grade 4 base.

Test No. Max load, kN Duration, h aprecrack, mm

Toughness test

T1 19.7 2.10

T2 18.6 2.31

SLC constant load tests

C1 18 3.5 2.30

C2 17.5 8 2.57

C3 17 0.04 2.72

C4 17 0.03 2.95

C5 16 77 2.73

C6 15 192 2.8

SLC constant displacement tests

R1 17 21 2.49

R2 17 336 2.21

Table 3.5: Sustained load cracking and fracture toughness tests using CT specimens for Grade
4 base.
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Test type Kth, MPa
√
m Kth/Kmax

Grade 2 base

C7 43 0.75

R1 44 0.77

R2 37.5 0.66

Grade 4 base

C7 57 0.91

R1 54 0.86

R2 53 0.84

Table 3.6: Estimated value of the threshold for sustained load cracking Kth for Grade 2 base
and Grade 4 base.

It can be seen that in general Grade 4 base with higher oxygen and hydrogen level exhibited
better sustain load performance comparing to Grade 2 base. Grade 2 based showed the worst
SLC performance with a minimum Kth value around 37.5 MPa

√
m (R1 test), which corresponds

to a 34% decrease compared with Kmax.
The experimental curves of the SLC tests under constant load for Grade 2 charged in the

coordinates COD vs. time to failure are presented in Figures 3.25. The sustained cracking
behavior for Grade 2 charged shows a large scatter of time to failure vs. initial loading. So
as, for example, the specimen held at 14 kN (red curve) was broken in 1 hour comparing to
the one kept at the higher load of 15 kN (black curve) which did not break after 53 hours of
test. This specimen was later broken by applying the rapidly rising load. Such a difference in
the fracture kinetics can be explained on one hand by the longer length of the initial crack for
14 kN-specimen a0 (see Table 3.7) which is reflected by the difference in COD level for both
curves. On the other hand the amount of hydrogen introduced into material during the charging
procedure could also accelerate crack growth in 14 kN-specimen. The chemical analysis showed
that 14 kN-specimen contains 33 ppm of hydrogen, while 15 kN-specimen contains 14 ppm. At
33 ppm the solubility limit of hydrogen in Grade 2 is reached and thus the hydrides which make
material more brittle could be formed. At the same time, note that the specimen tested at 13
kN (blue curve) failed after 25.8 hours and the specimen tested at 15 kN (black curve), as men-
tioned above, did not break after 53 hours. Both specimens have the same initial value of COD
implying the same initial crack length. However, the post-mortem measurements of the precrack
length showed that aprecrack=3.2 mm for 13 kN and aprecrack=2.604 mm for 15 kN which would
explain the shorter time to failure of 13kN-specimen. The observed discrepancy can be due to
the plasticity which takes place at the crack tip leading to the crack tip blunting prior to crack
growth initiation. If assuming that hydrogen up to its solubility limit promotes creep at the
crack tip in Ti, then the crack tip opening displacement (CTOD) concept should be used by
applying the plastic zone correction on COD measurements. In this case the 15 kN-specimen
with a shorter initial crack but higher hydrogen content (14 ppm) has the same COD as the
13 kN-specimen with a longer initial crack but lower hydrogen content (10 ppm). For chemical
composition see Table 3.7. Note that not all specimens were submitted to chemical composition
analysis. Complementary analysis with a scanning electron microscopy (SEM) could be useful
to detect if hydrides can be observed at crack tip on all these specimens.
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Figure 3.25: Experimental curves of SLC under constant load for Grade 2 charged. Arrows
indicate specimens removed from test before failure.

The experimental curves of the sustained displacement tests carried out for Grade 2 charged
are presented in Figure 3.26. Again, very strong load fluctuations can be observed in the Test1
which was tested on a different 250 kN MTS machine.

Analysis of the experimental results of the SLC tests under constant load for Grade 4 charged
(see Figure 3.27) is limited by the lack of information about the slow cracking kinetics and failure
time for two specimens tested at 17 and 15 kN. These both specimens did not break after 2 and
6 days of testing respectively and had to be broken by applying the rapidly rising load due to
the lack of time devoted to the experimental studies.

The experimental curves of the sustained displacement tests carried out for Grade 4 charged
presented in Figure 3.28 show two different kinetics of stress relaxation of the specimen loaded
to the same level of load. The faster relaxation kinetics of Test1 can be due to the longer initial
crack length.
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Figure 3.26: Experimental curves of SLC under constant displacement for Grade 2 charged.

Figure 3.27: Experimental curves of SLC under constant load for Grade 4 charged. Arrows
indicate specimens removed from test before failure.
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Figure 3.28: Experimental curves of SLC under constant displacement for Grade 4 charged.

Based on the presented results, the ’Master’ curves were plotted for Grade 2 charged and
Grade 4 charged (Figures 3.29 and 3.30). Compared to Grade 2 base ’Master curve’, a mean-
ingful analysis of the results of Grade 2 charged is more difficult. No clear trend can be drawn
about the Kmax evolution with time. The crack growth in the specimen C2 with the lower
initial K is faster than in the C1 specimen showing the higher K level. The same discrepancy is
observed for the specimen C3 which did not break after 14 days of sustained load at 13.5 kN and
specimen C4 subjected to the lower load of 13 kN and broken after 25.8 hours. It is interesting
to note that in the tests under constant load, specimens C1 and C2 were able to reach a higher
level of Kmax compared to the specimen T1 tested in a fast cracking test. Such a discrepancy
can be conditioned by the large dispersion in hydrogen content level in the specimens (see Table
3.7) which make it very difficult to compare experiments between them. Hydrogen up to its
solubility limit (22-25 ppm for Grade 2 and 29 ppm for Grade 4) can lead to the enhanced creep
at the crack tip (hydrogen enhanced localized plasticity mechanisms) while beyond this limit it
can participate in the hydrides formation. Both mechanisms have an opposite effect in terms
of ductility of the material and thus the obtained results in Figure 3.29 should be carefully
analyzed. The large dispersion of the results can be also due to the difference in the initial crack
length of the specimens.

The trend of evolution of Kmax for Grade 4 charged is more clear, however an important
scatter of a deduced Kth value from the R1 and R2 tests can be observed. As in the case of
Grade 2 charged, C1 and C2 tests showed higher Kmax compared to the fast cracking test T1.
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Figure 3.29: Master curve for Grade 2 charged

Test No. Max load, kN Duration, h aprecrack, mm Hydrogen content, ppm

Toughness test

T1 16.72 3.12 17

SLC constant load tests

C1 15 53 2.604 14

C2 14 1 3.0 33

C3 13.5 335.5 3.00 33

C4 13 25.8 3.2 10

C5 12.5 70 2.71

SLC constant displacement tests

R1 10 4 3.95

R2 14 96 3.2

Table 3.7: Sustained load cracking and fracture toughness tests using CT specimens for Grade
2 charged.



108 Chapter 3. Experimental study of sustained load cracking in commercially pure α Ti

Figure 3.30: Master curve for Grade 4 charged

Test No. Max load, kN Duration, h aprecrack, mm

Toughness test

T1 16.8 2.7

SLC constant load tests

C1 18 70 2.64

C2 17 42 2.5

C3 16 243 2.65

C4 15 149 2.6

SLC constant displacement tests

R1 15 3 2.89

R2 15 22 1.73

Table 3.8: Sustained load cracking and fracture toughness tests using CT specimens for Grade
4 charged.
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Table 3.9 summarizes the experimentally obtained ratio of Kth/Kmax for materials charged
with hydrogen. Grade 2 showed an improvement in resistance to SLC with increased hydrogen
content, while the Kth of Grade 4 is very scattered and does not allow to draw any direct
conclusions.

Test type Kth, MPa
√
m Kth/Kmax

Grade 2 charged

C5 45.5 0.84

R1 36.5 0.67

R2 44 0.81

Grade 4 charged

C4 54 0.9

R1 50 0.83

R2 45.5 0.75

Table 3.9: Estimated value of the threshold for sustained load cracking Kth for Grade 2 charged
and Grade 4 charged.

The comparison of the SLC behavior for base and charged materials is presented in Figure
3.31- 3.32. As can be seen for both grades, slow crack growth occurred much more rapidly
in the base material with lower hydrogen content. One possible explanation of the beneficial
effect of hydrogen on subcritical crack growth can be connected with the hydrogen-induced
softening of the material due to the promotion of creep at the crack tip. In this case, the
increased creep strain at the crack tip can decrease the susceptibility to hydrogen embrittlement
in the material. The improvement of the resistance to subcritical crack growth in the material
with higher quantities of hydrogen was observed by Williams [215] on Ti-6Al-4V. Furthermore,
second-stage creep rate was observed to decrease significantly with increasing hydrogen content.
Assuming that hydrogen embrittlement requires a finite amount of plastic deformation at the
crack tip, it was postulated that the increased creep resistance offsets the increased susceptibility
to embrittlement at higher hydrogen contents.

The results of fast cracking tests show a beneficial effect of oxygen and detrimental effect of
hydrogen on Kmax. Both grades of CP α Ti exhibited a very strong strain rate sensitivity (see
Figure 3.13). The experiments of sustained cracking test show that materials with high oxygen
level (Grade 4 base and charged) exhibit greater resistance to SLC. Increasing the hydrogen
content results in the increase of the resistance to slow cracking.

Throughout the experimental study it was demonstrated that the rate-dependent fracture
behavior is extremely sensitive to many factors, including the initial crack length. In order to
understand the impact of a hydrogen content modification on the mechanical behavior of a given
titanium alloy for a specific load, well controlled experiments with only one parameter changed
at a time are necessary. That is why the additional numerical study will be performed in the
next chapter in order to investigate the influence of viscoplasticity and hydrogen content on
slow and fast cracking behavior at room temperature of CP Ti. The experimental results can be
interpreted only by mean of Finite Element (FE) simulation taking into account the viscoplastic
behavior of Ti. This is the object of the next Chapter 4.
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Figure 3.31: The evolution of: (a) crack opening displacement (COD) vs. time, (b) stress
intensity factor vs. time for Grade 2 base and Grade 2 charged.
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Figure 3.32: The evolution of: (a) crack opening displacement (COD) vs. time, (b) stress
intensity factor vs. time for Grade 4 base and Grade 4 charged.
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3.3.3 Fractography

Optical microscopic observations of the initial microstructures presented in Figure 3.34 shows
that Grade 2 base (b) consists of equiaxed primary α-grains of a diameter being ∼ 40 µm in
DL-DT direction. Grade 4 base in Figure 3.34 (a) shows equiaxed α+β structure with the
primary α grains of ∼ 45 µm. The β-phase is mostly situated at the grain boundaries and the
triple junctions.

Figure 3.33: Microstructures of a cold-rolled and annealed α Ti of (a) Grade 4 base (b) Grade
2 base [17].

Generally a straight crack front is maintained during the tests due to the machined side
grooves on the CT-specimen. As a result, the crack length was calculated by taking the mean
of nine measurements at equidistant points across the thickness of the specimen without any
special correction accounted for the crack curvature. Optical microscopic observations showed
four distinct fracture zone in the SLC experiments: (1) machined notch; (2) precrack in fatigue;
(3) SCL crack growth; (4) Unstable final crack propagation.
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Figure 3.34: Optical microscopic observations of the fracture surface of α Ti of Grade 4 base
showing four distinc zones.

The fracture surfaces of the fracture toughness specimens were examined in a scanning elec-
tron microscope (SEM). It is known from the literature [161, 137], that fracture behavior in
HCP metals is significantly dependent on crystallographic orientation, therefore it is important
to analyze the activated slip systems during the crack propagation. The schematic illustration of
the examined fracture surface in Figure 3.35 shows that the basal (0001) plane is perpendicular
to the crack plane, and the c-axis is nearly perpendicular to the loading direction, implying that
the grains were oriented for easy prismatic < a > slip.
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Figure 3.35: Schematic illustration of the examined fracture surface.
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Fractography of fracture toughness test specimens revealed readily distinguishable zones of
fatigue precracking and final unstable crack propagation. The zone of precrack show smooth
flat cleavage facets accompanied by the tear ridges (see Figure 3.36). These ridges represent the
boundaries where different planes on the fracture surface have met up. Sometimes secondary
cracks are initiated from the ridges sites. The turn-off edges of cleavage plates are relatively
angular, which suggests separation by a brittle cracking process [137].

Figure 3.36: Scanning electron micrographs of fatigue precracking zone in Ti Grade 2.
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In the zone of final failure of the specimen, one can observe shallow trough-like grooves called
’fluting’, which consists of the ruptured halves of hexagonal shaped voids (Figure 3.37). This is
a typical feature of stress-corrosion cracking (SCC) fracture surfaces of α and α− β alloys, that
was equally observed in the specimens tested under sustained load cracking (SLC) in inert envi-
ronment and mechanical overload conditions [137]. Flutes are created through the coalescence
of elongated tubular cavities (indicated with dashed line in the zone B). The propagation of the
crack is due to the coalescence of these tubular cavities. Some groups of flutes are more fine and
regular laying parallel to each other (zone A). Small rounded dimples are also detected in the
rupture surface (zone C), but they were found to be less numerous than the elongated ones. An
unusual hexagonal shape of the cavities is attributed to a lower symmetry of the hexagonal α
phase. As a result, fluted fracture can be correlated with the underlying crystallographic orien-
tation of the α phase [161]. In the literature flute formation in α Ti has been associated with a
dislocation mechanisms involving extensive planar prismatic {1010} 〈1120〉 slip [3, 147, 60, 161].
In our case, the texture of the specimen promotes predominant activation of prismatic < a >
slip during the fracture process. It confirms a significant role of prismatic < a > slip in the
flute formation. Although flutes were observed both with cleavage and with some dimpled areas
of fracture (in Grade 2 base), they are the manifestation of ductile fracture mode. Since the
flute surfaces are {1010} planes, then parallel slightly wavy lines frequently observed running
lengthwise along the flute surface are mostly slip lines [147].

Figure 3.37: Scanning electron micrographs of unstable crack propagation zone in Ti Grade 2.
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Fracture surface of Grade 4 presented in Figure 3.38 exhibits more flat brittle interface crack-
ing with cleavage facets in the fatigue precracked zone and many flutes in the zone of overload
cracking. The flute peak ridges in Grade 4 are less ragged smoother compared to Grade 2. It
might be due to the higher content of oxygen in Grade 4 that is known to increase the difficulty
of the occurrence of cross-slip what encourages in turn cleavage, leading to copious flutes for-
mation [137]. The strong anisotropic crystallographic texture of Ti can also favor the formation
of flutes if the basal (0001) plane which is the cleavage plane in HCP metals, is perpendicular
to the crack plane [210]. It results in a cleaner appearance of the flute ridges of Grade 4.

Fluting, associated with cleavage, has been reported in many studies on titanium and zirco-
nium [210, 3, 130, 60, 100], however in our fractorgaphic observations for both materials (Grade
2 and Grade 4) abundant fluting was detected without cleavage elements in the zone of overload
cracking. It might be due to the orientation of the basal (0001) plane which is perpendicular to
the crack plane, rendering flutes to be easily seen on the fracture surface of the specimen, while
the cleavage facets stay hidden from view.

Figure 3.38: Scanning electron micrographs in Ti Grade 4.
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The most probable mechanism of flute formation, proposed by Aitchison [3] and Wanhill
[210] is schematically illustrated in Figure 3.39. Here two cleavage cracks have overrun each
other, and the three-dimensional fracture process cannot be completed by cleavage only (since
no orthogonal cleavage plane is available in the HCP α-phase). The flutes act in this case as a
link between the different cleavage planes, enabling the fracture to progress through the material.

Figure 3.39: Sketch illustrating fluting formation mechanisms by tearing between two overlap-
ping cleavage [137].

Fracture toughness surfaces of Grade 2 charged and Grade 4 charged were very similar to the
observed surfaces of Grade 2 base and Grade 4 base respectively. Comparison of Figure 3.40 (a)
and (b) shows that Grade 4 with a higher level in oxygen produces more regular flutes separated
by smooth tear ridges (due to the higher level of oxygen in Grade 4 charged) comparing to
Grade 2 charged. Interstitial hydrogen is known to cause cracking along α − β interfaces [93].
As a result, the presence of β phase in Grade 4 promotes secondary cracks in Grade 4 (zones A,
B and C in Figure 3.40). In some instances, flutes are found in their cross-sectional view before
separation occurred. This shape is hexagonal (zone D in Figure 3.40) which confirms that the
walls of the flutes are {1010} type planes [147].
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Figure 3.40: Scanning electron micrographs in Ti Grade 2 charged (a) and Grade 4 charged
(b).
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The examined SLC specimens of both Grade 2 and Grade 4 charged show three distinguished
zones: zone of a precracking in fatigue, zone of slow extension of the crack and the final zone
of fast crack propagation (see Figure 3.41). The close-up at all three zones of SLC specimen of
Grade 4 charged in Figure 3.42(a) shows expected cleavage in the zone of fatigue precracked
similar to all previous observations. The zone of slow crack extension due to SLC (Figure
3.42(b)) is characterized by the presence of extensive flutes and some cleavage zones when
they are visible (zones A,B,C,D). Unstable crack propagation in Figure 3.42(c) is also showing
a widespread fluted fracture, however these flutes are well formed with sharp lines dividing
individual flutes from their neighbors compared to the less parallel and more ragged flutes in
the SLC zone. Such variation in size and shape can be explained in terms of the kinetics of
the cavity growth which is found to be plasticity controlled in HCP metals. During the fast
crack propagation, a high global stress promotes nucleation of a large number of cavities in
the β-phase regions (in case of Grade 4). These hexagonal cavities do not have enough time
to grow, and thus they retain their tubular shape. During the slow crack propagation under
sustained load, cavities have enough time to grow and eventually to coalescence, which leads to
the evolved shape. Some interesting feature of the surrounded area in Figure 3.42(c) is most
likely a β phase which does not cleave, and it constitutes a site for diversion of cracks (Ti Grade
4 consists mainly of α plates with interplate β-phase).

Studies of the fracture surfaces of all specimens show no obvious differences in fracture
appearance induced by varying hydrogen content. All specimens showed mixed fracture with β
regions fracturing by microvoid coalescence and the α phase fracturing by cleavage [136].
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Figure 3.41: Fracture surface of SLC specimens of Ti: (a) Grade 2 charged and (b) Grade 4
charged.
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Figure 3.42: All three zones of SLC specimen of Grade 4 charged: (a) fatigue-precracked; (b)
slow extension under sustained load; (c) rapid unstable cracking.
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3.4 Conclusions

In the present chapter the unstable crack growth and the time-dependent failure under static
loads in CP α Ti at ambient temperature were studied. Two grades of Ti with different oxygen
content (Grade 2 and Grade 4) were submitted to hydrogen charging and degassing in order
to obtain two different hydrogen contents for Grade 2 and three different contents for Grade
4. Fracture toughness and sustained load cracking tests followed by fractographic observations
were performed on CT specimens, precracked in fatigue. Single-load strategy for SLC testing
was employed with a rising and falling K. In a rising K test, CT specimen was held under
constant load, and in the falling K test under a fixed displacement. The following conclusions
are drawn from this investigation:

– The fast fracture behavior of Ti was slightly modified by the presence of low concentration
of hydrogen. The obtained experimental results indicate that increased hydrogen content
resulted in a slight decrease in strength and increase in ductility for both Grade 2 and
Grade 4. The fracture toughness reported in terms of maximum load encountered during
the test, Kmax, was decreased as hydrogen content was increased for both grades. The
comparison of Grade 2 and Grade 4 base and charged, showed that solute oxygen promotes
a high strength in Grade 4 resulting in the higher toughness value.

– Sustained load cracking behavior is subject to modification by low concentrations of hy-
drogen: increasing the hydrogen content results in a greater resistance to slow cracking.
Possible explanation of such beneficial effect of hydrogen is the hydrogen-enhanced local-
ized plasticity at the crack tip which prevents the attainment of the high localized stresses
necessary for fracture. It was also observed that materials with high oxygen level (Grade
4 base and charged) exhibit greater resistance to SLC.

– Fractographic examinations showed that both the SLC and fast fracture surfaces of all al-
loys contained examples of both cleavage and microductile fracture represented by fluting.
Flute formation in α Ti is associated with a dislocation mechanisms involving extensive
planar prismatic {1010} 〈1120〉 slip. Comparing to Grade 2 base and charged, the frac-
ture surface of Grade 4 base and charged exhibits more flat brittle interface cracking
with cleavage facets in the fatigue precracked zone and many regular flutes in the zone
of overload cracking. It might be due to the higher content of oxygen in Grade 4 that is
known to increase the difficulty of the occurrence of cross-slip what encourages in turn
cleavage, leading to copious flutes formation. Studies of the fracture surfaces of all speci-
mens showed no obvious differences in fracture appearance induced by varying hydrogen
content in Grade 2 and Grade 4.

– Given the complexity associated with time-dependent fracture behavior of CP α Ti, vis-
coplasticity based FE simulation approach is needed to analyze the deformation and dam-
age mechanisms and to model hydrogen-induced subcritical crack growth.





Chapter 4

Simulation of viscoplastic
deformation and cracking in Ti

Résumé

Dans le but de comprendre les phénomènes observés lors de la campagne expérimentale et
de prévoir le comportement du matériau dans les essais de ténacité et de la rupture différée,
il est nécessaire de proposer un modèle du comportement du matériau étudié. Ce modèle
de comportement s’articule autour de deux parties couplées tenant compte de différents
phénomènes: le comportement viscoplastique du matériau et le comportement du modèle
vis-a-vis de l’endommagement. Un modèle macroscopique élasto-viscoplastique anisotrope à
écrouissage mixte a été adopté pour simuler la déformation des éprouvettes de type CT lors
des essais de ténacité et de la rupture différée par éléments finis. La modélisation d’une ou-
verture monotone de la fissure sans prise en compte de la propagation de la fissure montre une
large zone de déformation plastique en pointe de fissure. En supposant que l’hydogène est en
équilibre avec la contrainte hydrostatique, on observe un pic de concentration d’hydrogène en
pointe de fissure.
Un modèle cohésif de type Crisfield a été employé pour représenter la fissuration. Les
résultats des simulations montrent que la fissuration intervient de manière trop précoce sans
développement suffisant de la plasticité. Une approche alternative qui permet un couplage
plus fort entre viscoplasticité et rupture est proposée.
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4.1 Introduction

4.1.1 Local approach to fracture

The experimental results presented in the previous chapter clearly showed that the fracture
resistance of CP α-Ti cannot be interpreted in terms of a single parameter, such as KIc used in
Linear Elastic Fracture Mechanics (LEFM) where the variation of the stiffness of the material
is assumed to be caused by crack extension only. Non Linear Fracture Mechanics (NLFM) with
JIc or crack tip opening displacement (CTOD) cannot be used neither for the analysis of the
fracture behavior of CP α Ti since this approach does only hold for time-independent processes.
HRR field (Hutchinson-Rice-Rosengren) where a fracture criterion of Jc was proposed to play a
role of KIc in NLFM is neither adopted for viscous materials. Fracture mechanics of creeping
solids is using C∗ as the equivalent of the J-integral is applied to metals at high temperatures
and/or loaded at high strain rate which is not the case in the present study. The fracture crack
growth in the present study was seen to be strongly affected by many factors such as loading
rates, material microstructure, chemical composition, loading history and etc. All these factors
cannot be interpreted in terms of global approach to fracture. As a result, an alternative lo-
cal approach to fracture (LAF) is proposed to study the crack propagation resulting from the
elastic-viscoplastic material behavior and local damage near the tip of the crack. This approach
allows to take into account the micromechanisms of failure such as stress and strain distribu-
tion at a crack tip. The identification and determination of the micromechanical parameters is
possible through the hybrid methodology of combined testing and numerical solution [25, 74].

To perform a LAF numerically, different phenomenological constitutive models have been
developed in the last 30 years for brittle, ductile and creep fracture. The constitutive model
must satisfy two conditions: it should be micromechanically based and it should provide reliable
description of the crack tip stress-strain field. Analysis of a ductile rupture requires fully cou-
pled damage models that can properly capture the increase and subsequent decrease of the load
carrying capacity of the material taking place in the region in front of the crack tip due to the
combined process of material hardening and material softening by the nucleation, growth and
coalescence of voids. The most well-known micromechanical model of the microvoid nucleation
and growth was derived by Gurson [87], and later modified by Gurson-Tvergaard-Needleman
(GTN model) to capture void coalescence [200, 203, 204]. Gurson model introduces a strong
coupling between deformation and damage. A new internal variable representing the volumetric
fraction of voids or porosity, f , is introduced. The evolution of the porosity is a function of
stress and strain, and its gradual increase leads to a loss of material stiffness, until final fracture
occurs. Gurson model was futher improved [195, 194] and extended [151, 220, 65, 28].

Alternative local approach to fracture known as cohesive zone modeling (CZM) was origi-
nally proposed by Dugdale [64] and Barenblatt [16]. Nowadays, the CZM is employed for a wide
variety of problems and materials. The underlying idea is to combine an energetic criterion
at a microscale with a stress criterion [25]. The crack propagation is described through the
separation of the two crack surfaces in the process zone by a continuous traction-separation law.
Various CZMs with different shapes of the traction-displacement response and the parameters
used to describe that shape were later proposed by different authors [92, 169, 201]. Needleman
[143] investigated void nucleation by interface debonding of inclusions in plastically deforming
solids. An exponential type of fraction-separation law to simulate the particle debonding the
metal matrices was suggested in his study [143]. Tvergaard and Hutchinson [203] applied a
trapezoidal shape of the traction-separation law to study the ductile fracture in an Al alloy by
using the experimental resistance curves for simulating crack extension. Subsequently, Lin [122]
and co-workers extended this approach to model the crack growth resistance in homogeneous
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as well as heterogeneous materials under small scale yielding and large scale yielding. The pre-
vailing part of cohesive crack tip research and application is related to FE implementations and
corresponding cohesive elements. The CZM elements are usually placed at the interface (see
Figure 4.1) and describe the interface traction as a function of the opening displacement with
the help of traction-separation laws (TSL). Energy is dissipated when these elements are opened
until complete loss of traction occurs. The process or cohesive zone is the zone wherein energy
is dissipated [91].

Figure 4.1: Schematic representation of mode I opening of cohesive zone elements [91].

One of the advantages of using cohesive elements in modeling fracture is to split the total
dissipated energy into the energy dissipated by plastic deformation and the energy of separa-
tion. In this way, it is possible to evaluate the damage and deformation processes separately,
but coupled. Besides, as long as cohesive elements adequately resolve the fracture process zone
of the material, no mesh dependency is expected in using CZMs [9]. CZM is particularly at-
tractive for practical application since it requires only two parameters, which can be determined
in experiments. In a CZM the crack can propagate along any path where the CZ elements are
placed. The CZM can model both brittle and ductile interfaces, and it is easy to implement in
the mesh. Therefore, CZM was chosen to model the crack growth for CP α Ti of Grade 2 and
Grade 4.

4.1.2 Modeling of hydrogen-induced crack propagation

Numerous models exist that describe material degradation and its effect on structural in-
tegrity caused by hydrogen embrittlement. The proposed mechanisms on which these models
are based include stress induced hydride formation and cleavage (or delayed hydride crack-
ing DHC), hydrogen enhanced localized plasticity (HELP) and hydrogen enhanced decohesion
(HEDE). According to the of HELP mechanism, the presence of hydrogen in solid solution
reduces elastic energies of interaction between moving dislocations and a variety of obstacles.
Since the interaction energy is reduced, the stress required for dislocation motion is decreased
and thereby plasticity is enhanced. As a result, the amount of deformation that occurs in a lo-
calized region adjacent to the fracture surface is increased [191]. This phenomenon is supported
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by the experimental observations in FCC [168], BCC [190], and HCP [182] metals.
The hydrogen effect ahead of a crack tip on the local behavior and macroscopic fracture

processes can be studied through the numerical modeling in the absence or in the presence
of hydrogen content. In the absence of hydrogen, modeling of ductile crack propagation was
performed by monitoring damage evolution in the material ahead of a crack tip through the
Gurson-Tvergaard flow potential for porous plastic solids [87, 202] or by using cohesive zone
approach [16, 64]. In the presence of hydrogen concentration, the idea of hydrogen-induced
subcritical crack growth modeling is based on the assumption that diffusible hydrogen is in
equilibrium with the hydrostatic stress and that hydrogen trapped by dislocations is a function
of the strain field [118, 119, 1, 186, 61, 174, 191, 179].

Ahn [1] studied hydrogen-induced material softening which promotes crack propagation
through hydrogen-assisted void growth and coalescence. Crack propagation was modeled by
CZ elements whose traction-separation law was determined through void cell calculations that
address the hydrogen effect on void growth and coalescence. The hydrogen enhanced localized
plasticity was described by using the local flow stress which represents a decreasing function
of the hydrogen concentration in equilibrium with local hydrostatic stress and plastic strain.
It was concluded that hydrogen accelerates void growth and coalescence and promotes crack
propagation by linking simultaneously a finite number of voids with the crack tip.

In the recent study of Dadfarnia [61] it was noted that cohesive element method may not
preserve the fidelity of the fields close to the crack tip since the stress and hydrogen fields are
coupled. Alternative nodal release approach in the neighborhood of a crack tip was proposed
to understand the interaction among stress, strain, and transient hydrogen accumulation from
external gas. A model for hydrogen-induced stress-controlled crack propagation under sustained
load was proposed. The model is based on two assumptions: (i) local material fracture strength
is a decreasing function of local hydrogen concentration and (ii) crack propagation takes place
when the opening stress ahead of a crack tip exceeds the local fracture strength over a character-
istic distance. It was demonstrated numerically that diffusion-controlled crack propagation can
explain the existence of both stages in the velocity versus stress intensity factor curve (V-K).

In spite of the large number of studies of HELP phenomenon, most of the existing models
incorporate elastic-plastic behavior of the material exhibiting rate independence. One of the
critical question remaining unanswered is how hydrogen affects the time-dependent nature of
plasticity. The objective of the present chapter is to model the mechanical behavior of Ti with
an elastic-viscoplastic constitutive law which accounts for material anisotropy of mechanical
properties and time-dependent behavior. The phenomenological constitutive formulation of the
viscoplastic behavior of CP α Ti of Grade 2 and Grade 4 is based on the experimental database
provided by LMS Ecole Polytechnique [17]. Next, using a local approach to fracture, a cohesive
zone model is proposed in order to predict the crack growth for rapidly rising and sustained
loading conditions and to investigate the phenomenon of hydrogen embrittlement-assisted crack
growth. Using the elastic-viscoplastic behavior for continuum elements, the solution is computed
with the FE model. The results of the numerical simulations are presented. The discussion of
some alternative relevant approaches to SLC simulations follows in the last part of this chapter.
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4.2 Viscoplastic anisotropic model for α Ti

4.2.1 Experimental results

An anisotropic macroscopic elastic-viscoplastic model for CP α Ti of Grade 2 and 4 is pro-
posed in this section. The identification of the model is based on the experimental data provided
by Laboratoire de Mécanique des Solides of Ecole Polytéchnique [17] composed of the tests per-
formed at room temperature on both TD and LD cylindrical samples of Grade 2 and Grade
4. Tensile tests were performed at a fixed strain rate of 2 × 10−4s−1 and with tenfold upward
and downward strain-rate jumps ranging from 2×10−6 to 2×10−2s−1. True stress-strain curves
presented in Figure 4.2 (a) show a higher yield stress when specimens are tested along the TD
than along the LD for both materials. The tests with strain-rate jumps (Figure 4.2 (b)) show
the macroscopic apparent positive strain rate sensitivity. These tests allow to identify the vis-
coplastic parameters.

Creep tests were carried out at room-temperature at different loads with an imposed strain
rate of 2 × 10−4s−1 during the loading stage. Most tests were interrupted after 200 h, unless
fracture occurred before [18]. The resulted creep curves for Grade 2 and Grade 4 are plotted
on Figure 4.3. Depending on the nominal stress, creep saturation or secondary and tertiary
creep leading to fracture were observed. In most cases, a 200 hours test was sufficient to reach a
steady-state or minimum creep rate, ranging from 2× 10−5 to 2× 10−8 s−1. The early stage of
creep in Grade 4 showed unusual incubation period for nominal load of 376 MPa along LD and
425 MPa along TD followed by the spontaneous increase in the creep rate. Normal transient
creep was observed for Grade 2.

Repeated relaxation tests presented in Figure 4.4(a) were composed of loading to a certain
level of strain, followed by the interruption for a relaxation period of 20 hours (material is sub-
mitted to constant displacement), and subsequent unloading and reloading to a higher strain
level. After each unloading down to 20 MPa, the specimen of Grade 2 was aged for 4 hours
at constant displacement and then reloaded. In total, 5 relaxation cycles were performed. For
Grade 4, the unloading between two relaxation cycles was extended until compression without
any following aging time. Slightly opened hysteresis loops evidenced the significance of the
kinematic hardening components Xi. Figure 4.4(b) shows the relaxation kinetics during the
repeated relaxation tests on performed on Grade 2 and Grade 4 along TD and LD.
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Figure 4.2: Tensile tests on Grade 2 and Grade 4 on the cylindrical specimens in TD and LD:
(a) at ε̇ = 2× 10−4 s−1 and (b) with strain-rate jumps at ε̇ = 2× 10−2 − 2× 10−6 s−1.

Figure 4.3: Creep tests in TD and LD on (a) Grade 2 (b) Grade 4.
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Figure 4.4: Relaxation tests on the cylindrical specimens in TD and LD on (a) Grade 2 (b)
Grade 4.

4.2.2 Constitutive equations

The constitutive equations were formulated in the small strain framework for the parameters
identification. Note that in the later FE simulations on CT specimens these equations will be
used in a large deformation framework. The total deformation ε

∼

is the sum of elastic and plastic
strains:

ε
∼

= ε
∼

e + ε
∼

p (4.1)

The yield criterion is
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where R(p) is an isotropic strain hardening which includes the initial yield stress R0, and which
depends on the accumulated plastic strain p. Q is the saturated value of hardening and b is the
rate at which the saturation is reached. H is the slope of a linear strain hardening term. It is
defined as:

R(p) = R0 +Hp+Q
(

1− e−bp
)

(4.3)
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The nonlinear kinematic hardening variable X
∼ i

was introduced into the model to improve
the description of relaxation tests with unloading.
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The viscoplastic flow rule is a hyperbolic sine of the yield criterion:

ṗ = ṗ0 sinh
〈 f

σ0

〉

(4.5)

The anisotropy of plastic deformation is presented with the help of the yield criterion of a
Hill type which depends only on the deviatoric stresses:
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The Hill matrix H
∼

∼

is defined as a 4th rank tensor:
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(4.7)

The material parameters to be identified are:
– Isotropic elasticity: E and ν
– Classical isotropic strain hardening: R0, Q, b, H
– Nonlinear kinematic hardening: Ci, Di

– Viscous part: ṗ0, σ0
– The components of the Hill criterion: hilla , hillb , hillc, hilld, hille, hillf

Thus, the identification of 18 parameters is needed for the modeling of the mechanical behavior
of the material.

4.2.3 Identification of the model parameters

The material parameters introduced by the above described model were identified by com-
paring the experiments with simulations performed with the help of the identification package of
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Zset software on a volume element. The system of differential equations defined in the previous
section was numerically solved in the Zset solver with a 4th order Runge-Kutta method with au-
tomatic time stepping. Numerical optimization method is the Levenberg-Marquardt algorithm
which is used to solve non-linear least squares problems. The parameters identification involves
the minimization of the sum of the squares of the errors between experimental and simulated
stress values at all recorded prescribed strain values for each experimental curve. Different
weighting factors were attributed to the tests depending on the ’importance’ in the function
evolution. The results for Grade 4 are presented in Table 4.1.

Parameters Unit Value

E MPa 106674

ν - 0.3

hilla - 0.22

hillb - 0.375

hillc - 1.75

hilld, hille, hillf - 1.6

ṗ0 s−1 1.52e-8

σ0 MPa 16

R0 MPa 200

H MPa 7.4

Q MPa 47

b - 9.6

C1i MPa 58367

D1i - 1086

C2i MPa 2313

D2i - 221

C3i MPa 1397

D3i - 7.5

Table 4.1: Identified material parameters for Ti Grade 4

The numerical predictions of tensile, creep and relaxation tests obtained with the set of
identified model parameters are presented in Figures 4.5 - 4.8. In general, the anisotropy and
viscoplastic behavior of the material are correctly taken into account with the set of identified
parameters, even though some detailed features remain imperfectly described. The yield peak
in tensile TD test (Figure 4.5(b)) cannot be correctly predicted since no aging variables were
integrated into the model. For tensile test performed in LD direction (Figure 4.5(a)), an over-
estimation of the magnitude of hardening rate is observed. The same problem is detected for
the tests with strain rate jumps especially at higher strain rates (see Figure 4.6 (a,b)). The
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hysteresis loops in relaxation tests are well described (see Figure 4.7), however the model under-
estimates the amount of stress relaxation. Finally, the predicted response of the creep test does
not reproduce well the incubation period observed for Grade 4 TD at 376 MPa along LD and at
425 MPa along TD (Figure 4.8 (b)) which was attributed to the oxygen-induced dynamic strain
aging [18]. At the same time, the model predicts well the primary, secondary and even tertiary
creep strain presented in Figure 4.8 (a). The prediction of the tertiary creep is possible due to
the application of the true stress as an input of the simulation. Note that a variation between
experiments and simulations in some tests is due to the inability of the used viscoplastic flow rule
to account for the wide range of the experimental conditions such as, for example, strain-rates,
varying from ε̇ = 10−2 s−1 in the strain-rate jump tests to ε̇ = 10−8 s−1 in the creep tests. The
choice was done to get a better description for low strain rates.

Figure 4.5: True stress-strain curves for simulated tensile test for Grade 4: (a) LD (b) TD.

Figure 4.6: True stress-strain curves for simulated jump test for Grade 4: (a) LD (b) TD.
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Figure 4.7: True stress-strain curves for simulated relaxation test for Grade 4: (a) LD (b) TD.

Figure 4.8: True stress-strain curves for simulated creep test for Grade 4: (a) in TD at 595 MPa
and in LD at 540 MPa (b) in TD at 425 MPa and in LD at 376 MPa.
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The identified materials parameters for Grade 2 are given in Table 4.2.

Parameters Unit Value

E MPa 106742

ν - 0.3

hilla - 0.53

hillb - 0.44

hillc - 2.7

hilld, hille, hillf - 1.6

ṗ0 s−1 1.52e-8

σ0 MPa 16

R0 MPa 170

H MPa 7.5

Q MPa 48.4

b - 12.44

C1i MPa 43316

D1i - 1485

C2i MPa 2329

D2i - 164

C3i MPa 877

D3i - 13

Table 4.2: Identified material parameters for Ti Grade 2.

The numerical predictions of tensile, creep and relaxation tests obtained with the set of
identified model parameters are presented in Figures 4.9 - 4.12. In general, simulations of the
monotonic tensile test and jump test in the TD are in better agreement with the experimental
results comparing to the LD. The hysteresis loops in relaxation tests are well described (see
Figure 4.11), however the model underestimates the amount of stress relaxation for both TD
and LD tests. One of the possible way to improve the description would be to introduce a
static recovery term which was not done in the present model for the sake of simplicity. Finally,
the predicted response of the creep test reproduces well the experiments performed at elevated
stresses with the primary, secondary and tertiary creep strains, however does not capture the
response of the test at 300 MPa in LD. The incubation period observed for the creep of Grade
4 in Figure 4.8 (b) and which can be attributed to the effect of strain aging, was not captured
in the simulation since the present model does not include parameters describing strain aging
effects.
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Figure 4.9: True stress-strain curves for simulated tensile test for Grade 2: (a) LD (b) TD.

Figure 4.10: True stress-strain curves for simulated jump test for Grade 2: (a) LD (b) TD.
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Figure 4.11: True stress-strain curves for simulated relaxation test for Grade 2: (a) LD (b) TD.

Figure 4.12: True stress-strain curves for simulated creep test for Grade 2: (a) in TD at 415
MPa and in LD at 400 MPa (b) in TD at 355 MPa and in LD at 300 MPa.
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Figure 4.13 shows the predicted evolutions of the Lankford coefficient calculated as:

LLD =
εp22
εp33

LTD =
εp11
εp33

(4.8)

where εp is the viscoplastic strain along a given direction. The plastic strain though-the-thickness
εp33 is negative, however in-plane plastic strain (εp22 for LD and εp11 for TD) is positive. As
a result, Lankford coefficient shows a negative value which is in contrast to the experimentally
measured value of Lankford coefficients [17]. This illustrates the inability of Hill criterion to
fully account for anisotropic behavior in the simulations since only two out of six constants can
be determined from tests. However by using in simulations the Lankford coefficients that were
experimentally identified from strain field measurements [17], the response of the CT specimen
did not show any important modifications. Thus, all the following tests were simulated with a
set of the identified parameters.
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Figure 4.13: Lankford coefficient evolution based on the identified model parameters for Grade
2 (TD and LD) and Grade 4 (TD and LD).

4.2.4 Simulation results

In the previous section constitutive equations describing viscoplastic behavior of the material
taking anisotropy into account were formulated and the model parameters were identified. A
further step consists in employing this model to examine stress and strain state at the crack
tip. For this, simulations of Mode I loadings on CT specimen were performed in large strain
formalism. Due to the symmetry conditions only a quarter of the CT specimen was used in
simulations. The same mesh of 17 mm thick sample as for the electrical calculation in Chapter3
is used with c3d8 elements (with 8-node linear hexahedral elements) for the elements of the
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specimen. The mesh is composed of 88218 nodes and 82040 elements, with a mesh refinement
in the region around the crack tip leading to a local mesh size of 300 µm. The loading pins (red
on Figure 4.14) were modeled by element sets in the shape of a wedge with purely elastic rigid
properties. The contact between the loading pin and the specimen is not accounted for. The
sample is loaded by applying a vertical displacement in y direction of 1 mm/min on the center
of a wedge which is located at the center of the hole machined in the CT-specimen [25]. The
simulations are carried out in 3D. The load-line-displacement is obtained at the blue point N1

and load-line-crack opening displacement (COD) at the blue point N2.

Figure 4.14: Dimensions of the simulated CT-specimen (mm). The green line represents un-
cracked ligament. The pin load is in red. The blue pointN1 andN2 are for load-line displacement
and load-line COD measurements.

Figure 4.15 shows the load vs. COD experimental curve with measured initial crack size
of 15.74 mm and two simulation curves with the initial crack size of 15.89 and 18 mm for
Grade 2. All tests were simulated under a constant displacement rate of 1 mm/min without
crack propagation. Obviously, the solution cannot account for the decrease in force when critical
COD is attained. Therefore, the simulated curves deviate from the experimental curve at 0.5 mm
COD because of the onset of ductile crack tearing. It must be pointed out that the simulation
curve obtained with the initial crack length of 15.89 mm does not allow the correct prediction
of the elastic behavior of material. Only when increasing the initial crack length up to 18 mm,
the model yields the correct elastic slope. The reason why the model produces a stiffer solution
was not detected yet. For the comparative purpose it was decided to perform all the following
simulations on the CT specimen with the initial crack length of 18 mm.
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Figure 4.15: Simulation of CT specimen for Grade 2 with viscoplastic model with different initial
crack size.

Experimental and simulated load vs. COD curves for Grade 4 are shown in Figure 4.16.
As in the case of Grade 2, the correct model prediction is obtained only when the initial crack
length reaches 18 mm. The simulated curve deviates from the experimental at COD=0.6 mm
because of the onset of crack propagation.
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Figure 4.16: Simulation of CT specimen for Grade 4 with viscoplastic model with different initial
crack size.

Series of maps of accumulated plastic strain at the crack tip of the CT specimen for Grade
2 and Grade 4 are shown in Figure 4.17 for 5 macroscopic COD levels defined in Figures 4.15
and 4.16 with points on load-COD curves. The strong plasticity at the crack tip is evidenced for
both Grade 2 and Grade 4 before the onset of crack tearing. Similar size and similar elliptical
shape of the plastic zone on the plane side without side groove is observed for both Grade 2 and
Grade 4. A large plastic zone formed ahead of the crack tip before fracture confirms the ductile
fracture behavior of Ti. Due to the similarity in plastic zone for both Grade 2 and Grade 4,
further analysis of the crack tip stress-strain field will be given only for Grade 2.
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Figure 4.17: Maps of simulated accumulated plastic strain at the crack tip for (a) Grade 2 and
(b) Grade 4. The left numbers refer to the points on the Force-COD curves of Figure 4.15 and
4.16.
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Present viscoplastic model was used to simulate the material deformation behavior under
constant load and constant displacement. The variation of COD with time under constant load
of 13 kN for Grade 2 is shown in Figure 4.18. The difference in the level of COD between
simulated and experimental curves is conditioned by the initial crack length. Note that this
example will be used in the next section 4.2.5 in the discussion on the effect of hydrogen on
the cracking behavior. Figure 4.19 shows the equivalent plastic strain at four different COD
corresponding to the points on the simulated curve. The obtained results indicate the strain
increase with time, which confirms the occurrence of the time-dependent deformation at the
crack tip.

Figure 4.18: The creep deformation behavior of the CT specimen for Grade 2 at constant load
of 13 kN.
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Figure 4.19: Maps of accumulated plastic strain at the crack tip for Grade 2 simulated at
constant load of 13 kN: (a) grooved side and (b) zoom at the observation zone.

The simulated and experimental COD vs. time curves for Grade 4 in the constant load
test at 18 kN are presented in Figure 4.20. The simulated curve is situated slightly above the
experimental one, which is governed by the length of the initial crack used in the simulation.
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Figure 4.20: The creep deformation behavior of the CT specimen for Grade 4 at constant load
of 18 kN.

The presented viscoplastic model was used to simulate tests at constant displacement for
Grade 2 and Grade 4. Figures 4.21 and 4.22 compare the experimental curve in continuous
line with the computational curve in dot line for Grade 2 and Grade 4, respectively. Grade 2
which in the experiment relaxes the load from 16.6 kN down to 10.5 kN in the first 10000 s, in
the simulation is able to relax only down to 12.5 kN. Larger amount of the relaxation in the
experiments is due to the slow crack propagation which decreases the load-carrying capacity
of the material. In the simulation the crack growth is not taken into account and therefore
the load relaxation is only governed by the material viscoplasticity. Moreover, the model does
not account for the stiffness of the tensile machine which can also play a role in the relaxation
kinetics. Figure 4.22 shows load relaxation from 17 kN for Grade 4 during the 10000 s period
down to 15.75 kN in the experiment and down to 15.4 kN in the simulation. In this case the
model overestimated the amount of the relaxed load.
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Figure 4.21: The load relaxation behavior of the CT specimen for Grade 2.
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Figure 4.22: The load relaxation behavior of CT specimen for Grade 4.
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Figure 4.23 illustrates the distribution of the plastic strain at the crack tip for Grade 2 at
constant displacement test at different times corresponding to the points on the simulated curve
in Figure 4.21. It can be seen that the deformation tends to saturate with time.

The presented simulations on CT specimen evidence the occurrence of time-dependent de-
formation at crack tip under various testing conditions which can be attributed to a room-
temperature creep and relaxation.

Figure 4.23: Maps of accumulated plastic strain at the crack tip for Grade 2 simulated at
constant displacement.
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As a next step, the viscoplastic model was used to evaluate the hydrogen distribution at the
crack tip. For this, it is assumed that hydrogen concentration in normal interstitial sites is in
equilibrium with hydrostatic stress [149] which dictates the amount of hydrogen accumulation
in the stressed lattice relatively to the stress-free lattice [118]. Total hydrogen concentration at
a point is determined based on the hydrostatic stress through [186]:

c(t) = c0 exp
(σkkυH

3RT

)

(4.9)

where c0 is the hydrogen concentration of the stress-free crack face in equilibrium with the hy-
drogen gas, σkk/3 is the local hydrostatic stress, υH is the partial molar volume of hydrogen

(2·10−6 m3

mol ), R is the gas constant (8.314 J
Kmol ), T=293 K.

The presented simulations do not consider hydrogen transport (trapping effect by dislo-
cations), but assumes instantaneous hydrogen diffusion in the normal interstitial lattice sites
(NILS) (diffusion coefficient of hydrogen in α Ti D ≈ 9.5×10−9 m2/s at room temperature).
The aim of the analysis is to study the distribution of hydrostatic stress (and thus hydrogen
distribution) in the vicinity of a blunting hydrogen-induced crack tip in elastic-viscoplastic ma-
terial for different types of loading.

Figure 4.24 shows the calculated profile of the hydrogen concentration along the ligament
of a CT specimen for Grade 2 in the tests with monotonic rising load. Each curve represents
the evolution of hydrogen concentration at a given time along the ligament. Hydrogen content
achieves the highest value of 12 ppm at a distance of 0.66 mm ahead of the crack tip. At the
crack tip, hydrogen concentration is equal to the initial value of 9 ppm due to the used constant
lattice hydrogen concentration boundary condition [105]. Maximum hydrogen concentration of
15 ppm is localized ahead of the crack tip for Grade 4 and it recovers to its normal value of
11 ppm at a distance of 10 mm. The evolution of hydrogen concentration confirms that the
investigated systems do not form hydrides (the solubility limit of H in Grade 2 and Grade 4 is ≈
25-30 ppm). The presented curves show that hydrogen tends to get concentrated ahead of the
crack tip and its content increases during the monotonic rising load test. It is also confirmed by
the series of maps of hydrogen distribution in the CT specimen presented in Figure 4.26.
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Figure 4.24: Evolution of hydrogen concentration ahead a crack tip during monotonic rising
load test for Grade 2. The units of the scale are ppm.
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Figure 4.25: Evolution of hydrogen concentration ahead a crack tip during monotonic rising
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Figure 4.26: Distribution of hydrogen concentration ahead a crack tip during monotonic rising
load test for (a) Grade 2 and (b) Grade 4. The units of the scale are ppm.

Figures 4.27 and 4.28 illustrate the distribution of hydrogen concentration in the test under
static applied load of 13 kN for Grade 2 and 18 kN for Grade 4. The corresponding maps of
hydrogen distribution are given in Figure 4.29. It can be seen that hydrogen concentration
ahead of the crack tip decreases a bit with time. This drop is a consequence of the decrease of
hydrostatic stresses that cannot be maintained on the blunted crack tip due to the increased
plastic strain at the crack tip (see Figure 4.19). Since in the present model the effect of the
kinetics of hydrogen transport to the sites where degradation occurs is not taken into account,
then the resultant hydrogen concentration decreases with time.
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Figure 4.27: Evolution of hydrogen concentration ahead a crack tip for Grade 2 in creep test at
13 kN. Scale units are ppm.
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Figure 4.29: Distribution of hydrogen concentration ahead a crack tip during creep test for (a)
Grade 2 at 13 kN and (b) Grade 4 at 18 kN. Scale units are ppm.

In the existing studies on hydrogen embrittlement where non-linear diffusion of hydrogen was
coupled with elastic-plastic deformation, the effect of loading time on hydrogen diffusion near the
blunting crack tip was investigated [96]. The loading time was found to be an important factor
in monotonic loading. With increasing loading time, the time for hydrogen diffusion increases
leading to the additional supply of hydrogen into trap sites. Note that traps are associated
with structural materials defects such as dislocations or dislocation debris. Increasing hydrogen
concentration enhances the dislocation mobility and therefore increases the amount of plastic
strain. On the other hand, the increased plastic strain leads to the decrease of hydrostatic stress,
and thus to the decrease in maximum value of hydrogen lattice concentration. As a result, the
crack growth must slow down which was experimentally observed in Chapter 3.

Figure 4.30 and 4.31 shows the evolution of the hydrogen concentration in the tests where
macroscopic displacement remains constant. In this type of test as the stress intensity factors
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drops, there is a concomitant decrease in hydrostatic stress and thus in hydrogen concentration
field (see Figure4.32).
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Figure 4.30: Evolution of hydrogen concentration ahead a crack tip for Grade 2 in relaxation
test. Scale units are ppm.
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Figure 4.32: Distribution of hydrogen concentration ahead a crack tip during relaxation test for
(a) Grade 2 and (b) Grade 4. Scale units are ppm.

The proposed elastic-viscoplastic constitutive model was used to analyze time dependence
that was observed under deformation and creep behavior in CP α Ti. The simulations were
verified by experimental results. The calculated strain fields under different loading conditions
confirm the significance of creep at crack tip, which increases with time and load. The distri-
bution of hydrogen concentration based on the values of hydrostatic stress in the vicinity of
a blunting crack tip was analyzed. The numerical results indicate that hydrogen tends to get
concentrated ahead of the crack tip where its concentration reaches 12 ppm for Grade 2 and 15
ppm for Grade 4.



4.2. Viscoplastic anisotropic model for α Ti 157

4.2.5 Discussion on the hydrogen effect on the plastic behavior

The further discussion on the hydrogen effect on fast and slow crack propagation in α Ti
will be based on the experimental curves obtained for Grade 2 base and Grade 2 charged in
the fracture toughness test presented in Figure 4.33 and in the SLC test under constant load
of 13 kN presented in Figure 4.34. Note that the results of constant load test are presented in
the coordinates △ COD vs. time where △ COD = COD-COD0. According to Birnbaum and
Sofronis [31], hydrogen induces material softening at the microscale by enhancing the dislocation
mobility by reducing the strength of barriers to dislocation motion. In a continuum mechanics
formalism, softening can be described through a decrease in a local flow σY stress with increasing
hydrogen content such that [190]:

σY = σH
0

(

1 +
εp

ε0

)1/n

(4.10)

where σH
0 is the initial yield stress in the presence of hydrogen that decreases with increasing

hydrogen concentration, ε0 is the initial yield strain in the absence of hydrogen, εp is the loga-
rithmic strain in uniaxial tension, and n is the hardening exponent that is assumed to remain
unaffected by hydrogen [118]. The hydrogen effect on the local continuum flow can be modeled
through the initial yield stress σH

0 as:

σH
0 = φ(c)σ0 (4.11)

where φ(c) is a monotonically decreasing function of the local hydrogen concentration measured
in atoms per solvent lattice atom, and σ0 is the initial yield stress in the absence of hydrogen
[186]. All authors who used this approach had precised that Eq. 4.10 and 4.11 should be
viewed as an attempt to quantify to a first approximation the experimental understanding of
the hydrogen effect on dislocation mobility in the continuum formalism [186, 1, 118].
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Figure 4.34: Experimental curves of SLC under constant load of 13 kN for Grade 2 base and
charged.

In the present study the softening effect of hydrogen was evidenced in the fracture toughness
tests (see Figure 4.33). The decreased yield stress was also observed in the tensile tests with
strain rate jumps carried out on forged billet of Ti0 (see Figure 4.35) with different levels of
hydrogen that can be found in thesis work of Barkia [17]. It is important to note that, the
experimental results of strain rate jump tests carried out on Grade 2 and Grade 4 failed to
reveal any consistent effect of hydrogen content [17].

If assuming that the increased hydrogen concentration CH results in a decreasing yield
stress σH

0 of the material due to the enhanced dislocation mobility at the crack tip (hydrogen
enhanced localized plasticity mechanism), as schematically presented in Figure 4.36, then the
intense creep can take place at the crack tip. The resultant measured crack opening displace-
ment (COD) which includes the contribution from the crack propagation and CTOD (crack tip
opening displacement) will be larger for the material with higher hydrogen concentration. This
is actually the case in the SLC test under constant load of 13 kN presented in Figure 4.34 for
Grade 2 base and charged.
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Figure 4.35: Comparison of experimental stress-strain curve of Ti0 with different level of hydro-
gen [17].

Figure 4.36: Schematic illustration of yield stress as a function of hydrogen concentration.
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In order to validate the proposed interpretation of the fracture behavior in Ti Grade 2 in
the presence of hydrogen, numerical simulations were carried out on CT specimen with a lower
value of yield stress (decreased at 10% from 170 MPa down to 153 MPa). The value of 10 % was
choosen based on the experimental results of strain rate jump tests obtained for Ti0 (see Figure
4.35) with different levels of hydrogen. The comparison of the experimental and simulation
results of fast cracking for Grade 2 base and charged is presented in Figure 4.37. The correct
prediction of the fast cracking behavior for charged material is obtained. The decreased strength
of the material with hydrogen (due to the lower yield stress) resulted in the degradation of the
fracture toughness. Figure 4.38 shows the FE simulations and experiments of SLC tests under
constant load of 13 kN for Grade 2 base and charged in the coordinates COD vs. time. The
obtained results show a good reproduction of the tendency of COD to increase in the material
with lower yield stress.
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Figure 4.38: Comparison of experimental and simulation creep deformation behavior of the CT
specimen of Grade 2 base and charged at constant load of 13 kN.

An attempt was made to identify the criterion of crack propagation in the SLC tests. At
first the RKR (Ritchie-Knott-Rice) criterion for stress-controlled crack extension was used, which
stays that fracture occurs when the local opening stress ahead of a crack tip exceeds the criti-
cal local fracture strength of the material over a characteristic distance related to the material
microstructure [167]. Figure 4.39 shows normalized opening stress σ22/σ0 ahead of the crack
tip at t=10000 s for base and charged material. Charged material shows lower opening stress
compared to the base material. The maximal σ22 vs. time is traced in Figure 4.40 for both
materials. It can be seen that the critical value of the opening stress is attained for both mate-
rials during the ramp up period, which means that the crack starts propagating within the first
100 s. However, as it was shown in Figure 3.31 (b), the stress intensity factor for both Grade
2 base and Grade 2 charged starts increasing (implying crack propagation) only after 1000 s.
It is clear from this figure that the RKR criterion cannot explain the experimentally observed
delay in crack occurrence in the charged material.

In contrast, if now assuming that the crack propagation needs the attainment of critical value
of the local strain εcritical at crack tip, then the delayed fracture in the charged material can be
explained as follows: hydrogen increases the plasticity at the crack tip (HELP mechanisms) and
at the same time it can increase the capacity of the material to overcome plastic deformation
before fracture, thus increasing the value of the critical strain εcritical. Schematically it can be
represented in Figure 4.41, where the enhanced creep strain at the crack tip in the presence of
hydrogen (denoted as H+) increases the capacity of the material to deform before the beginning
of crack extension. As a result, the time to failure in slow cracking is increased for the material
with higher hydrogen content as it is shown in Figure 4.42.
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Figure 4.41: Schematic illustration of plastic strain due to creep as a function of hydrogen
concentration.

Figure 4.42: Schematic illustration of plastic strain due to creep as a function of time for different
hydrogen concentration.
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These results taken together suggest that hydrogen softens material at the crack tip leading
to the fracture toughness decrease as (Kfast) and improvement in the resistance to SLC (Kslow)
as presented in Figure 4.43. It should be noted that such interpretation of the beneficial effect
of hydrogen enhanced localized plasticity on the fracture behavior of Ti alloys differs from the
usual ’classical’ interpretation of fracture under HELP mechanism. According to this ’classical’
interpretation, HELP leads to the constrained plasticity, and localized plastic fracture process.
As a result, a localized deformation zone which develops ahead of the crack makes material
response more brittle.

The proposed interpretation of the beneficial effect of hydrogen on SLC behavior and detri-
mental effect on fracture toughness is only a try to explain in a simple way the anomalous
behavior observed in Ti in the presence of hydrogen. The present analysis does not address the
connection between hydrogen and classical ductile rupture mechanisms such as void nucleation,
growth and coalescence. Further studies with more sophisticated extended model which can
account for the main ductile rupture modes in the viscoplastic material is needed to elucidate
the understanding of fracture in the presence of hydrogen.

Figure 4.43: Schematic illustration of variation of fracture toughness (Kfast) and threshold
stress intensity (Kslow) with hydrogen concentration.
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4.3 Simulation of crack growth

4.3.1 Cohesive zone model approach

Identification of CZM parameters

In the previous section constitutive equations describing viscoplastic behavior of the material
and taking anisotropy into account were formulated and the model parameters were identified. A
further step consists in applying this model to study the crack propagation in the conditions when
sustained load cracking phenomenon was experimentally observed. Note that hydrogen effects
on the fracture behavior is not taken into account at this step. The cohesive zone approach was
chosen for modeling crack propagation. At first, simulations of fracture toughness tests on 3D
CT specimen were performed in order to identify the parameters of the cohesive zone elements.
The cohesive law is generally described by two parameters: the normal cohesive traction T , and
the separation distance normal to the crack plane, δ. As the first approximation, a Crisfield-
debonding model which is described through the evolution of a scalar variable λ representing
the damage was used [5]. This damage variable λ ranges from 0 for the interface in perfect
cohesion to 1 for the completely debonded state. This decohesion parameter λ is defined as:

λ =
1

η

〈κ〉
1 + 〈κ〉

where






〈κ〉 =
√

(

〈uN 〉
δ0N

)2
+
(

uT

δ0T

)2
− 1

η = 1− δ0N
δN

= 1− δ0T
δT

(4.12)

The normal and shear opening displacements are denoted uN and uT , respectively, and the
values δN and δT correspond to the normal and shear displacements at complete separation
for pure normal and pure shear modes respectively. The parameters δ0N and δ0T represent the
opening displacements corresponding to the maximum cohesive traction of the normal and shear
components. The brackets 〈 〉 indicate that a negative normal displacement plays no role in the
decohesion. The normal and shear components of the cohesive traction T , i.e. TN and TT are
defined as:

{

TN = Tmax(1− λ) uN

δ0N

TT = αTmax(1− λ) uT

δ0T

(4.13)

where α is a constant representing the relative magnitude of ‖TT ‖ with respect to TN , and Tmax

is the maximum allowable stress. As a result, Crisfiel cohesive zone model is fully described by
three parameters: the maximum stress Tmax, the separation δN and the characteristic separation
δ0N at which the maximum traction is experienced. The ratio of δ0N/δN and δ0T /δT have to
be equal in order to avoid the restrictions of the evolution equations for the damage parameters
[5].

We consider only fracture in Mode I, leading to uT = 0. As a result, the relation between
traction-separation can be presented as in the Figure 4.44 which depicts the characteristic sep-
aration δ0N at which the maximum traction, Tmax, is experienced. Energy dissipated during
crack propagation is defined as the area under the traction-separation curve.

Gc =
1

2
TmaxδN =

K2
Ic

E
(1− ν2) (4.14)

where Gc is the critical energy release rate, KIc is the fracture toughness of the material, E is
the Young’s modulus.
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Figure 4.44: Relation traction-displacement on the cohesive zone.

Simulations of Mode I loadings on CT specimen with cohesive zone approach were performed.
Figure 4.45 shows the load-line vs. COD measured from FEM simulations with the initial crack
size of 16.19 mm. Tmax and the ratio of δ0N/δN were calibrated on the experimental test data
for Grade 4. The simulations with CZM gives a reasonable approximation to the experimental
load-COD curve. It is important to note that the introduction of the CZM allows to ’correct’
the elastic slope of the model by choosing an appropriate parameters of the CZ.
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Figure 4.45: Simulation of CT specimen for Grade 4 with cohesive zone model.

Several computations were run for several model parameters sets to calibrate the cohesive
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zone model with the experimental data. As expected, Tmax and δ0N have a strong influence
on the fracture behavior. An increase of the cohesive strength Tmax makes the load higher
(Figure 4.46), while the increase of the ratio δ0N/δN allows to change the slope of the curve
corresponding to the material stiffness (Figure 4.47). The values of the sets of cohesive zone
parameters which provides the best fit to the experimental curves of Grade 4 CT specimens are
given in Table 4.3.
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Tmax, MPa δ0N , mm δN , mm δ0N/δN

Grade 4

330 0.048 0.24 0.2

Table 4.3: Identified cohesive zone model parameters for Ti Grade 2 and Grade 4.

Figure 4.48 shows the cohesive zone elements corresponding to the predicted crack extension
along the crack plane for several loading stages. The crack front is straight as it was observed
in the experiments. Limitations of the present CZM that will be discussed furher did not allow
to get any appropriate set of the CZ parameters for Grade 2 which shows more ductile rupture
behavior.

Figure 4.48: The damage variable λ which represents broken CZM elements at the crack.

Limitations of the presented CZM approach

Figure 4.49 shows a comparison of experimental and simulated crack extension. It can
be observed that the simulated crack starts growing earlier (at 45 s) than the experimental
measurements (at 90 s). The load as a function of crack extension △ a is plotted in Figure 4.50.
It is seen again that the maximum force is reached at a smaller simulated crack length compared
to the experimental results. All plots imply that the calculated crack velocity is much larger
than the experimental value.
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Figure 4.49: Comparison of experimental and simulated crack growth curves.
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Figure 4.51 illustrates the numerical load-time curve for Grade 4 tested at 1 mm/min with
four points marked with the letters a, b, c and d to identify the main parts of the debonding
process: (a) elastic loading, (b) onset of fracture, (c) crack propagation and (d) almost complete
crack propagation. The corresponding accumulated plastic strain at the interface is presented
in Figure 4.52. It can be noted that the plastic zone does not appear around the crack tip
during the elastic loading (at point a) contrary to what is expected. Instead, the plastic zone
is confined to a very small volume at the edge of a crack plane. The plastic deformation
which is normally preceding the crack initiation is almost absent in the present simulations.
As a result, the specimen does not experience any plasticity and it breaks much earlier than it
was experimentally observed in almost brittle way. Presumably, the discrepancy in the crack
growth speed can be attributed to the inability of the present CZ model to account for the rate
dependence of the energy dissipated during crack propagation. Although the bulk material’s
behavior is time-dependent due to the viscoplastic formulation, the CZ law used in the present
model is rate-independent, namely, the tractions within the cohesive zone depend only on the
surface opening displacements, independently on how fast the material separate. The model
does not account for the rate dependence of the interface response and it appears to lose the
effectiveness for the simulation of the present time-dependent fracture process. Therefore an
alternative approach is needed in order to be able to simulate the phenomenon of SLC in CP α
Ti.

Figure 4.51: Numerically obtained load-time curve for Grade 4 for displacement rate of 1
mm/min showing the points of the debonding process referred to in Figure 4.52.
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Figure 4.52: Plastic accumulated strain p at the interface.
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4.4 Conclusions

The aim of the present chapter was to formulate a constitutive model which incorporates
rate dependence of the material into cracking behavior of CP α Ti of Grade 2 and Grade 4. The
phenomenological elastic-viscoplastic model was used to analyze the stress and strain fields at
the crack tip of CT specimens before and during crack propagation. The main results of the
modeling are the following:

– The calculated strain fields under different loading conditions confirm the significance of
creep at crack tip, which increases with time and load.

– By assuming that hydrogen concentration in normal interstitial sites is in equilibrium
with hydrostatic stress the distribution of hydrogen concentration in the vicinity of a
blunting crack tip was analyzed. The numerical results indicate that hydrogen tends to
get concentrated ahead of the crack tip where its concentration reaches 12 ppm for Grade
2 and 15 ppm for Grade 4.

– Based on the experimental results described in Chapter 3 and the performed elastic-
viscoplastic simulations, an attempt was made to interpret the observed behavior in terms
of hydrogen localized plasticity mechanism (HELP). The critical plastic strain at the crack
tip was proposed as a criterion of crack propagation in the sustained load cracking tests.
According to this interpretation hydrogen increases the plasticity at the crack tip and at
the same time it can increase the capacity of the material to overcome plastic deformation
before failure, thus increasing the value of the critical strain. As a result, the time to
failure in slow cracking is increased for the material with higher hydrogen content.

Next, cohesive zone model of Crisfield was proposed to predict the crack growth for rapidly
rising and sustained loading conditions. The results of the numerical simulations showed that
the plastic zone was confined to a very small volume at the edge of a crack plane. The plastic
deformation which is normally preceding the crack initiation was almost absent in the present
simulations. As a result, the specimen did not experience any plasticity and it breaks much
earlier than it was experimentally observed in almost brittle way. Presumably, the discrepancy
in the crack growth speed can be attributed to the inability of the present CZ model to account
for the rate dependence of the energy dissipated during crack propagation.

One way to account for the viscoplasticity in the model of crack propagation under sustained
load is to introduce a phenomenological rate-dependent cohesive law. A number of CZM and
modelling strategies have been presented covering this approach [222, 223, 57, 6, 120, 113]. The
Gurson model [87] is another possibility to model ductile rupture. This model introduces a strong
coupling between deformation and damage. The Gurson model was extended for viscoplastic
materials [28] assuming that the flow stress σf , depends on both the plastic strain p and the
plastic strain rate ṗ.
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In the present study the role of oxygen and hydrogen in the viscoplastic behavior of commer-
cially pure α Ti of Grade 2 and Grade 4 was investigated. The phenomena of static and dynamic
strain aging (SSA and DSA) were explored and the physically based scenario of anomalous be-
havior was suggested. A new phenomenological elastic-viscoplastic aging model coupled with
crystal plasticity was proposed to simulate the SSA and DSA effects. Finite element simulations
were performed on the polycrystalline aggregates for different number of grains taking into con-
sideration the effect of anisotropy of Ti. A novelty of the simulation approach consisted in the
spatio-temporal decoupling of plastic events within the structure at the appropriate scale due
to the appropriate crystalline description of the mechanical structure. An additional advantage
of the present model which recognizes the crystalline nature of the mechanical structure and
thus accounts for the lower symmetry of the HCP crystals was to provide a clear interpretation
of the lack of mobility of the SSA and DSA strain localization bands in contrast with their
counterparts, usually observed in Fe or Al based alloys, which appear highly mobile and able to
cross easily all grain boundaries.

Next, the influence of hydrogen and oxygen on fast and slow cracking behavior in Ti was
experimentally studied. The rate-dependent fracture behavior of Ti which is extremely sensitive
to many factors such as initial crack length, hydrogen content or imposed strain rate did not
allow to draw clear trends from the experimental results. That is why a constitutive viscoplas-
tic model which accounts for material anisotropy of mechanical properties and time-dependent
behavior was formulated which permitted to analyze the stress and strain fields at the crack tip
in the presence of hydrogen.

An attempt was made to interpret the observed behavior in terms of hydrogen localized
plasticity mechanism (HELP). The critical plastic strain at the crack tip was proposed as a
criterion of crack propagation in the sustained load cracking tests. According to this interpre-
tation hydrogen increases the plasticity at the crack tip and at the same time it can increase
the capacity of the material to overcome plastic deformation before fracture, thus increasing the
value of the critical strain. As a result, the time to failure in slow cracking is increased for the
material with higher hydrogen content.
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Main results

The role of crystallography

The crystallography of hexagonal close-packed α Ti was found to play an important role in
the phenomena of static and dynamic strain aging. The experimental studies on commercially
pure α Ti of Grade 2 and Grade 4 revealed a yield stress anomaly corresponding to static strain
aging peak when the material is loaded in transverse direction. The presence of the stress peak
was attributed to the pinning of the activated pyramidal 〈c+ a〉 edge dislocations by the solute
atoms of oxygen. At the lower strain rates small serrations on the stress-stain curves typical
for the Portevin-Le Chatelier (PLC) effect have been observed in the presence of macroscopic
positive strain rate sensitivity (SRS). These serrations were ascribed to the non-planar core of
long and rectilinear < a > screw-type dislocations the mobility of which governs the room-
temperature deformation of α Ti. The sessile core structure of immobile screw dislocations can
recombine into planar, glissile and metastable configurations in one of the three possible glide
planes. Thus pinned by their core structure, screw dislocations in this waiting position can be
mobilized by the arrival of individual or even more efficiently groups of dislocations that will
form dislocation avalanches and generate localized strain bursts. These localized strain bursts
imply that locally (on the level of a grain) the value of strain exceeds the macroscopic strain
experimentally imposed to the material. Such self-organized critical dynamic events (SOCD)
represent the serrations on the stress-strain curve testifying of the negative sign of the local SRS.

The above described mechanisms of SSA and DSA were implemented in the formulation of
a mesocopic viscoplastic model coupled with crystal plasticity which enabled to establish the
link between the microstructure and the observed mechanical properties. The Finite Element
simulations were carried out for flat extruded polycrystalline specimens and on full 3D periodic
aggregates. The simulations of SSA gave a good description of the stress-strain curves with a
correct prediction of the material anisotropy. The strain field observations revealed complex
strain localization phenomena taking place within some grains, that did not lead to the forma-
tion and propagation of macroscopic shear bands across the entire specimen. Instead, strain
heterogeneities create patterns that are inclined approximately 45◦ to the LD forming so-called
meso-Lüders bands.

Slight serrations corresponding to DSA on both TD and LD specimens were numerically
obtained. The numerical model predicts initiation and propagation of macroscopic PLC bands
in the expected strain rate domain. Those macroscopic bands are formed due to the cooperative
behavior of the grains, where the strain is localized. The PLC effect was obtained even in the
presence of positive macroscopic SRS.

The crystallography also defines a significant plastic anisotropic behavior observed in both
Grade 2 and Grade 4. Both materials show a higher yield stress when specimens are tested along
the TD than along the LD. Such anisotropic mechanical response of the material in LD and TD
directions is mainly due to the pronounced texture, which is a consequence of rolling processing.
The higher flow stress for the material loaded along TD compared to LD was suggested to be
due to the lower amount of favorably oriented grains with the activated < a >-type slip which
normally governs the plastic deformation of α Ti. In that orientation the accommodation of
plastic deformation is occurring due to the activation of < c + a > pyramidal slip, with the
highest CRSS which contributes to the higher flow stress recorded in the TD. The simulations
results confirmed the role of < c+ a > and < a > glide in the observed anisotropic behavior.
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The role of viscoplasticity

Viscosity plays a crucial role in the deformation behavior of Ti alloys. Significant viscoplastic
behavior was observed in the creep tests on both Ti Grade 2 and Grade 4. The high strain-rate
sensitivity (SRS) was confirmed in the tensile tests with tenfold upward/downward strain-rate
jumps performed on TD and LD specimens. The identification of the viscoplastic material pa-
rameters was complicated since the used viscoplastic flow rule had to account for the wide range
of strain-rates, varying from ε = 10−2 s−1 in the strain-rate jump tests to ε̇ = 10−8 s−1 in the
creep tests. The low strain rates were favored during the optimization procedure resulting in a
better description of the creep tests.

The viscoplasticity of Ti alloys affects the fast and slow fracture behavior. Fracture tough-
ness experiments performed on both grades revealed the dependence of the material response on
the loading rates. The viscoplastic behavior was also evidenced in the experiments of sustained
load cracking when material was submitted to constant load or constant displacement. The local
approach to fracture was used in order to study the viscoplasticity and the crack tip and crack
propagation resulting from local damage near the crack tip. The phenomenological constitu-
tive elastic-viscoplastic model was used to assess stress-strain fields at the crack tip of compact
tension (CT) specimens before and during the crack propagation. The calculated strain fields
under different loading conditions confirmed the significance of creep at the crack tip, which
increases with time and load.

An importance of viscoplasticity in the fracture behavior in Ti was confirmed in the sim-
ulations of the crack growth with a cohesive zone model (CZM) approach. The results of the
numerical simulations showed inability of the present CZM to account for the rate dependence of
the energy dissipated during crack propagation and thus emphasized the necessity to introduce
rate dependency in a strategy of crack growth modeling.

The role of oxygen

In the present study it was suggested that interstitial atoms of oxygen by interacting with
〈c + a〉 dislocations can be responsible for the occurrence of the anomalous yield point phe-
nomenon in the samples strained along TD.

Interstitial solute atoms of oxygen were found to significantly alter mechanical behavior of
CP α Ti. Interstitially dissolved oxygen strengthens Ti, however detriments materials ductility.
An increase in the oxygen content from 1600 ppm in Grade 2 up to 3200 ppm in Grade 4 leads
to higher strength. The changes in mechanical properties can be attributed to the interaction
between interstitial oxygen atoms and mobile < c+ a > dislocations resulting in SSA.

Experimental studies on fast and slow fracture behavior in Ti of Grade 2 and Grade 4 showed
that solute oxygen promotes a high strength in Grade 4 resulting in the higher maximum stress
intensity factor (designated Kmax) and better resistance to sustained load cracking (SLC). At
the same time, Grade 4 specimens broke in a more brutal way comparing to Grade 2, which
confirmed the fact that materials with high tensile strength are usually less ductile. The high
strength and eventual quasi-brittle rupture of Grade 4 was attributed to the higher content of
oxygen comparing to Grade 2.

The role of hydrogen

The experimental studies on fast and slow crack growth performed on specimens with various
hydrogen content clearly showed that increased hydrogen content results in a slight decrease in
strength (softening effect) and increase in ductility for both Grade 2 and Grade 4. The frac-
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ture toughness decreased with increased hydrogen content whereas the sustained load cracking
resistance was increased. Such beneficial effect of hydrogen on SLC behavior was explained in
terms of the hydrogen enhanced localized plasticity mechanism which suggests that hydrogen
can accelerate the creep at the crack tip which prevents the attainment of the high localized
stresses necessary for fracture.

In a continuum mechanics formalism, it was proposed to describe hydrogen softening through
a decrease in the initial yield stress dependent on hydrogen concentration. The crack propaga-
tion criterion based on the RKR-type micromechanical model which says that fracture occurs
when the local opening stress ahead of a crack tip exceeds the critical local fracture strength of
the material over a characteristic distance failed to explain of the occurrence of crack delay in the
presence of hydrogen in the slow cracking tests. Instead, the assumption of critical deformation
was used which suggests that the enhanced creep at the crack tip in the presence of hydrogen can
increase the critical plastic strain needed for crack propagation, thus delaying the fracture. The
proposed scenario was simulated with elastic-viscoplastic model without crack propagation. The
simulation results correctly reproduced the trends observed in the experiments on the material
with increased hydrogen content.

Prospects

Short-term perspectives

The present work leads to the following short-term prospects:
– One of the further step of strain aging modeling with the introduced crystal plasticity is

to hold actual 3D multiscale crystal plasticity computations based on real grain shapes,
orientations and actual neighborhood of grains of real samples in order to accurately
determine the local mechanical field in polycrystalline materials as well as stress-strain
heterogeneities developed in grains during deformation.

– The identification of the interaction matrix which would enable the correct prediction of
the self and latent hardening of different slip systems is highly adviced. Additionally it is
important to study the viscosities of different slip systems which variation can be used to
improve the understanding of the observed anisotropy and strain rate dependence of the
strain rates sensitivity as it was done in the work of Roth [171].

– The identified strain aging model can be used for the simulation of the creep behavior in
order to establish the link between the combined influence of residual atoms of oxygen and
hydrogen and the viscoplastic behavior of Ti.

– From the experimental point, it would be interesting to conduct the experiments at low
strain rates in order to validate numerically predicted PLC bands.

– To continue the numerical investigation of the phenomenon of sustained load cracking in
the presence of hydrogen, a formulation of the physically based model which would link
the microstructural material response such as void nucleation, growth and coalescence
in the presence of hydrogen with the macroscopic continuum deformation model of a
cracked geometry is required. The notion of the hydrogen transport and hydrogen diffusion
should be introduced into the model. The crack propagation needs to be modeled with
an approach which introduces a strong coupling between deformation and damage such as
the Gurson model extended for viscoplastic material or CZM approach with an adopted
for viscoplastic material traction-separation law.
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Long-term perspectives

The following long-term perspectives can be suggested:
– The perspectives of the proposed strain aging model are rather extensive. It can be used

to predict the risk of creep-induced failure of engine disks made of Ti and thus improve
the safety of the aircraft transport.

– The proposed macroscopic viscoplastic model facilitates the study of the sustained-load
cracking phenomenon observed in the parts made of Ti for submarine applications.

– The progress in the understanding of the viscoplatic behavior of Ti can clarify the behavior
of zirconium and zinc since these two metals share many characteristics.

– The proposed multiscale approach of hydrogen-related fracture problems could be applied
to other metals exposed to a hydrogen environment in various industrial domains.

– Experimental and numerical studies on Ti at high and low temperatures could help to get
a better understanding of the physical mechanisms which control the viscoplastic behavior
of titanium an Ti alloys.





Appendix A

Crystal lattice notation for HCP
materials

A.1 Hexagonal notation

1. Possible notations

Figure A.1: (a) hexagonal (4 index) Miller-Bravais notation for unil cell non-orthonormal, (b)
primitive hexagonal unit cell (3 index) non-orthonormal and (c) ortonormal hexagonal (3 index).
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2. Planes and directions in 3 index Miller notation

Direction notation:< uvw >
Plane notation:{hkl}
Weiss Zone Law: hu+ kv + lw = 0
In the hexagonal system with 3 index Miller notation the direction < uvw > is NOT
perpendicular to {uvw} plane (as in cubic system)

3. Planes and directions in 4 index Miller-Bravais notation

Direction notation:< UV TW >
Plane notation:{HKIL}, I = −(H +K)
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4. Relation between hexagonal notations

– From 4 index to 3 index

Direction: from < UV TW > to < uvw >
u = U − T
v = V − T
w = W
Plane: from {HKIL} to {hkl}
h = H
k = K
l = L

– From 3 index to 4 index

Directions and planes: from < uvw > to < UV TW >
U = 2u− v
V = 2v − u
T = −(u+ v)
W = 3w
Plane: from {hkl} to {HKIL}
H = h
K = k
I = −(h+ k)
L = l
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– From 3 index to 3 index ortohexagonal

Direction: from < uvw > to < xyz >
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Plane:from {hkl} to {abc}
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A.2 Schmid factor law

Schmid Law: |τ s| = |σ
∼

: m
∼

s| = τc

m
∼

s = 1
2(l

s ⊗ ns + ns ⊗ ls)

ns: normal to the slip plane
ls: slip direction

A.3 Examples of analytical calculation of Schmid factor

grain orientation (0. 0. 0.)

load direction [100], c/a=1.587

1. pyramidal slip system π1 < a > (1011)[1210]

First method

– Write down the normal to the plane (1011) in the vector form (assuming that the normal

to a plane {hkil} is [hki32
(

a
c

)2
l]) 1Partridge
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– The norm of the vector ~n

‖~n‖ = 3
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– Write down the direction of slip [1210] in the vector form

~d = ~a1 − 2~a2 + ~a3 = −3~a2 = −3
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– The norm of the vector ~d

‖~d‖ = 3
√

1
4 + 3

4 = 3

– Calculation of Schmid factor
3/2·3/2
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2·3

= 0.38

Second method

– Transformation from 4 index to 3 index notation

(1011) → (101)

[1210] → [010]

– Transformation from 3 index to orthohexagonal (Cartesian coordinates)
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– Calculation of scalar product
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– Calculation of Schmid factor

m = cosα · cosγ = − 1

2
√

4
3 + (ac )

2
= 0.38

2. pyramidal slip system π1 < a+ c > (1011)[1123]

– Transformation from 4 index to 3 index notation

(1011) → (101)

[1123] → [111]

– Transformation from 3 index to orthohexagonal (Cartesian coordinates)
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– Calculation of scalar product
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– Calculation of Schmid factor

m = cosα · cosγ = 0.2025

3. pyramidal slip system π1 < a+ c > (1101)[2113]

– Transformation from 4 index to 3 index notation

(1101) → (111)

[2113] → [101]
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– Transformation from 3 index notation into orthohexagonal (Cartesian Coordinates)











1 0 0

1/
√
3 2/

√
3 0

0 0 a/c











·











−1

1

1











=











−1

1/
√
3

a/c





















1 −1/2 0

0
√
3/2 0

0 0 c/a











·











−1

0

−1











=











−1

0

−c/a











– Calculation of scalar product
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– Calculation of Schmid factor

m = cosα · cosγ = 0.4051
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A.4 Numerical calculation of Schmid factor via Zebulon

Basal slip (0001)< 1210 >

Plane Direction Schmid factor

(0002) [1210] 0

(0002) [2110] 0

(0002) [1120] 0

Prismatic slip {1010} < 1210 >

(1010) [1210] -0.433

(0110) [2110] 0

(1100) [1120] 0.433

Pyramidal slip π1 < a >{1011} < 1120 >

(1011) [1210] -0.38

(0111) [2110] 0

(1101) [1120] 0.38

(1011) [1210] 0.38

(0111) [2110] 0

(1101) [1120] -0.38

Pyramidal slip π1 < a+ c > {1011} < 1123 >

(1011) [2113] 0

(1011) [1123] 0.2026

(0111) [1123] 0.4052

(0111) [1213] 0.4052

(1101) [1213] 0.2026

(1101) [2113] 0

(1011) [2113] 0

(1011) [1123] 0.2026

(0111) [1123] 0.4052

(0111) [1213] 0.4052

(1101) [1213] 0.2026

(1101) [2113] 0
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A.5 Comparison of results

pyramidal slip system π1 < a > pyramidal slip system π1 < a+ c >

Analytical calculation

0.38 0.4051

Zebulon calculation

0.38 0.4052

EBSD

0.32 0.46
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INSTITUT DES SCIENCES ET TECHNOLOGIES

Analyse multi-échelles de la viscoplasticité à froid et de la rupture différée du

titane en relation avec ses teneurs en hydrogène et oxygène

Résumé: Le titane et ses alliages qui sont largement répandus dans l’industrie aéronautique, sont
concernés par le fluage à température ambiante ce qui conduit à une réduction de la résistance et
provoque le phénomène de rupture différée. Une partie des études montrent que ce comportement
viscoplastique inhabituel à température ambiante est lié aux phénomènes d’interactions entre les
dislocations et les atomes interstitiels comme l’hydrogène et l’oxygène, aussi appelés vieillissement
statique et dynamique. Le but de cette étude à la fois expérimentale et numérique multi-échelles est
de mieux comprendre les effets souvent antagonistes et en partie couplés de l’oxygène et de l’hydrogène
en solution sur le comportement viscoplastique du titane non-allié de phase alpha.
Dans un premier volet, un scenario du vieillissement statique et dynamique dans le titane non-allié
de phase alpha est proposé. La présence du pic de traction est attribuée à la ségrégation des atomes
interstitiels d’oxygène sur les dislocations coin de vecteur de Burgers < c + a >. Dans le cas du
vieillissement dynamique les instabilités observées, typiquent de l’effet Portevin-Le Chatelier, sont
associées à l’étalement du cœur non planaire des dislocations vis de vecteur de Burgers < a >. Une
loi de comportement prenant en compte les effets liés aux interactions entre dislocations et atomes en
solution a été développée. Le modèle de Kubin-Estrin-McCormick qui permet de prendre en compte
l’effet du vieillissement a été étendu au cas de la plasticité cristalline. Les simulations par éléments
finis ont été réalisées sur des agrégats polycristallins avec différents nombres de grains.
Ensuite, les essais de fissuration (ténacité et rupture différée) ont été réalisés sur les matériaux bruts,
et chargés en hydrogène. Enfin, des simulations numériques de la rupture de ces éprouvettes ont été
réalisées pour toutes les conditions expérimentales testées en utilisant le modèle de comportement
mécanique macroscopique identifié. Un modèle de zone cohésive a été développé pour la simulation
de la propagation des fissures.
Mots clés: titane, ténacité, rupture différée, influence de l’hydrogène et de l’oxygène, vieillissement
dynamique et statique, propagation de fissure

Multiscale investigation of room-temperature viscoplasticity and sustained load

cracking of Titanium. Influence of hydrogen and oxygen content

Abstract: Widely used for aircraft or rocket engine manufacturing titanium and its alloys are prone
to the room-temperature creep that leads to the phenomenon of sustained load subcritical crack
growth. One of the major cause of such unusual viscoplastic behavior of titanium is the phenomena of
static and dynamic strain aging which represents an interaction between dislocations and interstitial
atoms of oxygen and hydrogen. The aim of the present experimental and numerical multiscale study
is to investigate the influence of the interstitial hydrogen and oxygen on the viscoplastic behavior and
the resistance to sustained load cracking in commercially pure titanium of phase alpha.
In a first step, a scenario of static and dynamic strain aging was proposed. The presence of the
stress peak was attributed to the segregation of interstitial atoms of oxygen on the edge < c + a >
dislocations. In case of dynamic strain aging, the observed instabilities, typical for the Portevin-Le
Chatelier effect, were associated with the non-planar core of screw < a >-type dislocations. The
crystal plasticity was introduced into the phenomenological model in order to capture the strain aging
phenomena and the anisotropy of the mechanical properties. The modeling approach for strain aging
suggested by Kubin-Estrin-McCormick is based on the internal variable called the aging time which
corresponds to the waiting time of a dislocation in a pinned state. Finite element simulations were
then performed on the polycrystalline aggregates for different number of grains.
At the next step, fracture toughness and sustained load cracking tests were performed on the material
with different level of hydrogen. Finally, numerical simulations of toughness and sustained load
cracking tests using the identified viscoplastic model were carried out for all experimental conditions.
A cohesive zone model was then introduced ahead of the crack tip to simulate crack propagation.
Keywords: titanium, toughness, sustained load cracking, hydrogen and oxygen influence, dynamic
and static strain aging, numerical crack propagation
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