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Résumeé

Le travail qui suit porte sur I'optimisation desopriétés mécaniques et microstructurales d’'une
piece épaisse d’acier 2.25 Cr — 1 Mo a traverdiation des traitements thermiques. Ce manuscrit
est découpé en 6 chapitres qui sont brievemeniEsici.

Le premier chapitre est un résumé des propriétasrgkes de I'acier 2.25 Cr — 1 Mo que lui
confere sa composition chimique et ses propriéiésstructurales. Afin de satisfaire aux exigences
en terme de propriétés mécaniques en vigueur dandudtrie nucléaire, cet acier doit
préférablement étre sous forme bainitique avec @ensnde ferrite proeutectoide possible. La
précipitation de carbures qui a lieu au cours ditement de revenu lui donne ses propriétés
meécaniques finales et conditionne également saeddeévie. De plus, I'acier 2.25 Cr — 1 Mo
présente une bonne résistance aux phénomeénesgilesdteon par vieillissement thermique et par
irradiation susceptibles d’avoir lieu au cours @eVvée, que ce soit en conditions normales ou
accidentelles. Il est également montré que I'aiien de 2.25 Cr — 1 Mo enrichi en vanadium, bien
gue présentant des avantages certains pour l'apiplic classique de cet acier (industrie
pétrochimique), n'est pas intéressante dans |létcabé ici. Enfin, les différents types de traiterse
thermiques sont présentés, ainsi que leurs infegesar la microstructure finale : I'austénitisatain
la trempe a l'eau ont un effet sur la matrice, @lgue le revenu n’influence que l'état de
précipitation des carbures. Un dernier traitembatrique dit de détensionnement est appliqué a la
fin du processus de fabrication de la piece épagts®aa priori pas d’effet notable sur la nature des
phases constituant le matériau.

Le second chapitre rassemble plusieurs étudesmindlires nécessaires a la bonne conduite de
I'étude a proprement parler. La composition chimiquoyenne de la piéce servant a usiner les
échantillons est étudiée, puis comparée a un raatdélit de référence avec lequel les propriétés
meécaniques futures sont comparées. Ces deux matémmt issus de la méme virole de 280 mm
d’épaisseur. Il est a noter que la composition dau® moyenne est quasiment identique dans
I'épaisseur de la piece. Le diagramme de phaséaqailibre tel que déterminé a l'aide des logiciels
MatCalc et ThermoCalc est discuté. Il en ressoid tiexception des carbures, auxquels un chapitre
entier est dédié, les seules phases secondaieggipiement intéressantes sont les AIN, susceg#ibl
d’agir sur la croissance du grain austénitiquée®tMnS, qui servent de site de germination pour la
rupture ductile. Les vitesses de refroidissementaus de la trempe a I'eau sont ensuite calculées
en utilisant I'équation générale du transfert thigua. En effet, a cause de la forte épaisseur de la
piece considérée, des gradients thermiques appamaisau cours du refroidissement et sont
susceptibles d’aboutir a des hétérogénéités mrcistales, telles que celles illustrées par un
diagramme TRC obtenu apres une condition d’aussatian particuliere. Enfin, des hétérogénéités
locales de composition, dites microségrégationst soses en évidence. Elles n’affectent toutefois
gue tres légerement les propriétés meécaniqueseail matériau. A l'issue de ce chapitre, il
apparait donc d’'une part que les échantillons étidont bel et bien représentatifs de la piéce dans
son ensemble, et d’autre part qu’il est nécessddreléterminer une condition d’austénitisation



permettant une bonne homogénéité microstructuraleladpiece apres trempe. Cette derniere
problématique fait I'objet des chapitres 3 et 4.

Dans un premier temps, I'étude de la croissancgraim austénitique en fonction du temps et de
la température d’austénitisation est abordée. ltedeuce chapitre est de développer un modéle
permettant de calculer le diameétre moyen des gaisgenitiques en prenant en compte la pression
motrice due a la courbure du joint de grain etpesssions de freinage dues a des phénomeénes
d’épinglage et de trainage de solusdlgte drag. Avant de pouvoir développer le modele, des
mesures expérimentales pour des températures aflant920°C a 1120°C et des temps
d’austénitisation allant jusqu’a 2 heures sontatfés. Il apparait qu'a des températures inférgeure
ou égales a 970°C, un phénomene de croissancédiimiiervient. Pour des températures supérieures
ou égales a 1070°C, la croissance est dite pacuimlic’est-a-dire qu’elle ne dépend que de la
pression motrice. Entre ces deux régimes, a 102@°€pissance est ralentie mais pas limitée. Une
analyse statistique de la distribution en diamé@es grains montre que la croissance est normale
quelle que soit la température. En utilisant le aledcinétique de précipitation de MatCalc, |l
apparait que I'épinglage da aux particules d’AlNilee ne permet pas d’expliquer la croissance
limitée aux basses températures. En revancheut’djan terme correspondant au trainage d’atomes
de molybdéne piégés aux joints de grains donneécsestats proches de I'expérience, et ce pour des
parametres cohérents avec ceux trouvés dans dealiitte. En conclusion, il est proposé que la
croissance des grains austénitiques dans l'aciediétsoit principalement contr6lée par ce
phénomene de trainage de soluté. Cette conclusiaiowefois a tempérer par le fait que le modéle
ne prend en compte qu’'un seul grain, et ne peromat gdas d’estimer les interactions existantes entre
les différents grains.

L’'étude de l'effet des conditions d’austénitisaticur les propriétés microstructurales et
mécaniques aprés trempe et revenu fait I'objet @ucHapitre. Huit différentes conditions
d’austénitisation sont étudiées pour trois difféesnvitesses de refroidissement représentant des
épaisseurs caractéristiques d’'une piece épaisselekors de I'effet attendu de la taille du grain
austénitique sur les transformations au refroidies®, il apparait que les conditions
d’austénitisation n'ont qu’un effet tres limité des propriétés microstructurales telles que ldetai
du paquet bainitique ou I'état de précipitation. idéme, il est impossible de mettre en évidence un
effet de I'austénitisation sur les propriétés ewtion et en résilience. |l est toutefois tregliessant
de noter qu'a 920°C, le temps d’austénitisatioma influence considérable sur la fraction de ferrit
transformée au refroidissement, et ce pour unke tdd grain tres similaire. L’explication proposée
renvoie a la ségrégation du molybdéne aux jointgy@eéns lors du traitement d’austénitisation,
potentiellement couplée a des phénoménesaligte-drag like effec(SDLE). En conclusion, une
austénitisation a 970°C pendant 1 heure donne des Wésultats en termes d’homogénéité
microstructurale et de propriétés mécaniques ;sil aonc décidé de l'utiliser pour I'étude du
traitement thermique de revenu.

L’effet du temps et de la température de revenudasprécipitation des carbures est étudié dans le
chapitre 5. Les températures étudiées vont de 650°T25°C pour des temps allant jusqu’a
24 heures. En raison d’'une vitesse de chauffagddnde, une attention particuliere a été portée au



evolutions microstructurales ayant lieu lors duuffege. Dans I'acier étudié, cing différents types
de carbures sont susceptibles d’étre observés, Kanse de leur stabilité thermodynamiques
croissantes : NC, MxC, MyCs, M23Cs, MeC. Ces carbures présentent chacun des propriétés
morphologiques, cristallographiques et chimiques lspécifiques. En particulier, la composition en
éléments métalligues! est propre a chaque carbure : il est donc aiskesieifférencier par une
simple analyse EDX. Les évolutions microstructilsadent caractérisées par des observations au
MET sur des répliques extractives. Des analysedlifflaaction des Rayons X sur de la poudre de
dissolution sélective sont également effectuées @i déterminer la fraction massique de chaque
type de carbure en fonction du temps et de la testyr@ de revenu. Il est important de souligner
gu'aucun MC n’est observé, quelles que soient les conditdesevenu, en bon accord avec les
calculs thermodynamiques qui prédisent un domaiee sthbilité pour ces carbures a des
températures bien plus faibles que celles étudi@asvu des résultats obtenus, la séquence de
précipitation des carbures au cours du traitentarntique de revenu peut étre décrite comme suit :
lors du chauffage, I'austénite résiduelle présemiee les lattes bainitiques et aux anciens jaiets
grains austénitiques se décompose en ferrite etéementite MC. En chauffant a plus haute
température, les carbures® M.3Cs et MyC3z commencent a précipiter. Les deux premiers germent
dans la matrice et dans les dislocations se trauvdimtérieur des lattes bainitiques, alors ges |
carbures MCs germent a l'interface entre la cémentite et laribatet croissent aux dépens degoM
Lors du palier isotherme, les carbures d’équilibrgCs croissent et provoquent la dissolution des
carbures les moins stables,»®1 d’abord et MCs ensuite. L’augmentation de la température
augmente la cinétique de ces dernieres transfarnsati

Le dernier chapitre s’emploie & mettre en éviddaceelation entre le traitement thermique de
revenu et les propriétés en dureté, en tractioneret résilience. D’'une maniére générale,
'augmentation du temps et de la température demeprovoque un adoucissement du matériau.
Lors du chauffage et des premiéres heures de regehadoucissement est majoritairement di a des
phénomenes de restauration des dislocations. Resuteinps plus longs, le grossissement ou la
dissolution des carbures>M non-cisaillables est tenu pour responsable.rliemt de préciser que
'adoucissement d0 a la restauration de dislocatest bien plus important que celui résultant de
I'évolution des carbures. Les conditions de reveimmt pas d’effet mesurable sur les propriétés en
résilience. Toutefois, les courbes de transitiorctithifragile obtenues sont remarquables par
I'étroitesse du domaine mixte ductile-fragile. lfegfdu traitement de détensionnement a également
éte brievement étudié : bien qu'il n'ait pas d'eféair la dureté, un adoucissement est observé lors
des essais de traction. Ce resultat contre-intudste inexpliqué. Tout comme le revenu, le
traitement de détensionnement n’a pas d’effetesuptopriétés en résilience.
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Chapter I: Background, objectives and approach
of the study

Light water reactors (PWRs, BWRS) are represergbfp of the world nuclear plants. In France,
PWR constitutes the reference solution for the wah@f EDF reactors. This will lead to a massive
use of PWRs at least until the end of thé& 2&ntury. Thus, there will be coexistence betweeisa
reactors and the™generation reactors. On an international leve,rémewal of % generation light
water reactors may also be provided by PWR or BWH at least the middle of the century. Thus,
safety and technological improvements of light wadactors represent key issues.

In this framework, the 2.25 Cr — 1 Mo steel (15 CIY, designated by the ASTM A387/ASME
SA387 and by ASME A508/A508M-14 Grade 22 standardb(e 1.1), is being considered as
potential candidate pressure vessel material foarduight water reactors. The two main reasons are
its good fracture toughness (in particular low tenagpure value of the start of the upper shelf) igsd
very good resistance to radiation-induced embnitdet compared to usual pressure vessel steels.
Moreover, its good weldability is interesting redjag the manufacturing of a thick-walled pressure
vessel [1].

C Mn P S Si Cr Mo
SA387 0.05-0.15 0.25-0.66 0.035max 0.035max 0.50 max88-2.62 0.85-1.15
A508 0.11-0.15 0.30-0.60 0.015max 0.015max 0.35 max00-2.50 0.90-1.10

Table 1.1:Chemical composition as specified by the ASME 3A88 ASME A508 Grade 22
standard (wt%)

These steels have been widely used in pressurelsefs the petrochemical industries for
decades due to their good mechanical propertiegyattemperature [2, 3]. In such applications, the
typical operating temperature ranges from 300 @°@8under high hydrogen partial pressure, in the
range of 15-200 bars. On the other hand, for nucgglications, the operating temperature is
around 300°C under irradiation due to thermal rengr These two different operating conditions
require different specifications. The mechanicahdards set by the RCC-M for nuclear pressure
vessel steels is summarized in Table 1.2. Theseresgents for tensile properties are easily met for
a 2.25 Cr — 1 Mo in the quenched and tempered tond4].

Good properties of 2.25 Cr — 1 Mo are due to therghal composition of the steel as well as to
its microstructure. For instance, the presencehafraium gives satisfactory resistance to corrosion
and oxidation [5] (although a stainless steel dlagldemains needed for nuclear applications), while
both chromium and molybdenum improve the creepstasce [6]. A low Sulphur content is also
recommended, since this element reduces the upsdi ismpact energy (USE) [7], and a low
phosphorus content allows to prevent a thermalgaginthe service temperature and to limit the
irradiation embrittlement as it will be shown later
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Quenched and tempered 2.25 Cr — 1Mo steels agelfaihitic. It is worth mentioning that bainite
after cooling in 2.25 Cr — 1 Mo steels is grantdainite [8—10]. This particular type of bainitefise
from carbides before tempering, and austenite tasined along lath boundaries. A fully bainitic
matrix gives an optimum for tensile and toughnespgrties, as well as creep resistance, compared
to proteutectoid ferritic matrix [5, 11]. While tleecurrence of 2% of proteutectoid ferrite does not
change the mechanical properties [12], it is gdlyeaalvised to minimize the proteutectoid ferrite
fraction [13].

Test - Requirements
Test Characteristics e . o
temperature Axial direction ~ Azimutal direction
Min Rp0.2 400 MPa
RT Rm 550/670 MPa
Tensile Min A% 20
. Min Rp0.2 300 MPa
350°C Min Rm 497 MPa
0°C Min average 80J 80J
KV Min individual value 60 J 60 J
Impact -20°C Min average 40 J 56 J
toughness Min individual value 28 J 40J
20°C Min individual value 104 J 120J

Table 1.2:Mechanical standards for nuclear pressure vessdlss given by the RCC-M

In the case of thick-walled component such as pressessels, it is thus mandatory that the
microstructure remains homogeneous throughouthic&ress, from the skin, where the cooling is
very fast, to the mid-thickness, where the coolimglower. 2.25 Cr — 1 Mo steels exhibit good
bainitic hardenability due to their chemical comiios. The two main alloying elements, chromium
and molybdenum, are known to delay the ferritingfarmation towards lower cooling rates upon
continuous cooling, while the bainitic transfornoaticritical cooling rates remain unaffected [10].
This effect is counter-intuitive when considerimg ferrite-stabilizing nature of these elements] an
is usually explained by their strong affinity witdarbon, impeding carbon diffusion and therefore
delaying the decomposition of austenite. On theerottand, austenite-stabilizing elements such as
carbon and manganese are usually advised to Ibe aipper bound of the requirements, in order to
improve the bainitic hardenability [12].

Final mechanical properties and their evolutionoperating temperature are given by the
carbides. In the general case of a quenched+techjbaiaitic steel, carbide precipitation can occur
during the decomposition of austenite upon cooliog,upon subsequent tempering. A detailed
literature review and information regarding theaeb@es can be found in Chapter V. In chromium
steels, several carbides can coexist: the cemgfg&ryC, and alloyed carbides (Cr,F€} and
(Cr,Fe)sCs. In molybdenum steels, possible carbides are (6@ Mo,C and (Mo,Fe)C. The
precipitation sequence upon tempering in bainitB52ZCr — 1 Mo steels is well-known, and has been
determined by Baker & Nutting as [14]:
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Chapter I: Background, objectives and approacheftudy

g-carbide — M3C+MC — M/Cs

! !
M23C6 — M 6C

wheree-carbide are the precursors of the cementit€ Maind “M” stands for the metallic elements.
M2C carbides, due to their fine dispersion and tlegiherency with the matrix, are partially
responsible for the good strength of the 2.25 CrMo steels. For instance, they are held respansibl
for the good creep properties [15] and possibleorsgary hardening [16]. Upon ageing, these
metastable carbides are progressively replaced §y Wth increasing time and temperature [14,
17], leading to a loss of mechanical properties age. Precipitation of these Mo-rich carbides also
reduces the amount of molybdenum in solid solutieading to an increase in susceptibility to
tempering embrittlement. However, since this seqeeof precipitation is triggered by diffusion,
these carbides can be considered as relativelyeséddow working temperature: for instance, in
petrochemical applications, the life service of22( — 1 Mo steel is beyond 20 years at an operatin
temperature in the range of 520-560°C [17]. At émel of its lifetime, the steel typically exhibits
large, blocky MC carbides located at boundaries, providing patlsviaycrack propagation and thus
leading to further embrittlement.

Along with this loss of mechanical properties due the carbide evolution, four other
embrittlement mechanisms can take place dependimgthe application. Under hydrogen
atmosphere, hydrogen embrittlement and hydrogesclatare susceptible to occur. For nuclear
applications, embrittlement due to neutron irradratis of major concern. Furthermore, thermal
ageing can induce temper embrittlement, dependin® steel purity.

Temper embrittlement is due to the segregation of chemical speciesriat pustenite grain
boundaries, resulting in an increase in the fr@&cappearance transition temperature (FATT) and in
a loss of toughness. It should be pointed out titfully bainitic structure is more susceptible to
temper embrittlement than a ferritic structure [18]. Temper embrittlement depends on the
chemical composition: phosphorus, tin, antimony argknic co-segregate with alloying elements,
such as silicon and manganese. The susceptilmlitgrhper embrittlement can be estimated through

empirical factors like J-factor (expressed as ation of wt%) or the Bruscatto factof (expressed
as a function of wt-ppm), given respectively in agons (1.1) and (1.2).

J = (Mn + Si) x (P+ Sn) x 10* (1.1)
X = (10P +5 Sb +4 Sn + Asy100 (1.2)

The fracture appearance transition temperature THAT 2.25 Cr — 1 Mo type steels has been
correlated to the J-factor: Low values of J-fadead to very low values of FATT after in-service
use, and thus after thermal ageing (Figure 1.1ns€quently J-factor has to be kept as low as
possible mainly by controlling the impurity contaritthe steel.

In rather large quantity relatively to the otheeraknts, phosphorus is the most deleterious
element, since its segregation at parent austgnatié boundaries promotes intergranular fracture
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and could lead to an increase in FATT. Manganesk sdlicon are only promoting phosphorus

segregation. Thus, reducing their concentratiorddeto a decreased susceptibility to temper
embrittlement [20]. It should be pointed out tharamium and nickel also promote phosphorus
segregation. At the opposite, molybdenum is knoan reducing phosphorus segregation upon
thermal ageing when in appropriate content [21, RRZ}ease in parent austenite grain size alsslead
to increase in susceptibility to temper embrittlemé&he temper embrittiement susceptibility of the
2.25 Cr — 1 Mo steel can be optimized by settingsphorus and other embrittling elements, but also
silicon and manganese at their lowest possible ecdntllowed both by requirements and

steelmaking process constraints. In the case ofgarase, this advice is in conflict with the

considerations on the bainitic hardenability, thugood compromise has to be found.
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Figure 1.1: Effect of impurities (J-factor) on the fracturepggarance transition temperature (FATT).
Probability curves based on historical data collentfor base and weld metals, aged from 20 000
hours to 200 000 hours. Frof8]

Hydrogen embrittlement is a phenomenon that can occur below 300°C ifilget is cooled
below this temperature before the application efde-hydrogeneization treatment. The defects that
could appear are known as flakes. For chemicalt plassels, this phenomenon is also considered
when the vessel is cooled too quickly upon shutdowimere the hydrogen dissolved in the steel
during operation cannot escape and is thereforainext at lower temperatures. Hydrogen
embrittlement leads to a lower threshold stressfack propagation, and can also result in the loss
of adherence of the stainless steel cladding tevedeof the pressure vessel [23].

This phenomenon is not possible in nuclear presgassel in nominal service conditions the
hydrogen content remains low during operation (vemyall H uptake from the primary circuit
coolant and H generation by transmutation ((n,gactions). Hydrogen embrittlement decreases the
minimum value of stress intensity for crack progage more significantly than temper
embrittlement, and interactions between these twibrgtlement phenomena results in further
reduction of this minimum stress intensity fact®4]
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Higher strength steels are more sensitive to thenpmenon than lower strength steels as shown
in Figure 1.2 [6, 23], and 2.25 Cr — 1 Mo steelshwa tensile strength lower than 100 ksi, i.e.
689 MPa, are considered as resistant materialgdmfen embrittiement [6].

22t
200 -

UTS: 725 MPa

0 2 4 6 8 10
Dissolved hydrogen (ppm
Figure 1.2: Effect of dissolved hydrogen concentration ontfrexctoughness of 2.25 Cr — 1 Mo steel
of various tensile strengths. Frd3]

Hydrogen attack is another degradation process due to the presdnogdrogen in solution in
the material. Unlike hydrogen embrittlement, sutlerppmenon takes place at higher temperatures,
above 300°C. Hydrogen attack occurs when dissolwadrogen reacts with carbon and form
methane bubbles, leading to an irreversible lossti@ngth, ductility and toughness, and even to
blistering or cracking [24]. The safe operating itgnin terms of pressure and temperature are
assessed by the Nelson diagram, which is built feaperience-based curves (Figure 1.3). For 2.25
Cr — 1 Mo steels, at 300°C, the maximal partialrbgeén pressure is approximately 1.5 MPa. A
lacking parameter in such representation is thdiepstress, which enhances the rate of bubble
nucleation [25]. Thermal stress and residual stnese the same effect as that of applied stress.

500

Hydrogen attack

Safe operating conditions

Temperature (°C)

(@)

0 5 10 15 20 25
PHZ (MPa)
Figure 1.3: Nelson curve for 2.25 Cr — 1 Mo steels. Fri@3]
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2.25 Cr — 1 Mo steels have typically a higher tesise to hydrogen attack than plain carbon
steels, due to two factors that reduce the groatd of methane bubbles: stable carbides and high
creep strength. Stable carbides trap carbon atamsh are then not available for the methanation
reaction, while high creep strength induces elaséick-stress around isolated bubbles, impeding
their growth. The presence of chromium and molybdenmproves the resistance to hydrogen
attack for several reasons: they are strong caffoiteers, they reduce the activity of nearby carbon
atoms, and in the case of molybdenum, its segayati grain boundaries tend to reduce the grain
boundary energy, making the formation of new fredases more difficult [6]. Further addition of
vanadium, tungsten, boron, titanium, niobium, thmtg zirconium and yttrium reduces the
susceptibility to hydrogen attack, either becalmssy tare strong carbide formers (V, W, Ti) or by
acting as hydrogen traps (V, Ti, Nb, Ta, Zr). Otelments, such as Sn or Si, increase the methane
density and bubble diameter.

Due to the susceptibility to hydrogen attack, theeximum operating temperature for 2.25 Cr — 1
Mo steels in hydrogen service is 454°C, as givethieyAPl 941 standards. These requirements are
largely met for the nuclear industry, where the m@hoperating temperature does not exceed
300°C, for a much lower partial pressure of hydroge

Neutron irradiation upon service induces microstructural changes amaltoy steels by
creating structural defects, such as dislocatimpdoand cavities, and enhancing solute diffusion,
leading to precipitation, formation of solute ckrst and eventually phase transformations. These
microstructural changes are responsible for evahutif mechanical properties, for instance increase
of tensile strength and ductile to brittle trarwititemperature (DBTT), reduction in fracture
toughness and loss in the upper shelf energy (UBHR3} embrittlement is correlated to chemical
elements present in the steel. Nickel, manganekeorns as well as impurities like copper and
phosphorus are known to segregate under irradiaéiod tend to form nanoclusters in the matrix,
along dislocation lines and at metallurgical irkeds. Among all these elements, only copper could
be above its solubility limit and precipitates éasCopper-enriched nanoclusters are often enriched
in manganese, silicon, nickel and phosphorus. Hewean the absence of copper, nanoclusters of
manganese and nickel as well as of phosphorugithrgbserved. Neutron radiation is also known to
favor phosphorus segregation to metallurgical faters and in particular to prior austenitic grain
boundaries, possibly leading to intergranular freet qualitatively comparable to temper
embrittlement [26]. The average size and compasitb nanoclusters does not change with the
fluence, however their number density increase®stilmearly with the fluence [27-29].

Copper, nickel and phosphorus are recognized asntbst deleterious elements regarding
radiation-induced embrittlement. Embrittlement daerradiation can be divided in two categories:
hardening and non-hardening effects. Hardening&sffare due to the formation of point defects and
solute clusters, while non-hardening effects arsetbaon the same mechanisms as temper
embrittlement, i.e. segregation at prior austegrsn boundaries. For instance, copper nanoclusters
causes hardening embrittlement, while radiatiouaedl phosphorus segregation falls in the second
category as already stated regarding temper etebngnt. Nickel enhances radiation embrittlement
by both mechanisms, since it forms nanoclustersalsd nickel phosphides at grain boundaries,
causing reduction in cohesive strength of grainndlawmies and thus leading to grain boundary
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embrittlement [30, 31]. Thus, nickel content inetseis clearly correlated to their sensitivity to
radiation-induced embrittlement, as shown in Figure

Recently, new Russian RPV steels (Modified 15Kh2M&Aclose to 2.25 Cr — 1 Mo but with V),
have been proposed. The authors of these workductnto a better resistance of these steel to
thermal ageing and irradiation embrittlement at°80ecause of their low Ni content. When clean,
i.e. with low amounts of copper and phosphorus, ¢idy mechanisms of radiation-induced
embrittlement is due to hardening caused by creatiostructural defects, and a low Ni content
reduces the density of these defects, improvingralagation resistance of the steel. The standard
V-free 2.25 Cr — 1 Mo provides a similar advantaggh a wider industrial background.
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Figure 1.4: Dependence of irradiation induced DBTT shift otkel content. Phosphorus and
copper contents are 0.010% and 0.05%, respectilrehdiation temperature: 270°C, fluence: 20
neutron/mz2. Fronj30]

It is known that the amount of chromium also playsole in radiation-induced embrittlement
especially for high Cr content whena' decomposition is involved. However for 2.25 Cil-Mo
steel, this type of ageing mechanism is not expgedds an illustration of the effect of Cr, 5% Cr
steels and 9% Cr steels experience less degrads#titheir toughness properties after irradiation at
high doses at 365°C than 2.25% Cr steels, but 12%téels exhibit less resistance to radiation-
induced embrittlement than 2.25% Cr steels in #mesirradiation conditions [32].

As a result, careful control of the chemical compms results in good resistance to
embrittlement upon ageing. Low phosphorus and comopatents and reduced content of Ni
compared to usual RPV steels makes the 2.25 Cr Molsteel less susceptible to temper
embrittlement and radiation-induced embrittlemémthe considered operating conditions, hydrogen
attack should not occur but limited hydrogen entleitent could exist for long time of operation,
and 2.25 Cr — 1 Mo has a good resistance to this &y damage.

A wide range of modified 2.25 Cr — 1 Mo chemistries/e been designed since the first use of

2.25 Cr — 1Mo steels, to improve either the bairtitardenability or the mechanical properties. The
most widespread one is the 2.25 Cr — 1 Mo — 0.@h&re some vanadium is added to the steel. Such
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chemical modification improves the material strénghd resistance to hydrogen attack, and allows
the material to be used at temperatures up to 5a@&hst 454°C for conventional 2.25 Cr — 1 Mo
steel, regarding the API 941 standard for hydrogenvice [33]. Such improvement of mechanical
properties is due to precipitation of relativelglde, fine vanadium carbides which stabilize a fine
dislocation substructure within the bainite [34pwever, addition of vanadium only has little effect
on the steel hardenability [12]. Other modified®2Q@r — 1 Mo steels for petrochemical applications
include addition of niobium, titanium, manganesekal or even boron [12, 34-37]. Such additions
tend to increase the bainitic hardenability as vesllthe mechanical properties. However, in the
present industrial application, such maodificatioos the material composition do not appear
mandatory. Operating conditions are by far lesseggive than in the petrochemical industry: partial
pressure of ks negligible compared to the petrochemical indest and the working temperature,
around 300°C, is well below the maximal operatiegperature as given by the API 941 standard.
Other chemical elements, such as nickel or boreo a&bnsidered in modified chemistries are
detrimental regarding the resistance to irradiair@luced phenomena.

In the present study, the chemical compositionhef $teel is already defined, as well as the
steelmaking process. Thus, the only adjustablenpetex leading to optimize the mechanical
properties is the microstructure. Microstructuratgmeters are controlled through heat treatments
conducted upon the industrial manufacturing of cbmponent, after the forging stages. These heat
treatments are summarized in Figure 1.5.

—Austenitization
—Quench

n ——Tempering
—PWHT

Temperature

Time
Figure 1.5: Schematic diagram showing the different heat et applied on the material after
forging. PWHT: Post-weld heat treatment.

The first step is austenitization, where the sieéleated in order to transform its microstructure
from a mixture of carbides and body-centered cidiGte into a single face-centered cubic austenite
phase where all carbon atoms are in solid solufdter austenitization, the component is quenched;
upon quenching, the austenite decomposes intoihé rhatrix microstructure. A tempering heat
treatment is then applied, where almost all cardimms in solid solution precipitate into carbides.
The stress-relieving heat treatment, or post-welat freatment, is the last heat treatment appled o
the material. It is typically conducted at lowemigeratures than the tempering heat treatment, and
aims at reducing the residual stresses in the rahtdiat have been introduced by welding. No

24



Chapter I: Background, objectives and approacheftudy

obvious microstructural changes are expected upis last heat treatment compared to the
microstructure before welding.

The aim of this work is to improve the understagdai the effects of heat treatments on phase
transformations and microstructural evolution, adlas their effect on the mechanical properties.
Microstructural evolution was experimentally inugated on various heat treatments, and models
were used in order to quantify the contributiomirdifferent mechanisms on this evolution. In this
manuscript, each heat treatment is investigateaften the other, as in the real targeted process.

Chapter Il is dedicated to the study of the asiveck material in terms of chemistry and
microstructure. Comparison is made with a referenca&terial. Thermodynamic equilibrium
calculations, characterization of chemical variagiohroughout the component and determination of
the cooling rates of interest is also made in ordeprepare further experimentations. A first
austenitization is applied in order to test the anat bainitic hardenability, which does not give
satisfactory results.

In the considered industrial application, the congyt is water quenched thus cooling rates after
austenitization are not a process parameter. Uthdeeconstraint, bainitic hardenability can only be
improved by increasing the austenite grain sizenuguastenitization. Thus, Chapter Il and IV are
dedicated to the study of microstructural evolutinming austenitization, to optimize conditioninfy o
austenite for further decomposition and tempering.

In Chapter Ill, the effect of austenitization on cnostructural evolution of austenite is
experimentally investigated as a function of terapge and time. Mechanisms controlling the
austenite grain growth, such as Zener pinning andtes drag, are then postulated and discussed
thanks to a modelling approach.

Chapter IV is dedicated to the effect of austeaiton on microstructural and mechanical
properties after cooling at different rates repnésive of different locations in the thicknessaof
large component. It should be pointed out that evitile bainitic hardenability is of interest, the
bainitic transformation mechanism itself has narbstudied. This choice is justified by the facttth
the final mechanical properties are mostly dueéhogrecipitation of carbides within the bainitedan
that a good bainitic hardenability is mandatorytfoe considered industrial application. On the othe
hand, several assumptions about the decompositianstenite into proteutectoid ferrite, and more
precisely on the means for delaying this transfoiona are made. Based on the study of the grain
growth mechanisms and the characterization of refanotures after cooling, an austenitization
condition is selected for the subsequent studydifide precipitation upon tempering.

The carbide precipitation sequence upon both hgatphto the temperature of interest and the
isothermal step of tempering is studied in ChagteEvolutions of size, phase fraction and chemical
composition of carbides have been quantitativeliereined. Based on these experimental data,
mechanisms for nucleation and growth of carbidesthen proposed; a thermokinetic modelling
approach has been tested to discuss these meckaamsins presented in Appendix D.

In the last Chapter VI, the effect of tempering @itions on the strength and toughness properties
is reported, as well as the effect of the finadstrrelieving heat treatment.
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Prior to the study of the effects of heat treatraemt microstructural and mechanical properties,
the material itself had to be characterized thonbug

The studied 2.25 Cr — 1 Mo steel was provided with different states: the so-called as-received
material, which was considered as the initial stated the reference material, which had been
industrially reheated and was used as a meanswbaxison. In a first part, the thermal history prio
to this study is described for both states, as altheir chemical composition and microstructure.
Moreover, the effect of the component thicknesshase properties is briefly reported. In a second
part, material properties useful to the study angstructural transformations during heat treatment
are described. Among them, the equilibrium stats a&timated using thermodynamic simulations.
The general behavior of the steel regarding austahion and quench was studied. Equivalent
cooling rates, corresponding to representativekti@sses in the ingot, were also determined. Finally
the chemical homogeneity in the material was stlidre order to ensure that every sample is
characteristic of the whole piece.

1. MATERIALS

Two different states of the studied material waerppdied: the as-received state and the reference
state, which was industrially reheated. This lattél be used as a mean of comparison, mostly for
mechanical properties but also for microstructpraberties in Chapter IV.

27



1. Materials

1.1 As-received material

The as-received material was a 280 mm thick cyiloadishell forged from a 186-ton hollow ingot
fabricated at Industeel-Le Creusot (formerly Crétsmre Industries) in 1994. Heats were melted in
an electric furnace and then underwent a heatidig leefinement. The hollow ingot was casted by
bottom pouring of two heats. After hot forging, thellow shell underwent an austenitization at
990°C for 10 hours followed by water quench, thewesal tempering heat treatments, the last one
being at 660°C for 12 hours followed by air quenghiAfter these heat treatments, the piece of
metal was cut into two halves through its centap@edicular to its axis. Both halves were then
welded, joining the top and the bottom of the fargemponent. A final heat treatment at 690°C for
10 hours was then performed on the welded comporgarples used through this study were
machined from a 420x450 mm?2 blank taken from thartgu-thickness and from the top of the as-
received forged component.

Composition of the steel measured after differégps of its processing history is shown in Table
2.1, the “heat” chemical composition being the ager of the two heats used for casting. The
resulting microstructure is tempered bainite witdrbides located at the interfaces, as shown in
Figure2.1. Since this material was to be reheated fomptimpose of the present study, no detailed
characterization of its microstructural and mecbahnproperties was conducted except for chemical
homogeneity as described at the end of this chapter

C S P Si Mn Ni Cr Mo V Cu Al N

Heat 0.14 0.004 0.004 022 053 0.16 243 1.07 N/AR.04 0.014 N/A

Product 0.14 0.003 0.005 0.23 053 0.16 244 1.09.0x 0.06 0.012 N/A

Yath 0.15 0.003 0.006 024 051 0.17 247 111 XONR/A 0.008 0.007

Table 2.1:As-received steel composition (wt%). Heat and Bcodompositions are given by
AREVA, % thickness composition is given from aapeddent analysis

(b)
Figure 2.1: Microstructure of the as-received material, (a}iogl microscopy (etchant: Nital 4%)
and (b) SEM observation of carbides on a carbonaexibn replica.
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Chapter Il: Materials under study

1.2 Reference material

As already stated, all samples used in this studiyec from the quarter-thickness of the
as-received material. In order to estimate theregentability when compared to the whole hollow
component, thorough analysis of thermal gradieminduheat treatments and chemical composition
across the thickness were done.

These studies were conducted on the so-calledrémée material”, which comes from the same
hollow component as the as-received material agmsatized in Figure 2.2. In the hollow
component, one must differentiate the quarter-tiesk, located halfway between the inner skin and
the mid-thickness, and the three quarter-thickinesated halfway between the outer skin and the
mid-thickness. Location in thickness might have efect on the chemical composition due to
possible segregations that happened during casting.

Inner skin
Ya-thickness
Y-thickness
%-thickness
Outer skin

Figure 2.2: Schematic diagram of the different locations ¢ériest and geometry of the reference
material component.

The reference material has undergone the same dhezohanical processing and prior heat

treatments as the as-received steel, as well teefureat treatments:

» Austenitization at 930°C, then water quenched.

» Tempering at 675°C. The heating rate was 2°C/nmmd,the component was then air cooled.

» Stress-relieving heat treatment at 645°C for 16rdolihe heating rate was 15°C/h, and the
cooling rate was 20°C/h.

Due to the large thickness of the component, anthkegradient occurs during the heating and
cooling stages of the heat treatments. Temperattrdscations of interest, namely the skin, the
quarter-thickness, the mid-thickness and the thresster thickness were monitored during each step
of these heat treatments. K-type thermocouples weerted into holes drilled from outer skin to
guarter-thickness, mid-thickness and three-quahiekness. Another set of thermocouples were
welded at the skin; two thermocouples were usedefmch location. The stress-relieving heat
treatment was carried out with only the skin thezuples. It should be pointed out that the
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1. Materials

geometry of the reference material part is not shme as that of the prior hollow component.
Indeed, the first one has a symmetry axis corredipgnroughly to the mid-thickness, thus the
thermal gradient at quarter-thickness and threetguthickness is expected to be the same during al
heat treatments. In the case of the prior hollommonent, one could imagine that cooling rates
would be different at inner and outer skins upoarahing (and by extension at the quarter-thickness
and the three quarter-thickness), for instance uscaf local heating of the water inside the
component. However, its large inner radius, nard8§0 mm, allows the water to behave the same
way whether it is inside or outside the compondius, all thermal gradients measured in the
reference material are considered representatitfeeahdustrial hollow component.

Heating rates are slow enough to be consideredoa®deneous across thickness, so are the
cooling rates after tempering and the stress reljeheat treatment. As expected considering the
symmetry of the piece, no differences were fountivben the quarter-thickness and the three-
quarter thickness during heat treatments. Howewer,isothermal steps durations and the cooling
rates after austenitization change across therbgk as shown in Table22

Location in the thickness Inner skin ¥ and Y-thickess  Y2-thickness
Austenitization time (h) 2 15 1

Cooling rates after austenitization (°C/s) 10 0.5 0.3
Tempering time (h) 6 5.5 5.5

Table 2.2:Isothermal step durations for austenitization aechpering and cooling rates after
austenitization at different locations of the falgeomponent.

After heat treatments, the resulting part was i ifour pieces corresponding to the four
locations of interest in the component thicknesse Themical composition remains the same
through the thickness, as shown in Table 2.3. M@edhe average composition through thickness
is similar to the one at the quarter-thicknesshefds-received steel as shown in Table 2.1, thsis th
one can be considered as chemically representative whole component.

C S P Si Mn Ni Cr Mo Al N
Skin 0.14 0.003 0.007 0.23 052 016 247 113 0.0110M.0
Yath 0.15 0.003 0.005 0.23 052 0.16 248 113 0.01007M.0
Y th 0.15 0.003 0.005 0.23 052 016 246 1.09 0.0100M.0

Yath 0.14 0.003 0.006 0.23 054 0.16 251 113 0.0100/M.0

Table 2.3:Chemical composition of the reference materialféar locations across the thickness
(Wt%0).

The microstructure is fully bainitic through thedkness, as shown in Figure 2.3, with very little
proeutectoid ferrite. Vickers hardness values atstin, the quarter-thickness, the mid-thicknesk an
the three-quarter thickness are close to each ,othspectively 216 HV, 215 HV, 218 HV and
216 HV with a standard deviation of 8 HV. More dleté information about hardness measurements
can be found in Appendix A.
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Chapter II: Materials under study

(d)
Figure 2.3Microstructure of the reference material at (a)teuskin, (b) ¥4 thickness, (c) %
thickness and (d) % thickness. Nital etching 2%icapmicroscopy.

Thus, the industrial component can be considerethasiically homogeneous and is expected to
have the same physical properties (transformatiemperatures, mechanical properties ...)
throughout its thickness. All further studies pemnied on the as-received samples can therefore be
considered as representative of the whole material.

2. PHASE TRANSFORMATIONS AND EQUILIBRIUM

Several material parameters must be known in awgerform the study of heat treatments. The
characterization of the steel in its thermodynarmguilibrium state is useful to assess phase
transformation in the iron-based matrix and the l@ian of secondary phases during heat
treatments. The determination of austenitic trams&tion temperatures is a prerequisite for the
study of austenitization, as is determination dflicw rates at different locations of the component
for the study of bainitic hardenability through C@ikgrams. A first austenitization heat treatment i

thus conducted in order to estimate the bainitrdé&aability of the material.
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2. Phase transformations and equilibrium

2.1 Equilibrium calculations

The nature of secondary phases and the ferriteigtenite transformation temperatures were
investigated using two different softwares: MatCalc6.00, using the mc_fe v2.029 database
(Figure 2.4); and ThermoCalc, using the TcFe7 de@b(Figure 2.5). The input chemical
composition is that determined at the quarter-tiesls and given in Table 2.1. Both simulations give
similar results. However, one should notice tha& TinermoCalc calculation tends to give higher
dissolution temperatures for the secondary phases wompared to MatCalc, as detailed below.

The ferrite-to-austenite transformation is simjyadlescribed in both simulations: austenite starts
to form at 778°C and 780°C respectively from The@ale and MatCalc, and the transformation is
fully finished respectively at 841°C and 830°C. diceed equilibrium carbides are 28Cs, which
dissolve in the intercritical temperature ranged amC, which are stable up to 625°C. This is
consistent with literature data [14]. Predictiongni both simulations are in good agreement with
each other. The specific topic of carbide stabiity be discussed in more detail in the chapter
dedicated to precipitation (Chapter V).

Several other secondary phases coexist. AIN ptatgs are well-known for pinning austenite
grain boundaries during grain growth [38], and ttlaeitual effect will be discussed in Chapter Il fo
the chemistry considered here. However, one shaatide that MatCalc predicts dissolution of AIN
at 930°C while ThermoCalc predicts it at 970°C.

Cr2N particles precipitate due to the excess of ndrom the material; this excess is due to the
low amount of aluminum. Interestingly, ThermoCaddcalations predict a change in crystallography
from hexagonal to face-centered cubic structureCrN at the vicinity of 550°C while MatCalc
calculations only show a stable face-centered curbibe whole stability domain. However, these
precipitates should not have any effect on the natproperties: they cannot act as a pinning
particles since they are not stable in the intBeadi temperature range, and their overall phase
fraction is low enough to be negligible in frontazrbides for the study of the precipitation kiogti

MnS particles are in very low concentration in thaterial (phase fraction of ~# This type of
particle is unavoidable in steels and appears duhe steelmaking process. They are stable up to
1300°C, and will not play any role in the chemieablution of the material. They are typically
spherical particles, 1 pm in diameter, and caraaastoid nucleation sites in ductile fracture asasho
in Figure 2.6.

As a conclusion, several equilibrium secondary pbkaare of interest in this material. AIN
particles might play a role in the austenite gigiowth, while MnS particles can have an effect on
the mechanical properties by acting as void nuiceatites. Most important secondary phases are
the carbides, which precipitation and transfornmgtlzefore equilibrium is reached, have a great role
in the material properties. This topic will be aglssed in Chapter V.
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2. Phase transformations and equilibrium

1pum
[

Figure 2.6 MnS patrticles inside fracture dimples. Heat treants: 970°C — 1 hour + cooled at
0.5°C/s + tempering 675°C — 12h, fractured at -1253EM observation, characterization made by
EDX measurements.

2.2 Transformations upon heating

Ferrite-to-austenite transformation temperaturegshm material have been determined. These
characteristic temperatures correspond to the begrand the end of the austenitic transformation.
They are respectively noteke; andAes at the thermodynamic equilibrium add: andAcs in real
conditions since the heating rate has an impac¢hese transformation temperatures. However, for
slow enough heating rates, one can consider teagxperimentally measured temperatures are close
to the equilibrium ones.

In order to study the material behavior in out-gts#ibrium conditions, characterizations At
and A temperatures have been conducted. Three diffdreating rates were used: 0.02°C/s,
0.2°C/s and 1°C/s; this latter is the referencdihgaate for the austenitization step that willused
throughout this study. The two slower heating ratese applied by means of calorimetry, and the
faster one by means of dilatometry. Estimated asd0°C for both techniques. Equilibrium values
are taken from MatCalc calculations which were assed in part 2.1.

Results are shown in Table42 Both temperatures strongly increase with thdihgaate from
0.02°C/s to 0.2°C/s and stabilize around 800°CAfor and around 880°C for Acfor heating rates
from 0.2°C/s to 1°C/s. This increase is strongettie Ag temperature. Good agreement is found at
slow heating rates with thermodynamic equilibriuatcalations.

Equilibrium 0.02°C/s 0.2°C/s 1°Cls
Aci(°C) 780 780 800 810
Ac(°C) 830 840 870 880

Table 2.4 Ferrite-to-austenite characteristic temperatuggshermodynamic equilibrium and at
different heating rates. Equilibrium values areadated with MatCalc.
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2.3 Equivalent cooling rates

Prior to estimate the bainitic hardenability of teeeel for the manufacturing of a heavy
component, one must determine the range of cooéites that may occur in the piece, namely the
slowest and fastest ones. In the considered hatlewponent, it corresponds to the cooling rates
occurring at mid-thickness and at both skins, retpsly. However, during industrial
manufacturing, several machining steps are appbig¢de skin of the piece after the final tempering.
Thus, the fastest cooling rate of interest is the occurring at the so-called “machined skin”,
namely, 10 mm under the skin of the heat treatedpoment. While the mid-thickness and the
guarter-thickness equivalent cooling rates areadly&known from measurements during reheating of
the reference material, calculations have to beedrorder to determine the equivalent cooling rate
at the machined skin.

In industrial applications, the cylindrical shedl water quenched after austenitization. Thermal
shields are welded at its top and bottom, thustimding stage can be considered as a unidirectional
problem as shown in Figure 2.7.

mid-thickness
‘ outer

skin

L

Figure 2.7: Schematic diagram of the cylindrical shell. x:dtion in component thickness

In these particular conditions, the general heatatgn (2.1) can be developed into equation

(2.2), where:

» 2L is the shell thickness, namely= 0.014 m

» Xis the length of interest, where positikare towards the outer skin. Lengths of intereskar 0
m for the mid-thicknesss = 0.07 m for the quarter-thickness and 0.013 m for the machined
skin.

« ais the thermal diffusivity of the material, in m2.dn equation (2.1)a is considered as constant
for all x and thus independent of the temperature. Its bde@endency on temperature will be
discussed later.

aT _oT 21
E(X,f)—aﬁ(xﬁ) (2.1)

T =ToX) s, .\ Qn+ 1L —x Qn+ DL +x
T — o) ‘FZO( b {erfcl 2an) 2 l+erfc 2ar) l} (2.2)
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2. Phase transformations and equilibrium

Boundary conditions and assumptions for the calicuia are the following:

» As already stated, the outer skin and the inner, glad by extension the quarter-thickness and the
three-quarter-thickness, are expected to experigrecsame cooling rate during the water quench,
such as at each time stefd(x) = T(-x). Thus, inner and outer skins will be referrec$o“skin”,
and quarter-thickness and three-quarter-thicknesguearter-thickness”.

» Before quenching, every point of the cylindricakkhs at the austenitization temperature, thus
To(X) = Taustfor any valuex # L.

» The cooling rate at the skin is considered to lieite, such ag(£L, t) = T, at any time > 0.

* The water temperature is considered to be constadtequal to room temperature, so that
T, = 20°C.

The thermal diffusivity of the materiah, was determined by a LaserFlash method undec stati
helium with a heating rate of 0.1°C/s. More infotioa about this technique can be found in
Appendix A. In order to study the effect of the rostructure on thermal diffusivity, three samples
containing different amounts of bainite were test@D% bainitic, (67% bainitic — 33% ferritic) and
(25% bainitic — 75% ferritic). These microstructsingere produced on a dilatometer based on the
preliminary CCT diagram established in section Ridat treatments were as follows: austenitization
at 920°C for 30 minutes, then cooling at 1°C/s,°0/8 and 0.1°C/s, respectively. Measurements
were done between room temperature and 980°C. Simecenicrostructure is fully austenitic at
temperatures higher than 880°C, this range of teatyes allows the thermal diffusivity of austenite
to be determined. Measurements are shown in Fg&relt appears that the fraction of bainite does
not influence the thermal diffusivity of the matdri For simplicity, an average temperature-
independent value of 5 mm.gs chosen for the thermal diffusivity.

Predictions from equation (2.2) were compared topirature measurements available for the
reference material (see Table 2.2). The resultsep@rted in Figure 2.9.
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Figure 2.8: Thermal diffusivity of the material as a functiwintemperature for different
microstructures (F: ferrite, B: bainitex andy stand for ferrite and austenite domains, respetyiv
Aci and Ag temperatures correspond to a heating rate of 0/ {@ctual heating rate: 0.1°C/s)
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Figure 2.9: Experimental and calculated cooling rates at maekliskin (10 mm under skin),
guarter-thickness and mid-thickness.

Good correspondence between on-field measurements maodel predictions is found,
respectively -0.31°C/s and -0.38°C/s at the midkihéss and -0.54°C/s and -0.55°C/s at the quarter-
thickness between 800°C and 500°C. As a mean opaoson, cooling rates in the center of a
400-mme-thick plate and in a center of a 200-mmkliplate between 800°C and 500°C during water
guenching are respectively 0.15°C/s and 0.5°C/p [12

As shown in Table .3, chosen equivalent cooling rates for the reshisf study were rounded to

the inferior first decimal to be conservative witkspect to the risk of getting a high fraction of
proeutectoid ferrite.

Location in thickness Machined skin Quarter-thickness Mid-thickness

Cooling rate 3°C/s 0.5°C/s 0.3°C/s

Table 2.5:Equivalent cooling rates for the mid-thicknesg, tjuarter-thickness and the machined
skin (10-mm under the skin after the heat treatingfira 280 mm-thick cylindrical shell during
guenching after austenitization.

2.4 Phase transformation behavior during cooling (CCT dagram)

In order to estimate the transformations upon ogolin a thick-walled component, a CCT
diagram had to be established. A first study onemiszation was made at 920°C; the austenitization
time was set to 30 minutes.

The CCT diagram was established by means of diletignon 2x2x12 mrhsamples; studied
cooling rates ranged from 100°C/s to 0.05°C/s aulileg rates representative of specific locations
in the component thickness are highlighted in Fegarl0. It should be pointed out that the ferrite
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2. Phase transformations and equilibrium

fractions were determined using the tangent metinooh dilatometer curves upon cooling (see
Appendix A); thus the whole sample volume was takato account. However, during high
temperatures heat treatments, a decarburizati@n t@an appear at the sample periphery. Upon slow
cooling, the sample remains for longer times athhigmperature and the decarburization layer
becomes thicker. Since it is depleted in carbomjtéetransformation tends to occur in this layer
upon cooling. Considering the small dimension @& samples, the ferrite form in this layer are not
negligible, and the given ferrite fractions aresloverestimated.
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Figure 2.10: CCT diagram after austenitization at 920°C forrBbhutes. Representative cooling
rates of the targeted component are highlightedAéstenite, M: Martensite, B: Bainite, F: Ferrite.

In the studied austenitization conditions, fourfetént microstructures can be found at room
temperature, depending on the cooling rate (Figute):

» For cooling rates higher than 10°C/sthe microstructure is fully martensitic. The neadite
start transformation temperatuvk remains constant at 450°C. The hardness is ctod42a HV,
independently of the cooling rate.

» For cooling rates ranging from 5°C/s down to 3°C/sthe microstructure consists of a mixture of
bainite and martensite. The amount of martensiewall as the hardness, decreases when
decreasing the cooling rate.

» For cooling rates ranging from 3°C/s down to 0.7°GQ/ the microstructure is fully bainitic. The

hardness is around 350 HV, and the bainite stamstormation temperatui remains constant

at 520°C independently of the cooling rate.

For cooling rates lower than 0.7°C/saustenite decomposes into proeutectoid ferriterbdinal

transformation into bainite. The amount of proetdietcferrite increases with lower cooling rates,
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decreasing the general hardness from 350 HV to R®0for 15 vol% and 80 vol% of
proeutectoid ferrite, respectively. The bainitertsteansformation temperatui& decreases with
increasing amount of proeutectoid ferrite, duenmenrichment of austenite in carbon induced by
the formation of low-carbon ferrite.

These results are consistent with other CCT diagréound in literature for similar steel
compositions and austenitization conditions [1, .1QJonsidering these results, the bainitic
hardenability is too low for the considered thicieqe since ferrite transformation significantly
occurs at the quarter-thickness equivalent coatitg (0.5°C/s). Thus, the material is not adapbed f
the targeted industrial application when using thisstenitization condition and an optimal
austenitization condition has to be determined. @amson of these results with the reference
material presented in section 1.2 is interestifigr austenitization at 930°C for 1 hour, then eabl
at a similar cooling rate, its resulting microstuwre is fully bainitic. Moreover, its chemical
composition is the same as that of the as-recena@rial used for this study. This indicates that,
temperatures ranging around 920°C - 930°C, incredsthe duration of the austenitization heat
treatment has an effect on the austenite itsetieasing its bainitic hardenability. Thus, a more
extensive study of the microstructural evolution adfistenite during austenitization and its
decomposition during subsequent cooling is needbdse topics will be adressed in Chapters llI
and IV.

3. CHEMICAL HETEROGENEITIES

During the casting process, chemical segregatiarocaur in the ingot at different scales. Major
segregations occur in the ingot thickness, andisonwstly in carbon content variations. As seen in
the chemical composition analysis made at diffetbrdtknesses in part 1.2, no such segregations
were observed in the studied part of the comporert thus in the studied material.

Millimeter-scale segregations can also be foundsuch heavy components, for example in
manganese steels such as the ASTM A508 grade. Skhgsegations are also known as “ghost lines”
and show high enrichment in phosphorus as well lastezing of MnS particles, and are thus
detrimental for the mechanical properties. No sgelgregations were observed in the studied
material.

Another scale of segregations, much finer, is thierdendritic segregation, also known as
microsegregation. Microsegregations result fromeZneg of solute-enriched liquid in the
interdendritic regions. The chemical compositioradfolidified dendrite is not uniform: the core is
richer in iron atoms, since it is the first to slify. Solidification then leads to progressive
enrichment of the interdendritic liquid with solugements. This results in a progressive increase i
solute concentration in the dendrite from the dorés periphery. The typical length scale of this
type of segregations is hundreds of micrometethencase of slow solidification of a heavy ingot.
Local chemical heterogeneities and their influenmesnechanical properties were investigated in
the as-received state, in order to assess whethglss of the study can be considered as chemically
similar to each other.
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3. Chemical heterogeneities

3.1 Spatial distribution of chemical composition

A slight Nital etching was used to reveal heter@y@es in the material (Figure 2.11). These
heterogeneities are ordered as millimeter-longdhesh micrometers-wide bands located along in the
radial-circumferential plane. Interdendritic spagias deformed from the forging steps, is ranging
between 0.2 mm and 0.4 mm.

The tendency of a chemical element to segregaywes by the Equilibrium Partition Coefficient
Ke, Ke= CJCi, whereCs andC, are the element concentrations in solid and liquedpectively. The
lower the value oKe, the higher the tendency towards segregation. Gosimarized values dfe
for solidification of binary iron alloys inté-iron [39]; values for 2.25 Cr — 1 Mo-related cheali
elements are reported in Table 2.6. Theoreticalhty slight variations in chromium content are
expected. However, as the main alloying elemergneslight variations of its content should be
detected. On the other hand, a strong variatiocambon content should be observed, and it seems
reasonable to assume that dark-etching areas @oser¥igure2.11 are carbon-enriched regions.

1 mm
L 2
'S <
*
0.5 mm
R
C ’ : :

Figure 2.11 Optical observation of the as-received state.rvBegregations are horizontal
alternately bright and dark regions. Black spotg ardentation marks from hardness measurements.
Vertical dark bands are artifacts due to interpadat of multiple images.

Element Al C Cr Mn Mo Ni N P Si S
Ke 0.92 0.13 0.95 0.84 0.80 0.80 0.28 0.13 0.66 0.02

Table 2.6:Values of Equilibrium Partition Coefficient {Kfor solidification of binary iron alloys
intro ferrite. From[39]
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Chapter Il: Materials under study

Qualitative WDS maps were performed on a Camecad8Xlectron microprobe. The analyzed
area was set to 1000 um x 800 um, which is largaigim to observe several microsegregated
regions. Analyzed chemical elements were carborgneium, manganese, molybdenum, copper,
nickel, phosphorus, sulfur and silicon. Amongsttakse elements, only variations in amounts of
chromium, molybdenum and manganese were found r§ig112). Carbon content analysis was not
possible due to sample contamination.

Segregations bands appear to be alternately chmorand molybdenum enriched and depleted.
Local enrichments in manganese observed in segegatas are likely MnS patrticles. Distances
between microsegregated regions is ranging bet®@egemm and 0.3 mm, which is consistent with
the observations made in Figué 1.

(b)

High

Low

(©)
Figure 2.12: X-ray elemental maps of (a) Cr, (b) Mo, (c) Mn

In order to quantify variations of chemical compiosi, quantitative analyses were made across
the two heterogeneities as shown in Figure 2.12Hese three elements. Analyses were done in
bandscan mode with 50x1 um? beam. The step siz& was for a total length of 1 mm. Results are
shown in Figure 2.13 and Figure 2.14. As expedaechemical gradient is observed. Minimum and
maximum contents, respectively from the center efdtites and from the last liquid droplet to
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3. Chemical heterogeneities

solidify, are summarized in Table 2.7. These corntjpos are the average values over quantitative
data sets corresponding to the straight lines diavisigure 2.13 and Figure 2.14, respectively.

n
\‘

N N
(&) (o}
Cr (%wt%)

N
N

- 2.3
0 100 200 300 400 500 600 700 800 900 1000

Length (um)
Figure 2.13: Quantitative chemical analysis of Cr and Mo (wt®andscan mode, 50x1 pmz2 beam,
2 um step, total length: 1 mm.

0O 100 200 300 400 500 600 700 800 900 1000
Length (um)
Figure 2.14: Quantitative chemical analysis of Mn (wt%). Baradsmode, 50x1 pm? beam, 2 pm
step, total length: 1 mm.

Cr Mo Mn
Expected content (wt%) 2.47+0.03 1.11+0.03 0.51+0.01
Maximum 2.74+0.06 1.34+0.06 0.59%0.02
Minimum 254+ 0.06 1.13+0.04 0.55x0.01

Table 2.7:Average alloy element content of the former déadare (Maximum) and of the
region supposed to be the last liquid to solidMirimum), corresponding to straight lines drawn on
Figure 2.13 and Figure 2.14. Expected content és‘ththickness chemical composition (Tablg 2.1
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Chapter Il: Materials under study

One should notice that chemical contents are alvisgiser than the nominal composition (see
Table 21). The overestimation of chromium content is due tcalibration problem on the EPMA.
As expected in the presence of a systematic bitexpretation is possible when only the difference
between extremes is considered. Concerning molybderand manganese measurements,
differences are more or less in the range of thuedstrd deviation and the detection limit.

3.2 Effect on local mechanical properties

To assess microstructure-mechanical property ogistiips, mechanical tests, namely tensile and
V-notch Charpy, were conducted in this study withaf size specimens (Chapter VI). V-notch
Charpy tests rely on a small plastic zone, nameWeral hundred micrometers in width, thus one
could expect possible sampling effects on toughmesgerties if the plastic zone on several
specimens would correspond to positive segregatidnie on other specimens it would correspond
to negative segregations. Local mechanical pragseds a function of chemical heterogeneity have
then to be investigated. However, even if the cagrijom variations in segregated regions have an
effect on local elastoplastic or fracture propettighis would have little effect on the elastoptast
behavior evaluated with tensile tests since in gasts only the average response of the material is
measured over a gauge volume of several cubicneitirs.

Nanoindentation measurements were performed on M ©@Struments nanoindenter, using a
modified Berkovich indent with a 15 mN load. Invgated regions were positive and negative
microsegregations resulting in fully bainitic mistaucture, located with respect to WDS maps. For
each region, a 3x20 mapping with a 10 um stepwsazerealized (Figure 2.15).

»
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Figure 2.15: Superposition of Cr WDS profile and nanoindentatieeasurements regions. Black

dots are indentation marks. Regions A and C cooedfo positive segregations while regions B
and D are negative segregations.

Results are given in Table 2.8. It should be naked results were processed from data in H
which unit is MPa, that were converted into HV nuwrs for comparison purpose with results
presented in section 1. Original results and cawarequations can be found in Appendix A.

Depleted regions show hardness of 270-280 HV wdmiléched areas exhibit up to 290-300 HV.
No variations of the Young modulus are observeithoalgh the absolute values are higher than the
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3. Chemical heterogeneities

usual value of the Young's modulus for ferritic abdinitic steels. Considering the hardness
measurement standard deviation, we can conclude sé@regations only have little effect on
hardness values. One should also notice that tiesess values are higher than those determined
from macrohardness measurements, which is abouti®20 his is due to the very low load used for
nanoindentation measurements: a 15 mN load peeset®@a pum deep into the material. Thus, surface
effects and strain-hardening affect the measuresnent

A B C D
Average hardness (HV) 277 +8 290+ 10 271 +12 298 +10
Average Young modulus (GPa) 269+13 269*11 261 +£12 268 £ 11
Table 2.8:Results of nanoindentation: converted Vickers has$ and Young’'s modulus (load: 15
mN, average value over 60 measurements)

Complementary measurements were done with a higlaer (400 mN) in order to get rid of
surface effects. This load corresponds to an iradiemt depth of 2.7 um. Five additional points were
done in regions A and B. Results are given in Tdbf and are consistent with macrohardness
measurements, and the Young’s moduli are withigeaosf usual values.

A B
Average hardness (HV) 240+10 250%5
Average Young modulus (GPa) 225+ 8 234 +3
Table 2.9:Results of nanoindentation: converted Vickers hass and Young’s modulus (load: 400
mN, average value over 5 measurements)

Differences in hardness and in Young's modulus betwenriched and depleted zones are within
standard deviations. Thus, microsegregations hawvesignificant effect on local elastoplastic
properties, with the exception of local concentnagi of MnS that might have an effect on toughness.

3.3 Effect on phase transformations

Changes in composition can induce a shift of thetietransformation domain in CCT diagrams.
In the case of 2.25 Cr — 1 Mo steel, any increasamount of chemical elements such as nickel,
manganese, boron or carbon is known to improvebtheitic hardenability [35—-37]. In the case of
microsegregations, the chemical enrichment may appm slight to have a measurable effect.
However, when considering a cooling after austeaiitbn which rate is very close to the ferritic
critical cooling rate, for instance cooling at @3S after austenitization at 940°C for 1 hour, oae
observe a change in microstructure as shown inr&i@ul6. Regions corresponding to positive
microsegregations are fully bainitic, while the d#ed regions consist of a mixture of ferrite (vehit
patches in center of Figure 2.16) and bainite. flilg ferritic region observed at the peripheryhe
decarburization layer mentioned in section 2.4.
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Chapter II: Materials under study

Figure 2.16: Optical micrography showing change in microstruetdue to microsegregations.
Equiaxial ferrite is bright. The fully bainitic dbands along the radial-circumferential plane
correspond to the chemically enriched zones. Hotedaand vertical dark lines are artifacts due
to stitching of multiple images.

Based on all these results, we can then safelg #tat 2.25 Cr — 1 Mo steel microsegregations
only have a minor impact on microstructure andtefgastic properties. Chemical variations even
increase bainitic hardenability locally. All heaedtments for the study of microstructural and
mechanical properties of the material have beemwcted on 30x3x4 minblanks, with the 30x4
mm? section in the A-C plane perpendicular to ngegregations, as shown in Figure 2.17. In this
configuration, microsegregations are not expectechdve an effect on toughness properties as
several of them are sampled by the fracture proeese all along the crack initiation and
propagation stages in a given specimen.

RN4mm

ISmm
C
30 mn

Figure 2.17: Schematic drawing of the blanks used throughaststudy with the location of the
V-notch for Charpy tests. Grey dashed lines represecrosegregations on a given R-C plane.
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4. CONCLUSION

The as-received state of the studied material ress lescribed in terms of chemistry and
microstructural properties, as well as the refegestate, which is used for comparison in the
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4. Conclusion

following chapters. No major segregations or gHosts have been highlighted in this material.

Millimeter-long, hundred micrometer-wide bands steimg from minor segregations are located
along the radial-circumferential plane, but areested to have only little effect on both mechanical
and microstructural properties, with the exceptbpossible local clustering of MnS patrticles. Thus

samples taken from the quarter-thickness mateiiabe considered as chemically representative of
the component.

Thermodynamic equilibrium calculations show thathwhe exception of carbides which will be
studied in Chapter V, the only secondary phasastefest for metallurgical evolution during heat
treatments are aluminum nitrides AIN which mighvéan effect on austenite grain growth.

Moreover, with the austenitization conditions tdst@ this preliminary study, the bainitic
hardenability proved to be insufficient for the ustrial application since transformation of audteni
into ferrite significantly takes place at the geathickness equivalent cooling rate. This issugtba
be elucidated, as the reference material is fullyniic at quarter thickness for austenitization
conditions similar (but no identical) to these ugedthis first experimental heat treatment in this
study. Thus, optimal austenitization conditionsénety be determined through a better understanding
of the austenite grain growth mechanisms (Chaptgrahd the effects of austenitization heat
treatment on microstructural and mechanical progeeetfter cooling (Chapter V).
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Chapter lll: Experimental characterization and
modelling of austenite grain growth
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For the considered industrial applications, theyomély to improve bainitic hardenability is by
increasing the austenite grain size, since theimgpaohte after austenitization is prescribed by the
wall thickness of the component. However, too ce@msins might result in a decrease in toughness
and increase the susceptibility to temper embniiiiet. Thus, austenite grain growth must be present
and understood in order to control the austenit@ingsize through austenitization time and
temperature. The present chapter is thus dedi¢atdte experimental characterization of austenite
grain growth with time at various austenitizati@mperatures. Mathematical models are applied in
order to determine the physical mechanisms comigpfirain growth and for predicting the austenite
grain size for a given couple of time and tempesgatu

In the first part of this chapter, the current staf-the-art regarding the modelling of austenite
grain growth is summarized. The general framewdrihe model assumes that growth of a single
grain is controlled by the grain boundary curvatanel can be slowed down, or even stopped, by
retarding pressures induced by fine particles otheypresence of solute atoms. In the second part,
the evolution of austenite grain size with timevatious temperatures is experimentally determined.
Limited growth occurs at lower temperatures, whildigher temperatures it is not affected by such
phenomenon. Finally, model predictions are compaoedxperimental measurements in order to
understand the different mechanisms controllingnggeowth.
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1. Modelling austenite grain growth

1. MODELLING AUSTENITE GRAIN GROWTH

1.1 General framework of modelling

For normal grain growth in polycrystalline matesiahe simplest model describes the growth of a
single grain, assuming that the mean grain dianiziemrepresentative of all grains in the material.

Under this assumption, it is considered that thenldary of a grain of radius/2 moves with a
velocity v due to the net pressuReacting on it. It is generally assumed that theeky is directly
proportional to the pressure with the constant adpprtionality being the mobilityM of the
boundary (equation (3.1)). The mobility is strontgynperature dependent and follows an Arrhenius-
type relationship, as shown in equation (3.2).

14D _

Sy U=MP (3.1)
M = Mgexp (—%) (3.2)

whereMo is the pre-exponential mobility factd® is the activation energy of the mobilify,is the
temperature anB the gas constant. The value@fwill be discussed later in this chapter.

The net pressurB can be decomposed into the sum of all driving eetdrding contributions,
respectively,Ps and P;. The driving pressure is responsible for the bampdnovement while
retarding pressures tend to inhibit it:

P =P, - P (3.3)

The driving pressure can be calculated as follokvspolycrystalline materials, atoms at the
boundaries are less accommodated than atoms itisedgrain lattice, therefore their energy is
higher. Thus, the minimization of the energy of thestem occurs by reducing the total grain
boundary area per unit volume, which leads to ggaowth. Let us consider a system with two
different grains A and B separated by a boundargiredA, as shown in Figure 3.1. By assuming
constant volume-stored energy, the Gibbs free gr@mgf this system can be written as:

G=Go+y, A (3.4)

whereGo is the energy inside the grains agds the grain boundary interfacial energy. By assigni
that the shape of metal grains is the same a®ftleal foams, then the change in Gibbs free energy
AG associated with growth of grain B can be writtemggshe Young-Laplace equation:

I 1

AG = Ve V., <p_1 + p—2> (3.5)
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Chapter Ill: Experimental characterization and ntloae of austenite grain growth

whereVn is the molar volume angh andp are the two principal curvature radii of the boand
The driving pressur®q applied on the grain boundary is then definedhasftee energy reduction
per molar volume, and can be written as:

Py=v (i + i> 3.6
R VIR (3-6)
Equation (3.6) can also be written as a functiothefgrain equivalent diametBgg such as:

Vg

D., (3.7)

Pd=kd

where ky is a geometrical parameter linking the curvatuadiirand the equivalent diameter.
Assuming a spherical graip; = p2 = p. The curvature radiys and the diameter of a sphddeare
related such gs=D/2. Thus, in this caség = 4.

e

Figure 3.1: Schematic diagram of a grain boundary of area A principal radii of curvaturep:
andp2 moving in order to reduce interfacial energy

The previous equation only describes the migratibthe boundary due to the curvature of only
one grain, therefore it does not take the intevactietween grains into account. In reality, the
boundary surface energy could reach equilibrium thugressure exerted on both sides of that
boundary. Abbruzzes & Lucke proposed a model wkiegegrain distribution is taken into account
[40, 41]. Under the assumption that a grain sizela$si is surrounded statistically by grains of
classj, the net driving force for the growth of gradims given by the differential of driving pressure
by considering only grainand grairj such as equation (3.7) becomes:

1 1
Py = kyrg (3 - 3> (3.8)

Large size differences between classesdj can then lead to growth or shrinkage of grain
These phenomena will not be considered in the éarodelling.
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1. Modelling austenite grain growth

1.2 Grain growth kinetic exponent: grain growth with no retarding pressure
1.2.1 The parabolic growth law

Burke and Turnbull [42] considered that when nandihg pressure is acting on a spherical grain
boundary, the following differential equation coule derived by combining equations (3.1)
and (3.7):

dD Ve
T 2Mky D (3.9)

After integration, and by considering that the temspure remains constant (tht¥ being
constant):

D? - Dj = 4Mkyy,t (3.10)

which can be rewritten as follows:

2— 2: = —g>
D° — Dj = Kt Koexp< RTt (3.11)

whereDy is the initial grain sizet = 0). WhenDo is negligible with respect O (typically, D > 3 Do
[43]), the grain size is given by a mean free pathvedemt equation. Hence, equation (3.11) can be
seen as a diffusion-controlled equation, whKrés the diffusion coefficient governing the grain
boundary mobility in the material.

This parabolic law can be seen as a specific cakethe more general equation
phenomenologically deduced by Beck et al. in [44]:

D" - D = Ki (3.12)

wheren is a kinetic exponent arid is an effective mobility factor which is propomial ton. While

n is supposed to be equal to 2 for grain growth jpue material, experimental determinations show
that its value is usually higher. In the case ddtkedfected zones of a 2.25Cr - 1Mo steel, Miranda
and Fortes found a kinetic exponent 3.2 for an activation enerdy = 180 kJ.mol [45], using a
non-isothermal form of equation (3.9).

1.2.2 The signification of the kinetic exponent

Hu and Rath [46] showed that a kinetic exponendlifferent from 2 implies a non-linear
dependence between the boundary velocity and theressure, such as:
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Chapter Ill: Experimental characterization and ntloae of austenite grain growth

v=MP" (3.13)
where the driving-force exponemtis related to the kinetic exponemt

m=(n-1) (3.14)

Thus, if one consider®o as negligible, then equations (3.7), (3.13) and4Bcan be combined
into the following equation [47]:

WD o Mythgr) " exp (- ) (£)" (3.19)

And equation (3.15) can be formally simplified as:

(n-1)
dD _ ( 1 )

e D (3.16)

whereM* is an effective mobility factor, which unit is"ra?.

For n = 2, equation (3.13) reduces to equation (3.13l tiame integration of equation (3.15)
reduces to the parabolic growth law (3.11). Whdfedint from 2, the kinetic exponent appears to
be a phenomenological parameter, useful to destidgrain growth kinetics rather than a physical
parameter. It can be regarded as a gross estirh#te oesistance of the grain boundary motion in
the presence of defects, precipitates or solut@sato

1.2.3 Activation energy associated to the effective graibhoundary mobility

It is generally assumed that the activation endéogypoundary migration is often close to that of
grain boundary self-diffusion, which is about h#ifat of the bulk self-diffusion [48]. Thus, in
austenite, the activation energy for grain grovettexpected to be in the range of 145-170 kJmol
For metallic alloys, empirical activation energarived experimentally from equation (3.12) are
usually higher than the above values, typicallyween 250 and 500 kJ.mbJ49]. This deviation is
believed to be due to the diffusion of impurity ra&) or to the fact that the diffusion of atoms
happenscrossamovinggrain boundary, and not necessaailgnga staticone.

1.3 Retarding pressures

Retarding pressures can be due either to partiopeding the grain boundary movement
(pinning effect) or to the segregation of solutenad at the grain boundary (solute drag effect).
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1. Modelling austenite grain growth

1.3.1 Pinning effect

General framework

Modelling of the pinning effect, theorized by Zersrd published by Smith [50], assumes that
particles exert a pressure on the grain boundadytlams counteract the driving pressure for grain
growth. If assuming incoherent spherical partiadlésradiusrp and energy of the particle/matrix
interface per unit areg, as shown in Figure 3.2, the pinning fofeeexerted by a single particle on
the grain boundary is expressed as the produtiediotal line of contact between the particle dred t
boundary and the component of the interfacial en@rghe direction opposite to the movement of
this boundary (equation (3.17)).

Vp

Particle

Vp singd

2nrp coy)

Boundary movement Grain boundary
DI
Figure 3.2: Schematic diagram of the interaction of a sphénpeaticle with a moving grain

boundary (fronf51]).

F.

z

= 2zr,y,sinfcosd (3.17)

whered is the angle between the particle and the moviaghdoundary as shown in Figure 3.2. The
maximal force is obtained fér= 45°, such as:

Fy= zry, (3.18)

By assuming that all particles are randomly distiélol, then the total number of particles per unit
volume (i.e. number densityl);, is given by the volume fraction of partidielivided by the volume
of one particle. For spherical particles with aqua radiusp, Nt is given by equation (3.19).

(3.19)
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From this total number density, only particles witla distancerp, of a planar boundary are
supposed to interact with the latter, as shownigmilé 3.3. Thus, the number of particles interartin
with the grain boundariin: is the product of the number density and twicephsicle radius,, as
given by equation (3.20).

3f
Nyy= N, X 2r, =
int t p
s (3.20)
p
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Figure 3.3: Schematic diagram of the interaction of a planaubdary with immobile particles

Assuming that all particles exert the maximal Zeioece F; on the boundary, then the pinning
pressureP; is given by multiplying equations (3.18) and (3,285 reported in equation (3.21):

37,
Pz:Fz XNint: 2 (321)
p

The general expression fBsis given by equation (3.22), whekeis a constant called the pinning
parameter, which is a function of the coherencthefparticle with the matrix and its shape, bub als
from the physical interaction mechanisms between ghrticle and the matrix, as well as the
interaction geometry between the particle and th&imin the case of non-spherical particle. In the
case of non-spherical particle, the particle sszgiven by the equivalent radius regarding the mau

I'p.eq
VoS
P, =k, (3.22)

p.eq

From equation (3.22), it appears clearly that tlemet pressure is higher when particles are
smaller and in higher number density.
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1. Modelling austenite grain growth

Pinning parameter: influence of the shape and of th coherency of the particle with
respect to the matrix

For the previous example of incoherent sphericdighes, ki = 3/2 as seen above. For coherent
spherical particles, Ashby et al found that the mmak Zener forceF; is twice larger than for
incoherent particles, therefoke= 3 [52].

Ringer et al [53] determined paramekefor cubic particles, regarding their orientati@tative to
the grain boundary and the particle coherency thighmatrix grains. It should be pointed out that fo
cubic particles, equation (3.22) is obviously veniitas a function of the cube side However, in
order to compare the pinning parameter correspgnidira cubic particle and a spherical partikle,
was calculated using the equivalent radius reggrtfia volume, i.e:

Fpeq = \/ 7= a, (3.23)

As shown in Figure 3.4, the orientation of the jgdetwith respect to the grain boundary only
depends on two angles,andg, which are respectively the rotation around trexis and the y-axis,
assuming that the grain boundary is in the x-y @ld®otation around the z-axis does not affect the
orientation of the particle with respect to the haary plane.

z
T Particle
|
|
I ¢
1
1
Y L
/7
/7

X

A
/ | /Grain boundary

Figure 3.4: Schematic diagram of a cubic particle. The ori¢iotarelative to the grain boundary is
described by anglas andg

The coherency of the particle is assumed as follkws us consider a migrating grain boundary
interacting with a coherent cubic particle, as show Figure 3.5. Assume that the migrating
boundary wraps around the particle such as therenbg with grain 1 (growing grain) may be lost,
while coherency is maintained with grain 2. Tensiortes due to interfacial energies of the grain
boundary close to the particjg, and particle/matrix interfacial energies regardgrgins 1 and 2
(respectivelyy: andy2) should remain in equilibrium. Thus, the contacgla between the particle
and the graingj, depends on the balance between these tensi@sf@s given in equation (3.24). If
y1 =7y2, f = 90° and coherency is lost.Af= 0°, the particle is coherent with both grains.
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Grain 2

4

Grain 1
yal
y

Figure 3.5: Geometry of surface energy interactions betwesmgaating grain boundary and a
cubic precipitate

Boundary movement

Y=
cos f = # (3.24)
Effect of the orientation: Assuming that: = y> > 0 (# = 90°) and maximum Zener force, the
pinning parameter as a function ©fand ¢ may be analytically derived, according to equation
(3.25) to (3.29). It should be noted that a symynetaists forep = 90° ando = 45°, therefore it is
only necessary to consider cases in wigich90° andw < 45°. The value ok as a function o for
various values ab is given in Figure 3.6, along with that in caseapherical particle.

3
o = 0°¢=0° orep=90° k, = \ /4i X 2\/5[(005&) + sin ®) cos @ + sin @] (3.25)
T
3
o =0° 0<p<90° k=4 /%(COS({) + sin @)[(cos ® + sin ®) cos ¢ + sin @] (3.26)
T
0 <w=<45° 33 . . (3.27)
0< o < arctan(sing)) k.= . X B X [(cos ® + sin®) cos @ + sin @]
O<o=45° k,= X i><Bsmw><[(cosu)+sinu))cos + sin @] (3.28)
arctan(sing)) < ¢ < 90° " \d4rx tan @ ? ?

whereB is given by equation (3.29).

tan @ sin ¢

B=tanw \/(1 — cos? @ sin? ®) + cot ® \/(1 — cos? @ cos? ) + (3.29)

sin ® cos ®

For each angle there is a correspondimgresulting in a maximal pinning parameter. kox 0,
the maximum is obtained gt= 0° (see discontinuity in Figure 3.6), i.e. whitie cube face is
parallel the boundary. Fas = 45°, the maximum is obtained for= 35.3°, i.e. when the cube is
standing with its longest diagonal perpendiculath® boundary. Thus, the pinning parameter can
vary from 0.7 to 2.6 regarding the particle ori¢iora
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1. Modelling austenite grain growth

spherical
2.5 - ® =45 particle

0
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o (°)
Figure 3.6: Evolution of the pinning parameter&s a function of theelative orientation of a cubic
particle with the grain boundary plane. The sphalicase is also represented.

Effect of the coherency:Figure 3.7 shows different possible orientatioesneen the particle
and the grain boundary, along with the case of lzeispal particle. Case (d) represents a cube
standing with its longest diagonal perpendiculathi® boundary. Assuming maximum Zener force,
the pinning parametek: for these four cases as a function of the cormdiacfie § is given by
calculating the derivatives & with respect ta andg. These results are shown in equation (3.30) to
equation (3.34). More details on these calculat@arsbe found in reference [53].

w:(p:O°

(@) (b)

Grain boundary

motion
o = 45°
(d) ¢ =35.3°

Figure 3.7: Schematic diagram of several orientations betwa#nic particles and the grain
boundary, as well as a spherical particle.

Values of pinning parametés for all four cases as a function of the degreealferency are
shown in Figure 3.8. One should notice that forgpbkerical particlek; is respectively equal to 3/2
and to 3 for incoherent and coherent particleslr@ady stated. For a cubic particle, dependingson
orientation, the pinning parameter ranges fromd 4.5.
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case (a) k, = > C(;S 4 (3.30)
case (b) k,=2x \3/% X <cosﬁ + V2 —cos? ﬂ) (3.31)
case (c) k, = \3/% X 141 x [ 141 X (cos f + sin ) + zgosﬁ] (3.32)

case (d) k, = i/% <6 cos f + \/1_8sinﬂ> (3.33)
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Figure 3.8: Influence of the coherency on the pinning paramietas a function of the degree of
coherency for several particle orientations as shawFigure 3.7. Degree of coherency increases
from left to right.

Thus, both particle orientations and relative cehey with shrinking and growing grains have a
critical impact on the pinning parameter, and stidad taken into account for further calculations. |
should be pointed out that these cases are onéxample of the large variety of values that can be
taken for this parameter, which have been extelysstenmarized by Manohar et al. [51].

1.3.2 Solute drag

Solute element atoms can segregate from the bitikeldo the grain boundary where they can be
better accommodated. This yields to a molar comagah profileC(2) of these atoms, weis the
distance to the boundary, that is a function ofsblete element diffusion coefficient profik{z) and
of the binding energy profil&(z) between the solute atom and the boundary. Icdke of a moving
boundary, solute atoms may be dragged along angréie boundary migration rate can be limited
by the diffusivity of these dragged solute atomiserEfore,C(z) and the grain boundary velocity,
become interrelated. In practical cases, this saluag effect can decrease the grain growth kimetic
by several orders of magnitude [54]. Concerning efloy of this effect, the following
considerations are based on the papers by Luck®atat [55], Hillert [56, 57] and Cahn [58].
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1. Modelling austenite grain growth

Assuming that the temperature remains constant,thiigaboundary moves with a steady state
velocity and that the considered system is a dgalation of solute atoms, the composition profile
C(2) is expected to reach a steady-state form obeayiadgollowing equation [58], wherks in the
Boltzmann constant:

*C(z) [oX(z) X OE(2) aC(z)
X&) =z +l 0z | kT oz +Ul oz
2 (3.34)
C(z) [0X(z) ()E(z)_l_ Y CE@] _
kT 0z 0z 072

A solute atom exerts a force H@)/dz) on the boundary, and the total presdeyigy exerted by
all solute atoms is therefore:

+00 oE
Pdrag = _NU [00 [C(Z) - CO] 022) dz (335)

where Ny is the number of atoms per unit volume, givenNas= 4/a%, wherea is the lattice
parameter assuming a fcc crystal structure, @nds the bulk concentration of solute atoms. One
should notice that the pressuUPgag exerted by the solute atoms is dependent on thgasition
profile, thus on the grain boundary velocity. THependency is schematically shown in Figure 3.9.

Dragging pressurePy,,

Velocity v
Figure 3.9: Schematic relationship between the dragging presBuagand the grain boundary
velocity v for a given energy and diffusivity plet(z) and X(z).

For low values oW, the dragging pressure increases proportionaltis tie velocity, due to the
increasing concentration of solute atoms at thenBlary, and reaches a maximal pressure for a
critical velocity. For higher velocities, soluteoats find it more and more difficult to keep pacéhwi
the migrating boundary, resulting in their desamptirom the grain boundary. The dragging pressure
thus starts to decrease and then finally vanishenwo more solute atoms are segregating at the
moving grain boundary.
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Chapter Ill: Experimental characterization and ntloae of austenite grain growth

Equation (3.35) can be approximated as equati@®)3which mathematical resolution is easier,

as proposed by Cahn:
_ Gyav

Pdrag - 1+—ﬂ21)2 (3.36)

wherea andg are given by equations (3.37) and (3.38):

+o0 sinh2 (E(z)/ 2k 3T

@ = 4N T /_ ) T (3.37)
T +00 dE 2 -1

p = “;;U [ /_ } ( diz)) X(z)dzl (3.38)

Assuming a triangular profile fd£(z) and thatX is constant across a grain boundary of thickness
o, as shown in Figure 3.10, equations (3.37) ar@BjXan be written as equations (3132)d (3.40),

respectively:

N,(kTY6 ([ . (E,\ E,
= v - h{=2) -2
T TEx \""\kr) kT (3:39)
_ akTs
Xgb = Xpuik = X
<, )
o V =
o "
— GB position
I
B2 0 R

z
Figure 3.1Q Diffusivity profile and binding energy profilegm@ss a grain boundary as a function of
the distance to the grain boundary z. At the gtsnndary, the solute diffusivity and binding energy
are increaseds being the grain boundary thickness anglie binding energy between a solute
atom and the boundary.

2
Lin the original article, Cahn wrote equation (3.38) = N;:fk;) (sinh(%) - %) However, such equation is not
0
dimensionally homogeneous with equation (3.36).réfeee, this equation has been multiplied by th&irgboundary
thickness) in order to obtain the right dimension farSimilar correction has already been made by Rl [@32].
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2. Experimental investigations

In order to represent the effectlef andX on the dragging pressure for the considered prdét
us assume thato = 0.1 at%,a = 0.36 nm,0 = 0.5 nm and T = 1000°C. Figure 3.11 shows the
dragging pressure as a function of the grain boyndelocity when varying the binding ener@y
and the diffusion coefficierX.
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Figure 3.11: Effect of the binding energy Bnd of the diffusion coefficient X on the dragging
pressure as a function of the grain boundary véjoci

Increase in the binding energy leads to an incréashe maximal dragging pressure, while
increasing the solute diffusivity shifts the craicvelocity towards higher values. In other words,
solute atoms induces more dragging when they ateaseommodated in the boundary, and the
boundary needs to move faster to break free frolmes@toms when their diffusivity in the grain
lattice close to this grain boundary is higher.

All these models will be used at the end of thiaptkr in order to discuss the austenite grain size
as a function of the austenitization time and tenapee as experimentally determined.
Determination of the kinetic exponemis used for a simple, phenomenological descriptibgrain
growth, while the driving pressure, the pinning gstge and the solute pressure are used to
understand the mechanisms responsible for graimtgro

2. EXPERIMENTAL INVESTIGATIONS

2.1 Experimental approach

Prior austenite grains (PAGs) were measured fdeaiization temperatures ranging from 920°C
to 1120°C and for durations up to 2 hours. The lowemperatures correspond to acceptable
industrial austenitization temperatures (below X@)P higher temperatures were also selected in
order to fully investigate the thermal dependentgrain growth (for instance, the influence of
temperature on the mobilityl). The maximal duration, 2 hours, corresponds &atstenitization
duration at the mid-thickness of a targeted thicknponent as stated in Chapter Il. The heating rate
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Chapter Ill: Experimental characterization and ntloae of austenite grain growth

was set to 1°C/s, and the assumption was madenthatrain growth occured upon heating. As
already stated, the Atcemperature for this heating rate is 880°C, tlweeetipon heating the material
is fully austenitic for 40 seconds at 920°C and 24@onds (4 minutes) at 1120°C before the
beginning of the holding stage. While these duretiare significant regarding the grain growth after
soaking for 1 second and, in the latter case, fimirfutes after, it can be considered as neglidinle
durations longer than 15 minutes. Thus, the greie after 1 second of isothermal holding will be
considered as the initial grain size.

PAG boundaries were revealed by ferrite decoraagrexplained in Appendix A. An example of
the microstructure obtained after heat treatmeniisiping and etching is given in Figure 3.12. The
prior austenite grain size (PAGS) was then detezthinsing the Visilog software. Each grain was
measured individually and then the average PAGSoabsilated. The evolution of the PAGS with
holding time at various austenitization temperagui® shown in Figure 3.13. The uncertainty
associated with measurements was estimated around Bue to the size of ferrite nodules.

Figure 3.12:Prior austenite grains revealed by ferrite decamat Dark brown regions are small
ferritic nodules while light brown areas are marsée. Austenitization conditions are 1020°C for 1

hour.
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Figure 3.13: Evolution of austenite grain size with holdingeieat different holding temperatures
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2. Experimental investigations

Before commenting the growth behavior, the physsgghificance of the average PAGS has to be
discussed, with respect to the size distributioausitenite grains.

2.2 Grain size homogeneity

Characterization of the grain size homogeneity wasle through the study of the grain size
distributions. Typically, when no abnormal growtbcars, grain size distribution (GSDs) can be
approximated by a unimodal log-normal distributibiited log-normal distributions were calculated
for every austenitization condition; an example do15 minute-austenitization is shown in Figure
3.14. Good agreement is found between these Ilogadordistributions and experimental
distributions for every austenitization condition.
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Figure 3.14: Austenite grain size distributions after 15 mirsud@istenitization at 920°C, 970°C,
1020°C and 1120°C.

Two important parameters can be extracted fromethiggsed log-normal distributions: the
expected value, which is the probability weightedrage, and the standard deviation, which
indicates the broadness of the distribution. Theolwion of these two parameters with
austenitization holding time and temperature issshm Figure 3.15.
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Figure 3.15: Evolution of (a) expected value and (b) standaxdiation with austenitization time
and temperature

At temperatures equal to or lower than 1020°C ettigected value evolves in the same way as the
average PAGS, and their value are similar whemtpkine standard deviations into account. The
standard deviation reaches a maximum for a giveldifg time, then starts to decrease; this
maximum being delayed towards longer durations wimemeasing the temperature. At higher
temperatures (equal to or higher than 1070°C),etigected values remain similar to the average
PAGS, and the standard deviation increases stramgytime.

Hence, high temperatures have a strong impact@RPAGS homogeneity: for example, grains as
large as three times the average diameter appeht2@°’C after 15 minutes, while the largest
observed grain for the same time at 920°C is omige as large.

Since expected values are slightly higher thanatlrerage PAGS and since the variance is very
high at higher temperatures, unimodal represemtamight not be the most adapted mean to describe
GSD. Abnormal growth is susceptible to take platdigh temperature, and scattered unimodal
distribution could mask bimodal distributions.

In order to better visualize this phenomenon, tieridution of the grain diameter as log-
normalized by the average grain diameter has béattegh. Normal distributions, well-centered
around the average diameter satisfactory desctilge data, which are typical of unimodal
distribution [59]. As an example, Figure 3.16 shdwgr different austenitization for 15 minutes at
920°C, 970°C, 1020°C and 1120°C, which logarithneigresentations are centered respectively at
0.03, 0.02, 0.01 and 0.03.

Thus, no abnormal grain growth can be significaatlidenced even at higher temperatures. Since

normal grain growth takes place at every testeg&ature, the austenite grain size distribution can
be characterized in a representative way by usiag@verage PAGS.
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Figure 3.16: Logarithmic representation of the normalized graire distribution after 15 minutes

austenitization at 920°C, 970°C, 1020°C and 1120°C.
2.3 Analysis of the phenomenological kinetic exponent

A rapid method to qualitatively analyze the growihetics is to determine the kinetic exponent
in equation (3.12). Figure 3.17 shows the evolutadnthe correlation coefficient between the
predictions from equation (3.12) and experimentaasurements for various values of. When the
correlation coefficient is close to 1, good agreemis found between model predictions and
experimental measurements. Optimal kinetic expanént each temperature are gathered in Table
3.1. As a result, the kinetic exponent increasehl wecreasing temperature, thus growth becomes
slower. Analysis of the kinetic exponents shows th@ different growth modes occur according to
the holding temperature.

At low temperatures, i.e. equal to or lower thar2QT@, grain growth kinetics decreases with
decreasing temperature. At 920°C, almost no grawturs. At high temperatures, i.e. equal to or
higher than 1070°C, the kinetic exponent 2; the growth law is parabolic, as stated intieac
1.2.1. However, the maximal studied austenitizatiore at these temperatures is 1 hour, and limited
growth is still susceptible to appear for longestauitization durations. The above results suggest
the existence of a temperature dependent phenomehich is responsible for limited growth and
becomes less efficient with increasing temperature.
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Figure 3.17: Evolution of the correlation coefficient for eqiaat (3.12) for various values of n.

920°C 970°C 1020°C 1070°C 1120°C
n 19 11 5 2 2
Table 3.1:Values of the optimal kinetic parameter n for etahperature
(rounded to the nearest unit).

As a conclusion, since no abnormal growth occurs, dverage grain size is considered to be
representative of the material. Thus, equationsgmted in section 1 can be used in order to
understand the limited growth phenomenon evidemedtis section and its apparent relation with
temperature.

3. MODELLING LIMITED GROWTH MECHANISMS

In this study, two physical phenomena potentialgding to limited growth are investigated:
Zener pinning and solute drag. Both phenomena aasonable in view of the temperature
dependency of grain growth kinetics: assuming timited growth is due to Zener pinning, this
dependency would be due to the dissolution of pigmarticles at higher temperatures. In the case
of solute drag, variation of the binding energyhatémperature could be the source of variation. In
this section, these two potential retarding pressare investigated by using the formalism reported
in section 1 and calibrating parameters to reptesgrerimental data.

3.1 Driving pressure versus Zener pinning
3.1.1 Modelling approach

Assuming that limited growth is only due to the Zepinning as a source for retarding pressure,
grain growth can be expressed as equation (3.48pimpining equations (3.1), (3.7) and (3.22).
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r

B Ye VoS
v=M{kyp— ke (3.41)
p

In such case, grain growth is stopp&ed=(0) whenPqy = P, thus the maximal grain diameteg
can be expressed as:

kg Yg Ty

=077 (3.42)

At 920°C and 970°C, this maximal grain diameteregperimentally determined is 25 um and
30 um, respectively. The maximal grain size at @igkemperatures, if existing, has not been
experimentally determined. The following calculasolead to investigate the potential limiting
effect of the Zener pinning in the studied materadarding the experimental measurements.

3.1.2 Determination of the driving pressure

Driving pressure parameters are the geometricastaabhky and the grain boundary energy
Assuming spherical grainky = 4 as already stated.
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Figure 3.18: Evolution of the driving pressure;Bs a function of the grain diameter D for
g = 0.5 J.n? andky= 4.

Let us assume that the grain boundary interfaciatgy,yg, IS not temperature-dependent in the
considered temperature range. Gjostein et al. m@ted that the grain boundary energy in plain
steels decreases with increasing the bulk carbotenbbecause of increasing carbon grain-boundary

segregation. It results in the following empiricalationship between the grain boundary energy and
the carbon conterd in this steel (in wt%) [60]:

ve = (0.8 — 0.35 C%¥) (3.43)
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For the studied 0.15 wt% carbon steel, the grammbdary energyq = 0.7 J.n?. Shahandeh &
Militzer determinedyy = 0.69 J.rif using 2D phase field simulations, which is in gamteement
with the previous result [61]. A lower valug,= 0.5 J.n?, has been suggested by Humphreys [48]
and used successfully in various calculations [@2—Bhe choice was made to use the latter vaje:
=0.5 J.n%.

Figure 3.18 shows the evolution of the driving ptee as a function of the grain diameter for
g = 0.5 J.f. For a grain size of 20 um, which correspond$iéoetxperimental initial grain diameter
Do, the driving pressure is 0.10 MPa and decreases tw0.02 MPa for a grain size of 100 pm.

3.1.3 Estimate of the Zener pinning effect

According to the considerations exposed in sedi@ril leading to equation (3.21), particles must
be fine and numerous to induce a significant pigreffect. In the case of austenite grain growth,
they also have to be stable in the austenitic doyvahich is above 830°C for the studied material
for the considered heating rate. Typically, pinnpagticles in steels are nitrides such as AIN o\ Ti
or carbonitrides such as Nb(N,C) or V(N,C). ImpaatsAIN and Nb(N,C) particles on austenite
grain growth in 2.25Cr — 1Mo steel were respecyivaitliined by Swift [38] and Nieuwland et al.
[65]. Some authors also suggested that residuay athrbides [10] or impurity particles, such as
MnS [66], could act as pinning particles. Howevas, seen in Chapter Il (section 2.1), the low
amount of residual carbides after the austeniiadformationand the large size of MnS particle
make them unlikely to contribute to any potentimning effect. Therefore, potential pinning effect
in the studied steel could only be induced by Aldqipitates.

The volume fractiorf, the average radiug and the particle energy of AIN precipitate were
calculated by using the precipitation kinetics medof MatCalc. More detailed information on the
MatCalc precipitation kinetics model can be foundAppendix B. The following thermal cycles
were used for the numerical simulations:

(i) Cooling from 1200°C down to 20°C. This step slates cooling after forging. The cooling
rate proved to have no impact on both phase fractnal diameter of AIN precipitates, thus it was set
up to 1°C/s in order to limit the calculation time.

(i) Heating at 1°C/s from 20°C up tQ.E:

(i) 1sothermal step at dist for 100 hours. This very long time allows reachthg equilibrium
regarding the volume fraction and the average sadiuprecipitates at austenitization temperature
Taust

Matrix phase transformations cannot be taken istmant in the software, thus the precipitation
matrix domain is shifted from austenite to fernfgon cooling and from ferrite to austenite upon
heating, both at 800°C. AIN nucleation sites wezeat grain boundaries and dislocations for both
austenite and ferrite matrix. Austenite grain sizging the first cooling, ferrite grain size and
austenite grain size during the isothermal stegwet up to 200 um, 20 pum and 20 um respectively.
Dislocations densities in austenite and ferrite evassumed to be in the range of!16? and
10'2m, respectively. Results showed that a large mgjofitAIN, more than 95%, nucleated at the
dislocations within the ferritic grains. Thereforthe following considerations are made when
considering only this type of precipitate.
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3. Modelling limited growth mechanisms

Figure 3.19 shows the resulting evolution of théuree fractionf and the particle radius of
AIN particles at 920°C, 970°C and 1020°C, respetyivAs expected from the thermodynamic
calculations performed in Chapter Il, AIN precipés are only stable at temperatures lower than
930°C. Thus, when soaking at 920°C, the volumetibmcand the radius of AIN particles decrease
over time before reaching an equilibrium value a8#80 minutes (6 hours) of 7.2® and 10 nm,
respectively. At 970°C and 1020°C, the phase foactind the radius decrease with time, until no
more AIN is found. The dissolution times are prégticto be 75 minutes and 7 minutes at 970°C and
1020°C, respectively. At even higher temperatunesnely 1070°C and 1120°C, AIN particles are
dissolving during the first seconds of austenit@atand are thus not represented in Figure 3.t8. T
interfacial energyp is not time-dependent, however it slightly changés temperature, from 0.47
J.m? to 0.49 J.nt at 920°C and 1020°C, respectively.

From these results alone, it appears clearly tiatinited growth at 970°C and the slow growth
at 1020°C cannot be induced by Zener pinning, sikibeparticles dissolve during soaking at these
temperatures. In particular, no change in grairwgnokinetics can be associated to the end of
dissolution of AIN at 970°C.
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Figure 3.19: Evolution with time and temperature of the voldraetion f and the particle radiusr
of AIN patrticles as predicted by calculations.

3.1.4 Results and discussions

AIN particles are assumed to be cuboid shaped {G&tefore parametdr can range from 0.5 to
4.5 depending on their orientations with respe¢h&grain boundary and their coherency with both
the shrinking and the growing grains, as repomteskection 1.2.1. Figure 3.20 shows the evolution of
the Zener pressure for these two limiting valuéhefpinning parameter, with holding time at 920°C,
970°C and 1020°C.

As expected from Figure 3.19, the pressure decseafib increasing holding temperature and
time. At 970°C and 1020°C, no more Zener pressueetd AIN is effective after 7 minutes and 75
minutes, respectively, due to dissolution of AlNrtmdes. One should notice that even with the
highest possible value of the pinning parameter Abner pressure at 920°C ranges from 0.035 MPa
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to 0.02 MPa att = 0 and t = 120 minutes, respelstiVAs seen in Figure 3.18, the driving pressure
corresponding to the maximal grain diameter at @20%®. 25 um, is 0.08 MPa, twice as high as the

maximal possible Zener pressure. Thus, limited ¢incav this temperature is not induced by a Zener
pinning effect.
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Figure 3.20: Evolution with time of the Zener pressure fortilie extreme values of the pinning
parameter kat 920°C, 970°C and 1020°C.

To further illustrate this result, it is intereggito apply equation (3.42) at this temperaturegisin
the equilibrium values of andr, at 920°C. For pinning parameters ranging from t0.2L.5, the
maximal grain size ranges from 140 umto 1.2 mm.

As a conclusion, Zener pinning is not responsildme for the limited austenite grain growth
observed at 920°C and 970°C. However, at 920°G, dbntribution is not negligible and must be
taken into account for further modelling of gramogth. In the next section, the effect of solutagir
is now taken into account in order to investig&tecontribution to the grain growth kinetics.

3.2 Modelling solute drag during austenite grain growth
3.2.1 Selection of values of diffusivityX and binding energyEo

Molybdenum is commonly seen as an element thatircdurce solute drag [68] due to its large
atomic mismatch with the austenite matrix, and mown for segregating at austenite grain
boundaries [69-71]. In 2.25 Cr — 1 Mo steels, agraye concentration of 2 at% Mo was measured
at the prior austenite grain boundaries after aitstation at 1150°C for 2 hours followed by water
qguench [22]. While the authors suppose that a lameunt of this segregation occurred upon
guenching, at least some of this molybdenum max lsagregated during austenitization.

The diffusion coefficient of molybdenum in austendand the binding energy of molybdenum
with the austenite grain boundary have to be detexunin order to determine and f from
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3. Modelling limited growth mechanisms

equations (3.37) and (3.38). The diffusion coediitifor molybdenum in austenite in criis given
by Ham as [72]:

X Moy = 0.482 exp <— 269833)

=T (3.44)

where T is in Kelvin andR is the gas constant. Reported values for the hgndinergy are
summarized in Table 3.2 and can range from 0.01oeVeV. However, Enomoto et al [73] showed
that segregation of molybdenum atoms at austendti& ¢poundaries was enhanced by the presence
of carbon, as shown in Figure 3.21. Thus, in thiefiong study the binding energy of molybdenum
should account for this interaction, and theretbeeeffective binding energy is likely in the rangfe
0.2eVupto0.5eV.

The other model parameters are the atomic soluteetration of Mo in the bulkCo = 0.006
(1.11 wt%), the lattice parameter of austenstes 0.36 nm, and the effective boundary thickness
which is assumed to le= 0.5 nm.

Source Binding energyEo (eV) Note
[21] 0.01 Extracted from literature data on Mo-P interaction.
0.2 The first value corresponds to the binding energy

of molybdenum alone, while the second one is an
effective energy accounting for the carbon

interaction.
[73] 0.15+0.03 Extracted from experimental measurements on
(0.18 £ 0.03) Fe-C-Mo steels, using a binding energy for carbon
of 0.2 eV (0.1 eV). Austenitic matrix.
[74] 0.17 Used in the modelling of the SDLE in aGévio

system (See Chapter V).
Austenite/ferrite boundary

[70] 0.29 £ 0.02 Effective binding energy extracted from
experimental measurements in Fe-C-Mo steel at
800°C. Ferritic matrix.

[75] 0.31 Predicted for 11% Cr — 0.5 Mo steel.
Ferritic matrix.

[76] 0.43 Predicted using strain-fields arguments.
Austenitic matrix.

[77] 0.5 Effective binding energy accounting foe th

interaction with carbon at 600°C.
Austenite/ferrite boundary
[78] From 0.45t0 1.3 Ab-initio calculations atfeifent locations on a
grain boundary. Austenitic matrix.
Table 3.2:Summary of available literature data on the bigdenergy of molybdenum with a grain
boundary
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Figure 3.21 Equilibrium amount of molybdenum segregated atewite grain boundary with and
without the effect of Mo-C interaction. Frdi8].

3.2.2 Setting up the model

By combining equations (3.1), (3.7), (3.22) andB63.the grain boundary migration rate can be
calculated as follows:

1dD _

STV = M(P;— P, — P;,,) (3.45)
1 f C()(Z v )
v=M(kyy,——k,v,——————
< dygD ryprp 1+ (ﬂ U)2 (3.46)

One should notice that among the total pressuré&ibations, the Zener pressuRe is the only
one which value is not dependent of grain sizenoitotime derivative, although it evolves with &m
due to an evolution of pinning particles themsel&ssuming that for each time stepthe grain
diameterD; = Di.1 + 2vidt and thatP; = P4(i), then equation (3.46) can be written as a fodegree
polynomial of the grain boundary velociyfor each time step such as:

Vol + V30! + Vav? + Vi + V=0 (3.47)

where the expressions @4, V1, V2, V3 andVs are given in equations (3.48), (3.49), (3.50%13.and
(3.52), respectively.

Vo= kgyg — P()D;_; (3.48)
V) = —2P,(i)dt — D;_y (Coa + M") (3.49)
Va = (Karg = Po()D;_y) p* = 2d1(Cpar + M) (3.50)
v, = —/32<D,._1M—1 + 2dth(i)> (3.51)
Vy= —2p*dtM™! (3.52)
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3. Modelling limited growth mechanisms

Parameterky and yg remain the same as discussed in the Zener pirmiodel. The Zener
pressureP; is calculated with a pinning parameter= 3, which is the average value for cubic
particles considering the results from section 11.Results from MatCalc were fitted using an
exponential law as a function of time in order &wé a value oP; for each tima. The time stepit
was set to 0.1 second. The initial austenite gsaaa was set t®o = 20 um based on experimental
measurements, and the initial velocity was assuimédx 0.01 pm:5 The mobilityM was taken as
an adjustable parameter with temperature.

An algorithm was developed in order to resolve &#qua3.47) for each time stapi > 1, using
the Newton’s method. Since equation (3.47) has pagsible roots, the algorithm was told to select
the root closer to that of time stepl). As a mean of verification, the equality (3.4#s checked
once the calculation was finished. The relativeatepe from equality is in the range of 1%, thus
considered as negligible.

3.2.3 Results and discussion

Results

Comparison between model predictions using theegabfM andEo summarized in Table 3.3,
and experimental measurements is shown in Fig@2 ¥ery good agreement is found. The model
can thus be used to examine the contribution aftearag to the grain growth kinetics.

Temperature 920°C 970°C 1020°C 1070°C 1120°C

M (102.m*.J1s?) 0.05 0.12 0.19 0.4 0.75

Eo (eV) -0.45 -0.43 -0.42 -0.30 -0.10
Table 3.3:Mobility M and binding energydadjusted on experimental data for each temperature
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Figure 3.22:(a) Comparison between austenite grain size adigied from equation (3.47) (plain
lines) and experimental measurements (symbolsguvdtion of grain boundary velocity with time
for all temperatures.

72



Chapter Ill: Experimental characterization and ntloae of austenite grain growth

One should notice the abrupt change in regime guiriei 3.22 at 920°C and 970°C from high to
low velocity, resulting in limited growth. This chge happens sooner at 970°C, since the diffusivity
of molybdenum is higher at this temperature andefioee shifts the critical velocity towards higher
values, as seen above. At higher temperaturesucdo shange in regime is observed, since the
binding energies are too low to induce limited giiow

Figure 3.23 shows the contributions of each difféipressure on the total pressure exerted on the
grain boundary at 920°C, 970°C, 1020°C and 10701 case at 1120°C is not represented since
growth is only linked to the driving pressure. A09C and 970°C, a brutal increase in pressure due
to solute drag is observed, resulting in a droghim total pressure which becomes very low. At
1020°C, the solute drag pressure increases quiakiiytime then decreases, leading to a decrease in
total pressure and thus slowing down of growth. $ame phenomenon occurs at 1070°C, but the
solute drag pressure is lower.
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Figure 3.23: Contributions from the different pressures exedradhe grain boundary at different
temperatures.
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3. Modelling limited growth mechanisms

Mobility

The adjusted values of mobility are in the sameood magnitude as those reported for austenite
grain growth accounting for solute drag and Zenenipg in an oxide dispersed strengthened Fe-Cr
at 1350°C, namely, 0.4x18m*J1.s* [79].

The temper ature dependency of the obtained vatuesll fitted by an Arrhenius equation as
predicted by equation (3.2), whevk = 4.67x1¢ m*.J1.s andQ = 182 kJ.mol, with a correlation
coefficient of 0.99. As already stated in sectioh, this activation energy is usually assumed to be
within the range of 170 kJ.méli.e. the activation energy for boundary diffusiohiron atoms in
austenite, which is in rather good agreement vinghvialue deduced from calculations.

Binding energy

Binding energies used in the calculations are enupper limit of the expected range, which is
consistent with the assumption that they repres#fattive binding energies accounting for the co-
segregation of carbon and molybdenum. Best reswdte obtained with a binding energy varying
with temperature, namely, the binding energy desgedor temperature equal to or higher than
1070°C. This can be explained using different aggioms:

* As shown in Figure 3.21 in section 3.2.1, the amafirmolybdenum segregating increases with
the amount of carbon. Similarly, the carbon segregaat austenite grain boundaries increases
due to the co-segregation of carbon and molybdermsvshown in Figure 3.24. Moreover, this
amount of segregated carbon and molybdenum desresgb temperature. Assuming that
effective binding energy of molybdenum to grain bdaries is a function of the amount of
segregated carbon, the decrease in binding enetigynereasing temperature appears credible.
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Figure 3.24: Equilibrium amount of carbon segregated at auseegrain boundary with and
without the effect of Mo-C interaction. Frdi#8].

* One of the strong uncertainties in these calculatis the grain boundary energy, since the
considered value is an approximate one. Moreovegnioto et al showed that the boundary
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Chapter Ill: Experimental characterization and ntloae of austenite grain growth

energy decreases when the amount of carbon andbderiym segregating at boundaries
increases [73]. Thus, the boundary energy is likelgecrease with decreasing temperature. As a
result, the driving pressure would decrease toavedkas the retarding pressure needed to induce
limited growth. Accounting for these consideratiorte variation of binding energy with
temperature might only be an artifact from caldols, necessary for counterbalancing the
assumption about temperature-independent boundarge

* Another possibility is that, as already stated, ittieractions between neighboring grains are not
taken into account. Such interactions lead to aedese in the driving pressure, thus the binding
energy inducing limited growth would be lower, &gady discussed.

All these three considerations are likely to cdnite to the rather high binding energies at lower
temperatures and their strong evolution with terapge. Nevertheless, the solute drag of
molybdenum cannot be neglected in the limited owsd down growth of austenite grain, and the
current model gives satisfactory results.

4. CONCLUSION

The equations describing austenite grain growtlehmaen summarized and applied to the studied
material in order to understand the experimentddigrmined evolution of austenite grain size.

Experimentally, limited growth is observed at 9208@d 970°C, while at 1020°C the growth is
only slowed down. At higher temperatures, the ghokihetics appears to be parabolic, i.e. only
driven by the diffusion of iron atoms across theitaary. No abnormal growth is observed. While
some Zener pinning induced by AIN particles exa&t®920°C, this phenomenon is not responsible
for the observed limited grain growth due to thieo low phase fraction. More likely, the solutegira
of molybdenum atoms is responsible for the limitadl slowed down growth. The scale of this
solute drag phenomenon is temperature-dependémer eiue to the co-segregation of molybdenum
and carbon at grain boundaries or is a result entiisestimation of the grain boundary interfacial
energy. Nevertheless, grain growth as predictecdnpunting for Zener pinning and solute drag
gives satisfactory results.

However, the effect of the growth of surroundingigs on the driving pressure is not taken into
account, while this effect is obviously not nedbigi. Such phenomenon would result in a decrease in
the driving pressure, and thus in a decrease imékessary binding energy inducing limited growth
due to solute drag. It would be interesting to actdor these topological effects in further wokk.
possible result would be that no more solute draglevbe necessary to induce limited growth, thus
the binding energies at lower temperatures wowdd bé lower.

An interesting observation from these results & #ustenitization at 920°C for 30 minutes and at
930°C for 1 hour result in a similar austenite graize, around 25 um. Thus, the change in bainitic
hardenability observed between these two conditiastriggered by something else. This
phenomenon will be discussed in the next chapter.
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Chapter |V: Effect of austenitization conditions on
the material properties after cooling and
tempering
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In this chapter, the decomposition of austenitenuglifferent cooling conditions representative of
an industrial hollow component is studied. The wstructural and mechanical properties after
cooling are investigated, as well as the effecboth austenitization and cooling on subsequent
tempering.

In a first part, a literature review is presentad the effect of austenitization conditions, and
therefore the austenite grain size, on the resuitiircrostructure after cooling and tempering ad wel
as the tensile and impact toughness properties.skecond part, the material behavior upon cooling
at different rates of interest after different aumstization conditions is studied. In particulamot
mechanisms are proposed in order to explain tHerdrifce in the ferrite phase fraction formed from
a similar austenite grain size during cooling undkee same conditions, but for different
austenitization durations as already reported iapBdr 1. From the eight studied austenitization
conditions, a first selection of three most promgsiconditions is done regarding the industrial
requirements, i.e. the homogeneity of propertiesuphout the thickness for a hollow component.
The microstructures obtained after a quarter thesknequivalent cooling from these three
austenitization conditions are then more thorouginlyestigated, as well as their tensile and
toughness properties. From these investigations,amstenitization condition is eventually selected
for the subsequent study of tempering, which i®rea in the next chapters.
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1. Literature review

1. LITERATURE REVIEW

This review aims at summarizing the effects of anisization conditions, and therefore the
austenite grain size, on final microstructures @52Cr — 1 Mo steels after cooling. Its effect on
tensile and toughness properties is also considered

1.1 Effect of austenitization temperature on austenitedecomposition upon
cooling

An increase in austenite grain size results in dt € the ferritic and 100% martensitic
transformation domains towards slower cooling rfiés 20f3 as shown in the CCT diagram in
Figure 4.1. Lower critical cooling rates resultimga fully bainitic microstructure are respectively
1.5°C/s, 0.3°C/s and 0.2°C/s, respectively aftstenitization at 975°C, 1100°C and 1200°C.
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Figure 4.1: Effect of austenitization temperature on 2.25Creldteet CCT diagram (fronfi10]).
Austenitization time: 30 minutes. D: Austenite grsize, A: Austenite, B: Bainite, F: Ferrite, Ms:
Martensitic transformation start temperature.

During the austenite-to-ferrite transformation, tmest favorable nucleation sites for ferritic
germs are the austenite grain triple junctions.r€saaustenite grains decrease the area of grain
boundaries per volume of material, thus the demdityucleation sites.

This shift of the ferritic domain allows understarg the extension of the 100% martensitic
domain: since the rate of diffusion-controlled s&mmations of austenite is reduced, martensite can
be formed at slower cooling rates. However, th& ghithe ferritic transformation domain is usually

2 Steel composition of reference [10], in wt% : 0©90.93 Mn, 0.25 Si, 0.006 S, 0.010 P, 2.35 Cr, M0850.008 N.

3 Steel composition of reference [20], in wt%: 0@40.15 Mn, 0.26 Si, 0.004 S, 0.004 P, 2.48 Cr, M@2 0.20 Ni, 0.12 Cu,
0.010 Al, 0.0075 N
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Chapter IV: Effect of austenitization conditionstbie material properties after cooling and temggerin

more pronounced than the one for the martensditstormation, thus increase in the austenite grain
size generally leads to an increase in bainitidé&ability.

1.2 Morphology of cooled microstructures

The austenite grain size can influence the sizeniofostructural units after cooling, such as
bainitic packets or martensitic laths. First of @lishould be pointed out that two kinds of bamit
packets can be differentiated: so-called “morphickalyy packets and so-called “crystallographic”
ones. The first ones correspond to packet of mdrédkths of ferrite or martensite and may be
characterized by optical microscopy, while the selcones correspond to packet of laths which
share similar crystallographic orientation. Fromtatiegraphic cross-sections, the crystallographic
packet size can be up to 3 times smaller than tbgmelogical one [80]; Figure 4.2 shows a
comparison between both kinds of packets on a €25 1 Mo steel close to that of the present
study. The crystallographic packet is a key matg@asameter regarding toughness properties since
such packets are the microstructural units comigitleavage crack propagation [81]. However, it
should be pointed out that the bainitic lath s&ebre representative for the tensile properties.

(b)
Figure 4.2: Comparison between (a) SEM observations of moggcdl packet and (b) EBSD
mapping of crystallographic packets in the sameamgArrows show the same location on both
images. Fronj82]

As a general rule, the bainitic packet size dee@®agth the austenite grain size until both sizes
coincide. In other words, a large enough austegiggn can be transformed into several bainitic
packets, while a bainitic packet cannot be biggantits parent austenite grain [83], unless it grow
into several parent grains simultaneously. Theuerice of austenite grain size on the bainitic packe
size has been reported by Bouyne in 2.25 Cr — 1tdels [82]. Increasing the austenite grain size
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tends to raise the bainitic packet size, but noarcleorrelation was found: the average
crystallographic bainitic packet diameter is respety 7.6 um and 8.5 um for a prior austenite
grain diameter of 25 um and 105 um, respectfvajowever, these values have to be carefully
considered since the 3D morphology of a bainitickea is complex. Thus, in a cross section
analysis, what appears to be several packets daallsgicbe a single packet. Moreover, a slight
increase in crystallographic packet size might biicsent to decrease toughness properties. This
issue will be addressed in more detail in sectidn 1

1.3 Carbide precipitation

No literature results were found on the effect abtanite grain size on the microstructural
evolution during tempering for bainitic microstrusts. However, Chang & Kai [84] measured the
amount of metallic elements in cementiteE@recipitated into tempered martensitic 2.25CMo1l
stee? after tempering at 500°C, 600°C and 700°C for drhafter different austenitization
conditions. It appears that the austenitizationpterature only has little effect on the chemical
composition of carbides for a given tempering coadi

1.4 Effect on mechanical properties

Several authors reported the effect of the austatibn conditions on the yield strength (YS), the
ultimate tensile strength (UTS) and the elongatibfracture of fully bainitic 2.25 Cr — 1 Mo steels
[20, 82, 84]. Parameters for each study are sumaethrin Table 4.1. They all concluded that the
austenitization conditions have no direct impactimse mechanical properties. However, Ishiguro
concluded that, with an addition of vanadfymn increase in the austenitization temperatiseltse
in a slight decrease in ductility, i.e. an increasdensile and yield strengths and a decrease in
elongation and reduction of area at fracture [3Bjs was attributed to larger amounts of vanadium
available for precipitation during subsequent tenmgedue to dissolution of V(C,N) precipitates
when the austenitization temperature increases.

Sato et al. also conducted a study on the effeatisfenite grain size on the impact toughness of a
2.25 Cr — 1 Mo steel [20]. The Fracture Appearah@nsition Temperature (FATT), at which 50%
of the fracture surface is ductile, was determibgd/-notch Charpy tests. Tests were performed at
10°C or 20°C intervals, using two or three specisnpar temperature, for a total amount of 15
specimens. A low FATT leads to best impact toughmeeperties. The heat treatments are the ones
given in Table 4.1. Unlike UTS or YS, the austeuitain size and impact toughness are interrelated,
as the FATT increases from -30°C to -15°C whenahstenite grain size increases from 90 um to
310 um. While such small variations might not apségnificant, similar results were obtained for a
2.25 Cr—1 Mo — 0.2 V steel [35] and Bouyne foen®BTT of -30°C and -20°C for an austenite

4 Steels composition of reference [82], in wt%:
- 25 um PAG size steel: 0.14 C, 0.10 Si, 0.54 M@08.S, 0.004 P, 2.25 Cr, 1.01 Mo, 0.07 Ni, 0.05 CaQ® Al, 0.005 V
- 105 um PAG size steel: 0.14 C, 0.24 Si, 0.24 0803 S, 0.003 P, 2.49 Cr, 1.08 Mo, 0.15 Ni, 0.06012 Al, 0.008 V

5 Steel composition of reference [84], in wt% : 0,00.24 Si, 0.47 Mn, 2.12 Cr, 0.90 Mo, 0.025 Ni,06.¢/

6 Steel composition of reference [35], in wt%: 0@,00.02 Si, 0.54 Mn, 0.007 S, 0.009 P, 2.30 Cr, 8870.11 Ni, 0.21 V, 0.010
Al, 0.022 Ti, 0.002 B, 0.009 N
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grain size of 25 um and 105 um, respectively [8R]general conclusion is that mechanical
properties are better when the austenite grainisigmaller. This influence is explained by changes
in the unit cleavage crack path.

Ref Heat treatments PAG size (um)  Testing conditian

[20] 1050°C/1200°C - 2h 90/ 310 Tested at room temperature
Cooling at 5°C/min 1 test per condition
Tempering 690°C - 19h

[82] 925°C -5h40 25 Tested at 9 temperatures ranging
Water quench from -200°C to room temperature
665°C — 7h40 + 635°C - 6h 1-2 tests per condition per
1100°C - 1h 105 temperature
Air quench
685°C — 7h20 + 645°C — 15h

[84] 950°C/1000°C - 0.5h Unknown Tested at 300°C
Water quench 1 test per condition

As-quenched or 400°C /
500°C / 600°C / 700°C — 1h
Table 4.1:Heat treatments, prior austenite grain size argditg) conditions for the reported tensile
tests.

Based on all these considerations, the choice efatistenite grain size must be a compromise:
small grains might lead to lower bainitic hardehghiwhile coarser grains could be detrimental to
the toughness properties of the material. Morem&glready stated, the austenite grain size neust b
constant for austenitization durations ranging frbimour to 2 hours in order to ensure homogeneous
microstructural and mechanical properties throunghthickness.

2. EXPERIMENTAL STUDY

2.1 Choice of experimentally studied austenitization aaditions

The choice of austenitization conditions to be stigated was based on several considerations,
explained as follows.

During industrial manufacturing, the austenitizattone is not the same throughout the thickness.
To get a homogeneous grain size, one should expecthe optimal austenitization temperatures are
the one where limited growth occurs, i.e. lowemtd®00°C as seen in Chapter Ill. Thus, it was
decided to conduct the study at austenitizationptatures of 920°C and 970°C; this first
temperature was selected as a reference, sin€éeGfediagram after austenitization at 920°C for 30
minutes had already been studied as reported ipt€hH. Besides that, this temperature is close to
the austenitization temperature used for the raterematerial, namely, 930°C. Two additional
austenitization temperatures, 1020°C and 1070°@e aiso chosen in order to emphasize the effect
of higher austenite grain size on the microstrucaifter cooling.
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It was shown in Chapter Il that the microstructguenched at the mid-thickness equivalent
cooling rate after an austenitization at 920°C & minutes was different compared to the
microstructure of the actual mid-thickness of teeerence material, which had been austenitized at
930°C for 1 hour. This observation is quite staglisince the austenite grain size of both
austenitization conditions is expected to be simigaound 25 pum as seen in Chapter Ill. This
suggests that the austenitization time has anteffeache austenitic phase, which is not directly
reflected in the austenite grain size. Thus, twstenitization durations were systematically studied
for the four temperatures in order to investighis phenomenon: 30 minutes and 1 hour. As a result,
a total amount of eight different austenitizati@mditions were studied. The corresponding values of
austenite grain size, as experimentally determiné&thapter Ill, are summarized in Table 4.2.

920°C 970°C 1020°C 1070°C
30 minutes 25 pum 30 um 35 um 55-60 um
1 hour 25 pum 30 um 40 pm 75-80 um

Table 4.2:Average austenite grain size diameter as expetatignmeasured for the eight
austenitization conditions investigated in this joteat

Industrially, optimal austenitization conditions shdead to fully bainitic microstructures for
cooling rates ranging from 0.3°C/s to 3°C/s. Theliog rate experienced by the mid-thickness
region of the component (0.5°C/s) was not usecis study since it is too close to the value of
0.3°C/s one. Instead, an intermediate cooling o&t&°C/s was chosen because it was expected to
lead to a fully bainitic structure independentlyanfstenitization conditions, since it is in the diel
of the bainitic transformation domain in the CChRgliam as determined in Chapter Il. Since the
mechanical properties of the material are testéer abmpering, each cooled microstructure was
investigated before and after a tempering heatnvexat at 675°C for 5.5 hours followed by a stress-
relief heat treatment at 625°C for 16 hours. Samplere air cooled after both heat treatments. These
heat treatments are similar to the ones conductdereference material, thus comparison between
the studied conditions and the reference matesialbe made regarding only the austenitization step.
Samples that underwent such heat treatments witlhbed quenched+tempered, in opposition with
the as-quenched samples. All further investigatisere made using blank specimens as described in
Chapter Il. Austenitization and cooling were penfied in a dilatometer in order to ensure a precise
control of the temperature. Tempering and strefisvieg heat treatments were performed in batches
in an electrical furnace.

2.2 First investigation: effect of austenitization condtions on the
decomposition of austenite upon cooling

The microstructure after cooling from the eightfeliént austenitization conditions was
characterized by means of optical microscopy anddriess measurements. The austenite
decomposition upon cooling was studied thanks éodifatometric curves. It should be pointed out
that these dilatometric measurements were donearge Isamples at the limit of the extensometer
range, thus dilatometric curves are not availalbe &ll studied austenitization conditions.
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Chapter IV: Effect of austenitization conditionstbe material properties after cooling and temgrin

Additionally, kinetics of transformation are notepented since several experimental errors were
susceptible to take place upon these tests. Thasymetric curves were only used in order to asses
the presence of ferrite in the material and amedton of the bainite start temperatie

To address the industrial part of this project,ufavas made on characterization of partial
decomposition into proteutectoid ferrite. For tlaeng reason, hardness values after tempering were
compared to those of the reference material.

2.2.1 Lowest cooling rate (0.3°C/s)

Figure 4.3 shows the dilatometric curves upon ogpét 0.3°C/s from different austenitization
temperatures for 30 minutes and 1 hour. The 1020°C hour curve was not available due to
abovementioned technical issues. With the excepifoaustenitization at 1070°C, which leads to
fully bainitic microstructures independently of thestenitization duration, samples cooled at 08°C/
consist of a mixture of ferrite and bainite.
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Figure 4.3: Dilatometric curves upon cooling at 0.3°C/s froifietent austenitization temperatures
for 30 minutes and 1 hour. Insets (a) and (b) areed views of ferritic and bainitic
transformations, respectively.

One should notice that for this cooling rate, tleerific transformation temperature range
becomes narrower with increasing the austenitinagonperature: at 1020°C for 30 minutes only a
slight deviation is observed. The austenite-tolierstart transformation temperatufeis the same
for all conditions where ferrite precipitation ocsu around 790°C, and the transformation end
temperaturd~ remains the same for the 920°C — 1 hour, 970°Cheur and 970°C — 30 minutes
conditions, namely, 720°C. For these three conaitiohe amount of ferrite formed, i.e. variation of
length dL/L between these two temperatures appatse similar. When considering the curve
resulting from an austenitization at 920°C for 3unes, theFs temperaturerops to 680°C, lower
than for the sample austenitized for 1 hour at tbmperature. Moreover, the amount of ferrite
formed is clearly higher than the one for the saauistenitized for 1 hour at this temperature. Thus
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at 920°C, the austenitization time has an influemcehe ferritic transformation while the austenite
grain size is similar, as hinted in Chapters Il #ihdThe values of thds temperature are consistent
with these observations: they remain the samelfaroaditions (520-530°C) with exception of the
920°C — 30 minutes conditions for which it dropsvdoto 500°C. This is more likely due to the
formation of ferrite which leads to carbon enriclmhén austenite. One should also notice that,
whatever the austenitization conditions except¥20°C — 30 minutes and 1070°C — 1 hour, the
slope of the curve is steep at the beginning oftttiesformation, but abruptly decreases before the
end, indicating a drop in transformation rates @lihis almost a stasis in certain cases, e.g., 1020°
— 30 minutes and 1070°C — 30 minutes).

To confirm the interpretations made on the ferritansformation, the area fraction of
proeutectoid ferrite was determined from opticatnographs by image processing using ImageJ
software. Samples were etched using Nital 2%; rgiegohs were taken at an intermediate
magnification at the core of samples, far fromdleearburization layer. Image size is 650 pm x 875
pm with 0.42 um/px; one representative picture w&en by condition. Images were then binned
and a threshold was applied in order to separatatdgdark) from ferrite (bright), as shown in
Figure 4.4. The choice of the threshold value kegparameter since the wide range in grey levels
exhibited by bainitic ferrite can induce deviatidnsmeasurements. By using a high threshold, one
only takes the proeutectoid ferrite into accountt bne also underestimates the total ferrite area
fraction by eroding the ferrite grains. On the otheand, using a low threshold leads to
overestimating the ferrite fraction since the banferrite is partly taken into account in the
estimation.

970°C - 30 mir

1020°C- 30 mir | 1620°C-1+k

1020°C- 30 mir

(b)
Figure 4.4: Optical micrographs after cooling at 0.3°C/s fafferent austenitization conditions. (a)
Optical micrographs, (b) Binned images using thedothreshold.
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Chapter IV: Effect of austenitization conditionstbe material properties after cooling and temgrin

The influence of austenitization condition on tlequtectoid ferrite fraction is shown in Figure
4.5. The two values per condition correspond taltesobtained using the two abovementioned
thresholds. One should also notice that the frastigiven in Figure 4.5 are lower compared to the
one indicated in the CCT diagram in Chapter Il.sTisidue to the fact that the decarburization layer
did not significantly influence the current measneat, since the samples size was much larger than
that of samples used in Chapter 1.

As expected from the dilatometric curves, the draetion of ferrite decreases with increasing
the austenitization temperature, e.g. with incrggashe austenite grain size: at 1070°C, no ferrite
was observed after cooling, while between 3-4%téewere found after an austenitization at 970°C,
independently of the austenitization time. Moregwerage analysis confirmed that more ferrite had
formed upon cooling after austenitization at 920/€€ 30 minutes compared to the 1 hour
austenitization, which confirm the strong effectafktenitization time already reported.
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Figure 4.5: Variation of ferrite area fraction with austeniizon temperature and time after cooling
at 0.3°C/s as determined by image analysis. Experiat points are slightly shifted for a given
austenitization temperature for more clarity.
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This difference in the ferrite fraction while sitag from similar austenite grain size could be
induced by a change in the grain boundary chemistrgonclusion of Chapter Il was that austenite
grain growth was limited at low temperature by duto drag effect due to the segregation of
molybdenum atoms at austenite grain boundariespiigebeing a ferrite-stabilizer, molybdenum is
well-known for increasing the bainitic hardenalyilitf steels [85, 86] by impeding ferrite nucleation
and growth.

As already postulated when discussing the bindingrgy of molybdenum with the grain
boundary, a co-segregation of both molybdenum ardon atoms likely takes place at austenite
grain boundaries due to their strong affinity wegach other. As already stated in Chapter llI,
Enomoto et al. calculated the segregated amoumha¥bdenum and carbon at austenite grain
boundaries in a Fe-0.44C-1.95Mo at several tempesit[73] as summarized in Figure 4.6.
Different hypotheses were tested in these calauati equilibrium concentration with carbon-
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molybdenum-boundary interactions (solid curves) apdraequilibrium composition during
guenching from 1300°C to room temperature (dashedes). Atomic bulk fraction of carbon and
molybdenum are respectively 0.02 and 0.01. As diredated, the molybdenum concentration in
boundaries at equilibrium decreases with increaténgperature. Molybdenum tends to reduce the
activity of nearby carbon, thus decreasing itsugibn coefficient [87], explaining the large amount
of segregating carbon. The paraequilibrium curvanteresting, since it shows that the boundaries
become slightly enriched in carbon upon cooling.
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Figure 4.6: Concentration in (a) molybdenum and (b) carboawdtenite grain boundaries as a
function of the temperature. Plain lines are edpilim concentration when accounting for the co-
segregation of molybdenum and carbon, dashed &neshe concentration assuming

paraequilibrium composition upon cooling from 13CG0From[73].

Let us now consider that this co-segregation dupiuim is not reached after 30 minutes at 920°C
in the studied steel, although enough molybdenwomsthave segregated to induce limited austenite
grain growth, as shown in Chapter Ill. After 1 hati©920°C, the grain boundary would then become
richer in molybdenum and carbon, the half free-mpath of molybdenum in austenite after 30
minutes at this temperature being 0.4 pum, usingliffesion coefficient used in Chapter Ill. Thus,
grain boundaries would exhibit different chemicahpositions regarding the austenitization time at
this temperature. Assuming a paraequilibrium caplithese assumptions would remain true when
the ferrite transformation occurs. On the otherdhat temperatures equal to or higher than 970°C,
this co-segregation equilibrium is reached soonee ¢o the higher half free-mean path of
molybdenum and the lower equilibrium concentratidius, at these temperatures, the grain
boundary chemistry would not evolve between 30 meisiand 1 hour of austenitization.

Based on these considerations, two mechanisms eaprdposed to explain the observed
difference in ferrite fraction with austenitizatibme at 920°C:

» Since ferrite nucleates preferentially at austegii@n boundaries, one could imagine that this
increase in carbon content at these sites inH#itde nucleation.
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Chapter IV: Effect of austenitization conditionstbe material properties after cooling and temgrin

* In the case of ferrite growth into austenite, whiglriven by carbon diffusion, an accumulation
of molybdenum at the ferrite/austenite boundaridk decrease the diffusivity of carbon atoms
located in the nearby austenite, until the growgbdmes only driven by molybdenum diffusion
[88]. This phenomenon, i.e. the solute drag-likeaf(SDLE), can take place in Fe-C-Mo steels
as postulated by Kinsman & Aaronson [89]. It diéférom the solute-drag in the way that atoms
do not diffuse toward boundaries, but the boundasigeep atoms in the matrix that then remain
segregated, hence its name. It has since thenvoieety studied and experimentally confirmed
[69, 74, 90, 91], and for instance is held respaasior the bainitic stasis upon step-cooling in
Fe-C-Mo steels, assuming that the bainitic trams&tion is diffusive. SDLE has also been
highlighted during the ferritic transformation upoontinuous cooling at 1°C/s in Fe-C-Mn steels
[92] and Fe-C-Nb steels [93]. Limited growth ofrfex is expected to happen when the steady-
state concentration of molybdenum is reached ateanitg/ferrite interphases. Since ferrite
nucleates preferentially at austenite grain bouedaan initially large amount of molybdenum at
these interfaces implies an initial enrichmentustenite/ferrite interphases after nucleation. Thus
the steady-state concentration, and thereforeintieet growth regime of ferrite grains, is likely
to be reached sooner as more molybdenum has segtegaustenite grain boundaries.

These two mechanisms reduce the ferrite transfoomait two different steps: the first one

impacts ferrite nucleation, while the second onat$ ferrite growth. However, the simil&s and
differentFr temperatures determined after austenitizatior2@t®© for 30 minutes and 1 hour suggest
that the variation in ferrite fraction is due tcadige in growth rate rather than in nucleation f22¢.
In either way, segregation of molybdenum and car@bprior austenite boundary is likely to be
considered as responsible for the change in habidlgpaNo chemical quantifications were made to
support these hypotheses on the ferritic transfoomadue to the complexities of such analyses.
However, if the previous assumptions are true,shrald find a strong enrichment of molybdenum
at the prior ferrite/austenite interphases aft@ling interrupted by quenching.

However, observations of the bainitic stasis upoaling are consistent with the occurrence of
SDLE. According to the SDLE theory, the maximalctran of formed bainite upon step cooling
increases when the temperature of the isotherrapldecreases [69]. Given the low cooling rate, the
material stays in the temperature range for bairinsformation for more than 10 minutes. A
continuous cooling can be seen as a successidrodfisothermal steps, thus one might assume that
at some point upon cooling the bainite transforamais controlled by the molybdenum diffusion,
leading to the stasis. When the temperature cosdirto decrease, the maximal possible bainite
fraction thus increases and the transformatiorarestAfter austenitization at 920°C — 30 minutes
and 1070°C — 1 hour, no such phenomenon is obsewdn looking at the dilatometric curves,
these two conditions result inBa similar or lower to the temperature at which ttesis is observed;
thus this latter cannot occur.

For all conditions, hardness values range from B¥5to 345 HV in the as-quenched states;
values are between 200 HV and 220 HV after tempeffifigure 4.7). One should notice that the
hardness values are slightly lower for the austetion at 920°C, due to the non-negligible amount
of ferrite. Other austenitization conditions seenmave little effect on hardness both after quamghi
and after tempering.

87



2. Experimental study

400 4 ©t=30 minutes
ot=1 hour

%<§$<}

w

a1

o
1

Hardness (HV5)
w
o
o

250 A
o & o
200 -
Quenched+tempereg
150 T T T T
920 970 1020 1070 0

Austenitization temperature (C)

Figure 4.7: Evolution of hardness with austenitization cormfis after cooling at 0.3°C/s, for both
as-guenched and quenched+tempered states.

As a conclusion, the material exhibits good basriardenability with a ferrite fraction inferior to
5% with the exception of the austenitization at®@@r 30 minutes, possibly due to a change in the
chemistry of the prior austenite grain boundariesvieen 30 minutes and 1 hour at 920°C.

2.2.2 Intermediate cooling rate (1°C/s)

Figure 4.8 shows the dilatometric curves for baitvdr temperature and higher temperature
austenitization; all other curves are not availahle to technical issues.
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Figure 4.8: Dilatometric curves upon cooling at 1°C/s fronfeliént austenitization temperatures
for 30 minutes and 1 hour. Insets are enlarged gief\bainitic transformation.
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No ferrite was ever observed, regardless the aitigiion conditions. The deviation from
thermal expansion at high temperatures for the ©70°1L hour condition cannot be due to ferrite
transformation, since a contraction is observeteat of expansion. The abrupt contraction at the
end of the bainitic transformation after austeatian for 30 minutes is likely another experimental
artifact, since a similar curve obtained for theTCdiagram presented in Chapter Il does not exhibit
the same features. The bainite start temper&uranges between 510°C and 530°C, the difference
being within the experimental error (namely, +1Q°Chese values are consistent with the CCT
diagram proposed in Chapter Il, wh&sgequals 520°C upon such cooling.

(b)
Figure 4.9: Optical micrographs after cooling at 1°C/s after austenitization (a) at 920°C for
30 minutes, (b) at 1070°C for 1 hour.
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Figure 4.10: Evolution of hardness with austenitization corutis after cooling at 1°C/s, for both
as-quenched and quenched+tempered states.

Microstructures resulting from extreme austenit@atconditions are shown in Figure 4.9. The
microstructure is coarser for larger austenitergrabut as expected from the literature review this
phenomenon does not impact hardness: it rangesert@40 HV and 360 HV after quenching and
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between 210 HV and 220 HV after tempering (Figud® As-quenched and quenched+tempered
hardness values are respectively consistent wilottes given for fully bainitic microstructures by
the CCT diagram and by the reference material stuidi Chapter I, namely, 360 HV and ~215 HV.

As a conclusion, the austenite grain size hasfactedn the bainitic packet size but neither on the
Bs temperature nor on hardness. However, for the neagplained in section 1.4, the increase in
packet size is expected to have an effect on toesghn

2.2.3 Higher cooling rate (3°C/s)

Microstructures after cooling at 3°C/s are mostiyniiic as shown by the dilatometric curves
upon cooling in Figure 4.11, however larger auséegrains lead to a mixture of martensite and
coarse bainite (Figure 4.12). When taking into aotdhe CCT diagram given in Chapter II, one
should notice that the 3°C/s cooling rate is thvedlst limit of the bainitic domain. Thus, any insea
in the austenite grain size might lead to martensansformation upon cooling, as stated in the
literature review (section 1.1). It should be sfpedithat one cannot differentiate bainite from the
martensite from dilatometric curves when both tfamsations occur during cooling, as already
stated in Chapter II.

However, the bainitic start transformation tempeam@Bsis lower than the one at 1°C/s and ranges
from 500°C to 520°C. This decrease in tBe temperature was already observed in the
martensite/bainite intercritical domain in the C@iagram from Chapter Il. Thus, all metallurgical
states cooled at 3°C/s, even from the lowest teatpess, are expected to contain some martensite.
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Figure 4.11: Dilatometric curves upon cooling at 3°C/s fronfeliént austenitization temperatures
for 30 minutes and 1 hour. Insets are enlarged gief\bainitic transformation.

Hardness values after cooling at 3°C/s are slighidgyer than for lower cooling rates, between
365 HV and 390 HV (Figure 4.13). This increase srdmess in the as-quenched samples is
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consistent with the presence of martensite. Sorfiereinces are observed between hardness values
after austenitization for the two durations at \&egitemperature. However, all variations are within
standard deviations which are due to the dual-phasere of the material, which suggest that the
martensite is not homogeneously distributed inntlagerial.

After tempering, the hardness ranges from 215 HZ230 HV, which is very similar to hardness
after tempering for the fully bainitic state (codlat 1°C/s). This can be explained by a similar
precipitation of carbides in bainite and in martensipon tempering; Chang & Kai have found
similar carbides in martensitic 2.25 Cr — 1 Mo ktkan in a bainitic one [84]. Moreover, dislocatio
recovery is likely to happen during a temper at°€7&nd could result in a similar softening for both
bainite and martensite.

Figure 4.12: Optical micrograph of structures cooled at 3°Cftenan austenitization at (a) 920°C
for 1 hour, (b) 1070°C for 1 hour.
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Figure 4.13: Evolution of hardness with austenitization corutis after cooling at 3°C/s, for both
as-quenched and quenched+tempered states.
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2.2.4 Summary: austenite decomposition upon cooling

Based on the previous results, the following cosiolis can be drawn:

» At 0.3°C/s, the microstructure is mainly bainitictlvsome ferrite. Except after austenitization at
920°C for 30 minutes, the ferrite fraction is lowt#ran 5% and therefore within industrial
requirements. The difference in ferrite fractioeafcooling between samples austenitized at
920°C respectively for 30 minutes and for 1 houn d¢s explained by the molybdenum
segregation at austenite grain boundaries.

» At 1°C/s, the microstructure is fully bainitic fall studied metallurgical states. While the bamiti
laths seem to enlarge with increasing austenitinaemperature, this latter has no effect on the
bainite transformation temperatui& or on the hardness after quenching and/or tempering
However, a decrease in toughness properties isceegdor the bainite resulting from coarser
austenite grain size, thus cooled from higher teatpees.

» A 3°C/s the microstructure mostly consists of bainvith martensite heterogenesouly distributed
within the material. The increase in hardness irduby the presence of martensite after
guenching is reduced after tempering. This mightelplained by a similar microstructural
evolution upon tempering for both bainite and mastie in the investigated microstructures.

2.2.5 Selection of austenitization conditions for further microstructural
characterizations and assessment of mechanical pregties

When considering the impact of microstructure ordhess, it appears that while the increase in
hardness due to martensite transformation seems sigmificant than the loss of hardness due to the
appearance of some proeutectoid ferrite, measutsmafter tempering show that tempered
martensite exhibits hardness values close to tlebseempered bainite. On the other hand, the
hardness of tempered ferrito-bainitic states rembiglow that of tempered bainite. As a result, the
presence of some martensite is whether less prallenm term of strength than the presence of
some ferrite. In either case, the main parametethivselection of optimal austenitization condiso
is thus the ferrite fraction at mid-thickness, fa.a cooling rate close to 0.3°C/s.

Based on these considerations, three austenitizaboditions seem to satisfy the previously
mentioned requirements (section 2.1):

* (A) 920°C - 1 hour even with the lower hardness after quench angeéeimg, this condition
is close to those used for the reference matefials justifies further study of the
metallurgical behavior of the steel in these coods.

* (B) 970°C — 1 hour since only little ferrite is found after cooliag 0.3°C/s and that the three
tested cooling rates yield hardness after tempesimglar to that of the reference material.
This condition is the most promising one regardindustrial requirements, since the
austenite grain size does not evolve with longestemitization time, ensuring similar
properties across the component thickness.

* (C) 1020°C — 30 minutesfor its weak ferrite fraction at mid-thicknessdaits satisfactory
hardness after tempering. One should notice thattdmperature is not relevant for the
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industrial application; however this austenitizatioondition will be further investigated in
order to study the mechanical properties in the chsn over austenitized component.

These three austenitization conditions will beexhi{A), (B) and (C) throughout the following of
this chapter.

2.3 Further investigations on selected austenitizationonditions

2.3.1 Effect of austenitization conditions on microstructires cooled at the quarter-
thickness equivalent cooling rate

Further metallographic studies and hardness measmts were done for the three selected
conditions followed by cooling at the quarter thieks equivalent cooling rate (0.5°C/s) ); this
cooling rate being the one used for further studieshe tempering heat treatment (Chapters V and
VI). Microstructures were fully bainitic. Hardnesalues for as-quenched and quenched+tempered
microstructural states are gathered in Table 4d8)gawith the PAG size and tH& temperature.
They are similar to those of a fully bainitic aseqohed material and of the reference material,
respectively.

Studied microstructural properties are the crysggliphic bainite packet size and carbide
precipitation after tempering. Tensile and tougng®perties are then investigated after the same
tempering heat treatments as those used previoasly,compared with the reference material.
Finally, a single austenitization condition will setermined and used for further studies on
tempering.

(A) (B) (€)
PAG size (um) 25 30 35
Bs (°C) 520 520 520
As-quenched (HV) 338 351 353
Quenched+tempered (HV) 214 219 215

Table 4.3:Hardness values for as-quenched and quenched+texhpeicrostructures resulting from
cooling at 0.5°C/s after all three selected audieation conditions.

Bainitic packet size

The crystallographic bainitic packet size for theee selected austenitization conditions cooled at
0.5°C/s was measured by means of EBSD. Two map2@i#x900 pixels, where 1 pixel = 0.21 pm,
were taken for each sample. The misorientation éetwiwo neighboring pixels was then calculated
by the OIM analysis software. The indexation rats\wigher than 90%.

Theoretical orientation relationships between paagistenite and bainitic ferrite approximatively
follows those proposed by Kurdjumov-Sachs (KS) défidhiyama-Wasserman (NW). The KS
orientation relationship implies 24 distinct vatignand the NW orientation relationship allows 12
different variants in terms of crystallographic emation. In the case of bainitic ferrite, this
orientation relationship falls between KS and NWatienships [82]. As an approximation, bainitic
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ferrite can therefore be described as followingeitkS or NW relationships, i.e. 24 + 12 different
variants. Under this assumption, the misorientabetween two different bainitic packets follows
either a KS/KS, a NW/NW or a KS/NW relationship. eTtowest possible misorientation angle
between two bainitic variants is then 5.25°, thag anisorientation angle higher than 5.25° was
supposed to be a packet boundary.

Only regions larger than 50 pixels (~2 um?) welketainto account. The packet size is given in
terms of equivalent circle diameter, although ih@ the best suited value for bainitic packetgein
their shape factors are usually higher than 1.mMkan bainitic packet size is given in Table 4.4 and
size distributions are reported in Figure 4.14.

Austenitization condition (A) (B) (©)
Mean bainitic packet size (um) 4.7 4.8 4.6
Table 4.4:Mean bainitic packet size for the three selectestenitization conditions
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Figure 4.14:Bainitic packet size distribution for the thredested austenitization conditions
followed by a cooling at 0.5°C/s. Continuous liaes lognormal fits of the distributions which
corresponding parameters |\ andre given.
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Packet size distributions are almost identicalva as the mean packet diameter. These results
are consistent with reports from Bouyne showing tbey weak influence of the austenitization
conditions on the bainitic packet size (see paf). Potential factors influencing the bainitic pat
size are the prior austenite grain dixand the bainitic start transformation temperag83], and
these two parameters are similar for the thredesducbnditions Bs = 520°C for all three conditions,

D =25 um, 30 um and 35 pm for conditions (A), (Bd &C) respectively).

Carbide precipitation upon tempering

The influence of austenitization conditions on @b precipitation after tempering was
investigated by means of SEM observations on carbgtraction replicas. The following
considerations are purely indicative and more tegtainvestigations of chemical composition of
carbides can be found in Appendix C, using the pulogy described in Chapter V.

Figure 4.15: SEM Observations on carbon extraction replicagnpering condition is 675°C — 5.5
h + 625°C — 16h. Austenitization conditions are9ap°C - 1 hour, (b) 970°C — 1 hour, (c) 1020°C
— 30 min.
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2. Experimental study

All three investigated austenitization conditioh®w similar spatial distribution and morphology
of carbides (Figure 4.15). The austenitization doores do not seem to have an influence on carbide
precipitation after tempering under these cond#jorhich is consistent with the hardness values
after tempering.

2.3.2 Influence of the austenitization conditions on medmical properties

Specimens heat treated with the three selecteckratisation conditions and cooled at the
guarter-thickness equivalent cooling rate (0.5°@/sje tested mechanically, by tensile and impact
toughness tests on miniature specimens. More irgtom on the testing conditions can be found in
Appendix A. Tensile tests were conducted at roomperature, while impact toughness tests were
done at -125°C, i.e. the lowest temperature oftilitle-to-ductile transition range of the referenc
material. For each austenitization condition, f@marpy specimens and two tensile specimens were
tested. These specimens were machined from blamwkples as detailed in Chapter Il. Results and
discussion reported here are only preliminary, gdressessments, and a more complete discussion
on the tensile and impact toughness propertiethtostudied steel can be found in Chapter VI.
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Figure 4.16: Effect of austenitization conditions (a) on Yigldength (YS) and Ultimate Tensile
Strength (UTS) and (b) on absorbed energy aftepéging at 675°C for 5h30 + 625°C for 12h.
Reference material specimens had been austendtzZg8D°C for 1 hour and were machined from
the quarter- thickness of the cylindrical shell.

Absorbed energy (J)

500 - YS

Figure 4.16 shows the comparison of the tensileiaupéct properties between all three selected
austenitization conditions and the reference heatrhent. Austenitization conditions have nearly no
influence on the tensile properties and impact g@neand no difference was found when compared
to the reference material. The impact energy of-treated specimens is distributed into two groups,
namely 0.5-2 J (fully brittle fracture) and 4-7 @hiXed brittle-ductile fracture). Such scatter is
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Chapter IV: Effect of austenitization conditionstbie material properties after cooling and temgrin

observed on the reference material. On the othad,hfour tests were done at -125°C on the
reference material, all resulting in fully britfieacture with an impact energy ranging from 0.9.18

J. Assuming that this difference is statisticalgpnesentative, then reheated specimens seem to
exhibit better toughness properties compared todfegence material.

The overall negligible effect of selected austeaiion conditions on mechanical properties could
be expected when considering microstructures &ftapering. Indeed, all three metallurgical states
have close PAG sizes, simildds temperature during cooling, a comparable fully nkie
microstructure with the same mean bainitic packee,sand similar precipitation state after
tempering. Moreover, since only one tempering cooliwas used, one can imagine that the
recovery of the dislocation structure inside baniaths is also the same for all three metallualic
states.

(b)
Figure 4.17:Evidence of intergranular fracture patches (a) 9206- 1 hour, impact toughness:
5.38 J, (b) 1020°C — 30 minutes, impact toughned€ J. Red arrows indicate intergranular
patches, black arrows indicate cleavage surfacee loircles indicate ductility
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3. Conclusion

Intergranular fracture was observed from place laxe on various specimens (Figure 4.17),
sometimes close to the crack initiation site, hasvewo correlation with either the austenitization
conditions or the impact energy was found. Thesergnanular facets seem to be covered by small
particles that could be precipitates located airpaiustenite grain boundaries. It seems unlikedy th
these intergranular facets are induced by phosgheegregation at boundaries, given the very low
amount of phosphorus in the studied material ardehatively low tempering time compared to the
ones necessary to induce temper embrittlementh®mther hand, the intergranular facet shown in
Figure 4.17.b seems to exhibit flat dimples (blireles), indicating that the intergranular rupture
may be ductile. In both cases, since these regomsiot systematically found at either of the two
fracture surfaces of a given specimen, it seemgalplthat they act as the only crack initiatiotesi

3. CONCLUSION

This chapter addressed effects of austenitizateat treatment on transformations upon cooling.
The major result is that the austenite grain sszeot the only variable to be taken into accouhe T
amount of molybdenum and carbon atoms segregatealisienite grain boundaries during the
austenitization step can improve the bainitic haathdity by impeding ferrite nucleation or limiting
ferrite grain growth.

Moreover, ferrite precipitation has higher influeman hardness compared to martensite, since the
presence of the latter does not affect hardnesstafnpering.

As a conclusion, and with the exception of an auseation at 920°C for 30 minutes, PAG size
ranging from 25 pum to 35 pm gives satisfactory ltesin other words, austenitization temperatures
ranging from 920°C to at least 970°C for an ausiteation time of 1 hour can be considered to yield
similar results for the investigated tempering ébads. The 1020°C — 30 minutes austenitization
could also be potentially interesting, but the igrsize is not expected to be homogeneous through
the thickness. Although this temperature is todhiggbe industrially realistic, it shows that tleat
microstructure and precipitation after tempering eather robust with respect to the austenitization
conditions. Among the two lower austenitization pamatures, the temperature of 920°C appears to
be slightly less adapted to the desired properkestite is found for the mid-thickness equivalent
cooling rate, and microstructural homogeneity thtouhickness could be a concern since an
austenitization for only 30 minutes at this tempae results in ferrite precipitation at the quarte
thickness. The robustness of the metallurgical nehaf this steel for an austenitization at 920°C
for 1 hour is thus questionable. Thus, the choseteaitization condition for further investigatioiss
970°C — 1 hour, and has been used as a basisdasttidy of the metallurgical behavior during
tempering.
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Chapter V: Carbide precipitation during
tempering
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Once the material cooled after austenitizatiorgnapering heat treatment is conducted in order to
precipitate excess carbon in solid solution anck tiimal mechanical properties. In 2.25 Cr — 1 Mo
steels, various type of carbides with differenbgii@es can be found depending on the tempering
time and temperature: 4@, M.C, M7Cs, M23Cs and MsC [14]. The size, nature and phase fractions
of these carbides have a direct influence on thehar@cal properties of the material, for instange b
improving creep properties [15] or by inducing setary hardening [16]. Thus, tight control of
carbide precipitation through tempering is a keypfor the targeted industrial application.

This chapter is divided in four main parts. Fiesthorough literature review is conducted on the
topic of carbide precipitation upon tempering. Ga@ebproperties such as their crystal structure,
chemical composition (metallic elements) and molpdng as well as their nucleation sites, are
summarized. It appears that each type of carbitid#s specific properties, in particular a specifi
amount of metallic elements that could be use@#&sty identification.

In the second part of this chapter, the carbideghan material are characterized, using an
experimental and a theoretical way. Carbide stgbéind chemical composition at equilibrium are
first estimated by means of thermodynamic calcoiheti Using literature data, a methodology for
experimental characterization of carbides is setbypdetermining relative amounts of metallic
elements in carbides by means of EDX measurementsadoon extraction replicas. Preferential
nucleation sites and typical morphologies of cagbidre also characterized using this methodology.
Typical features are thus associated to each kindadvides. The nature of carbides is then
confirmed by electronic diffraction.

This methodology, coupled with XRD analyses ontetetching residues, is then used in order to
study the evolution of carbides during the tempeieat treatment. Precipitation upon heating is
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1. Literature review: Carbide precipitation in 2@2b— 1 Mo steels

first investigated, and the effect of temperingdiand temperature on the evolution of carbides is
then discussed. The influence of the stress-relgehieat treatment is also investigated.

1. LITERATURE REVIEW : CARBIDE PRECIPITATION IN 2.25Cr —1 Mo
STEELS

A literature review on the topic of carbides préaon in 2.25 Cr — 1Mo steel was conducted,
particularly on the carbides precipitation sequereebide characteristics and on their nucleation
mechanisms. This review is used as a basis fogxperimental characterization of carbides and will
also be used to discuss further experimental esult

1.1 Precipitation sequence

In chromium-molybdenum steels, carbide precipitatioccurs in a specific order: during
tempering, metastable carbides precipitate befagariost stable carbides. This is due to difference
in interfacial energies with the matrix promotingclteation of less stable carbides, such a€ éind
M2C, over more stable ones. Moreover, since metastabrbides have a greater ratio of
carbon/metallic elements, their precipitation ori@dmment removes a non-negligible proportion of
solute atoms from the matrix, thus delaying thecipitation of more stable carbides [94].

The pioneering work on carbide precipitation in22r — 1 Mo steel was published by Baker &
Nutting in 1959 [14], who proposed a time-tempemaforecipitation (TTP) diagram for this
material. An updated version of this diagram was releasettting® [95] and is shown in Figure
5.1. The chemical composition of the steel and gher heat treatments were unfortunately not
reported.

According to these authors, the generic precipitatsequence in bainitic and martensitic
2.25 Cr - 1 Mo steels can be written as follows:

e-carbide — MsC+MC — M7Cs

! !
M23Cs —  MgC

Equilibrium carbides are BC, however, M:Cs carbides take a very long time to dissolve (more
than 1000 hours at 750°C) and are thus commongymexf as equilibrium carbides too. It should be
pointed out that the heating step is not taken adoount in Baker & Nutting’s work. In ferritic
2.25 Cr — 1 Mo steels, the precipitation sequeceaot the same, and only>® and MC were
found.

7 Steel composition of reference [14], in wt% : 0@50.50 Mn, 0.18 Si, 0.012 S, 0.018 P, 2.12 Cr, 0484 0.17 Ni, 0.077 Cu,
0.009 Sn

8 No information are given on the steel compositiomywever due to the similarities between the TTay@dims reported by [14]
and [95], one can assume that it is the same rahteri
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Chapter V: Carbide precipitation during tempering

The generic precipitation sequence, or more pricibe order in which carbides precipitate, has
been widely confirmed by almost all work reportéar (nstance, [16, 17, 94, 96]) for martensitic,
pearlitic and bainitic 2.25 Cr — 1 Mo steels. Ndgabxceptions are Vyrostokova et al. who found
that MpaCs dissolve to the benefit of Mz in vanadium bearing 2.25 Cr — 1 Mo [97] and Yahgle
who did not found any MC carbides even after 18 years of service expasypearlitic 2.25 Cr — 1
Mo steels, allegedly due to the low concentratib®ian their studied steel [98]. As a general rule
the steel chemical composition impacts the carlidenain of stability: Mn was reported to
accelerate MC3 carbide precipitation while Si was reported toede@te the precipitation of i@
and to stabilize NC carbides [99]. While the effects of Mn on;@4 carbides and of Si on i@
remain unclear, it is assumed that Si increasedrikmg force for formation of MC carbides [100].

Increase in the material carbon content also teémdsvor the MC carbides at the expense 03
carbides [101].
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Figure 5.1: Time-temperature-precipitation diagram in 2.25-€tMo steel. Fronj95]

1.2 Carbide characteristics

All kinds of carbides susceptible to precipitate 225Cr — 1Mo steel exhibit specific
characteristics, such as their crystallographiccstire, chemical composition, morphology and
nucleation sites. Here, their chemical compositenconsidered regarding the amount of iron,
chromium and molybdenum only. It is important tdio® that the following data were gathered over
a wide range of studies about martensitic, peaditid bainitic 2.25 Cr — 1 Mo steels, regardless th
thermal history and their average chemical commusitThus, since the thermal history has an
impact on the relative amount of metallic elementsarbides, only trends are reported here. For the
same reason, no mention of the size of carbidesde here.

The various properties of carbides are summariaetlis section in order to set up a method for
characterizing carbides in the present experimemtak. No mention of-carbides will be made
here due to their very fine size and their rapi@hsformation into cementite expected at the
beginning of tempering.
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1. Literature review: Carbide precipitation in 2@2b— 1 Mo steels

1.2.1 M3C carbides

Cementite is the most common carbide in many stéslsrystal structure is orthorhombic with
a= 5.07 A,b = 6.74 A andc = 4.52 A. Morphological features of cementite depen the
temperature and time of tempering: at low tempeestui.e. less than 600°C, clusters of “branch-
like” cementite resulting from the decompositionretained austenite are reported [14, 96, 102]
(Figure 5.2). With further heating or temperingesh clusters spheroidize and form lenticular or
globular shaped particles [102-105]. Cementite ammonly considered as iron-based carbide
(FesC); EDX analysis shows that cementite particlesrate in iron with some chromium and very
little molybdenum [24, 96, 104, 106].

1.2.2 M2C carbides

The MC crystal structure is usually described using eraggonal cell wherea=2.99 A and
c=4.72 A [94, 107]. However, it has been provedt tMoC is more accurately described by an
orthorhombic cell whera = 4.72 A,b = 6.00 A andc =5.19 A[108]. Here, the orthorhombic
description will be used. They are found as finedie-shaped particles [15, 17, 94, 98, 103, 105]
following a regular Widmanstatten pattern in thetnrgd96, 102], as shown in Figure 5.3. Gope et
al. measured an orientation relationship betweerMiC carbides and the bainitic matrix of (10%)

5 deg from(11. 1)M2C and (233)~ 5 deg from (11.0)MC [103] assuming an hexagonal structure
for the carbide. These carbides are molybdenumebasd their chemistry is close to M EDX
analysis shows that their composition in metalliemeents consists mostly of molybdenum with
some chromium and very little iron [17, 24, 96, 1Q04]; moreover they tend to get enriched in
molybdenum with time [96, 101]. Fine dispersionscoherent or semi-coherent>® carbides are
held responsible for the material good mechanicapgrties, such as resistance to creep [15, 102]
and strengthening due to secondary hardening [16].

Some authors mentioned that face-centered-cubicidhoM.C carbides can also be found,
however very few reports were found about thesbidaes. These precipitates are located at prior
austenite grain boundaries or within bainitic laéimsl exhibit a fine globular morphology [107, 109]
(Figure 5.4). Their lattice parameter was experitagndetermined as = 4.21 A [109]. No extra
data on their composition was found.

Cubic McC carbides are coherent with the ferritic matrikey are stable at low temperatures and
progressively transform into orthorhombie@®iwith increasing temperature. Swift reported thray
very fine cubic MC particles are found after tempering at 370°C evhal mix of cubic and
orthorhombic MC is observed around 580°C [109]. Moreover, NagakurOketani reported that
cubic MoG s4 formed by reactions between evaporated films ofybdeenum and carbon turned to
be orthorhombic upon heating at temperatures hitifagr 600°C [110]. These evidences suggest that
the cubic structure is the most stable form ofCMVat low temperature which then transforms into
orthorhombic MC when increasing temperature. It was also proptsedcubic MC can precipitate
from decomposition of NC at temperatures lower than 580°C [94, 107].
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. w0 \ ] A : 1
Figure 5.2: TEM observation of carbon extraction replicas shmmnbranch-like cementite in
2.25 Cr — 1 Mo steel. Frof®6]

& 7 ol
(a) (b)

Figure 5.3: TEM observations on carbon extraction replica9: N&C carbides with the

corresponding electron diffraction pattern. B(;EOI_I) (from[98]), (b) Numerous MC carbides
forming a Widmanstétten pattern in the matrix (fridrg3]).

(b)
Figure 5.4:(a) TEM thin foil observation of cubicXa within bainitic laths (b) Corresponding
electron diffraction pattern. B = (001). Frofh09].
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1.2.3 M7Cszcarbides

The M/Csz carbide is often considered to have a pseudo-tbeehgstructure with lattice
parameters = 13.98 A anctc = 4.51 A [111]. It is better described with anharthombic structure,
with a=4.53 Ab=7.02 A anct = 12.15 A [112]. MC; carbides can be easily identified thanks to
their typical streaky electron diffraction patterdse to the presence of stacking faults in planes
perpendicular to the basal plane when considehediexagonal structure, as shown in Figure 5.5.a
[111]. These carbides are found at interfaces amdexhibit rhombus-shaped [84, 101] or rod-like
[84, 94, 101, 105] morphologies (Figure 5.5.b).

M~-Cs carbide can exist either as an iron carbide,Cker a chromium carbide, &23. In
2.25 Cr - 1 Mo steels, W3 carbides are typically chromium-rich with iron asoime molybdenum
[17, 84, 96, 101, 104] and tend to get richer imoafium with time [17, 96]. Thus, s is
considered here as a chromium-based carbide whuhkeium composition is expected to be close
to CrCa.

1.2.4 M23Cecarbides

The M3Cs crystal structure is face-centered cubic, where 10.60 A (Figure 5.6.a). These
carbides precipitate at prior austenite grain baued [15, 103] but can also be found within the
bainitic laths [101, 104]. In the latter case, tlaeg lying parallel to the longitudinal axis of tag¢hs.
Their typical morphology is rod-like [98, 101, 1a®5] (Figure 5.6.b).

The chemistry of MkCs carbides can be expressed asi¥e.Ces in steels that contain
molybdenum and as &€Ce in chromium steels [113]. Reported measuremen®26 Cr — 1 Mo
steels show their chemical composition is richromiwith chromium and some molybdenum [17,
24, 96, 101, 104, 113]. Enrichment in chromium wviithe is also reported [94, 104, 114], suggesting
that the C#:Ce could be the equilibrium composition.

1.2.5 MeC carbides

MeC carbide crystal structure is face-centered culierea ~ 11.0 A. This lattice parameter is
very similar to that of the BCes one, thus these two carbides are not differergidlyl XRD [101,
106]. However, they can be easily differentiated BRX analysis since BC are typically
molybdenum rich with some iron and little chromi{d, 24, 104, 107, 113].

These carbides exhibit a lenticular or a globularphology [94, 103—-105] and are generally
found in grain boundaries, as shown in Figure 5.7.
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Figure 5.5: (a) MrCz carbide electron diffraction pattern exhibiting s#tks due to stacking faults,
(b) TEM observations on carbon extraction replib@wing rhombus-shaped-kk carbides. From
[101]

(a) (b)
Figure 5.6: (a) Electron diffraction pattern of p4Ce, B = (122) (from[98]), (b) TEM observations
of a carbon extraction replica showing rod-shapeg®{ carbides (fronj101])

R
’

Figure 5.7: TEM observations on a carbon extraction replicawing globular MC carbides, from
[103]
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1.2.6 Summary of carbide characteristics

All gathered information regarding the compositiomorphology, crystal structure and
precipitation site of carbides is summarized inl€dhl. It appears clearly that all of these cabid
exhibit specific properties. In particular, theatele amounts of Fe, Cr and Mo is typical of the
nature of carbides, and thus can be used as a méahsaracterization by EDX measurements on
carbon extraction replicas.

Carbide Morphology Metallic elements Nucleation si Crystal

M3sC Lenticular, globular Fe-rich with Cr  Interfaces Orthorhombic
M2C (ortho) Needle-like Mo-rich with Cr Laths Orthorhombic
M2C (fcc) Globular Mo-rich Laths fcc

M7Cs Rhombus-shaped, rod-likeCr-rich with Fe Interfaces Orthorhombic
M23Cs Rod-like Fe-rich with Cr Interfaces/laths fcc

MeC Globular Mo-rich with Fe Interfaces fcc

Table 5.1:Carbide characteristics from available literatudata. “Interfaces” stands for prior
austenite grain boundaries and lath boundaries letaths” stands for the matrix or dislocations.

1.3 On the nucleation of carbides

As a general rule, metastable carbides can evéntumlreplaced by more stable carbides by two
different mechanisms:

(i) By in-situ transformation: nucleation of new carbides ocaitrshe interface between pre-
existing carbides and the matrix. In some casasstormation occurs within pre-existing carbides
and is triggered by enrichment in solute (diregbsformation).

(i) By separate nucleation: new carbides preditalsewhere. This can lead to further
dissolution of metastable carbides due to chenpictdntial gradients.

It is recognized that BC carbides can precipitate either from direct tfammsation ofe-carbide or
by separate nucleation, in the latter case, duthmy decomposition of retained austenite for
instance [14]. MC carbides are known for precipitating by separateleation since cementite
accommodates very little molybdenum which then ieman solid solution in the matrix.

Most authors agree that7Kk carbides nucleate at the interface between ceteemtd matrix.
The usual argument supporting this hypothesis & ttementite becomes rapidly enriched in
chromium, thus depleting the matrix. Nucleationabiromium carbide MCs from a chromium
depleted matrix appears to be unlikely, while om dther hand the interface between the matrix and
the cementite can easily be provided with both @twon and carbon [95, 98]. Pelletier suggested
that the occurrence of separate nucleation e€dMncreases with the chromium content in steels
[10], and in 3.80 Cr steel these carbides mostlgleate independently of cementite [111]. Such
results are consistent with the previous assumptiona chromium-rich matrix, MCsz carbides
nucleate separately, while in a chromium depletedrisn they nucleate at the cementite/matrix
interfaces. Thus, in the studied steekQ¥lcarbides are expected to nucleate mostly at tieeface
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between cementite and matrix; however some sepataieation might occur, although to a lesser
extent.

Baker & Nutting originally suggested that.s carbides form byin-situ nucleation, either
within the cementite particles or at the interfdmween cementite and matrix [14]. However,
Nutting later considered that these carbides ntelsaparately [95]. This assumption might seem
contradictory with the previous assessment abotisMarbides, since b4Cs are chromium carbides
too. However, due to their cubic unit cell, they caadily dissolve more iron than-{¥%k and thus
need less chromium to precipitate. This assumptmud explain why MzCs in 2.25 Cr — 1Mo
steels are iron-rich as reported in Table 5.1.

MeC nucleation is believed to happen separatelyak shown that the first & carbides which
precipitate contain low amount of molybdenum, ahdt tfurther dissolution of BC releases
molybdenum which is then attracted by®/Acarbides [101]. Another hypothesis is that dissoh
of M2C, for instance due to vicinity of dCs carbides [15, 17, 102], leads to the release otigh
molybdenum in the matrix to trigger nucleation of®4 In every case, evolutions of2® and MC
carbides are closely linked to each other.

2. EXPERIMENTAL CHARACTERIZATION OF CARBIDES

Tempering was conducted at four different tempeestu650°C, 675°C, 700°C and 725°C, for
times ranging from so-called O hour (as-heatees}db 24 hours. Before investigating the evolution
of carbides during such heat treatments, one mundtd way to differentiate them. To this aim,
thermodynamic calculations were performed in ontdedetermine the carbides stability and their
composition at equilibrium. Carbides were then expentally characterized by means of TEM
observations and EDX analyses on carbon extractienyell as XRD analyses on electroetching
extraction residues. More information about the expental procedures used for each of these
techniques can be found in Appendix A. The resaflesthen compared with the literature data and
the thermodynamic calculations.

2.1 Thermodynamic calculations

Thermodynamic simulations were performed on Therato@nd Matcalc softwares, respectively
using the TCFe7 and the mc_fe v2.022 databasdslitytand chemical composition of carbides at
thermodynamic equilibrium were investigated.

The average chemical composition of the steel wessen with respect of results reported in
Chapter Il (Table 2.1, quarter-thickness compas)titt should be reminded that this composition is
only an average one, and thus the local enrichmeritse matrix reported in Chapter Il cannot be
taken into account. Besides, calculations were nfadéerritic matrix using only thermodynamic
considerations, and do not take potential effetCth@nucleation sites into account.

Since none of both databases do not include cubfC, Mll M>C carbides as reported in this
section are the non-cubic one, represented by ki@iagonal cell. MCsz carbides are implemented
with their trigonal cell.
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2.1.1 Stability diagram

Carbide stability diagrams calculated with bothattases are shown in Figure 5.8 and Figure 5.9,
respectively. Equilibrium diagrams (full lines) wercalculated considering all possible phases,
however only phases of interest are shown. Metlstiibgrams were calculated by suspending one
or several carbides (dashed and dotted lines). a\Miok perfectly rigorous, this approach allows
defining the relative stability of each carbide g@ared to the others. The reported dissolution
temperatures are the ones allowed by the thermadigsaand therefore do not account for kinetic
interactions between carbides. Thus, they mustabelbd with care. It must also be pointed out that
ferrite-austenite intercritical domain temperatuckange by a few degrees when some carbides are
suspended; this phenomenon is not represented iiigtires since it is negligible.

Equilibrium carbides are B4Cs and MsC. Once suspended,7ls and MC appear, and MC only
appear if MCs are suspended. These predictions are consisteht the carbide precipitation
sequence reported in section 1.1.1. Good agreemefaund between both databases with the
exception of the dissolution temperatures which sightly lower in MatCalc results, as already
stated in Chapter Il. MC carbides are not stable at temperatures higlaer 725°C according to
ThermoCalc and higher than 695°C according to MiatCiéhus, these carbides are not expected to
be found at the highest studied tempering temperatamely, 725°C.

According to thermodynamic simulationss® carbides are not expected to be observed during
this study: they are only stable below 640°C wittiefimoCalc and below 625°C with MatCalc,
while the lowest studied tempering temperatureb@°6. These results are in contradiction with the
TTP diagram reported by Baker & Nutting, howevamudations performed on MatCalc using their
steel chemical composition results in dissolutibi@C at 580°C. The reason for these differences
remains unknown; however the similarities betweesults obtained using both databases indicate
for the considered steel in this study that sucifiedince is unlikely to be due to errors in
calculations.

2.1.2 Chemical composition in metallic elements of carbigs at equilibrium

The equilibrium chemical composition in metallielents has been calculated for each carbide
at the four tempering temperatures. Only Fe, Cr iodwere taken into account. For metastable
carbides, the composition was calculated by suspgrahe or several carbides as explained above.
Thus, while the composition of #Cs can be considered as the equilibrium one, it isena@curate
to speak about pseudo-equilibrium forz&4, M>C and MC. Figure 5.10 shows calculations
performed on both MatCalc and Thermocalc. All cdased chemical compositions are reported in
weight percents. Good correspondence between sesoith both databases is obtained, and results
can be summarized as follows.

* The cementite is chromium-richer at low tempera{Gfo), but enriches in iron with increasing
temperature until iron becomes predominant. Theusinof molybdenum is very low, near 2%,
and does not evolve with temperature.

* M-7Cs carbides are chromium-rich; however, the chromicontent decreases with increasing
temperature from 65% at 650°C to 50% at 725°C. Thimmium depletion comes together with
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2. Experimental characterization of carbides

an enrichment in iron and molybdenum, respectiveyn 25% at 650°C to 30% at 725°C and
from 13% at 650°C to 15% at 725°C.

* At 650°C,wt%re = Wt%cr = 40% in M3Cs carbides. With increasing temperature, the iramnteat
increases up to 50% at 725°C while the chromiumtesindecreases (35% at 725°C). The
molybdenum content remains stable, around 20%.

* M2C carbides are very rich in molybdenum (80%) wighta 20% of chromium and almost no
iron (1-3%). Their composition remains stable wiémperature, with the exception of 725°C
where an increase in chromium at the expense of/sdehum occurs when considering the
MatCalc predictions. This change in compositiodus to the predicted dissolution ob®at this
temperature.

As a general conclusion, these composition valuesmavery good agreement with the literature
data reported in section 1.2. These results can the used for helping the experimental
characterization, and the MatCalc database appelable for further thermokinetic calculations.
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Figure 5.10: Equilibrium metallic composition of each carbide afunction of temperature.
Continuous lines are Thermocalc calculations, dddies are MatCalc ones.
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Chapter V: Carbide precipitation during tempering

2.2 Experimental characterization
2.2.1 TEM observations, EDX analyses and electron difframon

From the literature review, it appears clearly thath different kind of carbide exhibits specific
crystallographic structure, metallic elements contand morphology (see Table 5.1). Thus, carbides
can be identified by means of EDX analyses on casbdraction replicas. Experimentally analyzed
carbides can be categorized into four differenugsoaccording to their metallic element content as
shown in the example of Figure 5.11: iron-richpirich with some chromium, chromiume-rich with
some iron, and molybdenum-rich. When comparingeloesnpositions with the typical composition
determined by Moss & Kelly [24] and thermodynamadcalations made using MatCalc for the
given temperature (in this case, 675°C), it appebrarly that these four groups are respectively
M3C, M23Cs, M7C3 and MC carbides. In the present study, these four tppesmrbide were found
for almost each tempering condition, with the exicep of the as-heated states which will be
discussed later. No &T carbides were ever found, as predicted by thenth@ynamic calculations.

It should be pointed out that the compositions gilkg Moss & Kelly and reported in Figure 5.11
are mean values based on a literature review, dbgga of the thermal history or average
composition of the material. Moreover, the equilibor composition of MC carbide is not
represented since this carbide is unstable analilsely to reach equilibrium.

Fe / wt%
¢ Moss & Kelly 94 (typical compositions)

E Calculations (675°C)
e Experimental (675°C - 24h)

M 23Ce
M7Cs
M->C
Cr/ wt% o/ wt%

Figure 5.11:Ternary representation of the chemical contenhatallic elements in carbides at
675°C. Calculations were performed with the MatCddtabase.

Morphologies of carbides that were identified by>EBeasurements are summarized in Figure 5.12.

The length scale in this figure is given for inf@tion purpose, as the size of carbides evolves with
tempering time and temperature. The carbide moqggyak closely related to the nucleation sites.
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MsC

(b)

' M.C Ve

(d)

M 23Cs

200 nn

(9
Figure 5.12:Encountered carbide morphologies: (a) globulagQtarbides, (b) lenticular bC

carbide, (c) needle-like M carbides, (d) globular BC carbide, (e) rhombus-shaped @4 carbides
(f) globular M/Cs carbide and (g) rod-like MCs carbide. TEM observations on carbon extraction
replicas, identification made by EDX measurements.
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Figure 5.13:(a) HRTEM image of BC carbide, (b) corresponding diffraction pattern,
(c) TEM image of a &Csz, (d) corresponding diffraction pattern, (e) TEMage of a MsCs carbide,
(f) corresponding diffraction pattern. Observatiams carbon extraction replica, tempering: 675°C
— 5.5 hours. MCz and MC are identified using their hexagonal unit cells.
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2. Experimental characterization of carbides

MsC are globular or lenticular, depending on the temmg conditions. They may be observed
within the matrix but are mostly found at interfacparticularly in as-heated states and for short
durations at low temperature. This specific cadebgideveloped in more detail in section 3.3.1.
MC carbides are needle-shaped or appear as glggartasies finely dispersed within the matrix.
Needle-shaped M particles are found much more frequently tharmgllar ones. From literature
data, one would expect that globular particlescat@c while needles are orthorhombic; this point
will be addressed in section 2.2.2.

M23Ce are rod-like precipitates and are mostly founchimithe bainitic packets, aligned with the
direction of laths. Thus, they seem likely to bealied at lath boundaries; however, no
complementary observations on thin foils were madmnfirm or not this assumption.

M7Csz are rhombus-shaped when found within laths anduldw when located at the interfaces.
The globular type is predominantly found.

To confirm EDX analyses electron diffraction patterwere obtained for different carbide
morphologies, as shown in Figure 5.13. Good agreensefound with EDX characterizations:
needles are orthorhombicoM, rhombus-likes particles are orthorhombigd¥land rod-like particles
are cubic MsCe. NO pattern was taken from3 and cubic MC due to their rarity.

Properties of carbides as experimentally determiaed summarized in Table 5.2. Very good
correspondence with the literature review summdripeTable 5.1 is obtained. Thus, TEM-EDX
analyses performed on carbon extraction replicaa fast and efficient way to characterize the
nature, size and chemical composition in metatioant as a function of tempering conditions..

Carbide Morphology Typical amount of metallic elements (wt%9
MsC Lenticular, globular 70 Fe — 25 Cr—-5 Mo

M2C Needles, globular 3Fe—-22Cr-70Mo

M7C3 Rhombus-shaped, globular 37 Fe =50 Cr-13 Mo

M23Cs  Rod-like 50 Fe — 35 Cr - 15 Mo

Table 5.2:Carbides morphologies and typical composition xgseeimentally determined.
2.2.2 X-Ray diffraction on electroetching residues

X-Ray diffraction on electroetching residues codpleth Rietveld refinements was used in order
to confirm the crystal structure and quantify tage fraction of each type of carbides. Examples of
diffraction spectra are given in Figure 5.14.

Rietveld refinements were conducted using crydtaictire for carbides gathered in Table 5.3.
These crystal structures have been chosen regéatdrigerature data (Table 5.1).

No cubic MC carbides were ever found, thus in the followingOMcarbides will refer to the
orthorhombic ones.
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Figure 5.14:Examples of diffraction spectra obtained afteicei@etching extraction at 675°C after
tempering for different time durations

Carbide Space group a(A) b(A) c(A) Pearson data sheet No.
M3C Pnma (62) 507 6.74 4.52 1720152

M-C (ortho) _ Pbcn (60) 475 6.02 520 1715923

M2C (fcc)  Fm-3m (225) 425 425 425 1503408

M7Cs Pnma (62) 452 6.97 12.07 1413617

M23Cs Fm-3m (225) 10.6010.60 10.60 1901808

Table 5.3:Crystallographic structure used for Rietveld refiments in XRD analyses.

3. EFFECT OF TEMPERING CONDITIONS ON THE CARBIDE
PRECIPITATION

3.1 Experimental results

Before studying the carbide precipitation duringtiermal holding itself, the as-quenched state
has to be characterized as a starting point. Asrteg in Chapter IV, it consists of a fully bainiti
microstructure with an average prior austenitergsize of 25 um and an average crystallographic
bainitic packet size of 4.8 um. No carbides wersmtbfrom TEM observations of carbon extraction
replicas. However, XRD analysis shows the presefcetained austenite in this material, equal to
6 wt% according to Rietveld refinements. The preseof retained austenite in such material after
guenching has already been observed [10], and pgaly of the expected granular bainite
microstructure.

Most of the carbon in the material is supposed @ocbncentrated in the retained austenite
particles. The heating rate is set to 0.03°C/s f2i), which means that more than 5 hours are
needed to reach the lowest tempering temperatinis.ldng heating step and rather high tempering
temperature (> 600°C) should give enough time éained austenite to decompose into ferrite and
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3. Effect of tempering conditions on the carbidegitation

carbides, and for these carbides to start evoldimgng heating. Thus, it is necessary to study the
evolution of microstructure upon heating.

3.1.1 Carbide precipitation upon heating
Figure 5.15 shows partial XRD spectra of bulk saspheated up to 400°C and 600°C

respectively and then water quenched, along with XIRD spectrum of the as-quenched, non-
reheated state.

As-quenched 400°C 600°C
a-Fe—7
.’g
>
g
)
2
c
3
& v-F\ej y-Fe
42 4I14 46 42 44 46 42 4I14 46
Theta (rad) Theta (rad) Theta (rad)
(@) (b) (c)

Figure 5.15: XRD spectra on bulk samples: (a) as-quenched sar(ipl heated up to 400°C then
water quenched, (c) heated up top 600°C then watenched.

It appears clearly that austenite has started ¢ordpose at 400°C and that the transformation is
entirely finished at 600°C. Observations by TEMcafbon extraction replicas did not reveal the
presence of carbides for the sample heated upQtCAEither precipitated carbides are too small to
be observed or they are too coherent with the matribe successfully transferred to the carbon
replica. No observations were made for the samgéedd up to 600°C.

Figure 5.16 shows SEM observations of carbon etitraceplicas of samples heated up to 650°C,
675°C, 700°C and 725°C then water quenched. AtG5lfrge clusters of carbides are observed at
the interfaces such as prior austenite grain bauwsland lath boundaries. These clusters densified
at 675°C, then start to disappear at 700°C andahrest fully dissolved at 725°C. At this
temperature, prior austenite grain boundaries arstljndecorated with globular #83 carbides and
few rod-like Mp3Cs. Along with these clusters, some isolated carbaesalso be found in the laths
for all four states, in an increasing number ag¢hgperature increases.
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Chapter V: Carbide precipitation during tempering

Figure 5.16: SEM observations on carbon extraction replicasahples heated then water
guenched. (a) 650°C, (b) 675°C, (c) 700°C, (d) ©23&) detail of (b) showing massive cluster, (f)
detail of (d) showing MCs at the prior austenite grain boundaries and@®&and M3Ce carbides in

the matrix
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3. Effect of tempering conditions on the carbidegitation

Figure 5.17 and Figure 5.18 show the chemical caitipa in metallic elements determined by
EDX analyses for clusters and isolated carbidespaetively, along with the typical composition
reported by Moss & Kelly [24].

Fe / wt%

e 650°C
m675°C
OMoss & Kelly (typical compositions)

MsC

M.C

Cr/ wi% = Mo/ wt%
Figure 5.17: Ternary representation of the metallic chemicaitent in carbide clusters after
heating up to different temperature and water ghémg (EDX measurements).

Fe (wt%)
e 650°C

m675°C
¢ 700°C
A725°C
OMoss & Kelly (typical compositions)

M3sC

M2C

Cr (wt%) - Mo (wt%)
Figure 5.18: Ternary representation of the metallic chemicalteat in isolated carbides after
heating up to different temperature and water ghemg (EDX measurements).
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Chapter V: Carbide precipitation during tempering

Many carbide clusters appear to be iron-rich anadrpm molybdenum. With increasing
temperature, they tend to get enriched in chromiMioreover, these clusters are not homogeneous
in composition in their volume; their chromium cent can vary depending on the analyzed region
regardless where the analyses were conductedgeatldister periphery or in their center. On the
whole, these clusters remain within the composittange for cementite, and get enriched in
chromium with increasing time. This is consistenthwthe reported “branch-like” cementite
resulting from the decomposition of retained augten section 1.1.

Isolated carbides are either iron-rich (cementie)mnolybdenum-rich (IMC) or iron-rich with
chromium depending on the temperature reached éeafoenching. Cementite is predominantly
found at temperatures lower than 725°C. No measem&stwere done on i@ at 650°C and 675°C
due to their too small dimensions; moreover, theyeararely seen at 650°C. It is also interesting to
notice that MC are mostly chromium-rich at 700°C78% and M:3Cs carbides are present in all four
conditions; however, their composition can onlydatermined with certainty at 725°C where they
are iron-richer than expected. At lower temperatareshole set of analyzed carbides are too rich in
chromium to be MkCs ,but not rich enough to be characterized a€MThus, their nature remains
uncertain and will be discussed later.

Phase quantification made by Rietveld refinemefies deating at 675°C is as follows, in weight
percentages: 0.78% of3#a, 0.17% of MCs, 0.11% of M3Cs and 0.15% of MC. The measurements
error in relative value is about 2% for cementht,Cs and MC and 5% for MsCes. These results
confirm that the observed clusters mostly consistamentite, although there is a non-negligible
amount of other carbides in the material too.

As a conclusion, NC, M2C, M7C3z and M:3Cs carbides have already precipitated at the enteof t
heating stage regardless the isothermal holdingeeature.

3.1.2 Carbide evolution upon tempering: effect of time ad temperature

Evolutions of phase fractions

Figure 5.19 shows the evolution of carbide weighction in the material for isothermal and
isochronous tempering conditions, respectively &°€ and for 5.5 hours. Relative measurement
error is around 2%.

As already stated, MC carbides are predominant at the end of the hpajnto 675°C. With
further tempering time, they are dissolving;@4 phase fraction increases during the first 5.5 siour
of tempering where it reaches 0.8% of the totalemait weight. For longer times, it slightly
decreases, down to 0.7% after 24 hours. On the oted, the fraction of b4Cs carbides keeps
increasing with time, particularly during the fi&hours where it reaches 0.38%x:Q/carbides tend
to remain stable with a weight fraction around @a%p to 24 hours.
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Figure 5.19: Evolution of carbides weight fraction during temipg (a) with time at 675°C, (b) at
different temperatures after tempering for 5.5h.

After tempering for 5.5 hours, the weight fractiohcementite is the same at 650°C and 675°C,
around 0.4% while it is fully dissolved at 700°Cdar25°C. MCs carbides weight fraction ranges
from 0.65% to 0.8%, however their weight fractiamed not seem to be directly correlated with the
temperature. On the other hand, thes®4 fraction increases with the tempering temperatarg]
stabilizes around 0.9% at 700°C. The weight fractb M>C at 650°C is 0.4% and it decreases with
temperature down to 0.2% at 725°C.

The weight fraction of carbides was also determiaiger tempering at 725°C for 12 hours. When
comparing with tempering at 725°C for 5.5 hoursutes are as follows. No cementite is found, the
weight fraction of MsCs increases from 0.9% to 1.1%, the weight fractiérMeCs is decreasing
from 0.7% down to 0.5%. The weight fraction of®carbides slightly decreases from 0.19% down
to 0.17%.

Evolution of size and morphology

Figure 5.20 shows several TEM micrographs takemmfrcarbon extraction replicas after
tempering at different temperatures for 3 hours adadhours. Orange arrows point to cementite,
green arrows to MC carbides, dark blue arrows t0.4@s carbides and dark red arrows to:@4,
respectively. Carbides were identified from EDX s@@ments; the following considerations are
based on observations on all twenty metallurgitatks.

Cementite clusters remain in the material afteo@ré at 650°C and 675°C, and remnants of these
clusters can still be found after 5.5 hours at éhesnperatures. For longer durations and higher
temperatures, these clusters have spheroidizedalhrabserved cementite is globular. Moreover,
they become rarer with increasing time and tempegatAfter tempering for 24 hours, no cementite
IS ever observed.

M~Cs carbides have a fairly constant size, with an\egjant diameter around 100 nm. As already
stated, no MCz was found at 725°C for 24 hours.
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700°C 675°C 650°C

725°C

3 hours 24 hours
Figure 5.20: TEM observations on carbon extraction replicagafempering under various
conditions. Orange arrows showsl, green arrows show M, pink arrows show MCs and blue
arrows show MeCe.

M23Cs carbides are hardly seen after 3 hours at 6508@eter they are readily observed in all
other tempered states. They tend to grow afterdotgmpering times and at higher temperatures.
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3. Effect of tempering conditions on the carbidegitation

Interestingly, they seem to become longer witheasing temperature, and longer and larger with
increasing time.

M2C carbides are predominantly found as needlesHorter times and at lower temperatures,
however globular MC can also be found. At 650°C, their number fractiends to increase with
time, while at 675°C it seems to slowly decreast rsgedles seem to widen. The same phenomenon
is observed at 700°C and 725°C for time duratidrster than 12 hours. For longer times, needles
are rarely seen while globules are still found, after 24 hours only globules are observed. The
maximal length of needles remains around 100 nnrebler, a MC-free zone is observed in the
vicinity of prior austenite grain boundaries, rafjass the tempering conditions. At 675°C, this
precipitate-free zone sizes fairly 500 nm, regasiie tempering time.

Evolution of the chemical composition of carbides

The relative amount of metallic elements inQd| M23Cs and MC carbides were analyzed after
all 20 heat treatments. Figure 5.21, Figure 5.2@ Bigure 5.23 show the evolution of metallic

amounts respectively for M3, M23Cs and MC carbides along with their equilibrium composites
predicted by ThermoCalc.
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Figure 5.21:1Iron content in MCz as a function of chromium content for various termagtimes at
650°C, 675°C, 700°C and 725°C. Analyses made by mBasurements on carbon extraction
replicas. Equilibrium values are predicted usingefiinoCalc.
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For better clarity, compositions are representedhieytwo major metallic elements, i.e. iron vs.
chromium for MCz and M:3Cs, and chromium vs. molybdenum for @1 carbides. Molybdenum
content for MCz and M3Cs and iron content for BC remain relatively constant with time and
temperature, respectively ranging between 9% afd, 13% and 17%; and 2% and 5% in weight.
Initial chemical compositions for M3, M23Cs and MC are only shown at 700°C and 725°C for the
reasons explained in section 3.1. Each point reptesan analyzed patrticle; the relative error is
around 1% for each metallic element.

Analyses for cementite are not represented duket@ao low number of analyzed precipitates at
temperatures higher than 675°C and time durationgdr than 12 hours. After three hours of
tempering, their chemical composition remains statith time and temperature, typically 70% Fe,
25% Cr and 5% Mo, in weight percents. However, 80°€ and 675°C, an enrichment by

respectively 12% and 5% in chromium at the experiseon takes place upon the first 3 hours of
tempering.
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Figure 5.22:1ron content in MsCe as a function of chromium content for various tenmg times at
650°C, 675°C, 700°C and 725°C. Analyses made by BBasurements on carbon extraction
replicas. Equilibrium values are predicted usingefiinoCalc.

At all temperatures, MCz carbides become enriched in chromium and depleteidon with

increasing time before stabilizing, which tendpt their chemical composition closer to that @& th
pseudo-equilibrium one (Figure 5.21). However, #ggsilibrium composition is never reached. This
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3. Effect of tempering conditions on the carbidegitation

is particularly obvious at 650°C and 700°C. Moregpwgtabilization seems to occur for shorter times
at higher temperature: while the stable compositomot reached after 24 hours at 650°C, the
compositions after tempering for 3 hours and 5.6ré@t 725°C remain the same. Interestingly, no
M-Cs were found at this temperature after 24 hourseaipering. Moreover, at this temperature,
M-Cs carbides seem to be iron-enriched at the expdnd&@mium between 5.5 hours and 12 hours,
thus moving away from their equilibrium compositiobnlike that of MCs, the chemical
composition of M3Cs seems relatively stable with time at all tempaeguwith the exception of the
first 5.5 hours at 650°C where a clear enrichmerghromium occurs at the expense of iron (Figure
5.22). However, at all temperatures, a slight ayerenrichment in chromium seems to take place
between 3 hours and 24 hours. The chemical coniposst always close to the equilibrium one, and

becomes closer as the holding temperature is higtfear 24 hours of tempering at 725°C 24@s
carbides have clearly reached their equilibrium position.

50 5C

45 1 45 A

40 A 40 A Com
o

w
)]

o

L L
w
[

| %
L |

Cr (wt%)
S & 8

Cr (wt%)
S &3

15 15 Iy
10 ° -R% 10 - f'#
| 650°C o . 675°C A
0 M2C . . 0 M-C
40 60 80 100 40 60 80 100
Mo (wt%) Mo (wt%)
50 50
45 5] 45 ig::
401 %X 40 8 m5.5h
3 ;X _® ‘& = ©12h
30 % X 30 & A24h
2% 22 @  eEq
— 20 — 20 -
© 15 i &\. © 15
| O
104 700°C > 101725°C e
5 5 A
0 M2C . . 0 M»C . .
40 60 80 100 40 60 80 100
Mo (wt%) Mo (wt%)

Figure 5.23 Chromium content in BC as a function of molybdenum content for vari@msgering
times at 650°C, 675°C, 700°C and 725°C. Analysagenhy EDX measurements on carbon
extraction replicas. Equilibrium values are pre@dtusing ThermoCalc.

The amount of chromium evolves linearly with thecamt of molybdenum for MC carbides for
all conditions (Figure 5.23). This is due to theyattle iron content in these carbides, less than
5 wt%, which only evolves very slightly with tempeg time and temperature. & composition is
very scattered for short times and low temperatures instance, after 5.5 hours of tempering at
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700°C, MC composition ranges from 50% Mo — 45% Cr to 90%-M&% Cr. A clear correlation is
found between the composition and the morphologyl# carbides: needles are mostly chromium-
richer while globules are molybdenum-richer. Howeveeedles tend to enrich in molybdenum with
increasing time too. Like B4Cs carbides, MC carbides tend towards their equilibrium compoaiti
and reach it for shorter times as temperature asa®

The general behavior of all three carbides, i.eicament of MCz and M3Cs in chromium and
enrichment of MC in molybdenum is in good agreement with the ditiere review reported in
section 1.2.

Evolution of metallic element content in solid soltion

By combining the chemical content in carbides otgdiby EDX measurements and the phase
fraction as determined by Rietveld refinements, cane calculate the amount of iron, chromium and
molybdenum contained in carbides and thereforeatneunt contained within the matrix. These
calculations are only valid under the assumptiat these atoms are only present in these phases.
When considering the phase stability diagrams shiow@hapter 1l, one should notice that no other
secondary phases are expected to contain suchrekemigh the exception of @d. However, due to
their very low phase fraction, they are considetedhave a negligible effect on the chemical
composition of the matrix.

Normalized amouniNy, of chemical element in a phase& was determined using the following
equation (5.1):

fo X wiy Xuwt
Nx/(p:

x/p

100 x wt,, (5.1)

wheref, is the considered phase fraction (in wt%)y, the weight percentage of solutevithin
this phase (in wt%)wtot the weight percentage of element in the material 2.47 wt% for Cr and
1.11 wt% for Mo) andvtv the total contribution of metallic elements in tiweight of considered
carbides (0.93 for NC, 0.92 for MCs, 0.95 for M3Cs and 0.93 for MC, assuming perfect
stoichiometry of metallic elements with respect&obon). To calculateity, weight percentages are
taken as the average metallic content measured iy #r each type of carbide. For each
elementx, 3’ N,,, = 1 as prescribed by mass balance, and the normalipedirg of elemenk in

solid solution was calculated &s- Y. N, arpides-

It should be pointed out that such calculationsdoet allow the comparison between different
phases, but gives the evolution of the amount ofalie elements for one given phase. The
evolution of the normalized amounts of chromium amalybdenum with time at 675°C is shown in
Figure 5.24. It must be pointed out that this vataanot be calculated at the initial time (as-hate
state) due to the lack of reliable EDX measurenméntarbide chemistry for this condition. The
normalized amounts for isochronous tempering at fobrs are shown in Figure 5.25. The
normalized amount of elements in cementite is aptesented due to its low weight composition in

chromium and molybdenum. Since the average cheraraposition of carbides only varies a little,

125



3. Effect of tempering conditions on the carbidegitation

the evolution of the normalized amount of elemdotbws the same trend as the evolution of
weight fraction.
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Figure 5.24: Evolution with time of the normalized amountstobmium and molybdenum in solid
solution (matrix) and in carbides during temperiag675°C.
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Figure 5.25: Effect of temperature on the normalized amounthadmium and molybdenum in
solid solution (matrix) and in carbides during i$wonous tempering for 5.5 hours.

For the studied tempering conditions, the normdliaenount of chromium in solid solution is
almost independent of time and temperature, andiresmaround 0.75. The normalized amount of
molybdenum in solid solution remains around 0.6%@°C. Its apparent increase at 5.5 hours is
most probably an artifact due to the lower phasaetion measured for M for this tempering time
compared to the 3-hour and the 12-hour durationseMincreasing the temperature, the amount of
molybdenum in solid solution increases due to tissalution of MC. The evolution of amounts of
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Chapter V: Carbide precipitation during tempering

both molybdenum and chromium in carbides follows #ame trend as the evolution of phase
fraction, and no remarkable behavior is observed.

3.1.3 Effect of stress-relieving heat treatment on carbids

The effect of a stress-relieving heat treatment KHAYWat 645°C for 16 hours following a
tempering at 675°C for 5.5 hours was studied bynsed electro etching dissolution. The heating
rate was 0.014°C/s (50°C/h). No TEM observationsewsade. Table 5.4 shows the comparison of
carbides phase fraction before and after PWHT.

MsC M7Cs M23Ce M2C
No PWHT (wt%) 0.40 0.81 0.38 0.25
PWHT (wt%) 0.18 0.94 0.59 0.23

Table 5.4:Comparison of carbides phase fraction (in wt%befand after a PWHT at 645°C for
16 hours. Tempering at 675°C for 5.5 hours.

The PWHT leads to the dissolution of the cementitéch transforms into MCz as well as an
increase in MeCs carbides weight fraction. M carbides weight fraction remains stable.

3.2 Discussion

Based on all these results, the following assumptican be made on the evolution of carbides
during the tempering heat treatment. Propositidnsteractions between different carbides will also
be discussed.

3.2.1 Evolution of carbides upon tempering heat treatment

M 3C carbides

M3C carbides precipitate in the form of large clustempon heating and result from the
decomposition of retained austenite between 400RC680°C. Since carbide clusters are located at
the interfaces, one can safely assume that it evevthe retained austenite was located too. No TEM
observations on thin foils on the as-quenched samydre made to validate this hypothesis;
however, the presence of retained austenite atfanots is consistent with the expected granular
bainitic microstructure.

Clusters rapidly spheroidize with further heatimgd have completely disappeared at 725°C.
Some of them can still be found after 3 hours afgering at temperatures lower than 700°C, then
they progressively dissolve. As a result, constbtenith literature data and equilibrium diagram
assessments, cementite is the less stable carbidb precipitates in the material.
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3. Effect of tempering conditions on the carbidegitation

M2C carbides

M.C carbides have already precipitate at 650°C aed ¢gmow upon further heating. They appear
to nucleate homogeneously in the matrix, as sugddsy their fine distribution and their particular
orientation relationship with the matrix. No praaffa potential cubic/orthorhombic transformation
upon heating was found, however this latter is etqubto happen at lower temperatures as seen in
the literature. At 700°C and 725°C,.®! appear to be relatively unstable as their phesetidn
decreases with increasing tempering time, and dlmose is observed after 12 hours at these
temperatures. In these conditions, only rare glbiC are found. This dissolution is likely
thermodynamically driven, as suggested by thermanhya calculations. The increase in stability of
globular MC might be due to their particular shape, resulimga better surface/volume ratio
compared to needles.

At lower temperatures, their phase fraction remaorsstant although their number fraction seems
to decrease. At the same time;Mneedles are widening, suggesting that some aoagsenight
take place. In every case,.® becomes molybdenum-richer with increasing timeé eloser to its
equilibrium composition, either by extracting malmum from the matrix or by releasing
chromium.

M+Cs3 carbides

The evolution of MCs carbides can be described in three distinct stepsaucleation and growth
upon heating, the increase in phase fraction dutirg first 5.5 hours of tempering and their
dissolution for longer tempering times.

Nucleation and growth upon heating is hinted frorRay diffraction and SEM observations.
After heating up to 675°C, M3 are detected in the electroetching powder resjdumsever, they
are not detected by means of TEM observations ddd Bnalyses. At 700°C and 725°C,-Gk
carbides are observable by means of SEM and TENQwgh their chemical composition could only
be determined at 725°C, and is iron-richer thareetqal. At lower temperature unidentified carbides
are within range of both p4Cs and MCz composition, as shown by the orange circle in FEdu26.
These carbides are unlikely to be chromium-rick®4 since this would imply a further enrichment
in iron that would move away carbides from theiuiglgrium composition (the red arrow in Figure
5.26). More likely, these carbides are®4, suggesting they nucleate with a composition famf
equilibrium and then enrich in chromium with funtheeating (blue arrow in Figure 5.26). This
increase in chromium content is also observed duhe first steps of the isothermal holding stages
(for instance, after 5.5 hours at 650°C and afteo@ds at 700°C).

Moreover, the appearance of observablegCMand their enrichment in chromium seem to
coincide with the spheroidization of & clusters, and both are found in the same location
(interfaces). Thus, the clusters observed at 67&3ad actually consist of a mixture between
cementite and iron-rich WCs in their first stages of growth. Once nucleatedChAvould then grow
by attracting chromium atoms contained in the naigimg cementite and ferritic bainite, triggering
the dissolution of cementite. Suahsitu transformation of cementite into A2z is consistent with
the literature data reported in section 1.3, artiquaarly with the proposed mechanism from Inoue
& Masumoto [115] who reported that7Rk carbides nucleate at the interface between matrck

128



Chapter V: Carbide precipitation during tempering

cementite while maintaining crystal orientationatelnship with cementite, before growing rapidly
towards the cementite crystal.

Fe (wt%)

¢ 700°C
A 725°C

Equilibrium M,;Cq
(725°C)

Equilibrium M,4Cq
(700°C)

N

Cr (wt%)
Figure 5.26: Detailed view of Figure 5.18 illustrating the ewtydbn of carbide chemistry at the end
of heating. The orange circle shows the unidemtibarbides formed at 700°C, the pink circle
highlights the MCs carbides formed at 725°C and the blue circlex84 carbides formed at 725°C.
The red and blue arrows respectively representmg@tkenrichment in iron and chromium.

Mo (wt%)

It was reported in section 1.3 that the nucleatibM-Cs at the cementite/matrix interface was the
result of chromium depletion of the matrix. Frompexmental results, it appears that the total
chromium content in the matrix is not negligibledaremains constant with time and temperature.
Thus, one should expect that7@4 could nucleate separately from the matrix. Howetlex
chromium-richer clusters analyzed by EDX after mgatip to 675°C contained around 20wt% Cr,
which is almost ten times higher than the weigattion of the matrix (2.47wt% in average without
any precipitation). Thus, when accounting for ayl@rcementite particle and its surrounding matrix,
the cementite is indeed richer than the matrix, muneeation of MCsz at this interface still appears to
be likely.

During the isothermal step of the temperingQylcarbides reach a maximum in phase fraction,
which then slowly decreases with increasing tenmgetime. Increasing the tempering temperature
accelerates this final dissolution since nglylis observed after 24 hours at 725°C. During thst fi
5.5 hours of tempering, M3 carbides enrich in chromium although they neveacine their
equilibrium composition as calculated from the ager composition of the material. It is interesting
to notice that after 12 hours at 725°C, a drogh@irtchromium content occurs before their complete
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3. Effect of tempering conditions on the carbidegitation

dissolution after 24 hours. No growth or coarsersegms to occur since their size remains constant,
with an equivalent circle diameter of approximated0 nm.

M 23Cs carbides

M23Cs appear to be the equilibrium carbides, since tbegerience growth with increasing
tempering time and temperature while their chemacahposition remains stable and close to that
calculated at equilibrium. In parallel, the chromivamount in MC decreases and Al: are
dissolving.

When looking at Figure 5.24, the constant amountlaomium and molybdenum in solid
solution in the matrix indicates that the:d@s carbides do not attract these elements from thexma
only. On the other hand, the increase in the tatabunt of chromium in the MCe carbides
corresponds to the dissolution of the remaining emgite (first 5.5 hours), and then on the
dissolution of MCs carbides. This indicated that thed@s carbides experience growth by attracting
chromium from less stable carbides, more likely ttua local depletion of chromium in the matrix
but only close to the biCe, leading to a chromium concentration gradient tdrastefore triggering
dissolution of these less stable carbides.

Concerning MC carbides, a precipitate-free-zone is sometimegrold at the vicinity of MCs
particles. Dissolution of these M carbides releases molybdenum in the matrix, antesof it will
then diffuse into other BC particles, leading to their coarsening and ingiregatheir molybdenum
content.

The correlation between growth of.Ms and dissolution of MCsz is obvious. However, the
constant size of MCz particles suggests that the decrease in theirepinastion is due to a decrease
in their number fraction. In other words, dissadatiof M;Cz is localized. TEM observations show
that none or few of these carbides are found neasCdMcarbides for long durations/high
temperatures, suggesting that the dissolution gEaMlakes place in the vicinity of dCs carbides
only, and supporting the abovementioned mechanism.

This evolution of carbide population during tempgriis in good agreement with Baker &
Nutting’s results (with the exception ofgfd carbides) and thermodynamic equilibrium prediciio
MsC is the less stable carbide;G4 and MC are metastable and-bCs is the equilibrium carbide.
An increase in holding temperature seems to a@atelgéhe precipitation sequence, as metastable
carbides disappear more rapidly angk®4 growth is favored.

3.2.2 Summary of precipitation sequence

Based on all previous results and consideratidres,nticrostructural evolution upon tempering
heat treatment can be summarized as follows:

» Retained austenite decomposes into ferrite ag@ Musters during heating. At 600°C, no more

austenite remains in the microstructure. Retainestenite was more likely located at the
interfaces, especially at prior austenite grainnuauies.
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» At 650°C, MC carbides nucleate separately from the matrielyikhanks to the carbon in solid
solution within the bainitic laths and in the ilé&th dislocations. MCs starts to precipitate at the
interfaces between the cementite clusters and #&18xnM23Cs nucleates separately in the matrix.
When heating up to 725°C, or when starting thehewhal step at lower temperatures, clusters
tend to dissolve due to the diffusion of chromiumm Ms:C towards MCsz. M>C carbides keep
growing.

» For short tempering times, thez8 phase fraction reaches a maximum value while cétaes
dissolving. M3Cs starts to grow, likely due to chromium in solidwmn in the matrix. At 700°C
and 725°C, MC carbides start to dissolve due to their thermadyin instability.

» For longer tempering times, ACes experience growth, leading to progressive dissmuif M7Cs,
decrease in MC number fraction and coarsening of@®/Acarbides. For isothermal holding times
higher than a critical value, only Cs carbides remain in the material. This criticaluelis
lower for higher holding temperatures.

This precipitation sequence was successfully repred using the thermokinetic software
MatCalc. Results from these predictions can bedaomppendix D.

4. CONCLUSION

The four different carbides precipitating in thevestigated 2.25 Cr — 1 Mo steel have been
identified using literature data, experimental neasients and thermodynamic calculations. Each
type of carbide exhibits unique characteristicshsas amount of metallic elements, morphology,
crystal structure, nucleation site and nucleationdtions. MC cementite is the less stable carbide,
M7Cz and MC are metastable carbides ands:® is the equilibrium carbide. No & was ever
observed.

Precipitation of carbides starts during the heasitggp, due to the low heating rate that is dictated
by the high thickness of the targeted componermimFexperimental observations, the precipitation
sequence was proposed as follows. Cementit&€}Ndrecipitates first due to the decomposition of
retained austenite. M3 carbides then nucleate at the interface betwesrertte and matrix, and
grow by attracting both chromium and carbon atoresftheir parent MC phase. Molybdenum
carbides, MC, precipitate homogeneously from the matrix, whMes:Cs particles are located at
dislocations within the bainitic laths.ACs experience growth with increasing time and tenmipeea
leading to the dissolution of neighboring less abarbides: MC first, then MCs. These
observations were successfully reproduced usihgraokinetic approach, shown in Appendix D.

The effect of a subsequent stress-relieving hesdtrirent was studied. Using the studied
conditions, such heat treatment leads to the ditsal of cementite, as well as an increase in phase
fraction of M/Cz and Mp3Ce.

These results are to be used in the next chaptnder to understand the effect of the tempering
heat treatment on the tensile and impact toughpregerties of the considered steel.
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The effect of the microstructural evolution duritige tempering heat treatment and the stress-
relieving heat treatment on the final mechanicabpprties, namely, the hardness, tensile and
toughness properties, is reported in this chapter.

This chapter begins with a literature review on #féect of tempering conditions on the
mechanical properties of 2.25 Cr — 1 Mo steels. $trengthening mechanisms governing the
resistance to plastic deformation at room tempesatwe highlighted and discussed from results
found in the literature. The effect of carbidestonghness is also summarized. In the second part,
the mechanical properties of microstructures rgsplfrom tempering heat treatments reported in
Chapter V are investigated, as well as the efféétither stress-relieving heat treatment. Hardness
measurements have been performed on each of ttenfi¥ered conditions presented in Chapter V,
whereas tensile and impact toughness properties agsessed for tempering conditions of interest.

1. LITERATURE REVIEW . EFFECT OF TEMPERING CONDITIONS ON
MECHANICAL PROPERTIES

The following review present results found in thierature concerning the evolution of hardness,
tensile properties and toughness as a functioheofempering heat treatment. Results are shown as a
function of a Hollomon-Jaffe parameter or TemperaReeter (TP), which gives an equivalence
between the tempering temperature (in K) and thmpéging time (in hours) such as:

TP = T(logt + C) (6.1)
whereC is a constant equal to 20. Assuming that theregea equivalence between time and

temperature, the results should vary uniquely whth TP with almost no noise. If not the case, then
no equivalence exists. This latter is likely tothe case, since as seen in Chapter V an increase in
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temperature can change the thermodynamic equiiriie. the nature of carbides that are stable in
the material after tempering. Nevertheless, thisegentation was chosen because, on the one hand,
some of the literature results were only reporte@ dunction of the TP, and on the other hand this
representation allowed representing a wide rangenospering conditions on a single plot.

Source  Heat treatment Testing conditions

[116] 940°C — 4h + Air cooled Tensile: Room temperature
[650, 670]°C — 1.7h, 710°C —[1.7, 9.7, 96]h Toughness. no information
No information on the heating step Hardness HV10

[117] 940°C — 2h + Air cooled Tensile: 6x30mm cylindrical
[640, 680, 720, 780]°C — 2h specimens, strain rate: 1@*
No information on the heating step Room temperature

Hardness HV10

[118] 950°C — 2h + Cooled at 0.7°C/s Tensile: Room temperature
600°C — [25-500]h, 650°C — [5-470]h, Toughness. no information
700°C —[1-150]h Hardness HV10
No information on the heating step

[101] 1100°C - 0.5h + Oil quench Hardness: HV30

700°C —[0.5-12]h
No information on the heating step
(4] 920°C - 5h + Cooled at 0.08°C/s Tensile: Room temperature
Only TP is given Toughness. no information
Specimens taken from forgings or
plates of thickness ranging from
108 to 450 mm.
10 heats examined.
84] 920°C — 30 minutes + Water quench Toughness:HV1
[400,500,600,700]°C — 1 hour
No information on the heating step
Table 6.1:Heat treatments and testing conditions for ressiftswn in Figure 6.2 and
Figure 6.3

The considered heat treatments and testing conditiare gathered in Table 6.1. The
austenitization temperatures can vary between 9200C1100°C, and as a first approximation will
be considered to have a neglecting effect on thehamecal properties as shown in Chapter IV.
Cooling rates are also different but are alwaysilties in fully bainitic microstructures. However,
such change in cooling rates has an impact not@miyne bainitic transformation kinetics, as seen i
Chapter 1V, and thus might have an impact on theiti@packet size, but also on the distribution of
the retained austenite that partly controls carlpcezipitation during tempering and therefore the
mechanical properties. Finally, no information igseg on the heating rate for the tempering heat
treatment, although this parameter has a strorigeinée on the carbide precipitation as seen in
Chapter V. It should be pointed out that Murakadli §nd Takahashi [118] only reported their
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results as a function of the TP, and the tempesorglitions corresponding to a given result remain
unknown.

Nevertheless, this literature review does not aimoaparing the different results found in the
literature, but at getting a first insight, for avgn material, on the effect of tempering time and
temperature on the mechanical properties.

1.1 Resistance to deformation and strengthening mechasms

The strength of a material depends on several strerctural parameters: the unit size of interest
(in this case, the bainitic lath size), the distmradensity, the presence of particles such dsides
and the amount of interstitial and substitutiortahas in solid solution. Upon tempering, the bamiti
lath size is expected to remain constant with tiem&l tempering since it results from the
decomposition of austenite upon cooling. Thus,dhserved variations in strength are only due to
change in precipitation strengthening, solid solutstrengthening and dislocation strengthening.
Their effect on the material strength can be sunmedras follows:

* Precipitation strengthening is due to the intecangi between dislocations and particles, in this
case carbides. There are two mechanisms goverriigy dontribution to strengthening:
dislocations cutting through particles (shear agftiand dislocations bowing around particles
(Orowan by-passing). Shear cutting occurs for caeparticles only, while Orowan by-passing
affects all types of particles. In the case of shigle particles, there is a critical particle distow
which dislocations cross particles by only sheatimy mechanism, and by only Orowan by-
passing when above.

In the considered material, /3 and M3Cs are incoherent carbides and are only concerned by

Orowan by-passing, while M are semi-coherent carbides and are thus potgrgisbjected to

both mechanisms. However the critical size faCMs 3 nm [119] while their average size upon

tempering is larger than 50 nm after heating up30°C, thus only Orowan by-passing has to be
taken into account. As a conclusion, the contrdoutpd strengthening due to particles in 2.25 Cr —

1 Mo steels is only linked to Orowan by-passing.

This contribution to strengthening is inversely godional to the inter-particle distance, for a

given volume fraction of particles. Since the inparticle distance is correlated to the particles

size and distribution, growth and coarsening ofbickes tends to reduce their strengthening

efficiency [107, 120].

» Solid solution strengthening can be due to intéastatoms (C, N) and to substitutional atoms
(Mo, Cr ...). Interstitial atoms lead to higher sgérening than substitutional atoms. In a typical
granular bainite, carbon atoms are mostly locatethé retained austenite, thus they are not in
solid solution within the bainite. Moreover, as rsee Chapter V, once precipitation starts the
amount of chromium and molybdenum in solid solutimmains constant with time and
temperature, with the exception of the dissolutdi-C at high temperature which may result in
a release of molybdenum. Based on these obsersatgwilid solution strengthening likely
decreases during precipitation and then remairdestBlowever, the increase in molybdenum in
solid solution caused by the dissolution of@vmight lead to possible strengthening, as pointed
out by some authors [94, 107].
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« After quenching, bainite exhibits a high dislocatitensity, in the range of ¥on? in the studied
material as assessed from Bgemperature (see Appendix D). Strengthening dubsiocations
decreases when increasing the tempering temperdtgieed, higher temperatures lead to faster
diffusion, thus the dislocation motion is enhaneaul recovery through their annihilation and
rearrangement is favored.

Thus, softening due to a change in dislocation itheasid solid solution chemistry are likely to
only happen during the very first stages of temqggrivhile the growth and dissolution of carbides
are responsible for further softening. Such consiilens are in good agreement with the work from
Parameswaran, who postulated that the evolutidraafness in bainitic 2.25 Cr — 1 Mo steels went
through four different stages, as shown scheméticalFigure 6.1 [16]. Stage | occurs during the
very first beginning of tempering, where softeniaglue to dislocation recovery. Stage Il shows a
secondary hardening triggered by the coherencynstdue to precipitation of fine, semi-coherent
M2C carbides. Stage Il is a further softening, du@rtecipitation and growth of other incoherent
carbides such as 4@z or Mx3Cs at the expense of M, which on the one hand reduces the
strengthening due to M precipitation, and on the other hand depletesriatix in solid solution
elements. The final stage, Stage 1V, is a slowesmfig due to coarsening of incoherent carbides and
dissolution of MC carbides, which once again reduces the contabubf precipitation to
strengthening.

Hardness

v

Time
Figure 6.1: Schematic sketch showing the four stages of hasdeeolution with tempering time at a
given temperature. Froffi6]

Figure 6.2 shows the dependency of tensile pragsend hardness on tempering conditions
gathered from sources [4, 101, 116-118]. The utgnedongation is not represented, and varies from
20% for TP = 18700 to 35% for TP = 21600 [116]. Gheuld notice that the results obtained by
Murakami et al. [4] are very scattered when represkas a function of TP. This is most likely due
to poor equivalence between tempering time and ¢eatpre, as well as to the fact that their tensile
tests were made on various heats and on compooeugsious thicknesses. Important information
given by this figure is that the tensile propertieamely, the yield strength and the ultimate fensi
strength, as well as the hardness tend to decvélase increasing the temper parameter, i.e. when
increasing tempering temperature and/or time. Hiaiuof tensile properties and hardness can be
divided in three steps, each one of them correspgrd linear variation in strength with the TP.
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» Atlow TP values, i.e. for the two values of LMmhging from 13000 to 15000, which correspond
to 1 hour of tempering at 400°C and 500°C from @h&rKai [84]. At such low temperatures, no
precipitation is expected and softening is thusyanduced by recovery of the dislocation
structure in bainitic ferrite. This correspondsStage | in Figure 6.1.

* At intermediate values of TP, between 15000 and@0De. after 1 hour at temperatures ranging
from 500°C to 700°C according to Chang & Kai [82],hours at temperatures ranging from
640°C to 720°C according to Holzmann [116, 117] apdto 3 hours at 700°C according to
Pilling [101]. Compared to Stage |, an additionaftening is observed due to the precipitation of
incoherent carbides. This corresponds to Stage IlI.

» At high TP values, higher than 20000, i.e. from duis to 12 hours of tempering at 700°C
according to Pilling [101], 2 hours at 780°C andto@6h at 710°C according to Holzmann [116,
117]. For these tempering conditions, i.e. longatlons at any temperature or very short
durations at high temperatures, dissolution ofCMs likely to occur, either due to their
thermodynamic instability (above 725°C) or due tmwvgh of incoherent carbides. This
corresponds to Stage IV.
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Figure 6.2: Relationship between tempering conditions and/(ald strength (YS) and ultimate
tensile strength (UTS), (b) Vickers hardness 05@r2- 1Mo steels. Fron4, 84, 101, 116-118]

It should be pointed out that the secondary harde(btage Il) is almost never reported in the
literature concerning these materials. This islgasiplainable by the fact that incoherent carbides
and MC carbides precipitate simultaneously, as seenh@ap€r V. Thus, phenomena involved in
Stages Il and Il usually happen at the same tMigh the exception of secondary hardening, the
four stages described by Parameswaran are consigfém the literature data and with the
considerations on the evolution of strengtheninghmaisms due to the evolution of microstructure
as described in Chapter V.
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1.2 Toughness properties

In low-alloy steels such as 2.25 Cr — 1 Mo, forieg grain size and matrix microstructure, the
resistance to brittle fracture is affected by theb@e size since carbides are known to initiaiktldor
cleavage failure by particle fracture producingmmatacks [120]. 2.25 Cr — 1 Mo steels exhibit good
toughness properties due to the fineness ¢ Marbides and moderate prior austenite grain size
[121]. Moreover, reports from literature showedt tthee FATT is not clearly correlated to tempering
time and temperature, as shown in Figure 6.3.

Upon certain ageing conditions, phosphorus segmyat prior austenite grain boundaries may
take place and may promote intergranular fractdr21+125]. However, due to the very low
phosphorus content in the studied material and réhatively short tempering durations, such
phenomenon, if happening, can be considered agyitegl Nevertheless, any intergranular facets on
fracture surface have to be investigated thoroygalthough it was shown in Chapter IV that
intergranular facets on fracture surface for tluelistd material were likely ductile.
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Figure 6.3: Relation between tempering conditions and FATE 225Cr — 1Mo steel.

From[4, 118]

2

As a conclusion, the tensile and hardness propgetigerease during the first hours of tempering
due to annihilation and rearrangement of dislocatias well as precipitation of carbides, which
reduces the amount of solute atoms in solid salutior longer durations, carbide growth and
coarsening are responsible for the softening ofntlagerial, since they imply an increasing inter-
particle distance while the volume fraction of gdeébremains the same. No clear effect of tempering
conditions on impact toughness properties has biggrighted regarding literature data.

2. EXPERIMENTAL RESULTS

The effect of the tempering heat treatment, andetbhee of the carbide precipitation on the
mechanical properties of the material was investidjlal empering temperatures range from 675°C to
725°C, for durations up to 24 hours with a heatiatg at 0.03°C/s. All samples to be characterized
by hardness measurements were water quenchedeaftpering; all specimens used for tensile and
toughness tests were air cooled. Due to the gegragehlanks, cooling was fast in both cases: a few

138



Chapter VI: Mechanical properties after tempering

seconds for the water quench, a few minutes fec@oting. Thus it was assumed that this difference
in cooling rates has no effect on the material astucture.

Hardness values are reported for all 24 temper@@sstsince this technique requires very little
material and time. Mechanisms responsible for tugion of hardness with tempering are then
discussed. Further tensile tests and V-notch Charpact tests on small specimens were then
conducted for three particular tempering conditiongrder to study the effect of tempering time and
temperature. Since the reference tempering condit#ng 5.5 hours at 675°C, as seen in Chapter I,
these mechanical tests were also conducted omseesitempered either at 675°C for 12 hours or at
700°C for 5.5 hours. The effect of the stress-vatig heat treatment following tempering is then
briefly investigated.

More information on the experimental proceduredatd used in this part of the study can be
found in Appendix A.

2.1 Effect of tempering on mechanical properties

2.1.1 Hardness measurements

Figure 6.4 shows the evolution of hardness upotirigeand tempering up to 24 hours at 650°C,
675°C, 700°C and 725°C. Upon heating, the hardnesgins constant around the as-quenched
bainitic hardness, namely, 350 HV, at least up @6°€. At 600°C, a slight increase in average
hardness up to 360 HV is observed; however thertaiogy on this value is 10 HV thus this
difference is not significant. At 650°C, the hargeislightly decreases down to 328 HV then a drop
down to 298 HV at 700°C takes place. At 725°C, hlaedness is 240 HV. Upon tempering, the
hardness evolves similarly with time regardlesshef tempering temperature, although values are
lower for higher temperatures. From the as-heatsté $0 3 hours of tempering, the hardness drops
down and then slightly decreases between 3 hour24aimours.
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Figure 6.4: Evolution of hardness (a) upon heating, (b) upemgering at various temperatures.
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Figure 6.5 shows the variation in hardness durmggfirst 3 hours and between 3 hours and 24
hours as a function of tempering temperature. Tiog dluring the first hours is larger when the
tempering temperature is lower, and the remainiisg in hardness remains constant with respect to
the tempering temperature, with the exception wipiering at 725°C.
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Figure 6.5: Variation in hardness during the first 3 hourstefpering and between 3 hours and 24
hours as a function of tempering temperature.

Based on these observations, the evolution of e&slapon tempering can be categorized in three
stages: (A) upon heating, (B) during the first 3itsoand (C) during the remaining of the isothermal
part of the heat treatment. These stages are temsigith the statements made above based on the
literature data, and are to be discussed with otdpeStages I-1V as defined in [16].

Stage A: Evolution of hardness upon heating

First of all, it should be reminded that the asfgpiied material contains a non-negligible fraction
of retained austenite, around 6 wt%, as reporte@hapter V. However, this retained austenite is
fully decomposed into ferrite and cementite at &)0Xhere the hardness is close to that of the as-
guenched state. Thus, it has no direct effect eretlolution of hardness during heating.

Solid solution chemistry and dislocation densityhivi the matrix can be qualitatively assessed
thanks to XRD. The full width at half maximum of tma diffraction peaks is correlated to the
dislocation density [126], and atoms in solid solutdistort the matrix, thus changing the lattice
parametera and shifting diffraction peaks. It should also m@Ented out that change in the lattice
parameter can be induced by elastic deformatioesalinternal stresses. As a first assumption, thes
internal stresses will be considered as negligible.

In the case of a bcc structure such as ferritejrteg-reticular distance decreases for increasing
lattice parameter, therefore with the amount afyaklement atoms in substitutional solid solution.
The interplanar distanag(h,k,l) in the reciprocal space corresponding to (11@pes$ is given by
equation (6.2).

V2

d(1,1,0) = — (6.2)
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Chapter VI: Mechanical properties after tempering

Figure 6.6 shows the ferrite diffraction peak oh¢al by Synchrotron X-Ray Diffraction, both
before and after heating at 675°C. One should adtiat the full width at half maximum decreases
and the inter-reticular distance increases whenmrthterial is heated. Thus, dislocation recovery and
loss of atoms in solid solution take place uporntingaThe latter observation is consistent with the
observed precipitation of M carbides at 650°C, which are assumed to pret@piahin the matrix
from carbon and molybdenum atoms in solid solutldawever, softening is occurring from 650°C
to 675°C, where no major change in carbide preatipn is observed. Thus, this softening is only
induced by dislocation recovery. Since the dropandness between 600°C and 650°C is similar to
the one between 650°C and 675°C (roughly 25HV), cere safely assume that softening due to
evolution of the solid solution chemistry is nedig in front of softening induced by recovery bét
dislocation structure.

—As-quenched
— As-heated

Counts (u.a.)

1.99 2.01 2.03 2.05 2.07
d spacing (A)
Figure 6.6: X-Ray Diffraction peaks of the ferritic {110} plesmbefore and after heating up to
675°C followed by water quench.

Moreover, it should be noted that precipitationMfC carbides is supposed to have a positive
contribution to strengthening; however the globahtenal hardness is decreasing. Thus, the
softening effect due to dislocation recovery ishieigthan the strengthening effect due teCM
precipitation.

The drop in hardness between 675°C and 700°C cbaldexplained thanks to the results
presented in Chapter V. While both® and MsCs are detected by X-Ray diffraction at 675°C,
they become observable by means of TEM only fro@°C0 Thus, a softening effect due to the
precipitation and growth of incoherent carbidelskisly to take place from 675°C to 725°C.

As a conclusion, Stage A integrates contributionemf Stages | and Il postulated by

Parameswaran [16]. Mechanisms causing the hardnesdgtion upon heating are summarized in
Table 6.2.
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Temperature Mechanisms Effect

RT — 600°C Decomposition of retained austenite Unsigauift

650°C Loss of carbon and molybdenum in solid sotuti  Negligible
Precipitation of MC Hardening

600°C— 725°C  Dislocation recovery Softening

675°C— 725°C  Growth of MCs and MCe carbides Softening

Overall Softening

Table 6.2:Mechanisms responsible for the hardness evolutpmn heating up to 725°C.

Stage B: Evolution of hardness during the first 3 burs of tempering

Stage B is characterized by a drop of hardnesshwisianore pronounced at lower tempering
temperatures than at higher ones. Figure 6.7 shiwsferrite diffraction peak obtained by
Synchrotron X-Ray Diffraction after heating up t658C and after 3 hours at 675°C, respectively. It
appears clearly that the full width at half maximwecreases during this stage, indicating that
dislocation recovery is still ongoing. Moreover, evhconsidering the results from Chapter V, both
weight fractions of MCsand M3Cs increase during the first 3 hours of tempering°C, leading
to further softening of the material.

The softening effect of temperature can be expthae follows. After heating up to 700°C and
725°C, more dislocations are already annihilatbds tthe material is already softer than at lower
temperatures. Moreover, &z and M3Cs carbides have already started to precipitate,endtilower
temperatures, incoherent carbides are still verg When the heating stops, and only starts to grow
during the isothermal step due to dissolution ofiestite.

One should also notice that.® tends to coarsen after 3 hours at 700°C and 726h¢pared to
lower temperatures, as seen in Chapter V. Thus, stiengthening effect should decrease with
increasing temperature.

/ — As-heated

3 hours

Counts (u.a.)

1.99 2.01 2.03 2.05 2.07
d spacing (A)
Figure 6.7: X-Ray Diffraction peaks of the ferritic {110} plesafter heating at 675°C and after
tempering for 3 hours at 675°C.

Thus, stage B integrates contributions from Stdigaxsd Il postulated by Parameswaran [16].
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Stage C: Evolution of hardness between 3 hours aridl hours of tempering

Upon Stage C, the loss of hardness is similar darperatures ranging from 650°C to 725°C,
namely, 25HV, and is up to 35HV at 725°C, indicgtanchange in the microstructural evolution at
725°C with respect to lower temperatures.

Based on the results from Chapter V, this ranggnoé durations corresponds to the growth of
M23Cs, leading to coarsening/dissolution o™ carbides, full dissolution of remaining cementite
and partial dissolution of MCs carbides. This phenomenon leads to an increaseten-particle
distance inside bainitic laths, and thus the stietgng contribution due to these carbides decsease
After 24 hours at 725°C, only coarsedls are observed, explaining the stronger softenimndu
Stage C at this temperature.

On the other hand, Figure 6.8 shows the {110} ferdiffraction peaks obtained by Synchrotron
X-Ray Diffraction after tempering at 675°C for timmeanging from 3 hours to 24 hours. All peaks
are superimposed, thus no significant dislocatemovery is expected to happen.

As a conclusion, microstructural evolutions respaesfor softening of the material upon the
isothermal part of the tempering treatment are sariz@d in Table 6.3. All these mechanisms are
thermally activated, explaining the decrease imdhess for a given tempering time when increasing
tempering temperature. Stage C is thus similanécstage IV as postulated by Parameswaran [16].

3 hours
—5.5 hours
——12 hours
—24 hours

Counts (u.a.)

1.99 2.01 2.03 2.05 2.07
d spacing (A)
Figure 6.8: X-Ray Diffraction peaks of the ferritic {110} plesafter tempering at 675°C for times
ranging from 3 hours to 24 hours.

Time Mechanisms Effect

Oh— 3h Dislocation recovery Softening
Precipitation and growth of M3 and M:3Cs Softening
Coarsening of MC (at 700°C and 725°C) Softening

3h— 24h Growth of M3Cs, coarsening and dissolution ob® Softening

Table 6.3:Mechanisms responsible for the hardness evolutpmn tempering

As a conclusion on the magnitude of contributions tb microstructural evolutions, the softening
induced by loss of atoms in solid solution is ngiglie compared to of the one due to recovery of the
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dislocation structure, and this latter is highearttstrengthening induced by precipitation ofQVi
carbides. Moreover, softening upon Stage B is high@n upon Stage C, thus the softening due to
recovery of the dislocation structure is also hrghan the one due to the precipitation of incohere
carbides.

2.1.2 Tensile properties

Tensile testing of small specimens was performeo@n temperature with an elongation rate of
5.10* s, Tensile curves for the three selected conditioasnely, 675°C — 5.5 hours, 675°C — 12
hours and 700°C — 5.5 hours are presented in Fig@ealong with an enlarged view on the strain
hardening zone for all tests. For each conditiwo, tests were conducted.
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Figure 6.9: Tensile curves for tempered specimens temperddr(&)5 hours at 675°C,
(b) for 12 hours at 675°C, (c) for 5.5 hours adD70, (d) enlarged view on the strain hardening
zone for each condition.
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It should be pointed out that the tensile testsewmsnducted without extensometers, thus the
elastic part as shown in Figure 6.9 comes from themaatical correction (from compliance of the
tensile machine) mada posteriori The values of yield strength (YS), ultimate témstrength
(UTS), maximum uniform elongation (Ag) and fractwlengation (A) for all six tests are gathered
in Table 6.4.

Tempering conditions HV5 YS (MPa) UTS (MPa) Ag (%) A (%)

- 225:3 614 737 6.7 20.6
675°C -5.5 hours 610 733 71 21.7
: 20622 553 678 7.2 20.7
675°C — 12 hours 530 708 7.0 21.0
) 2076 526 6438 73 20.6
700°C - 5.5 hours 531 655 71 213

Table 6.4 Summary of tensile properties for each testegering condition

The general response to deformation for all threeditions is rather similar: the transition
between the elastic domain and the plastic donsaacute, even when the mathematical correction
of the Young modulus in not taken into account. (bg considering raw data on load vs load line
displacement curves). The following strain hardgngxmoderate (roughly 125 MPa), and all curves
are parallel to each other. Necking starts at A§s; followed by ductile fracture at an elongatidn o
21%. The vyield strength and the ultimate tensitengfth decrease with increasing tempering time
and temperature. Moreover, increasing the tempeeangperature results in a higher loss of tensile
properties than increasing the tempering time.

Based on these observations, the effect of temgpearonditions on tensile properties can be
discussed as follows:

The same tendency for all three tempering condstianth regards of strain hardening and
resistance to necking indicates that the sameaictiens occur between mobile dislocations and
forest dislocations. Thus, the dislocation dengi&ys no role in the observed differences. Varratio
of tensile properties are only induced by the cleanghe precipitation state, as indicated by tu f
that all three conditions are within Stage C asviptesly mentioned. Carbides can impede
dislocation motion, especially in the case of fioeherent carbides. As seen in Chapter V, for these
three tempering conditions, incoherentQd carbides remain stable in size but decrease isepha
fraction, incoherent MCs carbides experience growth and are coarser th# Bharbides; finally,
semi-coherent MC carbides are coarsening or dissolving. GrowtWgCs carbides and dissolution
of M2C carbides result in the general decrease in paeiele distance which is detrimental
regarding the tensile properties.

However, one should notice that the hardness igagifor the 700°C — 5.5h and the 675°C — 12h
conditions, namely, 205 HV, while the tensile pndigs are not the same. As seen in Chapter V,
there are more incoherent carbides and slightly MsC carbides after 5.5 hours of tempering at
700°C, respectively 0.95 wt% and 0.22 wt%, thaeraf®2 hours of tempering at 675°C, respectively
0.66 wt% and 0.27 wt%. Tensile tests measure #istamce to deformation of the whole sample, at
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the opposite of hardness which is only a local measent. Thus, such slight change in the phase
fractions may not affect the local hardness, buf heve an impact on tensile properties.

2.1.3 Impact toughness properties

For all three tested temperatures, 14 specimens tested by V-notch Charpy impact tests, at
temperatures ranging from -150°C to 288°C. Thitetatemperature corresponds to the in-service
temperature of a nuclear pressure vessel. Ductilgittle transition curves for all three tested

tempering conditions are shown in Figure 6.10, iamghct toughness properties are summarized in
Table 6.5.
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Figure 6.10: Ductile-to-brittle transition curves for each teerpng condition (a) rupture energy,
(b) area fraction of brittle fracture surface

DBTT (°C) FATT (°C) USE (J) RE at288°C (J)

675-5.5 -111 -107 9.55 8.24
675-12 -105 -102 9.66 8.31
700-5.5 -112 -111 9.87 8.31

Table 6.5:Summary of impact toughness properties for eastledetempering condition

The evolution of the fracture mode as a functiotheftesting temperature is rather similar for all
three tested tempering conditions, and can be elivid three different zones.

* At low testing temperatures, i.e. below -125°C,taup is fully brittle and occurs for energy
values within a range of 0.5 J. In this temperatiomain, fracture occurs by cleavage although
patches of intergranular fracture are also obsefngad time to time, as already stated in Chapter
IV and shown in Figure 6.11. Cleavage facets ekldhwide range of sizes, from 2 um up to
10 um, regardless the tempering conditions or #sting temperature. Residual plasticity is
sometimes observed close to what appears to beaustenite grain boundaries, and is likely to
be induced by ferrite resulting from the decomposibf retained austenite. No conclusion on the

146



Chapter VI: Mechanical properties after tempering

crack initiation can be drawn from SEM observatjonswever it is likely due to incoherent
carbides, even if they were almost never obserpedsibly because located underneath the
fracture surface.

» At high testing temperatures, i.e. above -100°@, rilipture is fully ductile, and the dissipated
energy is around 9.5 J regardless the temperiagnent. Ductile shear first occurs, roughly over
the first millimeter from the notch, before dimplescome observable as shown in Figure 6.12.
EDX analysis of particles inside these dimples ptbthat they were MnS.

» A transition between these two regimes occurs dstirng temperatures from -125°C to -100°C,
where the fracture surface exhibits a ductile cradkance close to the notch, followed by brittle
fracture. The ductile and brittle fracture surfaees similar to the ones described above, namely,
a shearing front in the first millimeter and dimphleith MnS particles for ductile surfaces, and
cleavage with patches of intergranular fracture lacdl plasticity for the brittle surfaces. DBTT
and FATT remain similar regardless the temperingdd@omns, around -105°C. As already stated
in Chapter IV, this transition is very steep, witt#0°C, as the fracture energy is distributed into
two groups in the vicinity of the DBTT, namely fulbrittle fracture of specimens (1-2 J) and
brittle-ductile fracture (5-8 J). No physical menlsan can be proposed to explain this bimodality,
as fracture surface observations reveal no difteeietween both energy groups. More detailed
investigations about cleavage fracture initiatiom meeded to clarify this point.

iy , \V‘/ [ \ \_._ ~ »’ 4
Figure 6.11: Typical crack initiation site for brittle fracturdBlue arrow shows residual plasticity,

red arrow an intergranular patch and green arrowlo@es that possibly acted as local crack
initiators. Tempering conditions: 675°C — 5.5h, gdentested at -125°C, rupture energy: 0.63 J.

It appears clearly that the softening previouslysesteed has no impact on the toughness
properties. Thus, the change in microstructure éedwby a slightly higher tempering temperature or
a slightly higher tempering time is not significagriough to impact these properties. However, a
major change in microstructure, such as the oneroeed after 24 hours of tempering at 725°C
where all MC are dissolved and only large23@e carbides remain, is expected to increase DBTT
and FATT.
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Figure 6.12: Typical ductile fracture surface. Patrticles in dilap are MnS. Tempering conditions:
675°C — 5.5h, sample tested at -112.5°C, ruptuergn 6.12 J.

As a conclusion, the evolution of microstructuremnipempering affects the material strength but
not its impact toughness. Moreover, softening durtempering seems to be mostly due to
dislocation annihilation, while dissolution of & and growth of MkCs only has a second-order
effect.

2.2 Effect of stress-relieving heat treatment on finamechanical properties

The effect of the final stress-relieving heat tneamt (or post-weld heat treatment, PWHT) on
mechanical properties has been studied, as thetéakgomponent is made of parts to be joined by
welding. Two different stress-relieving heat treaits were tested after tempering at 675°C for 5.5
hours: (A) 645°C — 16 hours, (B) 625°C — 16 hoiise first one corresponds to the PWHT applied
on the reference material, and the second oneci®nle used for the quenched+tempered states in
Chapter IV. Results for the latter have alreadynbesported in Chapter IV after austenitization at
970°C — 1 hour. Samples were air cooled after berfpering and stress-relieving heat treatments.
The heating rate for both PWHTs was 0.014°C/s (80°C

Figure 6.13 shows the comparison of hardness vélefese the PWHT and after the PWHT. The
stress-relieving heat treatment appears to have ootittle effect on the material hardness. These
observations are consistent with results repome@hapter V, where it was shown that the stress-
relieving heat treatment only has an impact onekse stable carbides, i.es®and cubic MC, thus
no strong change in microstructure is expectedhduAWHT after tempering. Moreover, the stress-
relieving heat treatment is conducted at tempegatiower than the tempering heat treatment, thus
no more dislocation recovery should take place.

Figure 6.14 shows the stress-strain curves forafit#empered states and after any of the two
stress-relieving heat treatments. Characteristisile properties are summarized in Table 6.6. The
yield strength and the ultimate tensile strengtpeap to decrease after the stress-relieving heat
treatment, as well as the maximum uniform elongatidowever, the fracture elongation is not
affected by this heat treatment, and the temperatdirthe latter has no effect on the tensile
properties.
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Figure 6.13: Comparison between hardness before and after PWH& 650°C, 700°C and 725°C
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Tempering conditions  YS (MPa) UTS (MPa) Ag (%) A (%)
614 737 6.7 20.6
No PWHT 610 733 71 217
561 671 54 18.5
PWHT A 560 672 6.3 21.3
565 687 6.0 21.1
PWHTB 569 691 5.6 21.3

Table 6.6 Summary of tensile properties for each testedlitmm with respect to PWHT

Since no detailed investigations were made on tieeostructure of the stress-relieved specimens,
only assumptions can be made, particularly whersidening the lack of influence of the stress-
relieving heat treatment on hardness. From X-Ré#yadtion on electroetching residues, the stress-
relieving heat treatment leads to dissolution ohestite and increase in phase fraction ct®4,
M~7Cs, while the weight fraction of MC remains constant. Possible coarsening o€ Marbides
might occur, however no TEM observations were madmnfirm this hypothesis.

Figure 6.15 shows the rupture energy and the p&xgerof brittle fracture as a function of the
testing temperature for the specimens that werg tmmhpered and the ones which underwent the
additional PWHT (A). Tests after PWHT (B) were oalynducted at -125°C. Table 6.7 summarizes
the impact toughness properties. Results from SBbevations of fracture surfaces are similar to
the ones discussed in 2.1.3. The stress-relievedf kreatment does not impact the toughness
properties, namely, the FATT, the DBTT and USE ezittHowever, the bimodality of the rupture
energy in the ductile to brittle transition rangeagain evidenced.
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Figure 6.15: Ductile-to-brittle transition curves for specimetesnpered at 675°C for 5.5 hours with
and without PWHT (a) rupture energy, (b) area frawstof brittle fracture surface
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Chapter VI: Mechanical properties after tempering

DBTT (°C) FATT (°C) USE (J) RE at288°C (J)
No PWHT -111 -107 9.55 8.24
PWHT A -113 -109 9.50 8.46
Table 6.7:Summary of the effect of PWHT A on impact toughpesperties

2.3 Determination of Temper Parameter coefficient

It is of industrial interest to determine the comént C in equation (6.1) corresponding to a linear
variation of the current experimental values witle fTemper Parameter. Indeed, such parameter
would allow to rapidly estimate the order of magda& of mechanical properties for a given
tempering time and temperature.

Linear regression by the mean squares method ohatttmess values presented in section 2.1.1
with the exception of as-heated states result iopimized value foC of 20.434 (Figure 6.16).

Hardness (HV)

| N N N

a 8 & 8
f |

150

19 20 21 22
Temper Parameter (x10°)

Figure 6.16: Result of the optimization of the C value of teenfper Parameter on the hardness
value

Using this coefficienC, the tensile and impact toughness properties pargmentally determined
can be tentatively represented as a function ofTiaeper Parameter. The addition of a stress-
relieving heat treatment can also be representeatiiing its equivalent timeqrwHrwhen reported
to the prior tempering timempat the prior tempering temperatuigmy such as:

TPpyrr = Tpwrar(1081 prypr + C) (6.3)
TP,
log(teq, yar) = = = (6.4)
temp
TPtemp +PWHT = Ttemp(log(ttemp + teq,PWHT) +C) (65)

Representations of yield strength and ultimateilerstrength, as well as transition temperature
and characteristic rupture energy as a functicth@temper parameter usifig= 20.434 are reported
in Figure 6.17 and Figure 6.18. The ultimate eldiogais not represented since it does not change
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2. Experimental results

much with tempering conditions. It should also lménfed out that all tested tempering conditions
result in values of TP close to each other (betw2@000 and 20 600), and more tests would be
necessary to confirm the observed tendencies ovmra extended range of values for TP.

Nevertheless, the yield strength and ultimate tensirength vary linearly with the Temper
Parameter, the fit being very satisfactory whenRi¢HTs are not accounted for. Variation of these
properties with the TP, whatever accounting forsegjuent PWHT or not, is given in equations (6.6)
to (6.9):

No PWHT YS (MPa) = —0.155 x TP + 3858 (6.6)
No PWHT UTS (MPa) = —0.156 X TP + 3752 6.7)
PWHT YS (MPa) = —0.124 x TP + 3083 (6.8)
PWHT UTS (MPa) = —0.119 x TP + 3105 (6.9)
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Figure 6.17:Influence of Temper Parameter on the Yield Stie(\g8) and the Ultimate Tensile
Strength (UTS)
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Figure 6.18:Influence of Temper Parameter on impact toughpesserties
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Chapter VI: Mechanical properties after tempering

For the tested tempering conditions, impact toughrteansition temperatures and characteristic
rupture energy appears to remain constant whatbeeremper Parameter, as already stated above.

3. CONCLUSION

Dislocation recovery appears to be the most importaicrostructural mechanism when
considering the softening of the studied matenmrutempering. Carbide evolution, such as growth
of incoherent carbides and precipitation/dissotutid M.C, only has a limited effect on hardness.
However, tensile properties of fully recovered ragtructure prove that the carbide evolution has an
impact on the yield strength and the ultimate fenstrength, in a stronger way than expected from
hardness measurements. Namely, growth of incoh&tesils carbides and dissolution or coarsening
of M2C carbides are detrimental to the tensile properfier the latter by decreasing the number
density of obstacles to dislocation motion.

The stress-relieving heat treatment appears to hawffect on hardness, however an additional
softening is observed in tensile tests, once adam to the growth of incoherent carbides. The
temperature at which this heat treatment is cortlidbes not seem to affect tensile properties.

For all tested conditions, no differences were tbuegarding toughness properties. However, the
transition between the brittle fracture and thetididracture is very steep, as already stated in
Chapter IV. This seems to be characteristic ofdtuglied steel, and further work on the physical
origins of this steep transition would be intenegtiHowever, such results show that the studied
material exhibits good robustness to tempering stnelss-relieving heat treatments in terms of
impact toughness, and that these heat treatmemiitdshe selected regarding the tensile properties.

A Temper Parameter coefficie@ = 20.434 has been determined thanks to hardnesgsval
Acceptable linear variation as a function of thenper Parameter is found for tensile and impact
toughness properties, allowing the prediction & ¢tinder of magnitude of these mechanical values
for Temper Parameter ranging from 20 000 to 21 000.
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Conclusion and outlooks

In this thesis, the effect of heat treatments o mhicrostructural evolution and mechanical
properties of a 2.25 Cr — 1 Mo steel has been tigaed using experimental characterization and a
modelling approach. The main conclusions from $igly are first presented both in terms of under
a scientific understanding point of view, then fréne industrial angle. Some improvement ways
opened by this work are reported at the end ofdihégpter.

The material itself has been first characterized. From thermadyic equilibrium calculations,
and with the exception of carbides, the only seaonghases of interest for metallurgical evolution
during heat treatments are aluminum nitrides (AMich might affect austenite grain growth, and
manganese sulphides (MnS), which act as void nticteaites for ductile fracture. No major
segregations or ghost lines have been highlightetie material; minor segregations located along
the radial-circumferential plane are not expectedffect mechanical and microstructural properties,
except for local concentrations of MnS particlelsud, the chemical composition of the material can
be considered as homogeneous in thickness, an@mpliag effect was expected in this study.
Equivalent cooling rates, corresponding to repregMe locations across the thickness of the
targeted hollow component, were also determinedirgk test conducted with an austenitization
condition at 920°C for 30 minutes shows insuffitibainitic hardenability, although austenitization
at 930°C for 1 hour leads to a fully bainitic sture throughout the thickness.

In order to investigate this phenomenon, the eftéaustenitization on themicrostructural
evolution of austenitewas experimentally investigated, highlighting fied growth at 920°C and
970°C, as well as a slowed down growth at 1020°€abhormal growth was ever observed. Thanks
to a modelling approach, it was shown that Zenenipg induced by AIN particles has an almost
negligible effect on austenite grain growth, wrstdute drag due to segregation of molybdenum at
austenite grain boundaries is likely to inducedheerved limited growth.

The effect of austenitization ofinal microstructure and mechanical properties was
investigated after cooling at the rates determiabdve. Coarser austenite grains lead to lower
amount of ferrite at lower cooling rates while monartensite precipitates at higher cooling rates.
Moreover, ferrite precipitation has higher influeran hardness compared to martensite, at least afte
tempering. Experimental results confirmed thatabstenite grain size is not the only parameter that
impacts decomposition of austenite during cooliagrather low austenitization temperatures, the
duration of the isothermal stage has also to bewatted for. This is more likely due to enrichment
of austenite grain boundaries in molybdenum witheti

The carbide precipitation sequencewas characterized upon both heating up to the eeatyre
of interest and the isothermal step of temperingciBitation of carbides starts during the heating
step, due the low heating rate that is dictatethleyhigh thickness of the targeted component. From
experimental observations, a precipitation sequemas proposed as follows. s/ cementite
precipitates first from the decomposition of retlraustenite that stems from the incomplete bainiti
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Conclusion and outlooks

transformation. MCz carbides then nucleate at interfaces between démand matrix, and grow

by attracting both chromium and carbon atoms frbeirtparent MC phase. Molybdenum carbides,
M2C, precipitate homogeneously in the matrix, whilesG4 are located at dislocations within the
bainitic laths. M3:Cs experience growth with increasing time and temjpeea leading to the
dissolution of neighboring less stable carbides $hbsequent stress-relieving heat treatment leads
to a full dissolution of remaining cementite andrgase in phase fraction of/tk and M3Ce.

Thanks to these resultshe effect of the microstructural evolution upon tenpering on
hardness, tensile and impact toughness propertielsas been determined. Dislocation recovery
appears to be the most important microstructurathaeism when considering softening of the
studied material upon tempering. Carbide evolutismch as growth of incoherent carbides and
precipitation/dissolution of MC, only has a limited effect on hardness. Howetasrsile properties
of fully recovered microstructures prove that therbede evolution has an impact on the yield
strength and the ultimate tensile strength, in @nger way than expected from hardness
measurements. Dissolution and coarsening ¢€ Marbides are detrimental to the tensile propertie
by decreasing the number of obstacles impedingligiecation movement. Further stress-relieving
heat treatment decreases the yield strength andiltimate tensile strength while the hardness
remains constant. These contradictory results hatebeen explained, and further experiments
should be conducted in order to clarify this pheanon. For all tested conditions, no differences
were found regarding toughness properties.

From the above results, the following points oferest for the industrial application were
highlighted:

* Minor segregations only have little effect on thenostructural and mechanical properties of this
material.

» There is no need to further add aluminum for cdliigpthe austenite grain growth, since limited
growth at low temperatures is due to another phemmm than pinning by AIN particles.

* An optimal austenitization condition leading to Ibatonstant austenite grain size and fully
bainitic microstructure within the thickness of themponent has been determined, namely,
970°C — 1 hour. However, the studied material ibusd with respect to austenitization
parameters. It may experience a wide range of aitigkgion conditions resulting in a fully
bainitic microstructure and similar tensile and aoptoughness properties, namely, 1 hour at
temperatures ranging from 920°C to 1000°C.

* For the tested tempering conditions and specimeomggy, carbide precipitation during
tempering has only an effect on the tensile proge@nd none on impact toughness. Thus, the
tempering condition could be selected by only cd&isng the tensile properties at first glance.
Moreover, mechanical properties are not signifigasénsitive to the temperature at which the
stress-relieving heat treatment is conducted.

» From a practical point of view, a Temper Parametafficient of 20.434 (formally similar to a
Larson-Miller parameter) gives good time-tempemte@quivalence for the studied material
concerning the effect of tempering conditions agld/and tensile strength at room temperature.
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Outlooks

To further refine our understanding of microstruatwdevelopment during heat treatments and of
its influence on resulting mechanical propertievesal issues still need to be addressed.

Interactions betweegrowing austenite grainshave not been taken into account in the model
used for underlying the mechanisms responsibleafmtenite grain growth. Some further work in
this direction would be useful, and may result ilower contribution of solute drag, thus in a lower
estimate of the binding energy between molybdentomgs and austenite grain boundaries.

Quantitative measurements of thmlybdenum segregationat prior austenite grain boundaries
and at prior ferrite/austenite interphases, forainse by means of STEM or atom probe tomography,
would confirm or invalidate the hypothesis of auweldrag like effect taking place during the
decomposition of austenite into ferrite upon caglin

The bainitic matrix itself has not been extensively characterized, mndh work is needed on
this particular topic in order to fully understamicrostructural evolution of the material duringahe
treatments. Mainly, the effect of austenitizatiamnditions and cooling rate on decomposition of
austenite into bainite upon cooling has not beadist. This matter is likely to have an effect ba t
carbide precipitation during tempering, since itghti induce change in the amount or spatial
distribution of retained austenite within the bammatrix, bainitic lath size and dislocation digns

Further TEM observations after thstress-relieving heat treatmentwould improve the
understanding of the slight softening effect indubg this heat treatment on tensile strength, but n
on hardnesdnteractions between recovery of dislocation struetre and precipitation would also
be interesting to study in this material.

Finally, it would be interesting to refine tiselection of the heat treatmenbased on a sample
geometry more representative of that of indusséale components, in order to better take the teffec
of thickness on microstructural development and resulting meid@d properties into account,
particularly for the carbide precipitation, sinde ttempering time is not the same all across the
thickness.

Mechanical testsusingstandard-sized specimenare also needed in order to fully characterize
the material, particularly with regard to the RCCdtandards, once the heat treatment has been
determined. A more detailed study of the toughrassavior of the material would also be of
interest, particularly in order to understand thHesesvedbimodality of the ductile-to-brittle
transition curves.
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Appendix A: Experimental procedures
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Experimental procedures used for this study areldeed in detail in this appendix.

1. HEAT TREATMENTS

1.1 Austenitization in an induction furnace

Austenitization temperature and cooling rate havestrang influence on the as-quenched
microstructure. Moreover, a considerable amoursanfiples had to be austenitized and quenched for
the study of tempering conditions. As a resulyradce which can heat treat several samples with an
accurate control of sample temperature was needed.

An induction furnace (Figure A.1.a) and a specirhefder (Figure A.1.b) were designed and
manufactured by S. Gailliegue at the Centre desiatx. This furnace allows heat treatment of
eight mini-Charpy blanks at the same time or, alively, of one sample for selective dissolutibn a
a time. Heat treatments were performed under agjorosphere. A K-thermocouple was spot-
welded on each blank for temperature monitoring;fthinace was controlled by one of them.
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1. Heat treatments

(b)

Figure A.1: (a) Induction furnace and (b) specimen holder dgranheat treatment.

Figure A.2 shows the longitudinal and azimutal nh&r profiles of the surface of a blank
specimen during isothermal soaking at 970°C. Asfattory temperature gradient 6°C) is
observed in the vicinity of the sample center. Batlremities of samples are placed in the specimen
holder which is made of silica, thus explaining libver temperature at the blank endiee azimutal
thermal gradient is rather low, with a maximum eliéince of 10°C. This thermal profile guarantees a
homogeneous microstructure around the notch aféehming the blanks to mini-Charpy specimens.
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Figure A.2: Longitudinal and azimutal thermal profile of a sdemeasured during isothermal step.
A schematic drawing of the mini-Charpy specimemgsacale) is superimposed.

Typical heat treatment acquisition data is shownFigure A.3. Small deviations from the
prescribed values of temperature are observed whenmaterial passes the ferromagnetic-
paramagnetic transition (Curie temperature) anthduhe decomposition of austenite into bainke
cooling rate of 0.5°C/s is applied between 970°G 4D0°C as required.
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Figure A.3: Typical temperature data recorded during an audteaiion heat treatment

B
500pm

(b)
Figure A.4: Optical macrographs of a heat treated sample (apltudinal section, (b) cross-
section.The bluish regions near edges belong to the deceduli layer.

To further validate the heat treatment procedutea-treated sample was analyzed by means of
optical microscopy and hardness measurements.idt®siructure appears to be fully bainitic. The
thickness of the ferrite layer due to decarburaratioes not exceed 500 pm at its most, and thlis wil
be removed after machining to mechanical testirgcispens (Figure A.4). The hardness values,
between 340 and 360 HV5, are consistent with thepated bainitic microstructure of these samples
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2. Microstructural observations: microscopy androanalysis

(Figure A.5). The longitudinal temperature gradielttes not impact the longitudinal hardness
profile.
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Figure A.5: Hardness longitudinal profile of a heat-treated sden The red line corresponds to the
fully bainitic hardness as seen in Chapter 2.

1.2 Tempering

After austenitization, the blanks were temperedeuridelium atmosphere with a heating rate of
2°C/min. A water quench followed the isothermaldmad). Similar cooling conditions were used for
the post weld heat treatment (PWHT), but with aihgaate of 1°C/min.

Tempering and PWHT were conducted either in a Pjuoxace or in an Adamel tubular furnace,
depending on the batches.

2. MICROSTRUCTURAL OBSERVATIONS: MICROSCOPY AND
MICROANALYSIS

2.1 Optical microscopy: metallographic observations andaustenite grain size
measurements

All images were taken by using a LEICO ReichertglieF3A optical microscope; the image
acquisition and processing software is analySludoc

2.1.1 Metallographic observations

Unless specified otherwise, a 2% Nital etching (@%ic acid in ethanol) was used to reveal the
microstructure. Images were taken at three diffem@agnifications: x10, x20 and x50.
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2.1.2 Austenite grain size measurements

In the studied steel, austenite is not stable diiemh temperature, thus no direct observation of
austenite grains is possible. To address this jssudedicated heat treatment was applied: after
austenitization thermal holding step, the sample gqi@enched in the dilatometer down to, and held
at an intermediate temperature, after which a fquench was applied down to room temperature.
Cooling rate for these quench is 50°C/s. Interntedl®lding lead to partial decomposition of
austenite into ferrite, with a greater contributfoom nucleation over that of growth. The objective
was to precipitate small ferritic grains at audtemgrain boundaries. The final quench transformed
the residual austenite into martensite. These esotal conditions were chosen using the TTT
diagram established in parallel of the CCT diagdfamthe 920°C — 30 minutes austenitization
condition (Figure A.6). It appeared that a stepliogoat 625°C for 48 hours (~170 000 seconds)
would give satisfactory results. The microstructwaes then revealed by dipping samples for a few

seconds into a solution of 5 grams of sodium diguih 100 mL of water. This tinting etchant colors
ferrite in dark brown and martensite in light brown
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Figure A.6: TTT Diagram of the studied steel after an austzation at 920°C for 30 minutes. A:
austenite, B: bainite, F: ferrite, C: carbides.

It should be kept in mind that the TTT diagram whsained after an austenitization at 920°C for
30 minutes. Since applied step cooling implies liaed ferritic transformation at austenite grain
boundaries, any increase in austenite grain sizéoobly affects the precipitation of ferrite. Any
increase in grain size will then shift the ferritreansformation domain towards higher temperatures
and times. For larger austenite grains, it meams kbss ferrite nucleates thus austenite grain
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2. Microstructural observations: microscopy androanalysis

boundaries are not so well defined. For smalletemite grains, there is a high risk that ferritic
grains grow at the expense of austenite grainslypaasking their original morphology, so that no
measurements can be done. Since this is a timeicong technique (each sample requires 4 days of
work, including more than 2 days in the dilatomgtel austenitization conditions were first
followed by the same step cooling. When this metivad suspected to be inefficient, i.e. when small
austenite grain sizes were expected, another metthmd was used. Samples were quenched at
50°C/s to room temperature right after the augiEiion step, and then lightly etched with Villela
etchant.

A least six images were taken for each austeniizatondition. The magnification was selected
according to the grain size: for coarse grainshasanes obtained after austenitization at 1120°C,
images were taken using a x10 magnification. Otlserma x20 magnification was used. Austenite
grain size was then measured using the Visilogvsoé. Each grain was measured individually and
then the average grain size was calculated. TabllesAmmarizes the number of austenite grains
analyzed for each studied austenitization condition

0 min 5 min 15 min 30 min 60 min 120 min
920°C 76 106 170 157 209 162
970°C 220 963 177 834 229
1020°C 56 121 261 238 253 172
1070°C 61 95 209
1120°C 71 113 135

Table A.1:Number of austenite grains analyzed for austegidén size determination

2.2 Scanning electron microscope: carbon extraction rdjgas, EBSD and
fractography

All SEM observations were done with a 15 kV accsien voltage.
2.2.1 Observation of carbides on carbon extraction replias

Scanning electron microscopy was used qualitativelynalyze the carbide location, size and
number fraction after tempering. Carbon extractieplicas were prepared from metallographic
samples as follows:

» After polishing, samples were slightly etched vat@% Nital solution.

* A carbon layer was deposited in an Edwards AUTO tB@émal evaporator. A grid was then cut
at the surface of the carbon layer.

* An electrolytic dissolution of the matrix was cowtid. The chemical composition of the solution
was 100 mL acetylacetone, 10 g tetramethylammormiioride in 900 mL of methanol, and the
potential was set to 1.3 V at room temperatureth@tend of the process, thin carbon films were
floating in the solution.

» These thin films were then washed in ethanol aqbsiéed into a 3 mm diameter copper grid.
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All observations were done on a JEOL JSM7001F SEM.

2.2.2 EBSD

All information regarding EBSD measurements hasiveported in Chapter 1V, section 2.3.1.
2.2.3 Fractography

After being mechanically tested, mini-Charpy spesis were put in a dessicator in order to
prevent from oxidation their fracture surface. QlaaBons were done:
* On a Cambridge S260 SEM for the study of the refszenaterial.
* On aLEO 1450VP SEM for the study of austenitizatdfects.
* OnaJEOL JSM7001F SEM for the study of temperiifgces.
MnS particles were identified using EDX microanalys

2.3 Carbide characterization using transmission electro microscopy

All TEM observations were made on carbon extracteplicas by using a FEI Tecnai F20 TEM
with a 200 kV acceleration voltage. Images wereuaed with an Orius camera with a 1 second
exposure time using DigitalMicrograph software.

EDX analyses were performed with atilt of 12° and a counting time of 15 s. Spectrargv
processed using TIA software; only Fe, Cr and Memants were taken into account for the
guantitative analyses. No thickness correction aygsied.

2.4 Quantification of segregations using electron probenicroanalysis

All information regarding the electron probe mianalysis measurements have been reported in
Chapter II, section 3.

3. CHARACTERIZATION OF CARBIDES USING X-RAY DIFFRACTION
TECHNIQUES

3.1 X-Ray diffraction and sample preparation by selectre dissolution

The diffractometer used in this study was a Brilk®rAdvance in the Bragg-Benato mode, using
a 0-20 configuration. The X-Ray generator was an antima¢hCuky (A = 1.540598 A), using a
voltage of 40 kV and an intensity of 40 mA. A Lyrnpdedetector with a 3° opening was used, with
discrimination in energy ranging from 0.19 to 0X5Acquisition was made as follows: Angular
domain @ ranging from 13° to 140° with a step of 0.02°; &@guisition per angular step.
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3. Characterization of carbides using X-Ray diffi@t techniques

For bulk analyses, samples were polished down fionldiamond paste in order to remove the
strain-hardened surface layer.

For quantitative measurements of the carbide phas#ons, analyses were made on powder
obtained after electrolytic dissolution of the matExperimental protocol was as follows: 100 mm
long rods with a diameter of 10 mm were dipped soklution of 90% methanol — 10% HCI under
Argon sparging and electric current. Typical dumatior electroetching extraction was 5 hours. Once
the matrix was dissolved, the remaining solutiors iitirated using a Buchner funnel with filters
which holes size 200 nm maximum. Several filtragiomere done for each experiment. Once the
precipitates were separated from the solution @oini the dissolved matrix, filters were dried for
half a day. The obtained powder was then analyged-BRay diffraction.
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Figure A.7: Comparison between experimental diffraction diagrand a simulated one using
Rietveld refinements. Tempering condition is 675%5h. Crystal data are the ones given in
Chapter V

Rietveld refinements were performed using FullPsoftware in order to evidence additional
phases, refine lattice parameters and quantifyepfrastions. This method consists in calculating a
pattern from the known structural information: tieture of the phases, atomic positions and nature
of the atoms at each site according to the stragtwototype. The calculated pattern is compared
with the experimental (observed) one and the paemnedefining the calculated pattern are
iteratively refined by a non-linear least-squarehmnd in order to obtain the best agreement between
both patterns. Example of Rietveld refinementsavemgin Figure A.7.

3.2 Synchrotron X-Ray diffraction

X-Ray Diffraction (XRD) analyses (MARS beamline, nsyarotron SOLEIL facility) were
performed on thin foils in transmission mode at71keV, equivalent to a wavelength of 0.742515 A.
Acquisition and data reduction are extensively dbed in [127].

Thin foils thickness was 100 pm maximum, with afipolishing using a 4000-grit SiC papers.
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Appendix A: Experimental procedures

4. THERMAL PROPERTIES

4.1 Characterization of phase transformations using datometry

All dilatometric studies were made using either different modified DT1000 by AET
Technologies, which present the same charactevigtxcept that one of facilities manufactured
allows using larger samples. CCT diagram (ChapteTTT diagram (section 2.1.2 of this appendix)
and austenite grain size measurements (Chaptewdil® determined using 12x2x2 rhisamples,
while the study on phase transformation upon cgolifiter different austenitization conditions
(Chapter 1IV) was made on 30x3x4 rhblanks primarily dedicated to mechanical testamgy which
geometry is reported Chapter II.

An S-thermocouple was spot-welded onto the sampface in order to measure the temperature
during the tests. Thermal cycle program, controld aacquisition were made with the
DAQFactoryRuntime software.

All tests were carried under Helium atmosphere idep to limit decarburization at high
temperatures (i.e. austenitization temperatures). I@dwer temperatures (i.e. step cooling
temperatures), tests were conducted under secomdanym when the step duration was longer than
4 hours. Cooling was applied either using Heliufagtion inside the furnace for cooling rates higher
than 1°C/s, or by Helium sweeping around the fuerfac lower cooling rates.

The transformation kinetics and the measuremetraatformation temperatures were determined
thanks to the dilatometric curved/td = f(T) (Figure A.8). When no transformation occurs, the
material expansionldL is proportionally related to the temperatlreby the thermal expansion
coefficient of the considered phase. Upon phasesfioamation, the material experiences a
contraction or an expansion, depending on the altggraphic structure of the considered phases. In
such case, the transformation start and end temupesal and T were characterized using the
tangent method as shown in Figure A.8. Kineticd@fomposition of phase was determined at
each temperatureT using the lever rule method as shown in Figure , A®ich as
% (T) = AB(T)/AC(T).

Expansion d_/L

C
Thermal expansion
coefficient

Temperature T
Figure A.8: Determination of phase fraction, transformatiomfeeratures and dilatation coefficient
using dilatometric curves.
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5. Mechanical testing

4.2 Determination of ferrite-austenite transformation temperatures using
calorimetric measurements

Temperatureg\c: andAcs reported in Chapter Il for heating rates of 0.028°@nd 0.2°C/s were
determined using a calorimeter from the SETARAMnokaThese tests were conducted with three
12x2x2 mni samples put inside an alumina crucible under ajpAmtmosphere. One test was done
for each heating rate. Temperatures of intereste wtstermined using the tangent method as
explained above for the dilatometric curves.

4.3 Determination of the thermal diffusivity using Lase flash analysis

The laser flash analysis is a technique used faasoméng the thermal diffusivity of metals. It
consists in heating a side of a sample by shortggnpulse and measuring the response in
temperature on the opposite side. The heat equasiothen resolved using the temperature
measurements, the geometry of the sample and #érgyepulses characteristics.

Measurements were done in a Flash 1000 equipmeithwdilows the determination of the
thermal diffusivity at temperatures ranging fronf@Go 1000°C under Helium atmosphere. Heating
was provided by a Nd-phosphide laser deliveringtsbpergy pulses (< 200 us); the temperature
was measured thanks to an infrared sensor (MCT).typerder to ensure an homogeneous centering
of the laser beam on the sample, a graphite digphnaas placed in front of the sample and the
pulse duration was controlled by pockels cells. flasmwere 12 mm diameter disks with a 2 mm
thickness. Experimental results were processedjubaBlitz software developed by Influtherm.

5. MECHANICAL TESTING

5.1 Hardness and nanoindentation

All macrohardness measurements were made at rompetature using a Wolpert V Testor 2
durometer by applying a 5 kg load during 10 secomigported values are the average over 5
measurements per sample.

Nanoidentation measurements were made on a CSkunmsihts equipment using a Berkovich
indentor, as reported in Chapter Il. The convergiom the material resistance to deformation, H
expressed in Pascal, into HV value is as followse material resistance to deformation is a function
of the applied load and of the projected contact area between thetig@oeand the sampks, such
as:

F

Hyy = —
IT A, (A1)
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Appendix A: Experimental procedures

whereF is the applied load and, the projected contact area between the penetaamimrthe
sample Ay is a function of the maximum indentation depttaxand is calibrated with a material of
known hardness.

In Vickers indentation tests, a 136° diamond pyrdamipressed onto the surface of the sample
being tested. The Vickers hardness number obegtaaonship between the diagonal of the indent
left by the penetratod, the applied loadF, the angle between the axis of the diamond indemtd
the three faces, and the standard gravity,; such as:

_ 2F.sin(a)

== (A2)

For standard Vickers measuremenst; 68°. The diagonal length d is linkedAgby:

2 —
=24, (A3)
And sin(a) can be expressed as:
. Ap
sin(a) = A (A.4)

whereA. is the area of contact between the penetratotrendample. Then, the Hivhumber, which
is the converted HV number fromiican be written as:

F.A, _ Hir. A,
A, A8, 8-A (A.5)

c

HVir =

For a modified Berkovich penetrator= 65.27°. Then the relation between H&hd Hr is:

HV;; = 0.0926 Hy; (A.6)

Hardness measurements imr tldnd converted values in HVare given below (Table A.2 and
Table A.3). Comparative study on calibration materishowed that converted Vickers number is
systematically overestimated by 7% compared to emluirectly obtained from Vickers
measurements. Since measurements in Table 2 wele maorder to compare nanoindentation
measurements to actual hardness measurements,7%iscorrection was applied. Detailed
experimental results are reported in Table A.2 Jadble A.3, whereas corrected values and
interpretations are reported in Chapter II.
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5. Mechanical testing

Calibration materials were provided by MPA Hannovidreir references are as follows: MPA-H-
7175.0911, MPA-H- 7176.0911, MPA-H- 7177.0911, MPRA-7178.0911, MPA-H- 7179.0911,
MPA-H- 7180.0911.

Hir Enriched Depleted Enriched Depleted
region (A) region (B) |region (C) region (D)
Average (GPa) 3.0 3.1 2.9 3.2
Standard Deviation (GPa) 0.1 0.1 0.1 0.1
Minimum (GPa) 2.8 2.9 2.5 3.0
Maximum (GPa) 3.2 3.4 3.2 3.4
HV T Enriched Depleted Enriched Depleted
region (A) region (B) region (C) region (D)
Average 277 290 271 298
Standard Deviation 8 10 12 10
Minimum 260 269 232 278
Maximum 296 315 296 314

Table A.2 Hardness values for enriched and depleted are@&Ra(Hr) and HV numbergoad: 15
mN, average value given for 60 measurements).

Hit Enriched region (A) Depleted region (B)
Average (GPa) 2.6 2.7

Standard Deviation (GPa) 0.1 0.04

Minimum (GPa) 2.4 2.7

Maximum (GPa) 2.7 2.8

HV it Enriched region (A) Depleted region (B)
Average 240 250

Standard Deviation 10 5

Minimum 222 250

Maximum 250 260

HV T, corrected Enriched region (A) Depleted region (B)
Average 225 234

Standard Deviation 8 3

Minimum 207 233

Maximum 232 241

Table A.3 Hardness values for enriched and depleted area§Pa (Hr) and HV numbers before
and after correction (load: 400 mN, average valwerdfor 5 measurements)
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Appendix A: Experimental procedures

5.2 Tensile tests

Tensile tests were conducted at room temperatureylimdrical specimens machined from the
blanks presented in Chapter Il. The geometry odelspecimens was as follows: gage region of 10
mm in length and 2 mm in diameter, as shown in féigu9.

|
|
%

@) 2 10.20

Figure A.9: Schematic drawing of the specimen used for tetests

Tests were conducted on an INSTRON tensile machitse.no extensometer was used, a
displacement correction was applied after the téstsemove the contribution of the load line
compliance from the load line displacement measardsn The average deformation rate was
5.10%s?.

5.3 Impact toughness tests

Impact toughness tests were conducted on V-notcarp@hreduced specimens as already
presented in Chapter Il. Geometry of specimensxéx37 mni. An instrumented Zwick Roell
Amsler equipment with a capacity of 50 J was u3éuks installation was equipped with a climatic
chamber (-180°C to 650°C) with mechanical trandfem the storage room to the equipment.
Impact speed of the hammer is 3.83 min.s

The rupture energy was determined by the differdreteieen the potential energy of the initial
and the final positions of the hammer.

The crystallinity (percentage of brittle fractureps determined from the force-displacement
curve of the test, as shown in Figure A.10. Charastic forces were as follows: Plastic flow force
Fgy, maximal force R, brittle cracking initiation force ifr and cracking stop forceaFThe
crystallinity Cr(%) was then calculated from eqaat{A.7) (equation C2 from ISO 14556 standard).
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5. Mechanical testing

Cr(%) = 100 (Flu_Fa)
=100 F TE, (A.7)

Force

Displacement
Figure A.10: Definition of characteristic forces used for thrgstallinity calculation. The
contribution from elastic waves to the curve hasrbeemoved for clarity.

184



Appendix B: Thermokinetic calculations
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The Matcalc software, developed by E. Kozeschnid,etllows modeling nucleation and growth
of precipitates in multicomponent systems. Theofeihg information are taken from references
[128, 129].

1. NUCLEATION IN MULTICOMPONENT SYSTEMS

The nucleation ratg of a family of precipitates of same shape, in@dlenergy with the matrix
and chemical composition is given by the multicomgrt classical nucleation theory as:

. ~-G* 1
J =Zp N .exp <kBT> exp (—222/}*) (B.1)

where Z is the Zeldovitch factorg* the atomic attachment raté&y, the number of available
nucleation sitesk z the Boltzmann constant am@ the nucleation energy barrier. All these factors
are described subsequently.

1.1 Nucleation energy barrier

The nucleation energy barrier for a spherical pkris given by:

167:3/,3
3(AG,,)?

*

(B.2)

wherey is the interfacial energy of partickeand matrix, and\Gyo the specific free energy change
on nucleus formation, given by:
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1. Nucleation in multicomponent systems

P

d
AG,, = — U’Lm +AGY (B.3)

whered?

chem

AG® is the elastic energy per unit volume associatittl the mean elastic stress field around an
ellipsoidal inclusion using an Eshelby approache do an isotropic volume change during
precipitation, and is expressed as:

E oP _ oM 2
AGel — M .
vol 9(1 _ VM) < oM (B4)

is the chemical driving force for the precipitateape and™ the matrix molar volume.

whereE,, andv,, are respectively the matrix elastic Young’s modund Poisson’s ratio and is
the precipitate molar volume.

The interfacial energy is expressed as:

Pg. Zg eff

Yk . Ahsol (BS)

N 4.z efr

wheren, is the number of atoms per unit area of interfaggy; is the effective number of broken
bonds across the interface counted per interfam®,av, Avogadro’s numberz; . the effective
coordination number andh, the enthalpy of solutioreg . andz; ¢ parameters are determined
using the Generalized Broken-Bond approach, wrsckell described in literature [128].

1.2 Number of available nucleation sites
Nucleation can occur at different types of sites:

For homogeneous nucleationeach atom in the bulk is assumed to be a potent@eation site.
The number of sites per unit volume in the sysikis thus evaluated from equation (B.6).

NA
No= =31 (B.6)

Around dislocations, nucleation is due to compressive and tensilesstrigelds close to
dislocation cores. In this case, each single attongathe dislocation core represents a potential
nucleation site, so that, per unit volume:

p
Nyisi = —

" (B.7)
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Appendix B: Thermokinetic calculations

wherep is the dislocation density anag, the matrix mean interatomic distance.

At grain boundaries and subgrain boundaries nucleation is possible due to the disturbed
nature of the interface. The potential number afi@ation sites at grain boundaries can be estimated
based on a geometrical model representing the pashatline grain morphology. The geometrical
object which presents the most resemblance witktgamaxed grain while perfectly tiling space is the
so-called Kelvin tetrakaidecahedron, a solid shaple eight hexagonal faces and six square faces as

shown in Figure B.1.

Figure B.1: Tetrakaidecahedron object
For a polycrystalline structure composedigfequally sized tetrakaidehedra par unit volume, the

potential number of nucleation sites at grain bauisdV;, at triple junctionsV, and at the grain
boundaries corner¥ ;- are:

nG A
Nes= 52 (B.8)
M
nG L
N = 2 = B.9
e (8.9)
hg

where A is the total grain boundary area,is the total length of grain boundaries ands the total
number of corners, each for a single grain.

1.3 Zeldovich factor

The Zeldovich factor accounts for the probabiliby &n exact critical cluster whether to grow or

to dissolve [130]:
12
1 azAGuol
Z=|-
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2. Mean-field evolution equations for precipitatewth

wheren andn* are the number of atoms in the embryo and intacal cluster, respectively.
1.4 Atomic attachment rate

The atomic attachment rate represents the rat@iahvatoms forming the precipitate attach to the
critical cluster. It can be expressed as:

* 4 2 [ < ( i i2 B

a*voM = coiDy;
wherec,; is the mean concentration of element i in theiprete, cy; is the concentration of element
i in the matrix andD,, is the diffusion rate of element i in the matrikis the critical radius, such as:

ro=
AG

(B.13)

vol

2. MEAN-FIELD EVOLUTION EQUATIONS FOR PRECIPITATE GROWTH

The MatCalc precipitation model is based on thekwafr Svoboda et al [129]. This model is
based on the Onsager thermodynamic extremal pknc{dEP), which postulates that a
thermodynamic system evolves towards equilibriumsuth a way that it produces maximum
entropy or the maximum Gibbs free energy dissipatidnder several assumptions, the total Gibbs
energy of the syster@ can be expressed by means of state paramgfeand the rate of the total
Gibbs energy dissipation rafecan be expressed by meang,cindg,:

9G _ 100
oq, 204, (B.14)

2.1 System description

The system consists of a supersaturated solidiaol(the matrix), from which precipitate will
form. Each phase in the system is assumed to ¢arfsissubstitutional ang interstitial elements,
with n =s + p. Let N, be a fixed number of moles of componeim the systemim the number of
precipitates in the system), the radius of precipitate u,; the mean site fraction of elemanh the
precipitate andy, a structural factor defining the stoichiometry the precipitatek in terms of
substitutional and interstitial elements. The malalume of interstitial elemenis is considered to
be negligible in front of the molar volume of suhsgtonal elements, and is set to zero.

The mean concentration of elemenger unit volume in the precipitate ¢;;, can be introduced
as:

188



Appendix B: Thermokinetic calculations

ki = - (B.15)

wherev, is the partial molar volume of substitutional e@@ts components in precipitates.
The number of moles of componemh the matrix is calculated from the mass-balaaéollows:

m
Az 3
Ny; = Ni_?zrkcki (B.16)
k=1

The mean concentratiey; of element i in the matrix is given as:

Ny,

1

COi= s o
v, Z;=1 N, (B.17)

Thus, in this system, state parameters for agmiteof the TEP are the mean chemical
concentration per unit volumeg; and the radius, of precipitates. The parameters for the matrix are
fixed by mass balance.

2.2 Total Gibbs energy and its dissipation rate in thesystem

The total Gibbs energy in the system is expressed a

n m 47”'2 n m
2
Gror = ZNOiMOi'l'Z 3 <’1k+zcki/"ki> +Z47”'k7k (B.18)
i=1 k=1 i=1 k=1

where uy; and y,; are chemical potentials of elementrespectively in the matrix and in the
precipitate,4, is the strain energy. In this equation, the fiest describes the Gibbs energy of the
matrix by summing up the contributions from allayialements in the matrix. The second term is
the Gibbs energy of the precipitates, where theiBpemechanical energy, due to volumetric
misfit is taken into account. The third term deses the energy due to the formation of the
precipitate-matrix interfaces.

During the system evolution, the excess Gibbsggnean be dissipated by three processes:
Migration of interfaces, due to the growth or shrinkage of a precipitdtés process can be written

as:
i 47rri dri\?
0, = k; i, (E) (B.19)
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2. Mean-field evolution equations for precipitatewth

where M, is the mobility of the interface. Herb/,Mk can be interpreted as a friction coefficient. Its

product with the square interface velocity is tpedfic energy that is dissipated by the motion of
the precipitate-matrix surface.

Diffusion inside the precipitate due to the evolution of the chemical compositminthe
precipitate during the precipitation reaction. ddagng atoms entering or leaving the precipitate i
the course of growth and shrinkage are depositedrmoved uniformly over the precipitate volume,
and thus involve diffusion of atoms inside the jpiates, the diffusive fluy,; of element inside
the precipitatk is expressed as follows:

r dcki

Jki = —37 (B.ZO)

with0 <r < r,. The total energy dissipation rate is expresset as:

0, = Z Z rk4ﬂ'r2RT j 2 dr (B.21)

=1 i=1

where D,; is the diffusion rate of alloying elemenin precipitatek. Like the inverse of the mobility
mentioned beforel,/Dk~ plays the role of a friction coefficient. Once atjan (B.21) is solved, the

Gibbs energy dissipation rate is given by:

& 4 RT (de;\2
0, = ( ’> B.22
; ;45ck,.pk,. i (B.22)
Diffusion inside the matrix, due to the long-range transport of atoms towardsway from the
precipitate caused by the evolution of the preatpisize. Let us assume that the fluxes of atoms in

the matrix are once again uniformly deposited anaeed within a sphere of radis in analogy to
the diffusive transport inside the precipitate. iféusive flux J; in the matrix is given by:

2
drk rkdckl rk Y3—r3
Ji = <_(C01 Cri) = = 3 (B.23)
3 dt 2 y3_ r

with r, <r <Y. The first term in equation (B.23) representstthasinterfacial diffusional flux
whereas the second one is the geometrical pararagtering mass conservation of the spherical
system matrix-precipitate. The Gibbs energy disgpaate is given by:

m

n Y
4zr2RT
0:= 3 3 [y 2 ar .24
k




Appendix B: Thermokinetic calculations

Assuming thal” > r, i.e. the distance between individual precipitatesufficiently large, then:

2 & 4xr, RT (dr, redeg\?
= _ Kk o 34 K i
e 121 ; coi Do, (df (e = €or) 3 dt ) (B.25)

The total Gibbs energy dissipation rate is theeefgiven as the sum of contributions from
equations (B.19), (B.22) and (B.25):

0= 0,+0,+0; (B.26)

By applying equation (B.14) to the system, thediwihg set of equations is obtained:

oG 100

—_———— k = 1,...,

o = "2, ( m) (B.27)
9G _ 199 oy mi=1,..m (B.28)
()ckl- 2()Ckl

2.3 Evolutionnary equations

Resolving equations (B.27) and (B.28) leads toredr system of equations for the time
derivatives of state variableg andc;,:

n—1
D Ayq =B, (B.29)
=1

where 4;; and B; parameters are expressed in literature [128, 1A9%ther words, this set of
equation describes the evolution of radius and atencomposition of each precipitate k for each
step of time. Time-integration of the evolution atjons is performed using the Numerical
Kampmann-Wagner approach, where the precipitatelidition is treated in terms of discrete size
classes for precipitatésof identical radius and chemical compositions.
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Appendix C: Chemical composition of carbides
after heat treatments involving different
austenitization conditions

The chemical composition of carbides as determibgdEDX measurements after the three
austenitization temperature-duration couples ptesemn Chapter IV, followed by cooling at
0.3°Cl/s, tempering at 675°C for 5.5 hours and strebeving heat treatment at 625°C for 16 hours
are presented in Figure C.1.

After these heat treatments,784, M23Cs and MC carbides are found in the material. No
cementite is expected, since it was shown in Clnaptihat further stress-relieving heat treatment
results in its full dissolution. The differencestween the three austenitization conditions have no
significant effect on the chemical composition aflides after the final heat treatments.

Fo / Witk @920°C - 1 hour
e 0

©970°C - 1 hour
= 1020°C - 30 minutes

M3sC

OMoss & Kelly (typical
compositions)

M2C

Cr/wiv O Mo/ with
Figure C.1 Carbide chemical composition in metallic elemeatfter three different austenitization
conditions, followed by cooling at 0.3°C/s, tempgrat 675°C for 5.5 hours and stress-relieving
heat treatment at 625°C for 16 hours.
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Appendix D: Thermokinetic modelling of the
carbide precipitation sequence
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In order to test the assumptions made on the nimbeaf M;C3 carbides and the growth ofACs
carbides, thermokinetic calculations were performedorder to reproduce the experimental
observations.

1. GENERAL FRAMEWORK

The general framework of the MatCalc precipitatiorodel has already been reported in
Appendix B.

2. MODEL ASSUMPTIONS

The chemical composition of the system was setegprding the quarter-thickness composition
presented in Chapter 2. The system was represastiedows.

2.1 Matrix

Bainite can be represented in this framework asgated ferritic subgrains (laths) which share
similar crystallographic orientations within theagr (packet), where a carbon partitioning occurs
between the (perfect) crystal lattice and the daions. First simulations were conducted with such
a representation of the matrix. However, the regulbved to be highly sensitive to the lath sihe, t
which value has not been determined precisely. ,Tthes matrix was simulated at a larger scale,
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2. Model assumptions

where so-called grains are prior austenite gramassa-called subgrains are the bainitic packets. Th
assumption lying behind this representation of ibairs that the total dislocation density in the
material is partly due to the low-angle lath boumgkain a given packet. Thus, no difference is made
between carbide precipitation at intralath dislaoa and at lath boundaries. Moreover, the presence
of retained austenite at interfaces cannot be thijrégken into account. Instead, calculations were
carried out with carbon trapped at subgrain bouedar.e. at bainitic packet boundaries. For
comparison purposes, calculations were also peddmith carbon trapped at dislocations. In such
case, the relative evolution of carbide phase ifvactvas the same, but the kinetics was not
satisfactorily represented.

The dislocation density in the matrpx,was determined according to the empirical equatin1)
given by Zajac et al [131], wheil®s is the bainite start transformation temperatureéhim case of
isothermal transformation, in Kelvin. As a firssamption, this temperature will be taken as the one
in the case of continuous cooling. As seen in GiraiM, for the considered cooling rate of 0.3°C/s,
Bs = 520°C,p ~ 1x10"° m2. This order of magnitude seems reasonable whesidenng a bainitic
microstructure.

6880.73 1780360
B B2

log;o(p) = 9.28480 + (D.1)

2.2 Carbides

Carbides to be considered in calculations werectsleaccording to reported experimental
observations, i.e. BC, M;Cs, M23Cs and MC. The nucleation stages were represented in tliimo
by considering literature data and discussions f@mrapter V: cementite transforms frencarbides,
M~7Cs nucleates at the interface between cementite landntrix, and tCs and MC nucleate on
their own. From experimental results, cementite asmimed to nucleate from the retained austenite
around 500-600°C. However, such transformation otha taken into account in these calculations.
Thus, in order to simulate nucleation of cemerdit¢these temperaturescarbides were artificially
added to the system, and set up to transform iatoeatite upon heating at the experimentally
observed temperature.

The chemical composition of the nucleus is a kayameter for modelling precipitation of
carbides. Cementite and-lUk carbides are not concerned by this parameter sheeresult from
the transformation of pre-existing carbide; no coinbn their nucleus composition can be made.
M2C and MsCs nuclei composition were calculated under an ogfodibrium assumption. The
model calculates the chemical composition by assgntinat the precipitates nucleate with their
equilibrium composition. For MCs carbides, such assumption is in good agreemenh wit
experimental measurements. ForQMcarbides, this assumption is more representaiivéhe
experimental results than a para-equilibrium comjwos which assumes that the nucleus
composition is the same as the one of the matxoeg@ for carbon.

Nucleation sites were chosen according to the tedubm experimental observations:.®
carbides were assumed to precipitate homogeneuiisiy the laths, Ms:Cs carbides were assumed
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to precipitate at dislocations since these latt@rly correspond to actual lath boundaries, and
cementite and MCz carbides (and thereforecarbides in these calculations) were assumed to
precipitate both at dislocations and at subgraimbaries (SGB).

A shape factor was applied to:®, M.C and M3sCs precipitates due to their particular geometry,
respectively branch-like, needle-like and rod-likée shape factor for branch-like and rod-like was
set to 5; the one for needle-like was set to 10.

2.3 Nucleation and growth parameters

It should be pointed out the abovementioned hymahealone, coupled with the default
parameters in MatCalc, result in calculated phasetibn and size within the right order of
magnitude. However, the precipitation/dissolutidncarbides is not well described. For instance,
M23Cs carbides grow very slowly at 650°C, while no miMeCs are present after only 1 hour at
725°C. Moreover, the balance between nucleationgaodth for Mb3Cs do not describe accurately
the experimental results. Thus, several parameters adjusted in order to change the temperature
at which carbides start to precipitate and theicleation rate. The chosen values for these
parameters are only guessed ones, since no informiatavailable from literature, to the author’s
knowledge. However, these slight changes resuieiter agreement with experimental data.

« The critical radius of carbides is the minimum sif@ carbide embryo that is stable and begins to
grow (i.e., minimum nucleus size). Decreasing th&u® of this parameter results in a higher
nucleation rate, and nucleation occurs at lowepenature. This parameter was set to 0.5 nm for
all carbides with the exception of &% for which it was set at 0.55 nm in order to insedhe
transformation temperature for thes— M-Cs reaction. Note that these values may even be
lower than the size of the crystal unit cell (tbahtains a lot of atoms, though, for some carbides)

* Nucleation rates can be decreased by decreasingutieation constant, resulting in a lower
number fraction of carbides. The default value lo$ parameter is 1; its value was decreased
down to 0.5 for MCs carbides in order to reduce the rate of transfaondrom cementite, and
down to 0.4 for MsCs carbides in order to avoid a too massive predipitaupon heating.

Summary of all nucleation conditions and valuesnafdel parameters for all types of carbides is

made in Table D.1.

M3sC M7Cs M2C M23Cs
Nucleation sites Same as-carbides MC surface Matrix Dislocations
Nucleus composition Direct MsC Ortho- Ortho-
transformation equilibrium equilibrium
from e-carbides
Critical radius (nm) 0.5 0.55 0.5 0.4
Nucleation constant 1 (default) 0.5 1 (default) 0.3
Shape factor 5 (rod) 1 (sphere) 10 (needle) 5 (rod)

Table D.1:Summary of nucleation mechanisms and carbide npaaameters
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3. Comparison with experimental results and disonss

Heat treatments numerically applied in the simalai were chosen in accordance with the
experimental ones, namely, a heating step at 0G333(2°C/min), then an isothermal holding for
times up to 30 hours, followed by a quench at 1099€ order to simulate the water quench. No
evolution of carbides occurs during this quenchsttihey will not be discussed. Temperatures for the
isothermal step range from 650°C to 725°C.

3. COMPARISON WITH EXPERIMENTAL RESULTS AND DISCUSSIONS

3.1 Evolution of carbide phase fractions

The evolution of carbide phase fraction with tenap@re during heating up to 725°C is shown in
Figure D.1. Sinces-carbides are only taken into account in orderimoutate the precipitation of
cementite at 520°C, they are not represented #nfidire. From results given by the model, 80% of
cementite is located at dislocations, which is @aod) agreement with experimental results, since in
this model dislocations also account for lath baures.
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Figure D.1: Evolution of carbide phase fraction upon heating

Slight differences are found between experimentabhsurements and calculations, especially
regarding the precipitation of 4@ carbides which is too strong, however at higbargerature their
phase fraction decrease down to 0.3 wt% due t@tieipitation of MCs carbides. Despite these
slight differences, rather good agreement is found.

The evolution of phase fraction with time during fsothermal step at 650°C, 675°C, 700°C and
725°C is shown in Figure D.2. General good agre¢nseround with the experimental results.
However, in the calculations @3 precipitate too rapidly, leading to a too fastsdisition of
cementite and a too high phase fraction ofCM At temperatures 700°C and 725°C, growth of
M23Ce is slowed down due to the too stableQ¢ carbides. Moreover, at these temperatures; M
carbides are dissolving rapidly due to the too thgsolution temperature predicted fop@®carbides
as already stated in section 2.1.1 of Chapter Mlendxperimentally this dissolution happens for
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longer times. Such change in the thermodynamic libgum conditions might explain the
differences between model predictions and expetiaheneasurements. Slight differences at other
temperatures are also observed;CW carbides appear to be too stable, whileCMcarbides
precipitate too massively at low times, as alrestdyed. However, the general trend is respected.
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Figure D.2: Evolution of carbide phase fraction upon isothekimalding at different temperatures.
3.2 Size evolution of carbide

The evolution of the characteristic dimensions afbades with holding time at several
temperatures is shown in Figure D.3. The charatierdimension is the mean diameter forQyl
carbides and the mean length for elongatedCMM23Cs and MC carbides. Experimental
measurements were made from TEM observations,favarage number of 15 measurements per
carbide per tempering condition. These dimensiaesligely to obey a log-normal distribution,
explaining the high standard-deviations fors®. It should be pointed out that the calculated
number density of carbides remains stable betwkein hucleation upon heating and their final
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3. Comparison with experimental results and disonss

dissolution. Thus, growth is the only phenomenaat thccurs during isothermal holding and that

accounts for the change in phase fraction.
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Figure D.3: Evolution of carbide characteristic dimension digithe isothermal holding step.

Very good agreement is found for,@ and MC carbides. The general trend foedds carbides
is fairly well represented; however one should cethat their growth appears to be too rapid. This
is due to a bad balance between nucleation and tigr@iv these carbides using the chosen
parameters: in the calculations, less carbidespegeipitating but they are growing faster when
compared to experimental observations.

3.3 Amount of elements in solid solution

A comparison between the normalized amounts of lbitomium and molybdenum in solid
solution and in the carbides at 675°C is showniguife D.4.Good agreement is found, except for the
molybdenum content after 3 hours, once again dtieetdoo extensive precipitation of-M carbides
predicted during the first hours of tempering bg thodel. Calculations for the normalized amount
of chromium at 675°C for times up to 80 hours (Fegd.5) shows that the increase in chromium
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content in MzCs due to its growth is approximately balanced by ¢theomium release by s
particles during their dissolution, with a minorntdbution from the matrix. This is in good
agreement with the discussions made in Chapter V.
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Figure D.4: Evolution with time of the normalized amount atbade forming elements in matrix
solid solution and in the carbides at 675°C for) ¢hromium; (b) molybdenum
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Figure D.5: Evolution with time of the normalized amount afochium in matrix solid solution and

in the carbides at 675°C as calculated for holdiagup to 80 hours.

3.4 Limitation of the model: evolution of the chemical composition of
carbides

The more significant difference between model mtais and the assumptions derived from
experimental results is the relative amounts ofattietelements in cementite and-@% carbides.
Cementite as calculated is chromium-richer tharegrpentally measured, around 40 wt.% vs. 15-
25 wt.%, and MCs carbides nucleate in a chromium-rich compositiotin\a further enrichment in
iron, while experimentally it was shown that theycleate with an iron-rich composition, then

201



4. Conclusion

undergo chromium enrichment. It should be pointettbat no differences in carbide composition
for times longer than 3 hours are found betweensomeanents and calculations.

Regarding cementite, this is due to their nucleatreechanism in the model, which is the direct
transformation frome-carbides. Experimentally, they result from decosipon of retained
austenite, thus their composition is somehow inéérirom this phase. Regarding-G4, these
contradictory observations can be explained bywags:

» Calculation models for the nucleus composition dbreflect the reality.

* M23Cs and M/Cz are actually chromium-rich, but the presence ahestite in their vicinity
induces an error on the measurement by TEM obsensat

While the second explanation appears very likelenvhonsidering small 3 carbides located in

cementite clusters, the experimentally observettiement in chromium of MCz carbides during the

isothermal holding is clearly established experitaliyn and contradictory to model predictions. It is

then more likely that the calculations of the nusleomposition do not represent the reality.

3.5 Effect of stress-relieving heat treatment

Calculations were performed to further assess asegjtent stress-relieving heat treatment
(PWHT) at 645°C for 16 hours after a tempering #°€ for 5.5 hours, the cooling rate applied
after tempering was 1°C/s and the heating rataferPWHT was set to 0.014°C/s (50°C/h). No
changes happened upon this additional heat tre&tthenphase fraction and size of carbides remain
the same. However, predictions cannot be fully carag to experimental observations, since no
cementite is predicted after 5.5 hours of tempeain§75°C, while the PWHT only affects cementite
as experimentally stated. Nevertheless, the dhatwfi other carbides is in good agreement with
experimental results.

4. CONCLUSION

Experimental observations are rather successfe@produced using the nucleation conditions
based on the experimental discussion, i.e. nuoleaif M;Cs carbides at the surface of cementite
and separate nucleation 0b3@s and MC carbides from inside the matrix. The growth ok® and
the dissolution of MCz carbides are interrelated due to chromium diffasfeurther stress-relieving
heat treatment does not influence the carbide teyror distribution.
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Evolution microstructurale d'un acier 225 Cr — 1 M 0 au cours de
l'austénitisation et du revenu : croissance des gra ins austénitiques,
séquence de précipitation des carbures et effets su r les propriétés
mécaniques.

RESUME : Ce travail traite de I'optimisation des propriétés en traction et en résilience d'un
acier 2.25 Cr — 1 Mo par le contrble de sa microstructure via des traitements thermiques
appropriés. Ainsi, les transformations de phases ayant lieu au cours de l'austénitisation, de la
trempe et du revenu doivent étre correctement appréhendées. Des observations en
microscopies électroniques a balayage et en transmission, ainsi que des analyses par
diffraction des rayons X, ont été effectuées afin de caractériser et de modéliser la
microstructure de l'acier a chaque étape du traitement thermique. L’évolution de la phase
austénitique lors de I'étape d’austénitisation, ainsi que son influence sur la microstructure aprés
trempe, ont été étudiées. La croissance du grain austénitique a été modélisée afin de
comprendre ses mécanismes sous-jacents, en particulier le phénomene de croissance limitée
observé aux plus basses températures. L'effet des conditions d'austénitisation sur la
décomposition de I'austénite ainsi que sur les propriétés mécaniques du matériau apres trempe
et revenu a été étudié expérimentalement. Une condition d’austénitisation optimale a été
déterminée et utilisée pour étudier la précipitation au revenu. La précipitation des carbures a été
étudiée pour différents temps et températures de revenu. La séquence de précipitation suivante
a ainsi été mise en évidence : la cémentite MsC précipite en premier, suivie des carbures M2C
et M7sCs; les carbures & I'équilibre étant les M23Cs. Enfin, I'influence de la précipitation des
carbures sur les propriétés mécaniques de I'acier a été étudiée. Les propriétés en traction sont
particulierement sensibles aux conditions de revenu dans le domaine d'étude, alors que les
propriétés en résilience restent stables.

Mots clés: Aciers bainitiques, carbures, austénitisation, croissance de grain, revenu,
propriétés en traction, résilience

Microstructural evolution of a 2.25 Cr - 1 Mo steel during austenitization
and temper: austenite grain growth, carbide precipi tation sequence and
effects on mechanical properties

ABSTRACT : This work aims at optimizing tensile and toughness properties of a 2.25Cr — 1Mo
steel by controlling its microstructure through heat treatments. To this aim, phase
transformations during austenitization, quenching and tempering have to be understood.
Quantitative microstructural analyses were performed by means of SEM, TEM and XRD to
characterize and model metallurgical evolution of the steel at each step of the heat treatment.
The evolution of austenite during the austenitization stage, and its influence on the resulting as-
gquenched microstructure were thoroughly investigated. Austenite grain growth was modelled in
order to understand its mechanisms, including the limited growth phenomenon observed at
lower temperatures. The effect of austenitization conditions on further decomposition of
austenite and on mechanical properties after quenching + tempering was experimentally
determined. An optimal austenitization condition was selected and applied to study the
tempering stage. Carbide precipitation was studied for various tempering temperatures and
amounts of time. MsC carbides precipitate first, followed by M2C and M-Cz; M23Cs are the
equilibrium carbides. The influence of carbide precipitation on mechanical properties was
studied. Tensile properties are closely linked to the tempering conditions in the range
investigated, while impact toughness remains stable.

Keywords : Bainitic steels, carbides, austenitization, grain growth, temper, tensile properties,
impact toughness
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