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Introduction

316L(N) austenitic stainless steels have been chosen as structural material for primary and
secondary circuits components of 4th generation nuclear power plants, including Sodium-
cooled Fast Reactor (SFR) [1]. During the nuclear power plant life-time, such structural
materials are continuously exposed to temperatures between 345 and 600 °C and non-
negligible mechanical loads. The 316L(N) steel is also foreseen to be used as structural
material for the International Thermonuclear Experimental Reactor (ITER) project [2].
Although mechanical and chemical properties of the 316L(N) steel are well-known, the
available data are not sufficient to confidently predict the durability of the material for
long period of time. Typically, 60 years of life-time service is considered for the 4th nuclear
reactor generation. Therefore, long-term experimental tests and numerical simulations
must be conducted in order to assess the material performance and predict any probability
of mechanical failure.

In this context, the welded joints of structural materials are of high interest as they
present mechanical and microstructural discontinuities within the structural material due
the successive torch passes during the welding process. Consequently, these weld regions
are more prone to damage issues and particularly to a phenomenon called stress relaxation
cracking. This issue has been observed since the 1950s and affects several industrial fields,
notably the nuclear industry.

Stress relaxation cracking in industry

The production of energy via steam, nuclear or solar power plants requires the use of ma-
terials capable of operating at high temperatures and internal pressures [3]. Components
necessary for the completion of such structures are usually assembled by welding, aiming
for both mechanical integrity and proper sealing during the exploitation of the plant. The
welding process and further use of the welded components may result in numerous cases
of failures, which presents new challenges for fabricators and operators [4]. One of the
main issues associated to welded components is the cracking of the welds, later distin-
guished into three main groups of cracking: (i) hot cracking, (ii) warm cracking (solid
state cracking) and (iii) cold cracking [5] (Figure 1). Hot cracking refers to cracks in
welds in the presence of liquid films. This regroups solidification cracking and liquation
cracking issues. Warm cracking failures specifically refer to solid state cracking with an
exposure to elevated temperatures. Finally, cold cracking is distinguished from the two
others as occurring at room temperature. It is mainly associated to the hydrogen cracking
phenomenon and the presence of brittle microstructure. The present work is exclusively
focused on phenomena belonging to the second group of failures, warm cracking.

Warm cracking includes different phenomena as well as different designations of the
same phenomenon, according to the literature: stress relaxation cracking (SRC) [9–11],
strain relaxation cracking [7], stress relief cracking [4], stress-induced cracking [11], stress-
rupture cracking [4], strain-age cracking (SAC) [5], reheat cracking (RC) [6], post-weld
heat treatment (PWHT) cracking [9], underbead cracking and underclad cracking [7].

4
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Figure 1: Classification of main cracking phenomena in welds, according to [6–8].

Sometimes, these mechanisms are also associated to ductility dip cracking (DDC) [5]. Also,
some of these failures were misidentified as stress corrosion cracking (SCC) mechanism [12],
which can actually act as a secondary mechanism to warm cracking [13]. Lastly, some
authors mentioned that the failure mechanism is the same as type IV [14] or type III [15]
cracking. Type III is associated to cracks initiated in the heat affected zone (HAZ) of
weld microstructure close to the fusion zone, thus generally in the coarse-grained region of
the heat affected zone, while type IV cracks initiate away from the fusion line in the fine
grain region of the HAZ [15]. Most of these phenomena are highly related to each others
because of their similar mechanisms and driving factors, however the exact definition and
use of each of these names widely differs from one author to another. Nevertheless, a
differentiation is proposed here according to most common usages:

• DDC mainly occurs during the reheat or upon cooling of an anterior weld pass during
a multipass welding process. Because ductility dips of steels are most often observed
between 700 and 1400 °C, DDC is generally used to refer to cracks appearing in this
temperature range [5].

• PWHT cracking, sometimes called stress relief cracking, is by definition exclusively
related to cracking occurring during short heat treatments (several hours) conducted
at high temperatures (>750 °C) after the welding process to remove/reduce the resid-
ual stresses or to temper martensitic microstructures. Strain-age cracking is often
described as a type of PWHT cracking, specific to Ni-base precipitation-strengthened
alloys which can also occur during multipass welding, similarly to DDC [5].

• SRC in contrast is used to refer to cracking occurring at temperatures between 500
and 775 °C during service, for relatively long duration (several weeks to years) [5].

The term reheat cracking is generally used to either refer to PWHT or SRC [6]. Finally,
the terms "underbead" or "underclad" cracking simply refer to the type of components and
cracks localization, however it should not be confused with hydrogen-induced cracking
occurring in the same region but at room temperature [6]. Since most warm cracking
present similar mechanisms and driving factors [16], they will be discussed all together
under the term of stress relaxation cracking, or SRC, for simplification.

The earliest observations of relaxation cracking were reported by Poole in 1953 [4],
who investigated failures of welded 347 (niobium-stabilized) stainless steel, following nu-
merous welding difficulties encountered by major stainless steels fabricators. Out of all
failed welds, 22% of cracking occurred after a PWHT. Later in 1957, Curran et al. [17]
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Figure 2: Occurrence of stress relaxation cracks between two repair welds of a 347H steel
pipe after 47 months of service at 565 °C. (a) Location of the failed weld in the schematic
drawing of the turbine main steam piping system, (b) micrograph of cracks and welds [17].

published a review of damaged piping systems joints of a steam turbine. These damages
were observed after periods of 6 months up to more than 5 years of service at 565 °C in
pressurized environment. Analyses showed that failures were induced by the nucleation
of cracks near welded joints made of 347 and 321 (titanium-stabilized) steels. Curran et
al. [17] even reported cracks detected after 34 months of service being repaired by grind-
ing and additional welding, followed 47 months later by new cracking between the repair
welds (Figure 2). Following the Phénix nuclear power plant shutdown in 1989 after 90000 h
of service, similar defects were also observed in welded 321 steel joints [18]. More recently,
occurrences of stress relaxation cracking were reported in welds of molten salt hot tanks
made of 347H steel after operating at 565 °C in a concentrating solar power plant [19].

These examples of failures imply that SRC is a serious concern for power industries,
an issue that is still not completely understood, despite the numerous studies carried out
on the phenomenon. The ongoing interest regarding relaxation cracking is illustrated in
Figure 3, showing the number of referenced journal articles related to SRC since 1964.
Note that earlier academic works on SRC are not included in Figure 3 as SRC had not
been identified as such before this date; industrial reports are not included either as most
of them are confidential.

Throughout the years, similar failures were observed during the industrial use of many
other austenitic steels and nickel-based alloys, as in the 304, 304H, 316, 316H, 321H, 601,
617, 625, 740H, 800, 800H, 800H(T) and 803 steels [7, 17, 20–29]. These appeared either
in service after 15 days to 20 years of operation at temperatures comprised between 500
and 775 °C, or directly after PWHTs performed at solutionizing temperatures (750 to
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Figure 3: Number of scientific documents related to SRC as a function of years. Data
gathered from Scopus website, for reports containing "reheat cracking", "stress relaxation
cracking", "stress relief cracking", "post weld heat treatment cracking" in the title, abstract
or keywords.

1400 °C) [30]. After repair, SRC is susceptible to occur again in even shorter times [12].
High carbon steels were found to be particularly subjected to SRC, while no industrial
case of SRC was reported for low carbons steels to this day. Characteristic features of the
cracks observed in the failed welds were described by many authors, which are summarized
thereafter.

Main features of stress relaxation cracks

Stress relaxation cracks were found to form at grain boundaries, mostly located just below
the fusion zone (FZ), in the coarse-grained heat-affected zone (CGHAZ) of the weld and
generally initiated at the toe of the weld bead from the outer surface as illustrated in
Figure 4 (a) [7, 12, 15, 21, 31–43]. In some cases, cracks are initiated in the inner side of
pipes [18]. Cracks propagation are in majority parallel to the FZ/CGHAZ boundary [33,37,
42], even though Lancaster et al. [7] have also reported cracks penetrating the heat-affected
zone and then propagating into the base metal as in Figure 4 (a). SRC was also observed
to form in the FZ, however, these represent rare cases and are generally more associated to
DDC failures [6,7,28,38]. Intergranular cracks observed in the FZ were typically associated
to columnar grains normal to the weld surface and to thin ferritic layer on grain boundaries
(GBs), increasing strain localization in these areas [6]. Observations of regions affected by
SRC revealed the presence of GB cavities similar to those forming during creep (Figure
4 (b) to (d)), near the crack tips [3]. These cavities were often observed on grain boundary
precipitates, and mostly on GBs with a perpendicular direction to the principal direction
of residual stresses induced by welding [11, 23, 25, 34, 41, 44]. In some cases, crack faces
were covered by Cr and Fe oxides and filled with a metallic filament rich in Fe and Ni,
as illustrated in Figure 4 (b) [10–12, 23, 25, 26, 35, 41]. The exact chemical composition of
the filament is dependent on the alloy [12]. The presence of the filament in only some of
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Figure 4: Stress relaxation crack in a failed 800H vessel after 2000 h of service at tem-
peratures between 600 to 650 °C with (a) micrograph image, (b) close-up showing Cr-rich
oxide layer (in black) along the intergranular crack and Ni-rich filament within the crack,
(c) and (d) close-ups of the grain boundary cavities responsible for cracks initiation [22].
Scale was not indicated by the author, however for reference a common 800H grain size is
of 65 µm in average.

the cracks showed that oxidation is a non-necessary secondary mechanism for SRC [13].
Chabaud-Reytier [18] also mentioned cracks were found to be in chromium-rich regions.
Finally, some authors reported that cracks were only present in areas where the Vickers
hardness exceeds 200 HV10 [12,13]. Note that the presence of high residual tensile stresses
can offset this statement since they may significantly decrease hardness, as suggested by
Pommier [45]. As a result, the measure of hardness is not considered to be a good indicator
of SRC-susceptible regions.

These numerous works allowed identifying factors which can potentially influence the
initiation of damage during stress relaxation (Figure 5). Typically, it was found that
the chemical composition, the microstructure and mechanical properties of the steel can
affect its resistance to SRC. The welding process itself induces changes of the microstruc-
ture (precipitation, phase transformation) but is also responsible for the rise of residual
stresses. During service, temperature and time will affect the material sensitivity to cavity
nucleation, eventually leading to stress relaxation cracking. In order to better understand
the phenomenon, some of the main factors such as the effect of sample geometry, resid-
ual stress, pre-hardening (cold-rolling), grain size, welding (microstructure, precipitation),
stress relaxation time and temperature will be investigated in this study.
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Figure 5: Factors associated to stress relaxation cracking mechanism, summarized from
Ito et al. [46] and Lippold [5] works. "SR" stands for stress relaxation.

Objectives of the present work

The majority of previous works investigating SRC on different steels were carried out by
experimental testing using homogeneous materials, with microstructure and mechanical
properties representative of heat affected zones [13,45,47], which were considered as most
prone to SRC. While this relatively simple approach allows straightforward interpretation
of obtained results, particularly for mechanical simulations and damage characterization,
it does not capture the complex behavior of a heterogeneous microstructure regarding
stress relaxation of stainless steels. Specifically, although industrial observations found in
technical reports [9,48,49] often describe the coarse-grained region of the HAZ as the most
prone to SRC, data found in the literature do not provide clear explanations for this sen-
sitivity, especially for austenitic steels. In addition, there are few scientific journal articles
that indicate the crack location and even less that provide an explanation for the preferen-
tial location. Therefore, this work aims investigating SRC in a highly SRC-resistant steel,
by introducing controlled levels of residual stresses and plastic strain, subjecting all weld
zones to similar mechanical conditions. The use of the Turski compression approach [47]
is necessary since SRC cannot be expected to occur in a welded 316L steel, especially in
laboratory conditions. This will then allow studying the resistance of each weld zone to
SRC and further understand the effect of weld microstructure on SRC.

The main objective of this work is thus to study stress relaxation cracking in welded
316L(N) steel, by accounting for the effect of microstructure heterogeneity on SRC. For
this purpose, experiments and simulations were used in order to:

(i) develop an approach to characterize the SRC susceptibility of the welded 316L(N)
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steel employing mechanical tests and simulations as well as microscopic characteri-
zations;

(ii) characterize the influence of welding on SRC by identifying the weakest region of
the weld microstructure and comparing the results to homogeneous material states
(without welding). From industrial observations, the coarse-grained region of the
HAZ is expected to be more prone to SRC. However, due to the new approach used
here exposing all weld zones to similar levels of residual stresses, conclusions might
be different;

(iii) evaluate the mechanical and microstructural factors influencing the phenomenon.

Approach
To meet these objectives, stress relaxation cracking tests in this work will be carried out
following an approach consisting in four main steps, listed as follows:

(i) Prior thermo-mechanical treatments will be applied to as-received plates to
introduce different SRC factors, thereby producing several material states. Specif-
ically, welding (without filler material) will be applied to the material to produce
heterogeneous microstructures. SRC tests will also be carried out on the as-received
material without prior treatment for comparison.

(ii) Introduction of residual stresses will be achieved using a self-restrain method
as initially proposed by Turski et al. [47], consisting in a pre-compression at room
temperature using specimen geometries similar to the CT (Compact Tension) ones.
As shown by Turski et al. [47], the unloading following the compression results in high
residual tensile stresses and plastic strain fields near the notch root of the specimens.
The estimation of the post-compression residual stresses and plastic strain will be
performed by finite element method (FEM) simulations.

(iii) Relaxation of residual stresses will be carried out applying heat treatments at
575 and 600 °C at ambient air for 580 h (about 1 month) and 1470 h (about 3 months)
to the specimens after the Turski compression. These specific conditions were chosen
as they were found by Pommier [45] to be favorable to SRC for a 316L(N) steel of
composition similar to the one studied in this work. These relaxation treatments
will be followed by cooling at room temperature in ambient air.

(iv) For characterization of damage, the reheated samples will be cut into sections
in the regions presenting highest post-Turski compression residual stresses and pol-
ished for microscopical analyses to characterize both the microstructure and stress
relaxation damage.

Thesis outline
The present manuscript is divided into six chapters. In the Chapter 1, a literature review
is proposed where the composition, the microstructure of 316L(N) steel as well as the
microstructural and mechanical effects of welding on steels are reported. Then, the mech-
anism of SRC, the influencing factors as well as the most commons SRC testing methods
found in the literature are discussed.

The experimental methods used to perform the SRC tests using the studied 316L(N)
steel are presented in the Chapter 2. In particular, the different material states tested
for SRC and the process employed to produce them are presented. Besides, the different
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methods used for the characterisation of microstructures, mechanical properties and stress
relaxation damage are described.

In the Chapter 3, the microstructure of each material state produced for this work is
characterised, allowing to reveal the microstructural features expected to influence their
resistance to SRC. In addition, microstructure evolution with temperature is characterized
without the effect of the residual stresses and plastic strain introduced by the compression
test used further for the SRC test, and thus better understand the SRC mechanism for
each material state.

Then, the Chapter 4 presents the Turski compression allowing the controlled intro-
duction of residual stress and plastic strain, necessary for SRC. In this chapter, the ex-
perimental and numerical methods used to predict the mechanical fields are presented,
concluding with predictions of stress relaxation damage hazard for each tested condition.

In Chapter 5, the actual SRC tests of each material state are presented. Characteri-
sation of the nature, levels and distributions of damage are described for each condition
and microstructure. The results for each microstructure are then compared to conclude
on its effect on SRC, particularly the effect of heterogeneous microstructures.

Finally, Chapter 6 proposes an analysis of different SRC influencing factors to bet-
ter understand the sensitivity of weakest microstructures. Conclusions of this work and
perspectives for further researches are presented at the end of the document.



Chapter 1

Literature review

Résumé
La revue de littérature proposée pour cette étude rend compte de la complexité du mécanisme
d’endommagement intergranulaire par la relaxation des contraintes résiduelles, impliquant de nom-
breux facteurs introduits lors de l’élaboration d’un composant et pendant sa vie en service. La
fissuration par relaxation des contraintes a été observée depuis les années 1950 dans les joints
soudés après un fonctionnement à des températures élevées, caractérisée par des fissures et des
cavités similaires à celles de fluage formées sur des précipités aux joints de grains, principalement
dans les régions à gros grains des zones affectées thermiquement (ZATGG).

Suite aux nombreuses études conduites sur le phénomène, il a été admis que la fissuration
en relaxation (FeR) est d’abord induite par la présence de contraintes résiduelles, de déformation
plastique, de précipités aux joints de grains (principalement des carbures) et par l’exposition à des
températures élevées (500-775 °C). Les travaux réalisés sur la susceptibilité des aciers austénitiques
à la FeR ont montré que des niveaux plus élevés de déformation plastique initiale et de contraintes
résiduelles, ainsi qu’un temps de relaxation plus long, entraînent des endommagements plus im-
portants. Spécifiquement pour les aciers 316L(N), 575 °C a été identifié comme la température de
relaxation conduisant aux endommagements les plus importants. Ces conditions de relaxation ont
donc été choisies dans ce travail pour assurer les conditions les plus favorables à la FeR.

Les études de la littérature ont également rapporté les principaux facteurs influençant la FeR,
tels que la composition chimique du matériau, la taille de grain et la géométrie du composant.
Dans le cas des aciers 316L(N), qui sont particulièrement résistants à la FeR, la teneur en azote et
en carbone sont décrites comme étant très influentes, en raison notamment de leur implication dans
la cinétique de mouvement des dislocations et donc dans la vitesse de relaxation des contraintes
résiduelles. En outre, une teneur élevée en carbone peut également être néfaste car elle favorise
la précipitation des carbures. D’après un classement basé sur la composition proposé dans la
littérature, l’acier 316L(N) étudié dans ce travail devrait être plus favorable à la FeR que d’autres
nuances d’aciers 316L(N). Par ailleurs, la littérature a suggéré qu’une taille de grain plus importante
est néfaste à la résistance à la FeR, suite aux fréquentes observations de FeR dans les ZATGG.
Puisqu’il y a très peu d’informations expliquant cette haute sensibilité, l’effet de la taille de grain
sur la FeR sera étudié dans ce travail, séparément des autres facteurs.

L’apparition de la FeR dans des conditions industrielles n’a pas encore été rapportée pour les
aciers 316L(N), ce qui est cohérent avec la haute résistance des aciers 316L(N) à la FeR rapportée
dans la littérature. Le seuil de contrainte élevé (740 MPa) proposé pour la FeR dans les aciers
316L(N) dans des conditions de laboratoire nécessite alors de choisir des conditions d’essais sévères
pour l’étude. Cela signifie que les essais de FeR ne peuvent pas être exactement représentatifs des
composants industriels soudés, dans lesquels des contraintes maximales de 400 à 500 MPa sont
plutôt mesurées : les conditions initiales doivent donc être exagérées pour permettre l’observation
de la FeR dans l’acier 316L(N) étudié et surtout, dans des délais acceptables pour l’étude (quelques
mois pour une campagne d’essai).

La revue de la littérature proposée ici montre que de nombreuses méthodes ont été dévelop-
pées pour tester la FeR depuis les années 1950, soit en utilisant des composants soudés, soit en
reproduisant les propriétés microstructurales et mécaniques d’une zone affectée thermiquement
(ZAT). Pour une meilleure répétabilité et un meilleur contrôle des facteurs déterminants pour la
FeR, les essais sont générallement conduits avec des matériau avec ZAT simulées. L’introduction
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de contraintes résiduelles de traction dans ces matériaux ne peut être réalisée que par des essais
d’auto-restriction, tels que la compression suivi d’une décharge d’éprouvettes de type Compact
Tension (CT) comme proposé par Turski [47]. Le principal inconvénient de cette approche est
l’utilisation de matériaux homogènes, qui ne permet pas une compréhension complète du mécan-
isme de FeR se produisant dans les microstructures hétérogènes des soudures. Des travaux récents
ont cherché à combiner l’approche de soudures réelles avec des tests d’auto-restriction, mais n’ont
pas abordé l’effet d’une microstructure hétérogène sur la FeR. En conséquence, il reste encore des
questions majeures sur le mécanisme de la FeR dans les soudures, notamment en ce qui concerne
la grande sensibilité à la FeR des ZATGG.

Enfin, la quantification de l’endommagement induit par relaxation de contraintes est souvent
simplifiée dans la plupart des études FeR, ne prenant en compte que la présence de fissures alors
que les cavités sont connues pour être à l’origine du phénomène. Une meilleure compréhension
et quantification du mécanisme nécessiterait la caractérisation à la fois des cavités et des fissures
après relaxation.

Ce travail vise donc à répondre à ces questions en qualifiant et en quantifiant l’impact d’une
microstructure hétérogène de soudure sur la sensibilité de l’acier inoxydable 316L(N) à la FeR, en
étudiant la relaxation des contraintes dans les soudures via un essai de compression Turski.
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1.1 Introduction

Stress relaxation cracking (SRC) is an intergranular type of cracking occurring during the
reheating of welded steels, induced by the relaxation of welding residual stresses at high
temperature in presence of welding-induced hardening and grain boundary precipitates.
Such cracks were observed to be initiated by the coalescence of grain boundary cavities
similarly to creep. This type of failure, firstly observed in the 1950s, is a complex combi-
nation of several mechanical and microstructural factors acting from the macroscopic to
the nanometric scale. The study of the SRC phenomena is a challenge, since it requires
good knowledge about the material metallurgy and mechanical properties, the welding
process and obviously the SRC mechanism itself. To this end, a literature review on the
metallurgy of austenitic steels, welding of austenitic steels and finally stress relaxation
cracking is proposed in the following.

The first section presents in general terms the austenitic stainless steels, then more
specifically the 316L(N) alloy. The chemical composition, microstructure and properties
of austenitic stainless steels are discussed. The chemical composition of steels, influencing
the microstructure, is of high interest as it also affects the material mechanical properties,
especially for long duration mechanical issues. The second section presents the welding
methods used for stainless steels and their impact. Specifically, the evolution of the mi-
crostructure, mechanical properties and the generation of residual stress due to welding
are discussed. A short review of simulating welding is proposed. The third section is
devoted to the review of SRC, considering the mechanism of the phenomenon, the asso-
ciated necessary and influencing factors and finally the experimental method available to
test SRC.

1.2 Metallurgy of austenitic steels

1.2.1 Generalities on the 316L(N) steel

In this work, SRC of 316L(N) stainless steels is investigated. In the following, the met-
allurgy and properties of this alloy are presented. Comparisons with other stainless steel
grades are also proposed, allowing a more complete overview of this material.

1.2.1.1 Microstructure

Steels are specific iron alloys with a maximum of 2.1% wt. of C [50]. Stainless steels were
specifically created adding 11 to 26% wt. of Cr to these alloys [51, 52]. The presence of
Cr in stainless steel allows the formation of a chromium-oxide Cr2O3 passive layer on the
surface of the material when exposed to oxygen, creating a natural protection to corrosion
issues [53]. However, at high temperature the addition of Cr is also susceptible to allow
the precipitation of undesirable secondary phases, such as chromium carbides, which are
detrimental to mechanical strength performances. For these reasons, carbon content must
be limited. The stainless steels group is divided into five different categories, depending
on their microstructure: austenitic, ferritic, martensitic, duplex and precipitation hard-
ened stainless steels [54, 55] (Figure 1.1). Austenitic stainless steels are used for many
applications, especially for structural components, particularly in the energy sector [56].
Despite their higher initial cost, austenitic stainless steels, known as the 300 series, are
used because of their better performance regarding corrosion resistance, formability and
good properties at high temperatures. This make them particularly interesting for nuclear
applications, where the safety and integrity of the structures must be ensured for long
duration service at high temperature, with generally little to no possibility of repairing in
case of failure.
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Austenitic steels are characterized by an austenitic matrix, meaning it is largely com-
posed of the Face Centered Cubic (FCC) austenite phase [55]. This differs from the other
types of stainless steels, with ferritic steels being composed of a Body Centered Cubic
(BCC) ferrite matrix, and martensitic steels of a tetragonal body centered martensite
matrix [55]. Duplex steels are composed of both ferrite and austenite phases, in compa-
rable proportions. Precipitation hardening steels can either be martensitic, martensitic-
austenitic or austenitic. These are hardened through thermal treatments carried out be-
tween 400 and 700 °C, allowing age strengthening.

The microstructure of stainless steels is the direct result of both the chemical com-
position and the elaboration process. Particularly, austenitic phase is stabilized by the
addition of elements such as Ni, N and Mn even though ferrite stabilizing elements such as
C, Cr, Mo, Si and Nb can also be present in austenitic steels. These are either additions to
improve the material performances or can be simply impurities resulting from the elabora-
tion process. The numerous different grades of the 300 austenitic stainless steels series are
usually described as being variants of the most common austenitic grade, the 304 steel, by
changing the constituting elements and their contents to better fit the aimed application
(Figure 1.1). The role of major elements present in stainless steels are described in Table
1.1.

Figure 1.1: Simplified classification of steels with the main variants of 300 austenitic
stainless steels, according to [18,54–56].

Addition of carbon (from 0.04 to 0.10% wt.) improves mechanical strength, as in
the 304H and 316H steels. However, the high carbon content favors the precipitation
of undesirable chromium carbides. This precipitation weaken the grain boundary and
can cause a local depletion in chromium. This phenomenon, called sensitization, results
in regions more susceptible to corrosion issues [53]. A way to avoid chromium carbides
precipitation is to force the carbon atoms to form other types of carbides, without affecting
the chromium content. This approach is employed in the stabilized steels. In 347 stainless
steels for instance (Figure 1.1), the addition of niobium is performed, leading to the
formation of NbC and Nb4C3 carbides when exposed to thermal treatments, preventing
chromium carbides precipitation. In 321 steels (Figure 1.1), an addition of titanium is



16 CHAPTER 1. LITERATURE REVIEW

Table 1.1: Alloying elements in austenitic steels, their effect on ferrite (BCC) or austenite
(FCC) stabilization and impact on the material properties [18,57].

Element Stabilized
structure

Impact on properties

Chromium BCC Prevents corrosion issues through Cr2O3 oxide layer
formation. Susceptible to form carbides which alter
mechanical strength and corrosion performances.

Nickel FCC Increases the corrosion resistance and improves weld-
ing properties.

Molybdenum BCC Highly increases the corrosion resistance and material
strength at high temperatures, making it a suitable
alloy for welding process and nuclear applications.

Carbon FCC Improves thermal and mechanical properties (mate-
rial strength). Responsible for intergranular carbide
precipitation, and facilitates corrosion issues through
sensitization.

Nitrogen FCC Improves material strength through solid solution
hardening.

carried out in order to form preferentially TiC carbides [18]. Another approach is to
decrease the carbon content to limit carbide precipitation, then called low carbon alloys,
such as the 304L and 316L (Figure 1.1). These were specifically developed to decrease
intergranular corrosion sensitivity and improve Cr2O3 passive layer development as more
chromium content is available. However, compared to high carbon steels the low carbon
content degrades the mechanical strength.

The addition of molybdenum can also be carried out to improve the mechanical
strength of low carbon steels, and more specifically creep resistance. Molybdenum also
slows down carbides precipitation at temperature below 700 °C, especially for low carbon
steels (less than 0.03% wt.) [57]. This led to the development of the 316 type steels (Fig-
ure 1.1). In low carbon steels, an addition of nitrogen can also be performed to improve
the steel mechanical strength through solid solution hardening, as for 316L(N) type steels
(Figure 1.1). The chemical composition requirements for 316L(N) steels as described by
the RCC-MRx (2012) are reported in Table 1.2. Chemical compositions of industrial
316L(N) used by the CEA as reference are also given as examples.

Table 1.2: Chemical composition (%wt.) requirement for 316L(N) steel alloy, according to
RCC-MRx (2012) [58], as well as composition for K46-T9, EDF-SQ and AVESTA indutrial
alloys.

Element C Si Mn P Cr Mo Ni N Co Cu
RCC-MRx
Min 0.000 0.00 1.60 0.000 17.00 2.30 12.00 0.060 0.00 0.00
Max 0.030 0.50 2.00 0.035 18.00 2.70 12.50 0.080 0.25 1.00
K46-T9 0.025 0.19 1.7 0.019 17.38 2.39 12.12 0.069 0.04 0.16
EDF-SQ 0.030 0.44 1.88 0.028 17.54 2.48 12.46 0.077 0.15 0.175
AVESTA 0.026 0.31 1.74 0.025 17.27 2.54 12.13 0.069 0.09 0.29

Austenitic stainless steels may also contain some ferrite additionally to the austenitic
matrix, then called residual ferrite or δ-ferrite. It is important to account for the presence
of ferrite: while it can increase the weldability of austenitic steels, it can also deteriorate
the steel thermal and mechanical properties. For instance, ferrite can lower the resis-



1.2. METALLURGY OF AUSTENITIC STEELS 17

tance to stress corrosion cracking [59]. Limiting the content of residual ferrite in steels
is thus necessary, which can be achieved by adjusting the heat treatment used to obtain
an austenitic material. To produce the austenite phase, an isothermal treatment of a few
hours at temperatures between 1000 and 1200 °C is usually carried out [60]. This spe-
cific heat treatment is commonly called austenitization, solution treatment or annealing
treatment. Such treatment also allows the dissolution of undesirable secondary phases
such as the σ-phase or carbides [57], detrimental to the steel mechanical properties. The
final fraction of austenite phase depends on the austenitization time, temperature and
cooling rate. Usually, the thermal treatment does not allow to obtain a fully austenitic
microstructure and residual ferrite is often observed as a result, as shown in Figure 1.2. A
way to predict the final ferrite content is by calculating nickel equivalent and chromium
equivalent contents such as proposed by Schaeffler [61] and Long et al. [62].

Figure 1.2: Optical micrograph of a 316L steel annealed at 1070 °C for 1 h, showing δ-
ferrite bands (or "islands") in the austenitic (γ) matrix [63]. "RD" stands for the rolling
direction.

1.2.2 Precipitation in austenitic stainless steels

Phase precipitation in austenitic stainless steels is a fundamental industrial problem, since
it influences mechanical properties, especially crack initiation and propagation in service.
During mechanical and thermal loading, undesirable precipitates in the material can induce
local concentrations of stress, and can particularly weaken the material if these are located
at grain boundaries [64]. Chromium carbides are very often cited in the literature [45]
as preferential sites for the initiation of stress relaxation cracks. For these reasons, the
study of the SRC sensitivity of a steel requires a proper knowledge of the phases prone to
precipitate during the processing of the material (austenitization, welding) or during its
service. In addition, it is important to identify the factors influencing this precipitation.

Despite the low carbon content, reducing the susceptibility for the precipitation of
undesirable secondary phases, carbides can still be observed in 316L(N) steels. From their
processing to application in nuclear reactors, components made of austenitic stainless steels
can be subjected to phase precipitation at four different stages. They can either be formed
during the elaboration, during the welding process (see Section 1.3), post-welding heat
treatment or later during service. These correspond to different time/temperature ageing
treatments, which may be favourable to the precipitation of carbides and intermetallic
phases, as summarized below:

• welding process induces high temperature gradients in the material (from 25 to
more than 1400 °C) and thus induces important microstructure transformations.
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Precipitates with fast nucleation kinetics can then nucleate and grow in the heat
affected zones of the welded component [13,18];

• post-welding heat treatment is not foreseen for 316L(N) steels by the RCC-MRx
[65], even though dimension stabilization treatment may be applied to relax welding
residual stresses. It usually consists in a rapid thermal treatment (a few hours) at
temperatures varying from 400 to 800 °C [66]. Particularly for the 316L(N) steel,
the RCC-MRx [65] suggests a treatment at 650 °C for 50 h to relax residual stresses,
which constitute favorable conditions for carbides precipitation [67];

• service temperature and time depend on the application. Typically, for the 4th

generation of nuclear reactors, the life-time is expected to be at least 60 years for a
service at temperatures near 550 °C. These long ageing times are also favorable to
the formation of precipitates with very low precipitation kinetics.

During thermal treatment of austenitic stainless steels, numerous secondary phases
may form. In the literature, these phases are often discussed under different names
and groups. To clarify this, a classification of the most common phases observed in the
austenitic stainless steels is proposed in Figure 1.3, according to data reported by different
authors [67–73]. Characteristics of the main phases of interest are detailed in Table 1.4.
Precipitating phases are generally found to be intermetallics, carbides, nitrides, borides
and sulphides. The intermetallics group includes the σ-phase, Laves phases, χ-phase, G-
phase, R-phase and µ-phase [69,71]. Laves phases, often reduced to the hexagonal C14 (η
phase), actually also include the cubic C15 and hexagonal C36 compounds [72, 73]. Most
of intermetallics (σ, µ, M , P and R phases) and Laves phases along with A15 phases
constitute the most common members of the larger Frank-Kasper (FK) phases group [74].
It is worth noting that the χ-phase does not belong to the FK group while being an inter-
metallic [75] as it does not follow the FK phases rules. The carbides group includes MC,
M6C (also called η-carbide), M7C3 and M23C6 phases. MX carbonitrides, such as NbN,
NbC, TiC, TiN or the Z-phase can also be found [69]. Borides and sulphides are less often
observed in austenitic stainless steels [67].

Knowing the chemical composition of a steel, thermodynamics simulations can be
carried out to make predictions about the most stable phases for different temperatures
and determine what secondary precipitating phase to expect during the material exposure
to thermal treatments. Typically, for a 316L steel such computation predict the stability
of austenite, ferrite, M23C6, σ and χ phases for temperatures between 500 and 1000 °C
accounting for the effect of elements contents, such as carbon as illustrated in Figure 1.5.

These phases can thus be expected to be observed after welding or after stress relax-
ation heat treatment which will be carried out to test the 316L(N) resistance to SRC.
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Figure 1.3: Classification of major precipitating phases found in austenitic stainless steels,
according to [67–73]. Note that not all intermetallics are part of the FK group, such as
the G and χ phases.

Figure 1.4: Crystal structure and composition of the main secondary phases found in
austenitic stainless steels [68,70,71].



20 CHAPTER 1. LITERATURE REVIEW

Figure 1.5: Equilibrium pseudobinary Fe-C phase diagram for a 316L steel for tempera-
tures between 500 °C and 1000 °C, computed with Thermo-Calc software [76].
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1.3 Welding of austenitic stainless steels

Stress relaxation cracking issues reported since the 1950s in industry mostly affected
welded steel components [18]. In order to properly understand the causes of stress relax-
ation damage during service, shortly or long after the welding process, it is fundamental
to first understand the impact of welding on the microstructure and properties of a steel.

Large structural components, as used in nuclear applications, are assembled by welding
process, necessary to ensure the integrity of the structure. Whether it is to manufacture
steels joints or to repair failed components, it exist numerous welding methods for struc-
tural materials. Figure 1.6 shows the classification of most common welding methods.
These are divided into two main families, pressure and fusion welding. The fusion welding
family includes the gas, arc and power beam welding.

The most common methods used for stainless steel welding are the Gas Tungsten
Arc Welding (GTAW) and Gas Metal Arc Welding (GMAW) [77], both are part of the
larger groups of gas shielded arc welding and more widely fusion welding. GMAW, which
includes Metal Inert Gas (MIG) and Metal Active Gas (MAG) methods, is widely used in
industry because of its high production rate, facility and versatility of usage [57]. GMAW
is particularly used for thick components while GTAW is more suited for thin materials,
from about 0.5 to 3 mm thick, and less accessible components for repairs [78]. GTAW, also
called Tungsten Inert Gas (TIG), can be performed with or without filler metal and has
the advantage of producing high quality, clean and reliable joints, which makes it suitable
for crucial components as used in aeronautics or nuclear applications. However, GTAW
requires higher experience of the operator and has a lower productivity rate than GMAW
because of a lower speed, inducing a higher overall cost.

For the 316 grade, it was found that GTAW allowed higher tensile strength, toughness
and fracture energy values in impact test than welds obtained by GMAW [79]. Quality and
mechanical properties of weld joints manufactured by GTAW are then often considered
over the cost for structures requiring high safety in the long term, justifying why only
the GTAW is proposed in the RCC-MRx [65] specifications for welding of nuclear reactor
components. Regardless of the arc wielding method, such processes induce thermal cycles
of high amplitudes, affecting the microstructure of the material and, hence, its mechanical
behavior. Particularly in the case of GTAW, these thermal cycles are generally numerous,
since the process often requires several welding passes to manufacture a joint. In order
to understand the mechanism of stress relaxation cracking in weld joints and identify
weak zones, the GTAW process, its influence on both the microstructure and mechanical
properties are presented in the next sections.

1.3.1 Gas Tungsten Arc Welding

The GTAW process, as the other fusion welding processes, allows assembling thermally
conductive materials such as metals and alloys, through the partial fusion of the different
parts. The integrity of the resulting component or structure is then ensured by the solid
joint between both parts, produced from the solidification of the filler metal, then called
weld metal [80].

In order to join the parts, materials are exposed to a high current via a tungsten
electrode (Figure 1.7), inducing an electric arc. When ignited, the electron arc forces the
electrons to migrate from the negative pole to the positive one; however, ions traveling in
the opposite direction result in collisions with electrons. These collisions release high en-
ergy, allowing the fusion of the base metal in regions close to the surface and/or the fusion
of the filler metal. The GTAW equipment is constituted of several parts. A power source
is used to produce the high current transmitted to the GTAW torch, which creates the
electrical arc. Even though the GTAW torch can be controlled manually, its displacement



22 CHAPTER 1. LITERATURE REVIEW

Figure 1.6: Schematic presentation of the most common modern welding methods, ac-
cording to Weman [78].

is usually automatized via mechanical monitoring to ensure continuous and homogeneous
treatment. The welding parameters such as the current, voltage, torch velocity and gas
flow are currently controlled via a numerical monitor. A gas tank connected to the control
unit provides the shielding gas used during the welding process. The choice of the inert
gas is primordial as it prevents the interaction between ambient air and the weld pool,
avoiding oxidation issues. Additionally, it can also improve current conduction and heat
convection in the arc [78]. The choice of inert gas depends on the studied material, the
welding method, the component geometry, accessibility and the foreseen cost for produc-
tion. In the case of stainless steels, argon (Ar) shielding gas is the most used, but Ar/H2
and Ar/He mix are also commonly used [80,81].

Figure 1.7: GTAW process showing (a) the displacement of the welding torch and filler
metal over the base metal plate and (b) a close-up of region near the electrode tip showing
the migration of electrons and ions [82].
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1.3.2 Effects of welding

1.3.2.1 Microstructure of welded steels

Welding processes, and GTAW in particular, induce high thermal gradients over short
periods of time in the welded material. The high temperatures reached during welding in-
duce microstructure transformations, resulting in heterogeneous microstructures because
of the heterogeneous distribution of heat. Figure 1.8 illustrates the typical heterogeneous
and complex microstructure of a steel resulting from a welding process and the corre-
sponding peaks temperatures during welding. Note that the peak temperatures indicated
in the Figure 1.8 can vary by ± 100 °C depending on the steel grade. Experimental
measurements or numerical simulations of the thermal fields induced by a welding allows
predicting the microstructure transformations occurring in a welded material. Typically,
it is theoretically possible to estimate the size of the weld pool, the nature of precipitat-
ing secondary phases, grain growth and grain refinement in the heat affected zones as a
function of welding parameters. The thermodynamic stability and precipitation kinetics
of the secondary phases, as presented in Section 1.2.2, can be confronted to the thermal
history of a welded component to identify the phases most likely to precipitate.

Figure 1.8: Description of microstructure after a single pass welding, showing (a) detail of
zones affected by welding and corresponding peaks temperatures during welding according
to Śloderbach et al., Aucott and Li et al. [83–85] and (b), (c) and (d) micrographs of the
fusion zone, coarse grain heat affected zone and base metal, respectively. Micrographs
were taken in a GTA-welded 316L steel [86].

From the highest temperatures regions to the lowest, three main zones of the welded
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material can be distinguished based on their microstructure: the fusion zone (FZ) or weld
metal, the heat affected zone (HAZ) and the base metal (BM).

In the fusion zone, the material is exposed to temperatures higher than the melting
temperature. Experimentally, it is very difficult to measure precisely the temperature
peak of the weld pool. Usually, measures of temperatures at the surface of the weld pool
are reported between 1800 °C [87] and 2000 °C [88] for GTAW. These temperatures can be
estimated using infrared thermography. These high temperatures allow the total fusion of
the metal in this region, which is quickly followed by the solidification of the metal during
cooling. In this region, the resulting austenite grains are very large, formed predominantly
by columnar dendritic towards the surface and equiaxed near to the transition zone [89].
A network of δ-ferrite cells distributed homogeneously in the austenite matrix and at
austenite grain boundaries is generally observed in welded austenitic steels after cooling
[81], as illustrated in Figure 1.8 (b). The morphology and interconnection of these ferrite
cells often vary throughout the FZ, in the form of vermicular, also called skeletal, but
also in the form of lacy (or lathy) structures [90, 91]. The vermicular morphology is the
most commonly observed, corresponding to Figure 1.8 (b). Lacy ferrite is characterized
by interlaced ferrite networks, with parallel cells in some observation plans [91]. Some
lacy ferrite cells can be observed at the bottom of the FZ in Figure 1.8 (c). Precipitation
of secondary phases, either carbides or intermetallics, are not often reported in the FZ of
316 type steels [81, 92]. This is due to the high cooling rate after welding which prevents
the precipitation of low-precipitation kinetics phases. However, the thermal ageing of the
FZ during post-welding heat treatment or during service can result in the precipitation
of intermetallics such as σ, χ-phases and M23C6 carbide, at austenite grain boundaries
or from the decomposition of the ferrite cells [81, 93]. Farneze et al. [93] also reported
the precipitation of Mo-rich precipitates in ferrite cells in the FZ of a 317L steel after
multipass GTAW process (Figure 1.9 (b)).

The heat affected zones are found below and adjacent to the fusion zone, with its size
being dependent on the welding method and parameters. Heat affected zones are defined
as regions of the base metal which did not melted during welding but whose properties
were still affected by the heat [78,94]. Affected zones can be divided into two main zones,
from the highest peak temperatures to the lowest: the coarse grain HAZ (CGHAZ) and
the rest of the heat affected zone, called HAZ in this work.

The coarse grained zone is exposed to temperatures comprised in the austenite stability
range (1100 - 1400 °C), for duration which allow the growth of austenite grains, resulting
in larger grains than the base metal as illustrated in Figure 1.8 (c). Temperatures higher
than 1100 °C were actually reported in the literature to allow an abnormal grain growth
of austenite [95], with much higher grain growth rates than at lower temperatures. In
austenitic steel grades such as the 316L(N), the rest of the HAZ is usually described as one
single zone, consisting in austenite grains affected by the heat by a hardening mechanism
but where grain growth did not occur. In ferritic-martensitic and precipitates hardened
steels, the rest of the HAZ can be divided into three additional sub-zones: the fine grain
HAZ (FGHAZ), intercritical HAZ (ICHAZ) and subcritical HAZ (SCHAZ). These zones
are not observed for austenitic steels, thus are not discussed further here.

The HAZs are particularly prone to precipitation of secondary phases, because of the
favorable temperature range and lower cooling rate than near-surface regions. However,
this is not systematic and this mostly occurs for high carbon austenitic stainless steels such
as the 304H or 316H, since higher carbon content favors the precipitation of carbides [67].
Welding parameters can also strongly affect the probability of phase precipitation. Increase
in both welding current and number of welding passes increase the duration of exposure
to high temperatures, thus resulting in longer time in the temperature range favorable
to carbides and intermetallics precipitation. Typically, Moslemi [96] observed chromium
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carbides and σ-phase in the HAZ near the FZ in a multipass welded 316 steel (Figure
1.9 (a)).

Finally, metal exposed to lower temperatures (under 600 °C) is defined as the base
metal, which corresponds to metal unaffected by the heat of the welding process. The
resulting microstructure and mechanical properties are then the same as the as-received
material, as illustrated in Figure 1.8 (d).

Figure 1.9: Precipitation of secondary phases induced by GTA multipass welding in
austenitic stainless steels in (a) the FZ and HAZ of a 316 steel [96] and (b) the FZ of
a 317L steel [93].

1.3.2.2 Welding residual stresses

Besides microstructure transformations, one of the main effect of welding on steel compo-
nents is the rise of residual stresses in the regions affected by welding. Residual stresses
can be beneficial or detrimental to the structure properties, depending on the stress na-
ture, but are generally recognised as harmful to welds. Residual stress can be defined as
restrained stationary stresses induced by differences in thermal expansion, strength and
stiffness and introduced during thermal or mechanical treatments of the material manu-
facturing [97, 98]. More importantly, they remain in the material even in the absence of
external loads. Residual stresses are defined as secondary stresses, contrary to primary
stresses which are load-controlled [99]. It exists three types of residual stresses: macro
or bulk residual stress (type I), intergranular stress (type II) related to grain-to-grain
interactions and finally atomic-scale stress (type III) [99,100].

Specifically in welded workpieces, residual stresses are caused by the exposure to high
local temperature variations during the displacement of the welding torch over the mate-
rial, illustrated in Figure 1.10 (a), resulting in severe temperature gradients around the
weld pool [101]. At the nose of the weld pool, the high increase in temperature causes
a thermal expansion of the material, which induces compressive stresses in the affected
region [101] (Figure 1.10 (b) and (c)). When the metal cools down after the welding, ten-
sile stresses appear due to thermal contractions (Figure 1.10 (b) and (d)). After welding,
tensile residual stresses remain in the FZ as well as in part of the HAZ near the FZ, while
the rest of the HAZ contains residual compressive stresses away from the weld (Figure
1.10 (e)) and Figure 1.11 (a)). Considering a single-pass welding on a plate, typical tem-
perature and residual stresses profiles can be simplified as in Figure 1.10 (c) to (e), which
shows the progressive increase of compressive and tensile residual stresses as the plate is
cooling down. The distribution of residual stresses is heterogeneous in both longitudinal
and transverse direction (Figure 1.11), with highest magnitudes found towards the middle
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of the plate and weld bead. Peaks of tensile residual stresses in multipass GTAW 316
steels are generally reported to be near 400 to 500 MPa in the affected zones [102].

Figure 1.10: Formation of residual stresses due to the welding process with (a) simulated
thermal fields during the welding torch displacement [103], (b) close-up view of the weld
pool with compressive and tensile stress fields rising from the thermal expansion and
contraction. Schematic surface temperature and longitudinal stresses profiles (c) ahead of
the weld pool, (d) at the tail of the weld pool and (e) after welding. Figures are adapted
from Selvamani et al. [103], Colegrove et al. [101] and Masubuchi et al. [104].

Figure 1.11: Residual stresses induced by welding in the (a) longitudinal and (b) transverse
directions after the cool-down [105].

The distribution and magnitudes of welding residual stresses can be influenced by the
different welding parameters, which can be tuned to reduce residual stresses and thus
prevent issues associated to it. First, the clamping system, used to mechanically maintain
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the steel plate during welding and hence avoid distortion, can increase the level of residual
stresses because the plate is unable to deform freely (Figure 1.11 (b)) [106]. Particularly,
Choobi et al. [107] showed that clamping a 304 steel plate prior to welding and releasing the
clamps after cooling down to ambient temperature increases transverse and longitudinal
residual stresses. However, if the clamps are removed immediately after welding (then
called hot release), residual stresses are not affected. Elmesalamy et al. [102] results differ,
reporting a slight increase in residual stress when no restrain was used (Figure 1.13 (c)),
as compared to the restrained plate (Figure 1.13 (a)) for the multipass GTAW of a 316L.

Welding residual stresses can also be limited by lowering heat magnitudes through an
adjustment of welding parameters [102]. This can be achieved by increasing the welding
torch displacement velocity or lowering the power energy source [108]. However, the
welding method, either single-sided (welding passes on one side of the plate) or two-sided
(passes on both sides), was reported to have no significant impact of the levels of residual
stresses [102] (Figure 1.13 (a) and (b)).

To lower the magnitude of residual stresses, a prior heating treatment of the plate can
be carried out before welding [109]. Such process allows reducing the thermal gradient
required to enable the steel fusion, thus lower the tensile and compressive stress [110].
Adedayo et al. [110] typically reported reduction of welding residual stresses of up to 75%
thanks to a prior preheat carried out at 200 °C. Pre-heating can also reduce the risk of
hot cracking and the formation of brittle martensite, induced by the rapid cooling of the
welded plate [109]. However, pre-heating can also be detrimental to residual stresses [111].
Indeed, the yield strength of the steel decreases with an increase of temperature, favoring
plastic strain [109]. Consequently, pre-heating method cannot be used systematically and
should be carefully employed depending on the material, welding method and conditions.
Specifically for the 316 grade, preheating is not recommended by the RCC-MRx [65]
specifications.

Asides from the welding parameters, the choice of the filler metal can also influence
residual stresses. Godin et al. [112] typically showed the presence of tensile residual stresses
in the fusion and heat affected zones using an austenitic filler metal for the welding of a
martensitic steel (Figure 1.12(a)). However, when using a martensitic filler metal, the
fusion zone was found to contain high compressive residual stresses (Figure 1.12 (b)), due
to a martensitic transformation occurring during the cool-down, involving a volumetric
expansion and thus compressive stresses [112]. Magnitudes of residual stresses can also
be reduced using low-temperature transformation (LTT) filler metal instead of regular
ones [113].

One way to avoid the influence of the filler metal on the nature, distribution and
magnitude of residual stresses is to operate a simple fusion line on the steel plate without
filler metal, which is possible for GTAW or power beam welding processes. This also allows
simplifying the microstructure of the weld. However, it is important to keep in mind that
a pass of welding torch without filler metal results induces differences in stress nature,
magnitude and location when compared to welding operated with filler metal [114]. As
a result, Yunasz et al. mention that failures in welds with filler metal occur generally in
the region between the base metal and HAZ, while failures in welds without filler metal
rather initiate in the weld metal [114].

While stress relaxation cracking issues are often reported for thick components, Elme-
salamy et al. [102] showed that for multipass GTAW of a 316L steel, the thickness of the
plate has no significant impact on the magnitude of welding residual stresses but rather
on the distribution (Figure 1.13 (a) and (d)).
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Figure 1.12: Residual stress distribution in a welded martensitic stainless steel plate mea-
sured by the contour method. Welding was carried out using a filler metal made of (a)
309L austenitic stainless steel and (b) 13%wt. Cr and 6%wt. Ni martensitic steel [112].

Figure 1.13: Welding residual stress distribution in a 316L steel plate after mutlipass
GTAW measured by the contour method. Effect of welding strategy with (a) single-sided
and (b) two-sided, (c) effect of clamping and (d) effect of thickness [102].

1.3.2.3 Effects of welding on mechanical properties

Due to the numerous microstructural transformations occurring in the regions affected by
welding and the formation of residual stresses, mechanical properties of the material are
directly affected.

Typically, both fatigue strength [115] and fracture toughness [101] are generally re-
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ported to decrease in regions containing tensile residual stresses. Inversely, the intro-
duction of compressive residual stresses, for instance by the shot penning method, can
improve fatigue strength of stainless steels [116]. Corrosion resistance was also reported
to be decreased by the presence of residual stresses [117].

The mechanical properties are also affected by microstructural transformations. Be-
cause of the coarser grains, the CGHAZ exhibits the lowest toughness [118]. This is true
mainly for single-pass welding, since multi-pass welding results in a much more complex
microstructure and prior CGHAZ can be affected differently during the subsequent passes.
Typically, the CGHAZ can exhibit a higher hardness than the other zones for multipass
welding. The other heat affected zones, with finer grains, are generally characterized by
an increase in hardness [119]. Molak et al. [120] carried out tensile tests of microsam-
ples machined from the FZ, HAZ and BM of a GTAW joint made of a 316L steel. They
showed that the heat affected zone presented a higher yield strength (YS) and ultimate
tensile strength (UTS) than the base metal, while the FZ (weld) was characterized by
lower values.

Affected regions also show a decrease in creep rate at high temperature (around 600 °C)
and an increase in hardness, which is related to the increase of the dislocation density intro-
duced by the various welding passes. Auzoux et al. [13] typically showed that an increase
in number of welding passes resulted in an important increase in Vickers hardness. They
concluded on a cumulative increase in plastic strain, or hardening, by an accumulation of
dislocations in the material due to the successive thermal cycles during welding. Mobile
dislocations can be subjected to several interactions during their displacement, among
which the solute atoms-dislocations and precipitation-dislocations interactions. The low
ductility of the regions affected by welding is rather attributed to solute drag mechanism,
causing intragranular hardening. This is known to be a detrimental factor for the re-
sistance of a steel to stress relaxation cracking [45], where 316L steel grade with higher
content in solute atoms was shown to be more prone to SRC. An increase in hardness may
also be attributed to strain-induced intragranular precipitation, however with much less
impact than dislocations interactions with solutes atoms. Besides, such effect is unlikely
to occur in 316 steels [121].

Figure 1.14: Effect of multipass GTAW on tensile properties of a 316L steel with tensile
curves corresponding to each affected zone and the base metal (plate) [120].

1.3.2.4 Relaxation of residual stresses

It exists several methods to limit or relax residual stresses before and after welding, in
order to prevent the degradation of the material properties and to avoid distortion during
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welding. These are divided into thermal and mechanical techniques. Limitation of residual
stresses by adjusting welding process parameters are not discussed here as they were
presented previously in Section 1.3.2.2.

Post-weld heat treatments (PWHT) can be applied, allowing the partial relaxation
of residual stresses after welding via heat treatments of several hours between 600 to
800 °C [122]. In a study on welding of the 321 stainless steel, Sadeghi et al. [66] reported a
residual stress reduction of 35% after a PWHT of 2 h at 480 °C. Their results also suggested
that an increase of the PWHT temperature did not significantly improve stress relaxation.
The reduction of residual stresses can be revealed by the decrease in hardness of the HAZ
and BM regions after a PWHT to some extent, as illustrated in Figure 1.15 (a) for a 316L
steel [119]. Similarly to the pre-heating method, PWHT is not an ideal solution. PWHT
were also found to trigger the initiation of cracks in high tensile strength materials [123],
and thus should not be used for materials highly sensible to stress relaxation cracking.

Mechanical techniques for the reduction of residual stresses after welding includes
two main methods, peening and vibratory stress relief [109]. Peening method consists in
the impact and propagation of shock waves in the welded material, aiming for compressive
residual stresses. Due to the very process, peening is limited to near-surface regions of the
material and results in residual tensile stresses deeper in the components [109]. Peening
method is thus less suited for large welds, as defects can initiate at several millimeters deep
from the surface. Vibratory stress relief (VSR) consists in vibrating the welded component.
This method is controversial as there is still a strong disagreement on whether it has an
effect or not on reducing residual stresses [109]. Additionally, the process was found to
induce local plastic straining where it is not desired. VSR can thus negatively affect the
welded component, regarding its fatigue lifetime.

Figure 1.15: Vickers micro-hardness HV1 measurement of a 15 mm thick welded 316L steel
plate. (a) Comparison of hardness between post-welding and post-weld heat treatment
states. (b) Effect of annealing temperature on hardness: base metal (BM), heat affected
zone (HAZ) and weld metal (WM) [119].

1.3.2.5 Measurement of residual stresses

Measurement of residual stress can be achieved through several methods, either destructive
or non-destructive and are all indirectly derived from the measurement of other properties.
Most common methods are shown in Figure 1.16, classified in function of spatial resolution
and penetration.

The hole drilling method and contour method are destructive approaches for residual
stress measurement. These methods are widely used as they can provide results quickly for
different geometries and materials, not requiring complex nor costly equipment. In both
cases, residual stresses are derived from the measurement of displacement while removing
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successive portions of the material which spontaneously finds a new stress equilibrium.
The main drawback of such methods is obviously the partial or total destruction of the
sample, and the low accuracy of the measure depending on the method for displacement
measure [109].

Non-destructive methods, such as X-ray, neutron or synchrotron diffraction methods,
present the advantage of higher accuracy and are better suited for local analyses or high
amplitude residual stresses. The measurement of strain is allowed by the measurement of
crystal lattice spacing using Bragg’s law, which can traduce the presence of local residual
stresses knowing the elastic modulus and Poisson’s ratio of the material [109]. Such meth-
ods are preferable to the destructive method when possible; however the measurement time
and cost are significantly higher. Also, these methods can be sensible to material texture,
grain size, and may not be suitable for highly strained material and for heterogeneous
microstructures.

Other methods, such as nano-indentation and hardness measurement, are sometimes
carried out to estimate the presence of residual stress. It is a simple and low cost method,
however the interpretation of the results can be hazardous. For these methods, knowing
precisely the microstructure of the studied material is essential, as the hardness is de-
pendent on the microstructure of the analysed area [112]. Generally, in a homogeneous
microstructure a low hardness values suggests the presence of tensile residual stresses [45].
This was observed by Simes et al. [124] as illustrated in Figure 1.17. Inversely, compressive
residual stresses are generally associated to high hardness values. While this relationship
is often observed for the melted metal and base metal regions, it is not verified for the
HAZ region.

Figure 1.16: Main methods for residual stress measurement classified in function of spatial
resolution and penetration [109].

1.3.3 Simulation of welding

In order to predict the material distortions, plastic straining and residual stresses resulting
from the welding process, thermo-mechanical simulations can be performed using Finite
Element Method (FEM) computations. Estimations of post-welding residual stresses in
a welded structure and the confrontation with stress relaxation cracking thresholds for a
material can allow evaluating the risk of failure for each weld zone.

Figure 1.18 shows the typical successive steps for the thermo-mechanical simulations of
welding [125, 126]. More complex works also account for the microstructural transforma-
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Figure 1.17: Evolution of measured hardness as a function of present residual stress in a
bright drawn mild steel [124].

tions occurring in the material during welding, dictated by the thermal fields [80]. In pure
thermo-mechanical simulations, computed thermal fields are used to simulate the mechan-
ical response during the whole welding process. Thermal and mechanical considerations
are discussed separately thereafter.

Figure 1.18: Typical Finite Element method simulation process for welding simulation
accounting for thermal and mechanical considerations [126].
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Thermal simulation

Thermal simulations account for conduction and convection phenomena during the dis-
placement of the welding torch [126]. Conduction occurs throughout the material, while
convection occurs between the material and the ambient air. Thermal radiation can also
be considered in the thermal analysis, in order to obtain better predictions of thermal
fields.

The welding arc is generally simplified as an equivalent heat source moving along
the weld centreline (WCL). Many equivalent heat sources exist in the literature, such
as cylindrical, semi-spherical, double-ellipsoidal and conical [127]. It is very common
to consider the heat source with a double-ellipsoidal distribution [125, 126, 128], as first
established by Goldak et al. [129] (Figure 1.19).

The displacement of the heat source near the material surface is traduced numerically
by high temperature gradients at the front of the source, and smaller gradients at the
rear of the melt pool depending on the convection coefficient of the studied material
(Figure 1.20 (a) and (b)). These high temperature gradients make the measurement of
temperatures near the weld a delicate process when placing thermocouples, leading to
possible differences between experimental and simulated thermal fields [125]. Typically,
temperature differences of several hundreds of °C are often reported between two close
points (a few mm) near the molten metal [125,126] (Figure 1.20 (b)).

Thermal computations of welding allow performing simulations of the mechanical re-
sponse of the material, by associating the predicted thermal fields and the material prop-
erties described as a function of temperature. These are used to predict the distortion and
residual stress fields resulting from the welding process. Additionally, thermal simulations
allow correlating the microstructural zones affected by welding observed experimentally
with ranges of temperature, as illustrated in Figure 1.20 (c). This helps understanding the
areas with conditions favorable for secondary phase precipitation as discussed in Section
1.2.2, but also predicting matrix grain growth for more complex models.

Figure 1.19: Goldak double ellipsoid geometry and parameters used to model equivalent
heat source for welding thermal simulation [130].

Mechanical analysis

Mechanical simulations are then achieved using constitutive laws suited to the studied
material (Figure 1.18). Numerous mechanical models have been proposed over the years,
relying on the material mechanical behavior for the considered temperatures, strain rate,
magnitude and nature. During welding, the steel may deform elastically, plastically and
viscously.

Ideally for the 316L(N) stainless steel, the mechanical model should take into account
these three deformation modes, thus an elasto-visco-plastic model. However, viscous mod-
els are more complex as they increase the number of variables (plastic strain rate for in-
stance) and parameters to take into account, but also leads to longer simulation times.
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Figure 1.20: Thermal simulation of single-pass GTAW of a 316L steel plate. (a) Simu-
lated thermal fields during the displacement of the welding torch [131], (b) evolution of
temperature as a function of time for three distance from the weld center line (WCL) [132]
and (c) comparison between predicted maximum temperatures in the section of the plate
showed in (a) and corresponding microstructure of the weld after welding [131].

Moreover, viscoplatic data are usually not easily available. Depradeux [133] indicated that
a precise prediction of welding residual stresses can be achieved simply using an elasto-
plastic model. Such considerations seem to be the most common compromise adopted for
welding simulation in the literature [126,128,134–136].

The choice of an elastoplastic model should result from the understanding of the ma-
terial mechanical response during welding. The welding process exposes the material to
successive mechanical loading and unloading cycles induced by the thermal expansions
and contractions as discussed in Section 1.3.2.2. The induced Bauschinger effect requires
to take into account the kinematic hardening rather than isotropic solely, or ideally a
combined model [137] such as suggested by Chaboche [138]. Indeed, Hemmesi et al. [131]
made a comparison between isotropic, kinematic and combined hardening models for the
simulation of welding of a 316L steel (Figure 1.21). Their results showed that a com-
bined hardening model leads to computed residual stresses values closer to experimental
measures than with other models. Zheng et al. [137] also chose a combined hardening
model (Chaboche) for their mechanical simulation of welding of a 304L steel, with good
agreement with experimental results (Figure 1.22) as well as theorical residual stresses as
shown previously (Figure 1.11).

The estimation of residual stresses through thermo-mechanical simulations of the weld-
ing process could then help predicting the risk for stress relaxation cracking of a compo-
nent, after the identification of the SRC thresholds of a material. Specifically, the identifi-
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cation of SRC thresholds for each weld zone would give precise information on where the
issue can be expected. This requires investigation on SRC mechanism in a heterogeneous
weld microstructure, and the study of SRC microstructural influencing factors.

Figure 1.21: Comparison of simulated and measured transversal welding residual stresses
through the thickness of a welded 316L steel plate with geometry shown in Figure 1.20
(a). Simulation of residual stresses performed with non-linear isotropic, kinematic and
combined models are compared to the measurements [131].

Figure 1.22: Comparison between measured and computed residual stress from welding
along (a) transverse and (b) longitudinal directions using a combined isotropic and kine-
matic hardening model to simulate the mechanical behavior of the 304L steel [137].



36 CHAPTER 1. LITERATURE REVIEW

1.4 Stress relaxation cracking

1.4.1 Stress relaxation cracking mechanism

SRC was described to appear primary due to the presence of residual stresses generated
during the welding process presented previously, with high stress magnitudes in the HAZ,
particularly in the CGHAZ [13, 18, 33, 45, 47]. During the service or a PWHT, these
residual stresses cannot be sufficiently accommodated by plastic deformation due to an
exhaustion of ductility of the affected zones at high temperature, eventually resulting in
an intergranular cracking as described in the introduction [3, 6, 7, 12,33,37,139].

SRC is usually reported to be induced by fracture either resulting from intergranular
cavitation assisted by GB precipitates or from a brittle mode, commonly called low duc-
tility intergranular fracture (LDIGF) [5, 6]. The first mode, intergranular cavitation, is
the most widely adopted mechanism to explain SRC. During the use of a welded compo-
nent in service, the exposure to high temperatures allows the precipitation of undesirable
secondary phases at grain boundaries and in the bulk. The plastic strain, induced by the
relaxation of residual stresses, is then localised at the GB precipitates (Figure 1.23 (a))
which therefore act as obstacles for both dislocation and vacancies motion [5, 7], mak-
ing them favourable sites for cavity nucleation. These cavities eventually further grow,
coalesce to form micro and macro-cracks, similarly to a creep cavitation mechanism [6].
The mechanism of formation of cavities is still subject to discussion, however from the
knowledge of creep cavities it is commonly admitted that they result from vacancies con-
densation [140–143]. SRC initiated at GB precipitates is generally characterized by in-
tergranular dimples due to the presence of the GB precipitates, as illustrated in Figure
1.23 (c).

The second mode, low ductility intergranular fracture, is rather associated to grain
boundary sliding and accumulation of plastic strain at triple points [5] (Figure 1.23 (d)).
In some studies related to creep cavities, it is also proposed that cavitation at GB triple
points occur when GB precipitates are not present in the neighbour grains [144]. In
contrast to cavitation mode, SRC initiated at GB triple points is generally characterized
by smooth intergranular fractures and relatively featureless grain faces because of the
absence of precipitates, as illustrated in Figure 1.23 (c).

In both modes, plastic strain induced by the relaxation of stresses is responsible for the
formation of cavities at the GBs. Interestingly, Wortel [12] typically showed that plastic
strains of less than 0.2% during relaxation were sufficient to cause stress relaxation damage
if no PWHT was performed on welded components made of SRC-susceptible materials,
such as 304H and 800H steels (Figure 1.24).

The factors inducing the transition from one mode to the other have been subject to
discussion in the literature. Some authors stated that mechanisms are stress dependent,
with cavitation on GB precipitates being characteristic of lower stress levels [5]. Others
stated a temperature dependency, with LDIGF mode occurring at low temperatures as-
sociated to phosphorus and nitrogen GB segregation, and cavitation on GB precipitates
at higher temperatures [5]. According to these authors, the LDIFG mode typically occurs
between 325 and 625 °C [3, 5, 7] . It is more likely that the transition between the two
modes is both temperature and stress dependent, as suggested by Lippold [5]. It is also
important mentioning that cases of mixed modes of SRC were also reported [3].

1.4.2 Stress relaxation cracking factors

The main factors involved in the SRC mechanism have been investigated by many authors,
testing material with very different sensitivity to the phenomenon. A list of the factors
identified by these authors is proposed in the following, differentiating factors that are
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Figure 1.23: SRC mechanisms and fracture features with cavity nucleation at (a) to (c)
GB precipitates and (b) to (f) GB triple point [5].

Figure 1.24: Relaxation cracks, initial and relaxed plastic strain in the BM of a 304H
bending-tested at 575 °C for 300 h [12].

required for SRC to occur, and factors that influence the material resistance to SRC, but
are not obligatory for triggering this phenomenon [5,45]. More in-depth review of each of
these factors is presented in dedicated sections.

• Necessary factors:

– Residual tensile stresses induced by the welding process [5];
– Material pre-straining or hardening due to cold-rolling, welding, mechanical

solicitation or elaboration process [18,145];
– Reheat in critical temperature range, 500 - 775 °C, allowing stress relaxation [5];
– Secondary phase precipitation at GBs and bulk, generally of carbides and/or

intermetallic phases [5, 45,146];

• Influencing factors:

– Chemical composition, with higher susceptibility of high-carbon steels and sta-
bilized steels;
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– Grain size, with a damage hazard for grain diameter larger than 90 µm [24];
– Geometry and thickness of the component, with damage hazard for thickness

higher than 25 mm [7,18];
– Stress localisation typically due to welding of components of different thick-

nesses, or radii for pipes [18];

1.4.2.1 Stresses

The first characteristic of the relaxation cracking phenomenon is that cracks can form in
the absence of external mechanical load when a susceptible material is exposed to temper-
atures above 500 °C. In favorable conditions, damage results from the presence of tensile
residual stresses, rising from the successive thermal cycles induced by the manufacturing
process, primarily welding [101]. As presented in Section 1.3, the choice of welding pro-
cess and associated parameters are thus key parameters when it comes to reducing SRC
risk [108]. Of course, the geometry of the welded parts and their operation conditions are
very likely to aggravate the state of stress of the material and therefore to facilitate SRC,
but they are not necessary for the phenomenon. During service, additional stresses can be
induced by: internal pressure, difference in the coefficient of thermal expansion between
the base material and weld metal, thermal stress due to temperature gradients across the
components thickness and bending stresses because of the components geometry [147].
Moreover, stresses may also arise locally from phase precipitation during thermal age-
ing, because of lattice mismatch between the precipitates and matrix [5]. Although they
can play a role, Emerson et al. [147] believe these other sources of stresses are negligible
when compared to welding residual stresses in normal operating conditions. According to
them, the peak of residual stresses from welding can reach about 480 MPa in thick-wall
pipe joints. By comparison, Feng et al. [14] mentioned that steam pressures only induce
stresses of about 20 MPa during service.

Evaluations of SRC threshold were firstly conducted in the 1950s by Curran et al. [17],
who estimated a minimal stress of 135 MPa to cause the failure of a 347 steel at 650 °C
after 62 months of industrial service.

More recently, Pommier [148] evaluated SRC threshold for a cold-rolled (22%) 316L(N)
steel by correlating residual stresses estimated by FEM mechanical simulations to experi-
mental quantification of damage. He found that residual tensile stresses higher than 740 ±
30 MPa (formed at room temperature) can induce intergranular damage in a cold-rolled
316L(N) steel after ageing time as low as 580 h carried out between 550 and 600 °C.
Pommier then showed that SRC was strongly related to principal residual tensile stresses,
as illustrated in Figure 1.25. However, damage measures provided by Pommier clearly
show that the 740 MPa threshold is an estimation for macroscopic damage only; residual
stresses magnitudes way below this limit can allow mild damage. Typically, in Figure 1.25
intergranular damage is still present in regions where principal residual stresses are lower
than 500 MPa.

1.4.2.2 Work hardening

Work hardening, or pre-strain, is usually cited in the literature as a necessary factor for
SRC [13, 18], even though some works rather considered it as an influencing factor [3].
Work hardening can be induced by the manufacturing process of components, as in the
case of pipes bends which may require cold-bending work [3,149,150]. Besides from man-
ufacturing, the welding process itself can induce hardening upon cooling, particularly in
the heat-affected zones because of bulk precipitation and/or thermal expansion/contrac-
tion. Typically, Auzoux [13] distinguished three heat-affected regions of a welded 316 steel
according to their relative hardness:
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Figure 1.25: Influence of residual stress magnitude on intergranular damage in CT-like
specimens used to reproduce SRC. Comparison between the computed principal residual
stress and triaxiality distributions and the tomography-measured damage in a 316L(N)
steel at 550 °C, 575 °C and 600 °C [45].

• Non affected material: in this region, welding had no influence because of low temper-
atures (inferior to 100 °C), the resulting hardness was thus similar to the as-received
material.

• Affected material: this corresponds to the first region affected by welding. Temper-
atures between 100 and 600 °C in this region were high enough to induce hardening,
with an estimated plastic strain of about 2%. Experimentally, the measured level of
hardness increases as the distance to the fusion zone decreases.

• Partially restored material: in this region, hardness decreased as the distance to
the FZ decreased. Temperatures in this region (650 to 1450 °C) allowed the partial
restoration of the previous passes.

Heat-affected zones of weld joints and cold-worked components are more prone to
SRC because of several mechanisms. Firstly, pre-work hardening of the material can
increase the risk of SRC by the increase in precipitation kinetics of secondary phase fa-
voring SRC [3, 13, 18, 151]. Indeed, cold-working generates dislocations, which represent
preferential sites for precipitates nucleation [3]. Weiss et al. [67] typically showed that
prior cold-working of 316 steels allowed quicker carbides precipitation, as illustrated in
Figure 1.27. Besides, Nomura et al. [152] also suggested that the higher density of dislo-
cations introduced inside the grain makes them stronger, leading to difference in strength
from the GBs and thereby favoring intergranular cracking. Additionally, cold-rolling at
room temperature can result in the formation of mechanical twins, susceptible to favour
cavity nucleation due to stress concentration as suggested by studies related to creep
cavities [141]. Finally, Auzoux [13] showed that prior cold-rolling induces a decrease of
the stress relaxation rate (Figure 1.26) and a decrease in resistance to crack propagation.
From the analyses of a 316H failed component, Auzoux [13] typically found that relaxation
cracks appeared in the affected region of the component, where hardness values were up
to 30% higher than the base metal ones (230 HV30 against 150). Note that in this case,
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Auzoux [13] also observed intragranular precipitates which definitely contributed to the
increase in hardness, (see Section 1.4.2.4). Additionally, multipass welding induces the
accumulation of plastic strain, resulting in the hardening increasing as the welding pass
number increases [13].

For Chabaud-Reytier [18], 5 to 10% of pre-strain was necessary to cause relaxation
cracking in a 321 steel (Figure 1.28). In contrast, Wortel [12] reported that 2-3% of cold
deformation is sufficient to make a material susceptible to SRC.

Figure 1.26: Effect of cold-rolling on stress relaxation at 600 °C of pre-notched CT spec-
imens made of 316L(N) and 316(H) steels. ∆a represents the crack propagation length
after the test [13].

Figure 1.27: Influence of cold-rolling and prior heat treatment on phase precipitation
kinetics in 316L steels (a) without and (b) with prior cold-rolling [67].

1.4.2.3 Service temperature

As discussed previously, stress relaxation cracking was most often observed for compo-
nents which have been in operating at temperatures between 500 and 775 °C. Typically,
stress relaxation cracking in the Phoenix nuclear power plant was observed in more than
50% of the cases in components exposed to 550 °C, but was not observed in components
operating at 350 °C [18]. The service conditions, time and temperature, actually influ-
ence the kinetics of stress relaxation. Service conditions also influence secondary phase
precipitation, but these are discussed in a dedicated Section 1.4.2.4.
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Figure 1.28: Influence of pre-straining (by cold rolling) and prior heat treatment on damage
(crack formation) in a 321 steel at 600 °C [18].

It was shown in the literature [45, 145, 153] that higher service temperatures allow
faster stress relaxation (Figure 1.29). In the case of 316L(N) steels, Pommier [45] observed
that the temperature of 575 °C led to the highest damage, followed by 550 and 600 °C.
According to Pommier, the SRC mechanism would be dependent on stress relaxation
kinetics and GB degradation, which is directly linked to the chemical composition of the
studied steel (particularly C and N content) and the temperature. In that sense, at 575 °C
the residual stresses would exceed the GB strength quicker than at 550 and 600 °C.

One way of limiting SRC is therefore, if possible, to operate at temperatures outside
of the SRC range. This obviously requires the prior identification of the most damaging
temperatures depending on the material used.

Figure 1.29: Service temperature influence on stress relaxation kinetics in (a) a low carbon
steel from James [153] and (b) 316L(N) pre-notched CT specimens with a initial load of
P0 [145].

1.4.2.4 Precipitation

Grain boundary precipitates is often cited in the literature as a factor necessary for SRC [5].
Typically, Pommier [45] tested the SRC sensitivity of a cold-rolled (20%) 316L(N) steel
at 550 °C and observed no damage after 1470 h. However, by applying a prior thermal
treatment to the same steel at 550 °C during 1225 h which allowed phase precipitation
at GBs, Pommier observed GB cavities subjecting the specimen to the same SRC test.
Similar observations were made in the literature, with different weakening mechanisms
depending on whether the precipitation takes place at GBs or in the bulk.
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Bulk precipitation hinder dislocations motion during relaxation because of the inter-
actions with precipitates [3], depending on the phase coherency with the matrix, size
and shape [3]. Moreover, the matrix hardening can lead to plastic strain localization at
GBs [3,6,36,44,46]. Wortel [22] typically reported an increase of 10% in hardness in 800H
welds after 6000 h of service at 650 °C, due to bulk precipitation of carbides. However,
according to Younger et al. [154], steels with a composition close to the 316L(N) alloy are
not prone to bulk precipitation nor display strain-induced precipitation for ageing up to
1000 h at 650 °C. This effect is thus not expected to influence SRC for the studied 316L(N)
steel.

Grain boundary precipitation degrades the steel ductility by lowering the ability of GB
to accommodate plastic strain [33,155,156], thus restricting strain near GBs. Grain bound-
ary precipitates act as cavity nucleation sites because of strain incompatibility with the
matrix and dislocation pile-ups, which further result in stress concentration [36]. Pommier
et al. [45] carried out TEM analyses in damaged 316L steels showing that cavitation was
directly induced by the decohesion between GB precipitates and their adjacent grains, as
illustrated in Figure 1.31. Additionally, Gao et al. [146] stated that cracks also propagate
faster through a chain of carbides, thus favoring the material failure.

There is still a lot of discussion about the role and nature of the precipitating phases
involved in the nucleation of cavities preceding SRC [6]. According to Swift et al. [157], re-
laxation cracking occurs when partially coherent phase precipitates in the material. When
these precipitates grow in size, they no longer induce coherency strains on the matrix, and
hence their impact on SRC is largely reduced [157]. Inversely, in a conference report about
SRC in 347 weldment, Fen et al. [14] indicated that larger precipitates promote cavity nu-
cleation. They also stated that a greater number of precipitates results in a lower capacity
for the material to carry load. Because precipitates are highly related to SRC susceptibil-
ity, precipitation kinetics can also highly influence SRC [3]: if the precipitates form after
the majority of the residual stresses have relaxed, the influence of precipitates is negligible.

Although residual δ-ferrite is known to be accelerate phase precipitation, there is no
much information available on the role of ferrite in SRC. Lippold [5] reported that the
presence of δ-ferrite in the weld deposit did not seem to influence the susceptibility of
SRC of 347 type steel, without more details. It is thus expected that the residual ferrite,
often present in 316 steels in low proportion, will not impact the resistance to SRC of the
studied steel.

Figure 1.30: Evolution of hardness (HV30) as a function of time after ageing at 650 °C
and 850 °C for four austenitic steels 5% pre-strained at room temperature [154].
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Figure 1.31: Scanning electron microscope (SEM) image of a pre-strained 316L steel spec-
imen aged at 550 °C during 4313 h. This reveals the partial decohesion between M23C6
carbides and the adjacent grains [45].

1.4.2.5 Chemical composition

The influence of steel composition on SRC reported by the literature revealed a harmful
effect of molybdenum, vanadium, boron [7, 33], niobium [18], carbon [45], nitrogen [45],
copper [6]. These elements particularly increase the risk of carbides and nitrides precipi-
tation (M23C6, TiC, AlN, V4C3), especially in the stabilized steels and high-carbon steels.
Additionally, C and N also slow down the stress relaxation kinetics by dislocation pinning,
allowing high residuals stresses for longer duration [6,18,36,45,145]. Indeed, Auzoux [145]
showed that stress relaxation rate in a high carbon 316H steel was significantly lower than
in the low carbon 316L steel (Figure 1.32). Similarly, the addition of nitrogen in the
316L(N) steel induced a decrease in the stress relaxation rate as compared to the 316L.
The comparison of the three curves suggests that the effect of nitrogen on stress relax-
ation rate is greater than that of the carbon. However, the comparison of crack length
showed that crack propagation was easier in 316L and 316H steels than in the 316L(N)
steel. Pommier [148] specifically studied the influence of carbon, nitrogen and phosphorus
content on SRC susceptibility in 316L(N) steels, concluding that steels with a nitrogen
content higher than 0.06%wt and carbon content higher than 0.015%wt present a higher
relative risk of SRC, when compared to other 316L(N) steels. It is important to remind
though that 316L steels are still highly resistant to SRC due to their low content in C,
as compared to other steels. Phosphorus was shown to have a very low impact on SRC
as compared to C and N. More generally, it has been observed that elements having a
detrimental effect on creep ductility also increase the susceptibility to SRC [7].

In contrast, it has been shown [5] for low-alloy steels that the introduction of calcium,
sulphur-stabilizing elements (titanium, zirconium) and some rare earth elements (REM)
prevented solution of sulphides during welding, delaying re-precipitation during cooling
and thus further cavitation mechanism [6]. The addition of REM also helps in reducing
GB segregation of impurity elements in some cases [6].

1.4.2.6 Grain size

The apparent detrimental effect of grain size on SRC is often reported in the literature
[3,4,33,46,139,158,159], with observations of cracks in industrial components preferentially
initiated in the coarse-grained region of the heat affected zone, adjacent to the fusion
boundary (Figure 4) [15, 39]. From these different observations, it was estimated that
steels with grain size larger than 130 µm present a higher risk of SRC [4, 26, 160], even
though SRC was also observed in steels with grain size as small as 65 µm [4].

While it is widely admitted that coarse-grained HAZs are more prone to SRC, very
few works in the literature tried to provide explanations for this sensitivity. To this day,
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Figure 1.32: Stress relaxation tests at 600 °C for the 316H, 316L and 316L(N) steels.
Specimens were pre-notched and cold-worked prior to relaxation test. ∆a represents the
crack propagation length after the test [13]

there is no clear understanding of this trend, particularly for austenitic steels. The most
common explanations proposed by the different authors are reported in the following. It is
important to keep in mind that these suggestions are mostly hypothetical, and that very
few of these studies have tried to provide experimental or numerical evidence to support
them.

The sensitivity of the CGHAZ was first explained by a change in the deformation
behavior of the affected zone from the increase in grain size [12], which decreases the total
grain boundary area and reduces area for strain accommodation but also for precipitation,
increasing precipitates density at grain boundaries [8, 27, 28, 37, 161]. Nomura et al. [152]
also found that the effect of pre-strain on SRC increased for an increase in grain size.
Additionally, Auzoux [13] suggested that an increase in grain size allows reducing the
number of obstacles to overcome (like triple points) in order to reach a certain crack length.
Furthermore, Sung et al. [162] suggested that the sensitivity of coarse-grained regions was
due to a much greater phosphorus segregation, thereby weakening grain boundaries. This
explanation, however, is not in agreement with Pommier’s results [45], who demonstrated
the negligible effect of phosphorus content on the risk of SRC in 316L(N) steels.

Indacochea et al. [160] provided, to the author’s knowledge, the only experimental
investigation of the effect of grain size on SRC in a CrMoV steel. They showed by 3-
point bending tests of Gleeble-simulated HAZs that an increase in grain size, while having
comparable hardness, increased the risk of SRC as illustrated in Figure 1.33 (see Section
1.4.3 for details on Gleeble testing method). However, limiting the grain size was not
sufficient to prevent SRC hazard, but it should be controlled in combination with hardness
level. Unfortunately, the authors did not provide explanation for the higher susceptibility
of larger grain miscrostructures.

1.4.2.7 Grain boundary characteristics

Lippold [5] reported that the grain boundary characteristics have a significant influence
on DDC, which presents a similar mechanism to SRC. Straining at high temperature may
result in GB sliding, inducing stress concentration at GB triple points thus favoring the
formation of cavities (Figure 1.23). The characteristics of GBs can significantly impact this
damage mechanism. Indeed, grains can grow freely during welding if no GB precipitate is
present in the CGHAZ, resulting in straight GBs. However, if GB precipitates are initially
present, GBs can be pinned by these precipitates during grain growth and thus GBs tend to
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Figure 1.33: Occurrences of SRC as a function of grain size and hardness of simulated
HAZs by Gleeble tests of CrMoV steels [160].

be more tortuous. GB sliding is then more difficult because of a mechanical locking effect,
increasing the resistance to cracking. If GB precipitates are present after grain growth and
GB sliding occurs, strain might concentrate at the precipitate-GB interfaces [5]. Because
of this mechanism, long and straight GBs free of precipitates are reported to be more
resistant to sliding than short tortuous ones.

Grain boundaries with an average direction perpendicular to the loading axis (or to
the principal residual stresses) were also found to be more favourable to intergranular
damage, due to higher tensile stresses for this configuration [45, 64, 163] (Figure 1.34).
Additionally, Pommier [45] and Jin et al. [164] showed that GBs with misorientations
between 25 and 55° are the most favorable to SRC (Figure 1.35). Besides, none of the Σ3
twin boundaries was found to be damaged, despite representing more than 50 % of the
grain boundaries misorientations. These observations seem to be related to three factors:
GB energy, secondary phase precipitation sites and precipitate morphology. As reported in
the literature, [165–167] coherent twin boundaries Σ3 (60° for <111> rotation axis in FCC
structures) have a particularly low energy compared to any other configuration. This is due
to the perfect atomic fit between the two adjacent grains. In addition, GB misorientation
angle particularly influences the localization of damage since M23C6 carbides precipitate
preferentially at grain boundaries with misorientation angle from 20 to 55° [168]. In
contrast, Tang [168] indicates that misorientation angles from 5 to 20°, and from 55 to 60°
tend to highly delay the M23C6 precipitation.

Finally, Hong [163] observed higher cavitation damage during creep-fatigue tests on
random boundaries (Σ > 29), where grain boundary carbides were mostly triangular
shaped. Hong [163] explained this tendency by a higher interfacial energy of precipi-
tates in this configuration than in Σ3 and Σ9 grain boundaries, where carbides present
a plate morphology. Cui [64] confirmed these observations simulating stress fields near
grain boundaries precipitates during mechanical loading. Cui showed that the configura-
tion leading to higher carbide/grain boundary interface stress magnitude correspond to a
semi-coherent carbide with a triangular shape. This would most probably facilitates the
nucleation and growth of cavities at the tip of triangular-shaped precipitates.

1.4.2.8 Geometry of components

Industrial cases of stress relaxation cracks are mainly reported for circumferential parts
such as nozzles or pipes [7, 18, 23, 33, 35, 41, 169] but also for parts with a significant
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Figure 1.34: EBSD maps of damaged regions in a 316L(N) steel after a thermal ageing of
1455 h at 550 °C. The specimen was pre-aged at 550 °C for 1225 h, and pre-compressed
at 50 kN in the Y direction. IPF maps show the grain orientation and cavities at some of
the grain boundaries [45].

Figure 1.35: Comparison between the distributions of grain boundary misorientations
measured by EBSD in five 316L(N) steels and 35 grain boundaries damaged by SRC [45].

thickness (greater than 25 mm) [7,18,24,26,28,46,170]. Curran et al. [17] also stated that
notches or edges of welded components represent sources of stress concentration, favoring
the initiation of cracks as illustrated in Figure 1.36.

To prevent SRC in service, these specific features should then be avoided when initially
designing the components when it is possible.
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Figure 1.36: SRC of a 347 slip joint used in steam turbine generator at 565 °C after 16
months of service with (a) schematic sketch of the welded joint and (b) macrographic
cross-section image of failure [17] .

1.4.2.9 Post-welding heat treatment

To relieve residual stresses induced by welding, a post-weld heat treatment, or PWHT, can
be carried out (Section 1.3.2.4). It can be both beneficial and detrimental to the material,
depending on the steel and the conditions of the thermal treatment conditions [154].
The process itself can induce relief cracking directly upon the treatment [5]. PWHT
cracking was reported in several super alloys [171, 172] and in the HAZ of the 347 and
321 steels after 2 h of treatment at 850 and 900 °C [24]. To prevent PWHT cracking,
Lippold [5] recommends reheating steels at temperatures which are not favorable to carbide
precipitation, depending on the material. This would still allow partial relaxation of
residual stresses while avoiding GB precipitation and thus preventing stress relaxation
cracking.

When the right PWHT conditions are identified, the resistance of the steel to SRC can
be improved. Wortel [173] typically indicated that post-weld heated austenitic steels can
withstand more than 2% relaxation strain, against 0.2% for non-PWHT, which can prevent
life-time failure in most cases. Auzoux [145] also showed that a prior heat treatment of
2 h at 700 °C carried out on cold-rolled 316L and 316L(N) steels, reduced the final crack
propagation length after a stress relaxation test at 600 °C (Figure 1.37). However, the
heat treatment induced a decrease of the stress relaxation rate.

1.4.3 Stress relaxation cracking testing methods

The difficulty of predicting the risk of SRC before the complete failure of welded compo-
nents in service motivated numerous laboratory studies, aiming for the understanding of
the SRC mechanism and the associated factors. Because of the complexity of the phe-
nomenon and the test duration to trigger the phenomenon (up to several years), the initial
testing conditions are often simplified. Since the 1950s, many methods have been devel-
oped to test the resistance of steels to SRC [3]. These different methods are summarized
in Appendix A. From all of these tests, two main approaches can be distinguished (Figure
1.38).

A first approach to test SRC is to use fully welded components and expose them to
thermal treatments, aiming for SRC similarly to an in-service component. These spec-
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Figure 1.37: Impact of heat treatment on stress relaxation kinetics for (a) a 316L steel
and (b) a 316L(N) steel. Curves show the residual stress relaxation as a function of time
of pre-notched compact-tension specimens at 600 °C. Specimen were cold worked, and
heat treated at 700 °C during 2 hours prior to tests. ∆a is the final crack length for each
case [145].

imens present the advantage of being representative of industrial cases: the heteroge-
neous microstructure, residual stresses and plastic strain induced by welding are pre-
served [174,175]. Borland [174] developed such test by performing a multipass welding of
two perpendicular pieces (Figure 1.39 (a)), a chamfered disk and a cylinder. The specimen
is then put in a furnace for stress relaxation, aiming for SRC. The first difficulty for this
method is the identification of damage in very large specimens. Indeed, cavities induced
by stress relaxation can measure less than a micron in length, while Borland specimens
typically have a region of interest of 80×20 mm2. Besides, SRC in these specimens can
only be allowed by the relaxation of welding residual stresses: since no additional residual
stresses are introduced, SRC can be excepted to be triggered only for long duration treat-
ments and thus may not be suitable for short laboratory studies. More than that, highly
SRC-resistant materials such as the 316L(N) steel cannot be tested with this method,
since typical welding residual stresses are lower than the SRC threshold of the steel [45].
Lundin [176] later developed in the 1990s another approach using C-ring specimens ma-
chined from welded components, and further loaded applying a constant displacement
(Figure 1.39 (b)). This second approach allows restricting the high stresses regions to a
lower volume, however it is not representative of an in-service stress relaxation. Similarly,
Wortel [150], in the beginning of 2000s, carried out 3-point bend tests of weld joints, using
a screw as a bending support (Figure 1.39 (c)). The main drawback of this test is the lo-
cation of high stresses and strain during the test, which is not always in the actual weakest
region of the weld and thus not representative of the in-service mechanism. This would
require performing several tests varying the position of the weld relatively to the expected
high-stress region. Another drawback resides in the use of a screw, which may also relax
during the thermal treatment, then biasing the stress relief of the tested specimen.

In addition to these drawbacks, using multipass industrial welds often results in the
variability of residual stresses and strain magnitude/distribution from a welded specimen
to another, being a challenge for the repeatability of results [3, 47]. Moreover, the study
of each individual driving forces, as discussed in the previous sections, is much more
challenging. The measurement of residual stresses in such specimens can also be complex,
thus affecting the determination of SRC thresholds.

To simplify the investigation of SRC by avoiding the use of heterogeneous microstruc-
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tures and to improve the tests repeatability, some studies chose to apply mechanical and
thermal treatments on the material in the as-received state, without welding. These treat-
ments aim reproducing the microstructure and mechanical properties of a heat-affected
zone, in a homogeneous manner. Considering that the CGHAZ is the most sensible region
to SRC, the material is generally subjected to treatments similar to the ones attained in
this zone during the welding process. Usually, the material is heated between 1100 and
1300 °C, during few minutes or a few hours [13, 18, 21, 177, 178]. This induces austenite
grain growth and even GB precipitation, depending on the type of steel. Since the CG-
HAZ and HAZ also present much higher level of strain hardening than the other regions,
the material is also priory cold-rolled [18, 45] or hot rolled between 400 and 600 °C in
some studies [13], with resulting strain between 5 and 40%. These treatments allow pro-
ducing a material representative of a heat affected zone, however residual stresses, which
are necessary for SRC, are not present in these materials and must then be introduced
artificially.

In order to introduce stresses, two methods can be considered: via a constant displace-
ment during the heat treatment, or by introducing residual stresses priory to the heat
treatment (Figure 1.38). Introducing stress by a constant applied displacement can be
performed using the 3 or 4-point bending tests [22], C-ring test, Gleeble and controlled
heat rate (CHRT) test.

Figure 1.38: Common SRC testing methods [3].

1.4.3.1 Constant displacement tests

Saito et al. [180] proposed the 3 and 4-points bending test based on the test first proposed
by Wortel [150], using samples with a simulated HAZ microstructure and machined a notch
in the middle of the specimen to better concentrate stress (Figure 1.40 (a)). The specimen
is loaded using 3 or 4 bending fixture, which is then heated in furnace with constant bend
applied throughout the whole test. The advantage of using samples with a homogeneous
microstructure for this test is that the result does not depend on the position of the weld
relatively to the bending fixture. However, similarly to the test proposed by Wortel [150],
this test has the disadvantage of being potentially influenced by the relaxation of the
screws.

Another test using a constant displacement approach is the Gleeble test or controlled
heat rate test (CHRT). Gleeble test is an interesting method as it allows reproducing
a CGHAZ on a portion of the sample; however, the test is performed with constant
applied displacement so it does not exactly correspond to a residual stress relaxation as
in industrial cases. Besides, this type of test can be very expensive [3]. Typical thermal
and mechanical procedures for Gleeble test are shown in Figure 1.40 (b).

Constant displacement tests present the advantages of being simple, having a good
accuracy in strain measurement and good reproducibility. However, stress relaxation is
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Figure 1.39: Illustration of SRC testing specimens using industrial welds, with (a) section
of a Borland specimen [3], (b) C-ring specimens extracted from a weld [179] and (c) 3-
points bending test of a 800 h welded joint after failure [150] .

not exactly considered as such in these tests and thus it is not exactly representative
of stress relaxation of industrial cases, where usually no external load is applied on the
components.

Figure 1.40: Constant displacement SRC tests using simulated HAZ, with (a) setup of a
3-point bending test with a v-notch shape specimen [180] and (b) typical Gleeble time-
temperature-stress process [3].

1.4.3.2 Self-restraint tests

To address this issue, Turski et al. [47] proposed a self-restraint method applying a com-
pression followed by unloading on CT like specimens, machined from ex-service 316H
steam header operating at 525 °C for 60000 h. They showed that during compression be-
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yond yield, localized plastic strain field forms near the notch root of the specimens. Upon
unloading, residual tensile stresses rise in the same region. The samples are then heated
to relax residual stresses, without any external load applied thus being representative of
industrial cases. This method allows restricting the high stress region to a very small
volume, facilitating the analyses and ensuring a good control of the applied conditions,
unlike with specimens such as the Borland one. Aside from the applied force, the residual
stress field magnitude and distribution can be controlled by adjusting the notch radius
and geometry. Typically, decreasing the notch radius leads to higher residual stress values
near the notch root, however the constrained area is reduced, as reported by Pommier [45].
In addition, the controlled introduction of stress and strain via compression test allows an
excellent reproducibility. Moreover, since the residual stresses are introduced artificially it
is possible to reach much higher magnitudes than those resulting from welding: this allows
testing SRC for highly resistant steels such as the 316L(N). The main drawback of this
method is the quantification of introduced stress and strain, which are generally estimated
by mechanical simulations and sometimes compared to X-ray or neutron diffraction mea-
surements. These techniques present good accuracy for residual stresses measurement but
are not always available and can be costly. Pommier [45] later used the same approach
proposed by Turski et al. but using cold-rolled 316L(N) steels instead of serviced material,
aiming to reproduce HAZ properties.

Figure 1.41: Self-restraint SRC test with (a) CT-like specimen, (b) predicted residual
stresses at mid-thickness near the notch root after the unloading of the compression and
(c) optical micrograph of the CT mid-thickness near the notch root showing the fatigue
pre-crack and stress relaxation cracking ("creep cracks") [47].

From the review of the main approaches for testing SRC, performing self-restrain
tests using specimens machined from real welds then appeared to be the most relevant
combination of the two: these specimens are representative of an industrial weld having
a heterogeneous microstructure but with a controlled introduction of residual stresses,
thus allowing an excellent repeatability and being a relatively easy test. In this idea,
recently Xiao et al. [181] machined CT specimens from welded 304H steel plates (Figure
1.42 (a)). However, the authors only machined specimens with the notch positioned in
the FZ (Figure 1.42 (b)) and therefore did not compare the sensitivity of each region to
SRC. Hence the effect of microstructural heterogeneity on the SRC was not determined.
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Figure 1.42: CT-like specimen with industrial welds for SRC tests with (a) position of the
CT specimen in the super 304H welded plate and (b) geometry of the CT specimen with
the weld in orange and base metal in grey [181].

1.4.3.3 Damage analysis

In most of the studies, the resistance of steels to SRC was evaluated by a pass/fail test,
only accounting for the presence of cracks and their length. Most often, GB cavities were
not considered to quantify the damage, even though cavity nucleation is known to be at
the origin of cracks by stress relaxation as discussed previously. Nevertheless, Bouchard
et al. quantified the damage accounting for the number of cavities and characterized
their distribution, allowing a finer understanding of damage initiation and development
[44, 182–186]. In some studies on creep damage, which can be compared in some extent
to stress relaxation damage, the analysis of cavities allowed getting insight into the SRC
phenomenon and therefore a finer characterization of SRC factors [64, 183, 187, 188]. It
then appears that to better understand the phenomena governing the SRC especially in
a heterogeneous microstructure, local initiation of damage through the cavity nucleation
process should be taken into account.

1.5 Summary of literature review

The literature review showed that stress relaxation cracking is a complex intergranular
damage mechanism, involving many factors introduced during the elaboration of a com-
ponent and during its life in service. SRC was observed since the 1950s in weld joints after
operating at high temperatures, characterized by cracks and creep-like cavities nucleated
at grain boundary precipitates, mainly in the coarse grained regions of heat affected zones.

From the numerous works carried out on the phenomenon, it is widely admitted that
SRC is first induced by the presence of residual stresses, plastic strain, grain boundary
precipitates (mainly carbides) and the exposure to high temperatures (500-775 °C). Works
carried out on the susceptibility of austenitic steels to SRC typically showed that higher
levels of initial plastic strain and residual stresses, longer relaxation time all resulted in
higher stress relaxation damage. Specifically for 316L(N) steels, 575 °C was identified as
the relaxation temperature leading to the highest damage. These relaxation conditions
will then be chosen in this work to ensure most favorable conditions for SRC.

These works also identified the main influencing factors, such as the material chemical
composition, grain size and component geometry. In the particular case of 316L(N) steels,
which are highly SRC-resistant, the content in nitrogen and carbon was found to be the
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most influencing elements, because of their involvement in dislocation motion kinetics and
thereby residual stress relaxation rate. In addition, a high carbon content can also be
highly detrimental as it favor carbide precipitation. From the composition-based ranking
proposed by Pommier [45], the 316L(N) steel studied in this work is expected to be prone
to SRC relatively to other 316L(N) steels. Besides, the literature suggested that larger
grain size is detrimental to the resistance to SRC, from the frequent observations of SRC
in the CGHAZs. Since there is very little information regarding this parameter, the effect
of grain size on SRC will be investigated in this work separately from other factors.

Occurrence of SRC in an industrial environment has not been reported for 316L(N)
steels yet, which is consistent with the resistance of the 316L(N) steels to SRC reported
in the literature. The high magnitude stress threshold (740 MPa) proposed for SRC in
316L(N) steels in laboratory conditions then require to chose severe conditions of testing
for this work, especially if the steel is not pre-strained via cold-rolling. This means that
the SRC tests cannot be exactly representative of the industrial welded components, where
maximum stresses of 400 to 500 MPa are usually measured: the initial conditions must
be exaggerated to allow the observation of SRC in the studied 316L(N) steel and most
importantly, within acceptable times (a few months).

The literature review showed that many methods were developed for testing SRC
since the 1950s, either using real welds or by reproducing microstructural and mechanical
properties of a heat affected zone. For better repeatability and control over the SRC
driving factors, tests using simulated HAZ are generally employed. The introduction of
tensile residual stresses in such materials can only be achieved via self-restraint tests, such
as the compression and unloading of CT-like specimens proposed by Turski [47]. The main
drawback of this approach is the use of homogeneous materials, which cannot allow a full
understanding of the SRC mechanism occurring in heterogeneous microstructures of welds.
Recent works sought to combine the approach of real welds with self-restraint tests, but did
not address the effect of a heterogeneous microstructure on SRC. As a consequence, there
still remain major questions about the SRC mechanism in welds, particularly regarding
the high SRC sensitivity of the coarse grained regions of heat affected zones.

Finally, the quantification of stress relaxation damage is often simplified in many SRC
testing studies, with most of them only accounting for the presence of cracks while cavities
are known to be at the origin of SRC. A better understanding and quantification of the
phenomenon would require the characterization of both cavities and cracks after relaxation.

This work thus aims to address these issues by qualifying and quantifying the impact
of a heterogeneous welding microstructure on the sensitivity of the 316L(N) stainless steel
to SRC, investigating stress relaxation in welds via a Turski compression test.



Chapter 2

Experimental methodology

Résumé
La plupart des méthodes d’essai de FeR proposés dans la littérature utilisent soit des éprou-

vettes soudées, soit des éprouvettes non soudées mais avec une introduction contrôlée de contraintes
résiduelles. Afin de répondre aux objectifs de la thèse, il a été choisi ici de combiner les deux ap-
proches. Pour étudier l’effet d’une microstructure de soudure hétérogène sur la FeR dans un acier
316L(N) en utilisant la compression de Turski, des éprouvettes CT ont été usinées à partir de dif-
férents états de matériau : état de réception, matériau avec une taille de grain augmentée, laminé à
froid, soudé mono et multi-passe. Ces éprouvettes CT ont ensuite été soumises à une compression
de type Turski, dont la décharge entraîne la formation de contraintes résiduelles de traction. Les
éprouvettes ont ensuite été placées en four pour la relaxation des contraintes, en vue de provoquer
la FeR. Plusieurs techniques de caractérisation ont été utilisées dans ce travail pour étudier à la
fois la microstructure et l’endommagement causé par la relaxation des contraintes. Principalement,
des microscopes optiques, microscopes électroniques à balayage (MEB) et à transmission (MET),
des détecteurs EBSD et EDS ont été utilisés. L’endommagement observé par l’imagerie MEB a
été ensuite quantifié à l’aide d’outils d’analyse d’image, permettant le comptage des défauts et leur
distribution spatiale.
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This chapter presents the experimental methodology adopted to investigate the effect
of welding on stress relaxation cracking in the 316L(N) austenitic stainless steel. A de-
scription of the different material states tested in this work is first detailed in Section 2.1.
Then, the techniques used for characterizing the microstructure and mechanical properties
of each material state are presented in Section 2.2 and 2.3, respectively. The self-restraint
method used to generate controlled levels of residual tensile stresses and plastic strain
by compression and unloading, referred in this work as Turski compression, is presented
in Section 2.4. Then, the method used to allow for the relaxation of residual stresses is
detailed in Section 2.5. Finally, the techniques used to characterize the microstructure
and stress relaxation damage are presented in Section 2.6.

2.1 Material states

Stress relaxation cracking in the 316L(N) steel was characterized on several material states,
by applying different prior mechanical and thermal treatments on the as-received plates
allowing to separate the effect of the different factors on the initiation and development
of damage. Material was initially received as 450 × 90 × 15.46 mm3 thick plates hot-
rolled in the Y direction (Figure 2.2). To this end, the following material states were
produced (Figure 2.1):

(i) as-received;

(ii) material with increased grain size;

(iii) cold-rolled;

(iv) single-pass welded;

(v) multi-pass welded;

(vi) cold-rolled welded.

Figure 2.1: Description of prior treatments to produce different states of 316L(N) steel for
further SRC.

Details about the methods for producing each material state is detailed in the following.
Resulting microstructure of each state are presented further in Chapter 3.
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Figure 2.2: Description of prior treatments directions relative to the as-received plate.

2.1.1 As-received

The 316L(N) stainless steel in the as-received state, with an average grain size of 90 µm,
was firstly tested to evaluate its SRC sensitivity without prior thermo-mechanical treat-
ments. As-received material would thus also serve as a reference state. CT specimens were
then directly machined from the as-received plates, neither presenting residual stresses,
plastic strain nor precipitates.

2.1.2 Material with increased grain size

The grain size is often cited as a detrimental factor for SRC in the literature [3, 4, 33, 46,
139,158,159]. However, to this day there is no dedicated study characterizing the impact
of grain size on SRC. For this sake, in this work the SRC sensitivity was compared between
the specimens in as-received state and those with increased grain size. In CGHAZs of 316
steels, typical grain size can reach up to 400 µm in diameter [189], representing an increase
of a factor 4 as compared to the as-received material. To produce such grain size, heat
treatments of 1 and 2 h at 1300 °C were applied to the as-received material, subsequently
followed by a water quench. These times and temperature treatments were estimated from
austenite grain growth results of Kim et al. [190] for a similar steel.

2.1.3 Cold-rolled

SRC testing of cold-rolled material was carried out to evaluate the impact of prior straining
on SRC sensitivity. Cold-rolling was carried out at room temperature by progressive
thickness reduction of the as-received plate (15.46 mm thick plates) using a rolling mill
in the X direction (Figure 2.2). Two successive passes were carried out, resulting in final
average thickness of 11.98 mm, equivalent to a 22.5% of total reduction. This reduction
rate was chosen accordingly to previous studies carried out by Pommier [45] on a similar
316L(N) steel, aiming to reproduce the hardening observed in heat affected zones [13].

2.1.4 Welded

Welded specimens constituted the major interest of the study, aiming to assess the effect of
a heterogeneous microstructure on the SRC sensitivity. To evaluate the impact of a typical
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welding process employed for producing industrial weld joints, a process similar to single
and multi-pass welding was then applied to both as-received and cold-rolled states plates.
More specifically, the plates were subjected to local fusion with subsequent solidification
using Gas Tungsten Arc Welding (GTAW) equipment to simulate welding process without
filler material. The whole process is detailed thereafter.

Priory to welding, the as-received plates of 316L(N) steel were clamped, in order to
prevent any distortion during the welding and after that, during cooling. A system of six
clamps welded to a large support, all of which were made of S235 steel, was manufactured
for the purpose of this study. The whole clamping system, illustrated in Figure 2.3, was
fixed to a working bench.

A WGLa15 tungsten electrode with a 3.2 mm diameter, shaped to 90° angle, was
mounted in a 19.0 mm diameter nozzle. The welding torch was fixed on a motorised
module, aligned with the welding axis (Figure 2.3). Two cameras were installed at the
front and back of the welding torch, allowing in-situ images of the weld pool during the
process. The GTAW procedure was set up using an input voltage of U = 12 V and current
of I = 300 A. In this work, no filler metal was used to avoid any bias linked to its nature.

For the welding procedure, different shielding gas mixes were tested. These were either
composed of 100% Ar, 70% He and 30% Ar, 95% Ar and 5% He, and finally, 100% He.
The shielding gas was applied with a rate of 28 L/min. Testing parameters and resulting
weld pool dimensions are detailed in Table 2.1. The corresponding macrographic images
of the welds section for each condition are shown in Appendix B. After these tests, the
100% Ar shielding gas was chosen for the rest of the work, since the other options were
less suitable for this work: either because the weld pool was too deep relatively to the
plate thickness, or because of a poor repeatability of the pool geometry and dimensions.

During welding, the welding torch was displaced automatically along the X direction
(Figure 2.2) with a 60 mm/min velocity. The arc allowed partial melting of the near-surface
metal (the fusion zone) and formation of heat affected zones, as observed in industrial
welding processes. For the sake of ensuring mechanical symmetric response of the CT
specimen during Turski compression, as illustrated in Figure 2.9, a second fusion line was
made on the other side of the plate, following the same welding procedure. In order to
avoid the overlapping of heat gradients, the welded plates were cooled down between two
successive welding passes. Cooling was carried out at ambient air until the measured
temperature at surface of the plates was lower than 100 °C.

The recurrence of heat affected zones additionally also allowed to double the number
of zones favorable to SRC. For the single-pass welded plate, both sides of the (XY) surface
planes were welded only one time. For the multi-pass welded plate, each side was welded
five times, turning the plate upside down between each pass. While the first pass of multi-
pass welding procedure was similar to the single-pass welding, the subsequent passes were
performed by re-melting solidified weld pool from the previous passes. The aim of this
approach was to increase the overall impact of thermal cycles on the material, while
maintaining a rather simple microstructure with only one fusion zone per side instead of
a complex superposition of weld pools as it is usually the case in industrial multi-pass
welds [191]. An example of a clamped plate after welding is shown in Figure 2.4.

Temperature during welding

Temperature evolution as function of time was recorded during GTAW of a plate of
316L(N) steel with dimensions of 160 × 90 × 15.46 mm3 using thermocouples (TC) welded
to the surface according to scheme shown in Figure 2.5 (a). On the welding side (Figure
2.5 (a)), three TCs were positioned at 11, 13 and 15 mm from the welding centreline
(WCL). Another TC was positioned at 11 mm from the WCL, symmetrically to the other
ones with respect to WCL (called "intern"). On the side opposed to the welding (Figure
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Figure 2.3: Experimental setup used for the welding of a 316L(N) steel plate restrained
by a clamping system made of S235 steel. Dimensions are given in mm.

Table 2.1: Welding parameters tested for this work and resulting measured weld pool
dimensions.

U [V] I [A] Gas Weld pool Weld pool
depth [mm] width [mm]

12 300 100% Ar 2.8 18.2
12 300 70% He 30% Ar 4.4 19.6
12 300 95% Ar 5% H 5.6 18.5
12 300 100% He 7.3 16.2

Figure 2.4: Images of the GTAW of a 316L(N) steel plate after welding.

2.5 (b)), three TCs were positioned at 0 and 13 mm from the WCL, with the third one
also positioned at 13 mm symmetrically to the WCL ("intern"). Temperature evolution
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with time measured on both sides are shown in Figures 2.5 (c) and (d). Results showed
that temperature at 11 mm from the WCL, at about 2 mm from the side of the weld
pool (Figure 3.19 (a)), reached a maximum of 1090 °C. Symmetrically to the WCL at
the same distance ("intern" part), temperature was lower, with a maximum at 1000 °C.
Temperature measured at distances of 13 and 15 mm from WCL reached up to 880 and
725 °C, respectively. On the side opposed to welding, temperatures at the WCL reached
812 °C. At a distance of 13 mm on the right and left side, temperatures reached 680 and
608 °C, respectively.

While these temperatures would be favorable to secondary phase precipitation (Sec-
tion 1.2.2), the time of exposure to these temperatures is most probably too low (200 s
at maximum) even for carbides which require a minimum of 1 h of heat treatment to
precipitate in a steel of similar composition to the one studied in this work [67].

Figure 2.5: Temperature evolution during GTAW at the surface of a 316L(N) steel plate
with (a, b) position of TC and (c, d) temperature as function of time.
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2.2 Microstructural characterization of material states

After the production of each material state, their initial microstructure was characterized
using different techniques. Microstructure was also investigated after thermal ageing to
characterize its evolution without the influence of plastic strain and residual stresses,
further introduced by the Turski compression. These results would then help interpreting
the results of stress relaxation damage, particularly the mechanisms of damage nucleation
and growth.

2.2.1 Chemical composition

Chemical composition was measured by ICP-AES (Inductively Coupled Plasma Atomic
Emission Spectroscopy) for major elements. Specifically for C and S contents, they were
determined by dry combustion and infrared detection, and N content by thermal conduc-
tivity and infrared detection.

2.2.2 Optical microscopy

Samples machined from the different material states were firstly polished using SiC abra-
sive paper of grit sizes P80 to P1200, then with diamond paste with abrasive size of 6, 3
and 1 µm and finally with a solution of colloidal silica (OPS solution). All samples from
each material state were then analysed under optical microscopy to ensure the quality of
polishing, get a first insight of the microstructure of each material state and to detect
damage (see Section 2.6). Two optical microscopes were used to this end: a Keyence
VHX-1000 using a VH-Z20R camera lens for macroscopic imaging and a Zeiss Axio Vert
A1 using an Axiocam 305 color for microscopic imaging. First estimations of grain sizes
were obtained using the intercept method on 800 x 682 µm2 optical microscope images.

2.2.3 SEM/EDS/EBSD

A Zeiss Gemini Sigma 500 Scanning Electron Microscope (SEM) operating at accelerating
voltage of 20 kV and using both Secondary Electrons (SE) and Backscattered Electrons
(BSE) detectors was used for imaging. SE was specifically used for detecting defects, BSE
for detecting inclusions and secondary phase precipitates.

Qualitative and semi-quantitative chemical composition analyses of secondary phases
were carried out using an Energy-dispersive X-ray spectroscopy (EDS) Bruker XFlash6-30
under SEM.

Grain microstructure was characterized using a Bruker e-Flash camera for Electron
Back Scatter Diffraction (EBSD). Grain size were determined with OIM Analysis (EDAX)
and ATEX [192] softwares, setting the lowest grain size to 10 µm and using the intercept
method. Grain sizes were determined both with and without considering annealing twins.
EBSD analyses also allowed estimating plastic strain in the material using Grain Orienta-
tion Spread (GOS) and Kernel Average Misorientation (KAM) methods in OIM Analysis
and ATEX softwares. The GOS gives the average difference between the orientation of
each pixel of a given grain and the average orientation of the same grain [193]. This
method is relevant to compare strain state of different grains, zones and samples. How-
ever, it is not suitable for local strain analyses and KAM criterion should be used instead.
KAM calculates the misorientation between a point and its neighbors. GOS and KAM
maps were computed from EBSD analyses using a 3 µm step, cleaning up of the resulting
map by setting the minimum grain size to 10 µm, setting the grain tolerance angle to 7°
and the minimum confidence index of 0.1. KAM map was computed setting the maximum
misorientation to 7°, considering the 3rd neighbour and perimeter only.
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2.2.4 TEM

Nature of phases, dislocation density and structures were characterized with a Tecnai
F20-ST Transmission Electron Microscope (TEM) operating at 200 kV. To produce TEM
specimens, cylinders of 3 mm in diameter were machined from the material. The cylinders
were then cut into several 500 µm thick disk samples. Finally, the disk samples were
polished to a 100 µm thickness and electropolished, allowing the creation of a hole at the
center of the samples. Areas near the edges of the hole were thin enough to allow partial
transmission of electrons and thus could be analyzed under TEM.

In some specimens, the volume fraction of phases was too low to use simple TEM
samples. Instead, FIB (Focused Ion Beam) preparation was performed to select specific
regions of the material. This was carried out using a SEM-FIB Helios 660. First, a
zone containing the region of interest was identified using SEM. Then, a carbon layer was
deposited onto the region to protect it from the ion beam (Figure 2.6 (a)). The area of
interest was then machined to form a lamella (Figure 2.6 (b)), which was later attached
to the micro-manipulator. The lamella was then welded on the copper support for TEM
analysis (Figure 2.6 (c)) and further thinned (Figure 2.6 (d)).

Both types of samples were then analyzed under TEM. Bright field imaging was used
to detect inclusions, precipitates, dislocations and defects such as damage. For particularly
small precipitates (less than 20 nm), high resolution TEM (HR-TEM) imaging was used.
Electron diffraction was carried out on phases to determine their nature, achieved by fast
Fourier transform (FFT) method in HR-TEM imaging for smallest precipitates. Chemical
composition of phases was also analysed, using High-angle annular dark-field imaging
(HAADF) technique, allowing for a very high resolution.

2.2.5 Hardness

The Vickers hardness of different material states was measured across the cross-sections
of the plates with a 1.0 and 5.0 kgf using a Struers Duramin-A300 tester.

2.2.6 X-ray diffraction

X-ray diffraction (XRD) analyses were carried out with a Bruker D8 DISCOVER analyzer
to determine the nature of phases present in the material at the initial state and after
thermal exposure, using a Cu source with Kα1 = 1.5406 Å and Kα2 = 1.54439 Å with a
ratio of 0.497. Identification of phases in the resulting diffraction patterns was carried out
using CrystalDiffract software.



2.3. MECHANICAL CHARACTERISATION OF MATERIAL STATES 63

Figure 2.6: SEM images of the FIB process for the preparation of TEM lamella with
(a) carbon layer deposition (b) creation of the lamella by matter extraction (c) mounting
and welding of the sample to the copper sample support and (d) final lamella thickness
reduction.

2.3 Mechanical characterisation of material states
In addition to microstructural properties, mechanical behavior of material states was inves-
tigated. Particularly, tensile properties of material states were characterized to determine
material model parameters for each state for further FEM simulations. Specifically for
the single-pass welded material, small dog-bone shaped specimens were machined in both
X and Y directions from the welded plate, as illustrated in Figure 2.7. Tensile tests were
carried out at room temperature for the different material states, using a 20 kN INSTRON
4507, 100 kN MTS servo-hydraulic and 10 kN capacity INSTRON machines, for specimens
machined from the as-received, single-pass welded material and material with increased
grain size, respectively. The strain rates in the range of 2.5 10−4 s−1 and 5. 10−4 s−1 were
applied.
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Figure 2.7: 3D scheme of tensile samples (a) location and (b) geometry machined from
the single-pass welded plate (dimensions are in mm).

2.4 Generation of residual stresses by Turski compression

SRC testing of each material state was carried out using the self-restraint method by
pre-compressing and unloading CT-like specimens, as first developed by Turski et al. [47].
This required the machining of CT specimens from each material state.

2.4.1 Geometry of CT specimens

CT specimens were machined by EDM (Electrical Discharge Machining) with a precision
of ± 0.01 mm using as-received and prior-treated (increased grain size, cold-rolled, single
and multi-pass welded) plates of 316L(N) steel. Location for machining of CT specimens
in the welded plates is shown in Figure 2.2. Two geometries of CT were used in this work,
as shown in Figure 2.8 (a) and (b). One specific geometry (Figure 2.8 (a)) was chosen for
the cold-rolled specimens for comparison with results of Turski et al. [47] and Pommier [45]
who used the same geometry. The prior hardening of the cold-rolled specimens actually
allows reaching high residual stresses with a relatively low mouth displacement. However,
the absence of initial pre-strain in the other material states (without cold-rolling) implied
loading to higher crack mouth opening displacements during the compression to reach
the same levels of residual stresses, possibly resulting in mouth crushing. As a result,
the geometry used by Turski et al. [47] and Pommier [45] could not be used for these
material states. A second geometry, shown in Figure 2.8 (b), had to be designed for the
as-received, pre-aged (grain growth) single-pass welded, cold-rolled welded and multi-pass
welded specimens. Thickness and notch radius of CT samples used for each material state
are detailed in Table 2.2.

After cold-rolling, CT specimens with two different thicknesses as well as two notch
radii were machined (Table 2.2) to induce different residual stresses magnitudes and dis-
tributions during the compression. For the as-received, material with increased grain size,
welded and cold-rolled welded states, a single notch radius of 0.75 mm was used. It is
worth noting that the thickness of the welded plates was not even due to the presence of
the weld pool creating a slight bulge on the surface (illustrated in Figure 2.8 (b)). As a
result, thickness of CT specimens machined from the welded was not even either. This
resulted in higher thickness at the weld centreline and lower thickness at the edges of the
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CT specimens.

Figure 2.8: Geometry of CT specimens used for Turski compression: (a) for cold-rolled
state with r ϵ {0.75, 1} and (b) for as-received, material with increased grain size and
welded states. Thicknesses are detailed in Table 2.2. RD, TD and ND correspond to
rolling, transverse and normal directions to cold-rolling, respectively. Dimensions are in
mm.

2.4.2 Turski compression procedure

After machining the CT specimens from the different material states, Turski compres-
sion was applied to each specimen to generate controlled levels of residual stresses and
plastic strain. The compression tests were carried out with an MTS hydraulic machine
with a 250 kN load capacity monitored with the MTS 793 software. CT specimens were
maintained between two metallic pieces presenting a round edge with the radius of the
CT top and bottom spherical seat, as illustrated in Figure 2.9. In order to measure the
deformation of the specimens during the test, a calibrated MTS clip extensometer (ref.
632.02F-21 ID-10452811E) was placed into the crack mouth opening of the CT samples
as illustrated in Figure 2.9. Crack mouth opening displacement (CMOD) evolution as a
function of time, force and machine displacement could then be measured.

FEM simulations of the Turski compression tests were priory carried out to determine
the loading conditions required to reach residual stress sufficient to trigger SRC for each
state of the 316L(N) steel, accordingly to thresholds levels reported in the literature [45].
For these simulations, the mechanical behavior of each state was obtained by mechanical
testing and from the different results reported in the literature. These are presented
further in Chapter 4.

Turski compression of cold-rolled specimens was controlled by force, to be compared
to results of Pommier [45], who followed the same method for SRC testing of a 316L(N)
of similar composition to the one studied in this work. The specimens made of cold-rolled
material were then compressed to a maximum force, F = 25 kN, with a 0.5 kN/s loading
rate (Table 2.2). Then, the specimens were completely unloaded. Typical displacement
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response of cold-rolled specimens with CMOD measure during compression is shown in
Figure 2.10 (a). As shown by Pommier [45], the Turski compression of pre-hardened
material allows reaching high levels of residual stresses with low CMODs. For these
conditions, the evolution of both CMOD and force with time is almost linear and hence
allowed good control of displacement.

The same procedure was firstly applied to the CT specimens made of welded materi-
als; however the same level of precision was not always obtained. As it will be discussed
in Chapter 4, it is necessary to reach much higher CMODs to obtain the same levels of
residual stresses in non-hardened specimens in comparison to the cold-rolled ones. As it is
illustrated in Figure 2.10 (b), the Turski compression of a welded specimen controlled by
force is more complex than in the case of cold-rolled specimens because of the too rapid
increase of CMOD after about 0.5 mm of displacement. For this sake, Turski compres-
sion of non-hardened material states were then carried out using a displacement control
with a 0.005 mm/s rate, allowing better monitoring the displacement evolution. Instead
of a controlled force, different magnitudes of maximum CMOD were imposed. Typical
displacement response of welded specimens during such compression is shown in Figure
2.10 (c). This approach allowed obtaining more linear CMOD evolution with time, closer
to the one observed for cold-rolled specimens.

Figure 2.9: Scheme of Turski compression experimental set-up with welded CT specimen.
Dimensions are in mm.
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Table 2.2: Geometry of CT specimens (see Figure 2.8) and testing conditions for different
states of 316L(N) steel.

Geometry Compression Relaxation
Material

state
e [mm] e at weld

[mm]
r [mm] F [kN] CMOD [mm] T [°C] t [s]

As-received 15.5 - 0.75 28 1.73 575 580
575 1470

30 2.34 575 1470
Increased
grain size 14.6 - 0.75 24 2.34 575 1470

27 5.62 575 1470

Cold-rolled 11.9

- 0.75 25 0.34 575 580
- 1 25 0.37 575 580
- 0.75 25 0.34 575 1470
- 1 25 0.37 575 1470
- 1 25 0.37 600 580

Single-pass
welded 15.4 16.5 0.75

41 6.09 575 580
34 1.73 575 1470
41 6.41 575 1470
34 1.22 575 1470
34 1.39 575 1470
34 1.85 575 1470

Multi-pass
welded 16.0 21.0 0.75

41 1.82 575 580
41 1.82 575 1470
41 1.56 575 1470

Cold-rolled
welded 12.1 13.9 0.75 30 2.49 575 1470
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Figure 2.10: Turski compression testing with force and CMOD (both in absolute values)
as a function of time in the case of the (a) force control of a cold-rolled specimens, (b)
force control of a welded specimen and (c) displacement control of a welded specimen.

2.5 Heat treatment for stress relaxation

After the Turski compression, CT specimens were heat treated in ambient air at 575 and
600 °C for 580 and 1470 h using a PLF Ceradel furnace to relax the residual stresses. In
addition, samples of each material state were also subjected to the same thermal treatments
without prior Turski compression, in order to characterize the microstructure evolution
without the influence of residual stresses and plastic strain. Temperature was monitored
during the whole treatment using a LR8410-20 Hioki station and K-type thermocouples
welded to the surface of surface of control samples made of 316L(N) steel. After the heat
treatment, specimens were removed from the furnace and cooled down to ambient air.
Relaxation testing conditions for each material state are detailed in Table 2.2.

2.6 Characterization of relaxation damage

After the heat treatment allowing stress relaxation, specimens were analyzed to detect
damage, characterize and quantify it but also to characterize associated microstructural
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features. For damage characterization, specimens were cut by EDM in sections relative to
two different planes as illustrated in Figure 2.11 (a), allowing different kind of observations:

(i) specimens were first cut in the (XY) plane at mid-thickness, transverse to the notch
axis (Figure 2.11 (a)-(1)). In this region, the distribution of residual stresses and
plastic strain predicted by FEM simulations was heterogeneous, allowing correlations
between damage, stress and strain levels. In the specific case of welded specimens,
this plane also corresponds to sections containing only one of the weld zones, thus
with one type of homogeneous microstructure. At mid-thickness of the specimens,
this corresponds to the HAZ;

(ii) the other half of the CT specimen made from welded materials (single and multi-
pass) was cut in the (YZ) plane near the notch root (Figure 2.11 (a)-(2)). The
sample was further polished using SiC abrasive paper of grain size P80 removing
the section illustrated in Figure 2.11 (a)-(3). This allowed reaching the plane of the
notch root, illustrated in Figure 2.11 (a)-(4). The remaining section was further
polished with SiC abrasive paper of grit size P1200. In average, the final (YZ) plane
of observation was located at about 40 µm from the notch root after polishing. This
allowed investigating the damage over the heterogeneous microstructure near the
notch, in the plane containing the highest levels of residual stresses and plastic strain
according to the numerical simulations (see Chapter 4), thus highest probability of
stress relaxation damage.

Observations were carried out using different microscopy techniques, requiring the
samples to be further polished with diamond paste with abrasive size of 6, 3 and 1 µm and
finally with a solution of colloidal silica (OPS solution). These were used to characterize
the microstructure and quantify damage induced by stress relaxation in the specimens,
i.e. cavities and cracks.

2.6.1 Optical microscopy

For a large scale detection of damaged regions in each specimens, optical microscopy
analyses were first carried out on the entire surface of sections using microscopes previously
described in Section 2.2.2. These represented areas of 36 × 38 mm2 in the (XY) plane
and 9 × 36 mm2 in the (YZ) plane. Microscopic imaging allowed identification of objects
as small 1 µm.

2.6.2 SEM/EDS/EBSD

After the identification of highest damaged region of each specimen by optical microscopy,
further observations of these damaged zones were carried out using an SEM for more
precise imaging and damage quantification, using detectors described previously in Section
2.2.3. SEM imaging allowed observation of objects as small as 30 nm. Observations in the
(XY) plane were carried out in the region of 2 × 2 mm2 close to the notch root (Figure
2.11 (a)). Observations in the (YZ) plane were carried out in a region of 1 × 8 mm2 at
the notch root. Specifically for damage quantification by image analysis (Section 2.6.4),
this represented about 37 SEM images at a ×171 magnification for one section.

2.6.3 TEM

TEM observations were also carried out to identify the nature of secondary phases precip-
itates associated with stress relaxation cavities and the dislocations structures in damaged
regions. To this end, TEM samples were machined from CT specimens after relaxation as
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illustrated in Figure 2.11 (b). To do so, cylinders of 3 mm in diameter were machined by
EDM with their center positioned at a 1 mm distance from the notch root. This allowed
positioning the areas of interest (in the center of the samples ) as close as possible to the
highest residual stresses region (i.e. notch root), without compromising the elaboration
process of the samples. Then, the cylinders were cut into TEM samples following the same
procedure as described in Section 2.2.4. Specifically to carry out analyses in the CGHAZ,
disk samples were cut at depths between 2.7 and 3.8 mm from the surface.

Figure 2.11: Sample preparation for damage analysis after stress relaxation of CT spec-
imens: (a) for SEM observations (1) cutting in the (XY) plane at mid-thickness of CT
sample allowing observation of damage in a homogeneous microstructure, (2) cutting near
the notch in the (YZ) plane and (3) polishing through the notch to reach (4) the high
residual stress plane, allowing observation of damage in a heterogeneous microstructure;
(b) for TEM (1) machining near the notch, (2) extraction of the sample and (3) realisation
of thin foil. Dimensions are in mm.
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2.6.4 Image analysis for damage quantification

In order to characterize the effect of a weld microstructure on the SRC with the highest
accuracy, the quantification of damage considering both cavities and cracks has been car-
ried out on CT specimens after Turski compression, relaxation and cutting steps described
previously.

Because some of the cross-sections of damaged specimens contained thousands of cav-
ities, manual counting could not be considered for damage quantification. Consequently,
two image analysis tools were developed for damage quantification in addition to manual
counting: machine learning and contour detection. These were priory compared using
practical examples to determine the most suited for the rest of the study.

2.6.4.1 Machine learning object recognition

In order to detect cavities in SEM images, a machine learning object recognition tool was
developed using the Python library ImageAI [194]. This required the creation of an image
database of damaged regions and manual initial identification of defects using Labelimg
annotation tool under Python. The main difficulty for the recognition of damage in SEM
images was the variation in size, shape of cavities and cracks, but also the observation
conditions. Typically, the tool was developed specifically to be able to recognize cavities
in SE and BSE images, but also at high (>×13 K) and low (<×170) magnifications to be
more versatile.

It thus was necessary to establish a database representative of the observed cases. The
model was then trained to recognize single and coalesced cavities, surface defects due to
polishing and inclusions such as MnS and TiN, which also appeared in dark contrast in BSE
images. This allowed avoiding misinterpretations, improving the statistics. The algorithm
was trained over 158 different SEM images containing over 3360 objects identified manually
(mainly cavities), gathered from the stress relaxation cracking analyses presented later in
Chapter 5. Two examples of cavity detection by the trained model are shown in Figure
2.12. Figure 2.12 (a) shows isolated cavities at grain boundaries and Figure 2.12 (b) shows
dispersed cavities, as well as coalesced cavities and cracks at a lower magnification. Despite
the cavities size and shape being very different in both cases, the model was able to identify
isolated and coalesced cavities/cracks. However, as illustrated in Figure 2.12 (c) the model
sometimes confused single cavities and coalesced cavities, due to the variation in shape.
This type of issue could be simply resolved with an automatic sorting by size. Besides, it
was also possible to sort identified objects based on their identification confidence index,
as shown in Figure 2.12 (c).

2.6.4.2 Contour detection method

A contour detection tool was also developed to identify cavities in SEM images using a
gray scale conversion. This relies on the fact that cavities in SEM images appear in black
contrast whether in SE or BSE imaging. For more relevant results, large defects such as
inclusions and polishing surface defects were manually removed from the images prior to
image processing.

The input images containing cavities (Figure 2.13 (a)) were first transformed respecting
a binary threshold (Figure 2.13 (b)) and slightly blurred to smoothen the objects edges.
Edges of objects from the gray scale image were detected, the open gaps between objects
edges were then closed (Figure 2.13 (c)) so that the resulted closed contours could be
identified distinctively. From these contours, the position, length and width of the cavities
could be determined (Figure 2.13 (d)). A similar example is given for a low magnification
image of damage in Figure 2.14. For this work, detected objects with measured length
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Figure 2.12: Example of machine learning cavity recognition in SEM images with (a)
and (b) the images used for recognition, (c) and (d) the resulting images after cavities
identification. Blue squares correspond to identified single cavities and green ones to
coalesced cavities/cracks. Confidence indexes resulting from the detection of image (a)
are shown in (c).

lower than 50 nm or higher than 5 µm were excluded, since cavities and coalesced cavities
typically present lengths within this range (discussed in Chapter 5).

As illustrated in Figure 2.14 (d), the detection of cracks with the contour detection
method is often difficult because SEM images contain only a part of the cracks. As a
result, the contour of the crack could not be considered as a closed contour (Figure 2.14
(c)) and thus it was not taken into account for the counting of damage. However, cracks
were significantly larger and less numerous than cavities thus they could be easily counted
manually in addition to the automatic count of cavities.

2.6.4.3 Comparison of the methods

The main advantage of the machine learning method is the automatic recognition of dam-
age only, which is based on a trained artificial intelligence, meaning the model most often
does not account for other defects in the image such as inclusions or polishing defects.
The model is thus based on the recognition of an actual physical object, rather than grey
shades. Also, the model is capable of distinguishing cavities from coalesced cavities, while
the contour detection method does not consider cavities longer than the maximum length
indicated by the user. The main issue which can occur with the machine learning method
is the multiple count of the same cavity. This issue can be limited by filtering the cavity
by their position, but it could only work to a certain extent: cavities in low magnification
SE images are usually very close to each others, thus the sorting by position sometimes
resulted in erasing cavities which were actually present. As a result, the machine learning
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Figure 2.13: Example of contour detection method in a high magnification SEM image
with (a) the input image, (b) the gray scale image, (c) the detection of contour for each
object and (d) distribution of cavities.

method presented a lower precision for large scale images. Unfortunately, due to the size
of the zones analysed during this study, SEM analysis for damage quantification mostly
consisted in large scale images. The machine learning method also requires training a
model, which is highly time consuming and requires a numerous different images contain-
ing damage, at various scales and damage levels. On the contrary, the contour detection
method can be used without prior images database.

Images analysis tests were conducted using the two methods to be compared with
manual counting for a low magnification SEM image, which was the most precise approach
for damage quantification. An example is shown in Figure 2.15. In most of the cases, the
contour detection method appeared to be more precise than the machine learning method
both in terms of cavities distribution and cavity number, with results closer to the ones
obtained manually. The image processing of a SEM image at a ×171 magnification such
as shown in Figure 2.15 takes about 10 min for a manual count against only 7 s for the
machine learning method and less than 3 s for the contour detection method. The machine
learning method could be interesting to use in the case of material with several kind of
defects and particularly for high magnification images; for this work however, the contour
detection method was found to be the most suited for damage quantification and was thus
used in the rest of the study.
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Figure 2.14: Example of contour detection method in a low magnification SEM image
with (a) the input image, (b) the gray scale image, (c) the detection of contour for each
object and (d) distribution of cavities.
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Figure 2.15: Comparison of cavity distribution and count in a (a) SEM image of a damage
specimen, using (b) the manual count, (c) machine learning detection and (d) the contour
method. T corresponds to the total number of cavities detected.
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2.7 Summary of methods
A graphical summary of the method for SRC sensitivity testing in this work is proposed
in Figure 2.16. While most SRC testing methods either chose to study the phenomenon
in welded specimens or in non-welded specimens but with controlled addition of residual
stresses, it was chosen here to combine both approaches. To investigate the effect of a
heterogeneous weld microstructure on SRC in a 316L(N) using the Turski compression,
CT specimens were machined from the plates of different material states: as-received, ma-
terial with increased grain size, cold-rolled, single and multi-pass welded plates. These CT
specimens were subjected to Turski compression, which unloading resulted in the genera-
tion of tensile residual stresses. Specimens were then put in furnace for stress relaxation,
aiming for SRC. Several characterization techniques were used to both investigate the
microstructure and stress relaxation damage. Mainly, optical microscopes, scanning and
transmission electron microscopes, EBSD and EDS detectors. Damage observed in SEM
images was quantified using image analysis tools, allowing the counting of defects and
their spatial distribution.

Figure 2.16: Description of the method for the SRC test on CT specimens.



Chapter 3

Microstructure of material states

Résumé
Différents états microstructuraux de l’acier 316L(N) étudié ont été produits afin de mieux com-

prendre les mécanismes du phénomène de FeR. Chaque état tient compte de différents paramètres
influants sur la FeR, à savoir la taille et la morphologie des grains, l’écrouissage et les précipités de
phases secondaires. Pour ces raisons, la microstructure et les états de déformation des matériaux
de réception, laminés à froid, soudés mono et multi-passes, laminé soudé et enfin à gros grains ont
été caractérisés dans ce chapitre. La nucléation et la croissance des précipités pendant le traitement
thermique ont été identifiées pour le matériau de réception, les états soudé et laminé à froid.

La caractérisation des états du matériau avant le vieillissement thermique a révélé les propriétés
suivantes :

• L’état de réception a montré une microstructure austénitique recuite constituée de grains
équiaxes d’une taille de 90 µm sans texture cristalline, avec une faible fraction de ferrite
résiduelle et peu d’inclusions.

• L’état laminé à froid a montré une microstructure déformée illustré notamment par la
présence de macles mécaniques, ainsi qu’une rotation locale de certains grains.

• L’état soudé monopasse a présenté une microstructure de soudage hétérogène typique, com-
posée de trois régions principales : la zone de fusion (ZF), la zone affectée à gros grains
(ZATGG) et la zone affectée thermiquement (ZAT). En raison de la faible épaisseur de la
tôle (environ 15 mm), tout le matériau a été considéré comme affecté par la chaleur du
soudage, ce qui a conduit à un niveau de dureté supérieur à celui de l’état de réception sur
toute l’épaisseur de la tôle, comme le suggèrent les mesures de dureté et l’analyse EBSD
(avec les méthodes GOS et KAM). L’état soudé multi-passe présentait les mêmes trois zones
de soudure mais avec une hétérogénéité de niveau d’écrouissage à la fois dans la ZF et la
ZATGG, résultant des passes de soudage successives. Enfin, un écrouissage global plus im-
portant a été observé dans la ZAT du matériau soudé multi-passe par rapport à celle du
matériau soudé monopasse.

• La plaque laminée soudée (monopasse) a montré les mêmes trois zones de soudure mais a
révélé un niveau de dureté bas et homogène sur les zones.

Pour mieux comprendre la nature et la cinétique de la précipitation dans les différents états
du matériau en excluant l’effet de la pré-déformation due à la compression Turski, les différents
états ont été traités thermiquement dans des conditions différentes. La caractérisation de la mi-
crostructure résultante a alors révélé des précipités aux joints de grains de l’austénite et dans la
ferrite résiduelle :

• Dans le matériau de réception après vieillissement, mais aussi dans la ZATGG et la ZAT des
échantillons soudés vieillis, des carbures de type Cr23C6 souvent proches d’intermétalliques
riches en Mo ont été observés aux joints de grains (JDG) de l’austénite. Alors que la
précipitation des carbures était attendue de par les calculs thermodynamiques, les carbures
Cr23C6 se sont avérés précipiter plus lentement que rapporté dans la littérature [67]. Cela
pourrait conduire à une plus grande résistance à la FeR de l’acier 316L(N) étudié par rapport
aux autres aciers 316L(N) étudiés dans la littérature : les contraintes résiduelles pourraient

77
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se relâcher plus rapidement que le temps nécessaire à la précipitation des phases secondaires
aux joints de grains. En effet, il a été démontré dans la littérature que lors d’un essai
de relaxation appliquant une déformation constante, la plupart des contraintes (70 %) se
sont relaxées avant 500 h de vieillissement à 575 °C dans un acier 316L(N) similaire en
composition à celui étudié.

• Une étape de laminage à froid s’est avérée accélérer la précipitation aux JDG, en accord
avec la littérature [67].

• Dans les régions de ferrite vermiculaire et résiduelle, il a été observé après le vieillissement
thermique la décomposition partielle de la ferrite en une distribution complexe de Cr23C6,
χ, R et d’austénite régénérée. Les précipités de type Cr23C6 se sont formés plus rapidement
dans la ferrite, après quelques heures à 650 °C à l’état de réception, qu’aux joints de grains
de l’austénite (168 h à 650 °C), en raison de la teneur plus élevée en chrome et molybdène
et de la diffusion plus rapide dans la ferrite.

Sur la base de ces analyses, des hypothèses sur la susceptibilité à la FeR de chaque état du
matériau ont pu être formulées :

• L’état laminé à froid est supposé être plus enclin à la FeR que l’état de réception en raison
de l’écrouissage plus élevé mais aussi de la précipitation plus rapide des carbures.

• Il est également attendu que le matériau avec une taille de grain plus importante soit plus
sujet à la FeR que le matériau de réception, d’après les observations industrielles [3,4,33,46,
139,158,159].

• De même, les zones affectées thermiquement (ZAT et ZATGG) des matériaux soudés (mono
ou multi-passe) devraient être plus sujettes à la FeR que le matériau de réception, à la fois en
raison d’une taille de grain plus élevée (dans la ZATGG) et d’un écrouissage plus important
(dans la ZAT) que celui de la zone de fusion.
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3.1 Introduction

The literature review on SRC proposed in Chapter 1 allowed the identification of the
main SRC factors: residual stresses (due to welding and component geometry), plastic
strain, reheat, secondary phase precipitates and grain size. To characterize the effect of
these SRC factors, six different states were produced from the studied 316L(N) steel: as-
received, cold-rolled, single and multi-pass welded, cold-rolled single-pass welded states
and finally material with increased grain size. The aim of each material state for this
study and the method for producing them is detailed in Section 2.1.

The microstructure of each of these states was characterized in terms of grain size, in-
clusions and plastic strain priory to further Turski compression and relaxation treatment.
Strain hardening was evaluated using hardness measurements and strain analysis using
EBSD data. In addition, all these states were subjected to thermal treatments to char-
acterise the precipitation of secondary phases, identifying their nature and precipitation
kinetics, which play a major role in stress relaxation damage mechanism. The as-received
state was more particularly studied as it served as a reference state. The other states were
then subjected to similar treatments to study, for instance, the effect of strain hardening
and welding on precipitation. The results obtained for each material state would then
help predicting their relative risk to SRC and further facilitate the understanding of stress
relaxation damage analysed in Chapter 5.

3.2 Presentation of the 316L(N) steel

The chemical composition of the studied 316L(N) austenitic stainless steel, referenced as
K46-T9 in CEA database, is given in Table 3.1. Method of composition measurement is
detailed in Section 2.2.1. The steel was supplied by ArcelorMittal after standard casting
and hot-rolling processes, parallel to Y direction (while the cold-rolling process presented
further (Section 3.4) was applied in the X direction). Austenitization for 35 minutes at
1100 °C followed by water quenching were finally applied to produce the microstructure
corresponding to the "as-received" state.

Table 3.1: Chemical composition [%wt.] of the studied 316L(N) steel measured by ele-
mentary analyser for C, S and N and by ICP-AES for the other elements.

Fe Cr C Ni Mo Mn N Al P Co Cu
Bal. 16.9 0.024 11.9 2.42 1.74 0.073 0.010 0.029 0.041 0.15

To get the first insight of temperature effect on 316L(N) steel, thermodynamic com-
putations for the temperature range of interest for the present work, between 300 and
1000 °C, were performed using the Thermo-Calc software and the TCFE9 database. Di-
amond and graphite phases were excluded from calculations since they cannot form in
the steels. The chemical composition of the 316L(N) measured in this work was used for
simulations, accounting for all elements identified in Table 3.1. From these results, several
secondary phases could be expected to form during a thermal treatment: the tetragonal
σ phase can be expected to form between 373 to 836 °C; Laves phase η (C14) from 300 to
776 °C; HCP ε phase from 442 to 855 °C; M23C6 phase from 300 to 904 °C; M3P phase
from 300 to 742 °C; and finally AlN phase from 300 to 900 °C (Figure 3.1 (a)).

Since carbides are known to be one of the driving forces for SRC in austenitic stainless
steels and particularly the 316L(N) steel [13,45], additional simulations were then carried
out, accounting for the carbide phases other than the M23C6 susceptible to precipitate in
the considered temperature range. Indeed, it possible that thermal exposure leads to a
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Figure 3.1: Computed phase volume fraction in the studied 316L(N) steel between 350
and 950 °C with (a) diamond and graphite phases excluded and (b) volume fraction of
M7C3 and M6C phases excluding additionally the M23C6 phase.

metastable equilibrium and hence allows the formation of other phases [195]. Computa-
tions were thus performed excluding the M23C6 phase. Results showed that the domain
of stability of the phases previously discussed (other than carbides) remained unaffected
by these new conditions. However, simulations predicted the stability of the M7C3 phase
from 483 to 762 °C and M6C phase from 762 to 803 °C (Figure 3.1 (b)). Similarly, by
excluding the σ phase from the system, simulations predicted the stability of the χ phase
between 734 and 754 °C. These results are in agreement with typical stable phases found
in the literature for 316L(N) steels [63,76].

Computed chemical compositions of the stable phases are given in Table 3.2. These
were all computed at 650 °C or indicated if otherwise, depending on their stability domain.
The chemical composition of residual δ-ferrite was calculated at 1400 °C, considered as
the casting temperature for the 316L(N) steel.
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Table 3.2: Chemical compositions [%wt.] of stable phases in the 316L(N) steel computed
at 650 °C (or indicated if otherwise) using Thermo-Calc software and TCFE9 database.

Phase Fe Cr C Ni Mo Mn N Al
Austenite 69.17 15.13 0 12.91 0.52 1.84 0 0
δ-ferrite (1400 °C) 66.36 18.95 0 9.27 3.44 1.58 0 0
σ 52.31 38.86 0 3.63 3.72 1.46 0 0
χ (800 °C) 54.02 23.38 0 3.57 19.03 0 0 0
Laves η (C14) 36.29 16.84 0 0.47 46.26 0 0 0
HCP ε 0.18 80.64 0 0 7.54 0.47 11.06 0
M23C6 7.1 67.87 5.17 0.31 18.61 0 0 0
M3P 30.68 46.91 0 4.24 2.01 0.19 0 0
AlN 0 0 0 0 0 0 34.17 65.83
M7C3 1.59 87.6 8.93 0 1.68 0.21 0 0
M6C (800 °C) 26.54 11.69 2.64 0 58.95 0 0 0
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3.3 As-received

The microstructure of the as-received state observed by optical microscopy is shown in
Figures 3.2 (a) and (b). IQ (Image Quality) and ferrite phase maps obtained from EBSD
data are shown in Figures 3.2 (c) and (d). Residual δ-ferrite was observed in the form
of islands or bands oriented in the hot rolling direction, with higher fraction towards the
plate mid-thickness. This is probably due to a lower cooling rate at mid-thickness than at
the surface. X-ray diffraction (XRD) analysis showed no diffraction peak of ferrite (Figure
3.9) suggesting a low ferrite fraction, less than 1% wt.

Figure 3.2: Microstructure of the as-received 316L(N) steel, revealing (a) austenite matrix
and (b) residual δ-ferrite bands. Identification of ferrite phase by EBSD with (c) index
quality and (d) phase maps acquired with by EBSD analyses, with 30 nm step size. RD
and ND stand for hot rolling and normal directions, respectively.

EDS measures of the δ-ferrite revealed higher Cr and Mo content than that in the
austenitic matrix (Table 3.3). This was expected as these elements are known to be ferrite
stabilizers, while Ni and Mn contents, which are austenite stabilizers, were found to be
lower in δ-ferrite than in the matrix.

Table 3.3: Chemical composition [%wt.] of austenite and δ-ferrite measured by EDS in
as-received state.

Phase Fe Cr Ni Mo Mn
Austenite 68.45 16.8 11.8 1.4 1.5
Ferrite 63.90 25.05 5.73 3.85 1.47

The microstructure observed by EBSD is shown in Figure 3.3. According to the Inverse
Pole Figure (IPF) and GB maps with IQ, typical annealed microstructure was observed
with equiaxed grains and no texture. As suggested by the boundaries map corresponding
to CSL Σ3 boundaries (Figure 3.3 (b)), many annealing twins were present in the as-
received state. The IPF map where the twins boundaries were excluded is shown in
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Figure 3.3 (c). The distributions of grain size with and without twins are shown in Figure
3.3 (c). According to ASTM, twin boundaries must be ignored for grain size measurement,
meaning either side of a twin boundary is considered to belong to the same grain [196].
The grain size was then measured by not accounting for twin boundaries, with an average
of 90 µm obtained by the intercept method (Section 2.2).

SEM and TEM analyses also revealed the presence of several inclusions in the as-
received state. Large Al2O3 oxides with an average size of 4 µm were observed in some
of the austenite grains, as illustrated in Figure 3.4 (a). In addition, round and elongated
penny-shaped MnS inclusions were found, mostly at the ferrite-austenite interfaces, as
shown in Figure 3.4 (b). Numerous small square-shaped TiN nitrides with an average size
of 70 nm were observed in the austenite grains. These appeared to be mostly located on
dislocation lines, as shown in Figure 3.4 (c). Asides from inclusions, neither bulk nor GB
precipitates were observed in the as-received state, as illustrated in Figure 3.4 (d). Low
dislocation density corresponding to well annealed microstructure could be observed using
TEM.

Hardness measurements carried out in the as-received stated gave an average value of
155 HV1, in agreement with hardness usually measured for 316L steels [197]. GOS and
KAM maps obtained from EBSD data (Figure 3.3 (e) and (f)) also suggested very low or
no strain in the as-received state.

Effect of thermal exposure

Phase precipitation in a welded component can occur at two moments of its lifetime. First,
phase precipitation can occur during the welding process, which induces high temperatures
peaks for short duration (less than a minute). Typically, it was shown in Section 2.1.4
that temperatures outside of the weld pool can go from room temperature to temperatures
higher than 1100 °C. Theoretically, all phases identified in Figure 3.1 are stable in this
temperature range and are thus prone to form, if the kinetics allow it. Secondly, phase
precipitation can occur during the service of the component. The 316L(N) steel was typi-
cally aimed to be used in 4th generation of nuclear reactors with exposure to temperatures
between 500 and 600 °C, but for much longer times (several decades).

Consequently, to simulate microstructure evolution due to exposure to temperature,
samples of as-received state were thermally aged at 550, 575, 650 and 800 °C for dura-
tion varying from 1 to several thousands of hours. Multiple conditions of these ageing
treatments (both in terms of temperature and time) were intentionally chosen to cover all
scenarios of microstructure evolution of the studied 316L(N) steel. This would also allow
distinguishing the effect of time/temperature and that of post-welding or post-compression
residual stress/strain on precipitation and damage. Since the effect of thermal ageing on
austenite and ferrite are very different, they will be discussed separately.

Precipitation in austenite

After thermal ageing for 24 h at 550 °C, SEM analyses did not reveal any precipitate
in the material. Besides, XRD analysis of the aged specimen showed diffraction peaks
corresponding to the austenite phase, one attributed to the ferrite and another to the
TiN inclusions (Figure 3.5). None of the measured peaks was coincident with any of the
expected precipitating phases identified previously (Figure 3.1), in agreement with SEM
analyses.

No additional phase was observed to form in the samples thermally aged at 575 °C for
580 h (Figure 3.6 (a)). After 1470 h of heat treatment at this temperature, precipitates
with size in the range between 50 and 400 nm were observed at austenite grain boundaries
(Figure 3.6 (b)). EDS analyses carried out on these precipitates revealed Cr and Mo
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Figure 3.3: Grain structure of the as-received state of studied 316L(N) steel analysed using
EBSD: (a) IPF map, (b) boundary map for Σ3 GBs, (c) IPF map excluding twins and
(d) grain size distribution computed from maps (a) and (c) by intercept method. (e) GOS
and (f) KAM map of the analyzed region.
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Figure 3.4: Images of (a) an Al2O3 inclusion in an austenite grain, (b) MnS inclusion at
a ferrite/austenite boundary, (c) TiN inclusions at dislocation lines and (d) an austenite
grain boundary free of precipitates.

contents almost twice higher than those in the austenitic matrix. Even though SEM-EDS
analyses are not particularly suited for measuring the carbon content, high percentage
of carbon was also measured in these precipitates as compared to that in the austenitic
matrix. From these measurements, the literature data [63,67] and results on phase stability
simulations (Table 3.2), these precipitates were assumed to be chromium carbides Cr23C6.

Carbides were often observed close to smaller Mo-rich intermetallics, measuring be-
tween 20 and 150 nm, with an average size of 58 nm (Figure 3.6 (b)). These precipitates
could favor carbide nucleation, as it was mentioned by Rhouma et al. [63] for a 316L steel.
Even though thermodynamic simulations suggested that these precipitates could either be
σ or Laves η phase (Table 3.2), these phases are usually observed to form at higher temper-
ature (> 600 °C) and for longer ageing time than carbides, according to the literature [67].
Likewise, the χ phase was not considered as it was numerically predicted to be stable only
near 800 °C. Instead, it was admitted that the observed Mo-rich phase belongs to the
stacking faulted Frank Kasper phase group, as stated by Rhouma et al. [63] from similar
observations. It is probable that the precipitation of Mo-rich intermetallics at austenite
GBs was favoured by GB segregation of Mo. Indeed, austenite GB enrichment by Mo was
observed using EDS analysis in TEM for some heat treatment conditions (Figure 3.7).

At 650 °C, thermal ageing treatments of 1, 8, 24 and 168 h were performed. At this
temperature, precipitation at austenite grain boundaries was only detected after 168 h
of thermal ageing (Figure 3.6 (d)). The precipitates were similar to those observed at
575 °C, with high content of Cr and Mo. Further analysis with electron diffraction in
TEM (Figure 3.8) and XRD analysis (Figure 3.9) allowed identifying these precipitates as
Cr23C6 phase, confirming the assumptions made previously. TEM analyses showed that
these Cr23C6 precipitates had a lattice parameter of 10.65 Å, in agreement with literature
data [68, 70]. Cr23C6 carbides were observed to have either triangular, platelet-like or
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Figure 3.5: XRD analysis of 316L(N) steel aged at 550 °C for 24 h.

hexagonal morphology which most probably depend on GB misorientation angle [163]. The
chemical composition of the Cr23C6 precipitates was measured by EDS in TEM (Table 3.4),
revealing high Cr and C contents. One can note that measured chemical composition of
the Cr23C6 precipitates did not respect the stoichiometry of the phase, probably due to
the uncertainty of the measure for carbon detection but also due to the influence of the
surrounding matrix. It is worth noting that smaller bright-contrast objects with a round to
globular morphology and an average size of 50 nm were observed in TEM images (Figure
3.8). These voids could correspond to the removal of the small Mo-rich precipitates due to
the electro-polishing process of sample preparation for TEM. Indeed, these small defects
were not observed at GBs of the as-received state (Figure 3.4). These defects are to be
distinguished from stress relaxation cavities discussed further (Chapter 5).

After ageing of 1 h at 800 °C, two types of large precipitates both presenting high
Cr and Mo contents, were observed at austenite grain boundaries (Figure 3.6 (e) and
(f)). One presented a slightly brighter BSE contrast (captioned "phase 1") than the other
(captioned "phase 2"), due to differences in Cr and Mo content. These precipitates could
probably be of the σ and/or χ phases, as both present high content in Cr and Mo and
were predicted to be stable at temperatures close to 800 °C. According to the literature
for a 316L steel [67], only the M23C6 and χ phases can be expected after 1 h of ageing
at 800 °C. The σ phase is rather expected after 10 h of ageing at 800 °C. Besides, the
χ phase was identified in the studied material for other ageing conditions, as presented
later in Figure 5.17. Thermodynamic simulations also indicated that Laves η phase can
be theoretically stable at temperatures close to 800 °C (Figure 3.1), but it has Cr content
close to that of the matrix. Bright precipitates could also be identified as the R phase,
often reported in the literature [63], which was also identified from the decomposition of
the residual ferrite of the studied steel as presented later (Figure 3.11). The χ and R
phases thus appeared to be the two most probable phases, but no actual crystallographic



3.3. AS-RECEIVED 87

Figure 3.6: SEM-BSE images of precipitates at austenite grain boundaries after (a) 580 h
and (b) 1470 h at 575 °C, (c) 24 and (d) 168 h at 650 °C, (e) and (f) 1 h and (g) 7 h at
800 °C.



88 CHAPTER 3. MICROSTRUCTURE OF MATERIAL STATES

Figure 3.7: Local Mo enrichment at austenite (γ) grain boundary after thermal ageing of
24 h at 650 °C with (a) scanning TEM-HAADF (High-Angle Annular Dark- Field) image
and (b) corresponding element profile along the red line, indicating Mo maximum at GB
area.

Table 3.4: Average chemical composition (from 3 measures) of the Cr23C6 precipitates
identified in the 316L(N) steel after thermal heat treatment of the samples in as-received
state at 650 °C for 168 h. Elements content was measured using EDS in TEM.

Element Fe Cr C Ni Mo
[%wt] 20.09 47.55 24.13 3.34 4.89
[%at] 24.48 54.46 6.43 4.28 10.36

analysis could confirm this statement. After ageing of 7 h at 800 °C, the same phases as
after 1 h were observed but in higher number per grain boundary (Figure 3.6 (g)).

It is worth noting that no precipitate was observed in the bulk of austenite grains for
any of the ageing conditions.

Ferrite decomposition

Ferrite in the studied steel was present in the form of residual δ-ferrite dispersed in the
austenite matrix (Figure 3.2), but ferrite can also form in the fusion zone during the
welding [198], as it will be presented further (Section 3.5). Transformation of ferrite as
function of time and temperature was thus investigated.

After 24 h of ageing at 550 °C, the δ-ferrite bands did not show any difference with
the as-received state (Figure 3.10 (a)). At 575 °C after 580 h, δ-ferrite was observed to
be partially decomposed into several precipitates: small Mo-rich precipitates in the ferrite
grains, C/Cr-rich larger precipitates in the ferrite grains as well and finally a very thin
Mo-rich layer at the ferrite-austenite interface (Figure 3.10 (b)). This layer is believed
to be at the origin of Mo-rich precipitates observed for longer ageing times. From the
TEM-diffraction analyses carried out in a sample aged at 650 °C for 24 h (presented
further), the observed Mo-rich precipitates were assumed to be of the χ and R phase,
C/Cr-rich precipitates to be M23C6 carbides. After 1470 h at 575 °C, the ferrite bands
were much more decomposed, showing higher fraction of the same phases with distinct
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Figure 3.8: Analysis of Cr23C6 precipitates at austenite GBs after thermal ageing at 650 °C
for 168 h with (a), (b) and (c) TEM bright-field images showing triangular, platelet and
quasi-hexagonal morphology respectively, (d) selected area electron diffraction pattern of
the precipitate indicated in (a) by red circle, revealing the Cr23C6 phase (red coordinates)
and austenite matrix (yellow coordinates).

Figure 3.9: XRD analysis of 316L(N) steel in the as-received state and in as-received state
aged at 650 °C for 24 and 168 h.
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Mo-rich precipitates at the austenite-ferrite interface (Figure 3.10 (c)).
At 650 °C after 1 h of ageing, only small Mo-rich precipitates were observed in the

ferrite grains and thin layer at the austenite-ferrite interface (Figure 3.10 (d)). After 24 h,
large C/Cr-rich precipitates were observed (Figure 3.10 (e)) additionally to the Mo-rich
precipitates. After 168 h at 650 °C, C/Cr-rich precipitates appeared to be progressively
replaced by larger precipitates with brighter contrast as observed using BSE detector in
SEM. EDS analyses showed higher content in Fe, lower in Cr, similar in Mo as compared
to carbides but more importantly, the absence of C. From the computed chemical compo-
sitions of predicted stable phase (Figure 3.2), such precipitate could correspond to the σ
phase. Indeed, σ phase is often described in the literature to form after carbides precipi-
tation in decomposing δ-ferrite of 316L(N) steels [63, 67]. Besides, σ phase was identified
after the partial decomposition of vermicular ferrite in welded material as discussed further
(Figure 5.28).

A detailed analysis of the nature of phases resulting from the ferrite decomposition was
performed using TEM for a sample aged at 650 °C during 24 h. This condition was chosen
as it corresponded to a sufficiently advanced state of the decomposition of the ferrite grains,
presenting most of the phases observed in the other ageing conditions. Because of the low
fraction of ferrite in the as-received state (< 1%vol.), machining of TEM sample had to be
performed via Focus Ion Beam (FIB) technique, as described in Section 2.2.4. Scanning
TEM-HAADF analysis of the partially decomposed δ-ferrite region revealed a complex
microstructure (Figure 3.11) composed of the ferrite phase, one phase rich in Cr and C,
one phase rich in Ni and one (or more) phase rich in Mo. Electron diffraction of these
precipitates allowed the identification of the phases, shown in Figure 3.12. The ferrite
was identified with a lattice parameter of a = 2.87 Å. Cr and C rich phase was identified
as Cr23C6 carbide, with a lattice parameter of a = 10.66 Å, similarly to GB precipitates
discussed previously. Small Mo-rich precipitates were identified as BCC χ phase, with a
lattice parameter of a = 8.92 Å, and as an hexagonal R phase with lattice parameters
of a = 10.90 Å and c = 19.34 Å. Finally, the Ni-rich phase was identified as regenerated
austenite, γR, with a lattice parameter of a = 3.60 Å, similarly to the austenitic matrix.
Chemical composition and crystalline structure of these phases are summarized in Table
3.5. It should be noted that while χ and R phases are different in terms of crystalline
structure, their chemical compositions made it difficult to distinguish them from EDS
analysis only. For this reason, small Mo-rich precipitates in ferrite will named as such the
rest of this work, similarly to precipitates observed at austenite GBs.

After 1 h of ageing at 800 °C, most of ferrite grains were partially transformed into
several Mo-rich phases, one Cr/C rich phase, one Cr/Mo rich phase and a Ni rich phase
(Figure 3.10 (g)). From the identifications made previously in the sample aged at 650 °C for
24 h, Mo-rich phases were assumed to be χ and/or R phases, and the Cr/C rich phase to be
Cr23C6 carbide. The Ni-rich phase was assumed to correspond to regenerated austenite
γR. Finally, the Cr and Mo rich phase could correspond to the σ-phase, as discussed
previously for ageing at lower temperature. It is worth noting that the distribution and
apparent volume fraction of each of these phases in the ferrite grains was not equal in the
whole sample: this is illustrated in Figures 3.10 (g), (h) and (i) where BSE contrast reveal
very different microstructures between the three ferrite grains.

The nature of the different phases in residual ferrite observed after ageing is in agree-
ment with results of Rhouma et al. [63] for decomposed residual ferrite in a 316L(N) steel.
However, time to precipitation was different. Indeed, Rhouma et al. [63] observed χ, σ
and R phases after 10 000 h of ageing at 650 °C, whereas in this work they were observed
after only 24 h at 650 °C, and after 168 h for the σ phase. This difference could come from
a difference in the composition of the residual ferrite (not disclosed by Rhouma et al. [63]),
but also from the austenitization process: Rhouma et al. carried out two treatment of
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Table 3.5: Composition in %at. of phases identified from the partial ferrite decomposition
after ageing of the as-received state of the studied 316L(N) steel at 650 °C for 24 h,
measured by TEM-EDS. Crystalline structure and corresponding lattice parameters of
each phase are also indicated.

Phase Cr C Ni Mo Structure a [Å] c [Å]
δ-ferrite 24.6 5.5 2.7 1.5 BCC 2.87 -
Cr23C6 58.1 20.9 1.6 3.9 FCC 10.66 -
R 25.9 6.4 3.3 20.7 Hexagonal 10.9 19.34
χ 28.8 8 2.4 20.3 BCC 8.92 -
Austenite 17.1 6.9 10.8 1.2 FCC 3.6 -

1 h at 1070 °C, while in this work the steel was treated at 1100 °C for 35 min. Still, the
significant differences in precipitation kinetics are surprising.

Figure 3.10: Microstructure of residual δ-ferrite grains after ageing for (a) 24 h at 550 °C,
(b) 580 and (c) 1470 h at 575 °C, (d) 1 and (e) 20 and (f) 168 h at 650 °C and (g) to (i)
1 h at 800 °C (SEM-BSE).

The effect of thermal exposure on precipitation at austenite GBs as well as inside ferrite
regions is summarised in time temperature precipitation diagram shown in Figure 3.13 (a).
It is worth noting that Cr23C6 precipitation was significantly slower, as compared to the
results found in the literature [67]. This could be due to the particularly low content in
carbon of the studied 316L(N) steel. For ferrite, almost all conditions used for thermal
ageing led to its decomposition (Figure 3.13 (b)).

Time to precipitation of secondary phase identified for the as-received material can
already give some insight about the risk of stress relaxation damage. Indeed, it was shown
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Figure 3.11: Element analysis of partially decomposed ferrite using TEM after ageing of
as-received state of the studied 316L(N) steel for 24 h at 650 °C: (a) STEM-HAADF image
and EDS maps of (b) Fe, (c) Cr, (d) C, (e) Ni and (f) Mo.

in the literature [45] that SRC occurs first by the nucleation of cavities on GB precipitates.
As a result, SRC is limited by the time to precipitation of these phases. In the studied case,
this means cavity nucleation upon stress relaxation in an as-received state can nucleate
on austenite GBs only after 1470 h of ageing at 575 °C, 168 h at 650 °C and after 1 h (or
earlier) at 800 °C (Figure 3.13 (a)). In ferrite regions, cavities can be expected earlier:
after 580 h at 575 °C, 1 h at 650 °C and 1 h (or earlier) at 800 °C (Figure 3.13 (b)).
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Figure 3.12: Identification of phases issued from residual ferrite decomposition after ageing
at 650 °C for 24 h with (a) TEM bright field of a ferrite grain and diffraction patterns of
(b) diffraction pattern of Cr23C6, (c) χ phase, (d) R phase, (e) regenerated austenite γR

and (f) ferrite.
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Figure 3.13: Time temperature precipitation diagram for the as-received and cold-rolled
states of the studied 316L(N) steel with expected risk of cavity nucleation upon by stress
relaxation: (a) at austenite grain boundaries and (b) in the residual ferrite.
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3.4 Cold-rolled
Cold-rolled material was produced to evaluate the influence of pre-straining on stress
relaxation cracking comparing the results with damage in the as-received material. Ad-
ditionally, this approach would allow to directly compare the results with SRC analyses
carried out by Pommier [45], who used CT-like specimens made of a 20±2% cold-rolled
316L(N) steel of very similar composition to the one studied in this work. In addition,
the effect of prior strain on the microstructure, such as time to precipitation, could be
investigated here.

The as-received 316L(N) steel was cold-rolled at room temperature, using succes-
sive passes to reach a 22.5% reduction in thickness, corresponding to a final thickness
of 11.9 mm. After the cold-rolling, the microstructure analysis revealed, in some of the
grains, features resembling mechanical twins (Figure 3.14) which were not observed in as-
received state. Twin traces with similar aspects were observed by Astafurova et al. [199]
after cold-rolling of austenitic steels. Although mechanical twins are not so common in
316L(N) steels, they can be observed after high straining at low temperatures, as shown
by Pommier in a 20% cold-rolled steel of very similar composition to the one studied in
this work [45].

The presence of these mechanical twins was confirmed by EBSD analyses, showing
thin bands (around 1 µm thick) in some of the grains (Figure 3.15 (b)). These were
revealed by boundary map of Σ3 GBs, showing boundaries with a 60° misorientation with
respect to the grain (Figure 3.15 (c)). Additionally, local lattice rotations were observed
in some of the grains as illustrated in Figure 3.15 (b), due to the high straining. Such
internal misorientation were mostly observed near GBs and could traduce an accumulation
of dislocations in this region. The profile in Figure 3.15 (d) typically show disorientation
angles up to 7° from one point to another within the grain.

Figure 3.14: Microstructure observation using optical microscopy for (a) as-received and
(b) cold-rolled states of studied 316L(N) steel. Mechanical twins resulting from cold-
rolling can be observed. TD, ND and RD stand for transverse, normal and (cold) rolling
directions, respectively.

Similarly to samples made of as-received state, those of cold-rolled state were exposed
to temperature ageing at 575 °C for 580 and 1470 h to induce microstructure modifications
which might be further observed after welding and relaxation. Because composition of
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Figure 3.15: Grain structure of the cold-rolled state analysed using EBSD : (a) IPF map
(b) local IPF map showing mechanical twins and local crystal rotation in grains, (c)
boundary map for Σ3 GBs and (d) disorientation angle from initial point along the profile
shown in (b).
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Figure 3.16: SEM-BSE images of precipitates at austenite grain boundaries in the cold-
rolled material after ageing at 575 °C for (a) 580 h and (b) 1470 h.

the cold-rolled material was the same as of as-received material, the stable phases were
assumed to be the same as identified earlier. Cold-rolled material was thus only aged at
the temperature and duration used further for relaxation.

In samples made of cold-rolled state, SEM analyses revealed the presence of GB pre-
cipitates as early as 580 h of ageing (Figure 3.16 (a)), assumed to be carbides due to their
high content in Cr, C and Mo. Additionally, Mo-rich precipitates were again observed near
carbides. After 1470 h, the same precipitates were observed (Figure 3.16 (b)) at austenite
grain boundaries, with slightly larger and more numerous Mo-rich precipitates. This is
in agreement with results reported by Weiss et al. [67], who reported a quicker carbide
precipitation in a cold-rolled 316L steel as compared to the annealed state. The authors
explained this effect by an increase in nucleation sites (dislocations and faults) and by an
increased diffusion rate in the matrix due to the high dislocation density.

To evaluate strain hardening induced by cold-rolling, hardness was measured across
the thickness of the cold-rolled plate. An average hardness of 294 HV1 was measured,
corresponding to a significant increase as compared to the average 155 HV1 obtained for
the as-received state. The hardness profile suggested straining was mostly homogeneous
across the thickness Z, with slightly higher values towards the plate surface as shown in
Figure 3.17. The lowest point, near Z = 2 mm, is believed to be a measurement error.
Variations of hardness throughout the thickness were not taken into account since damage
analyses of CT-like specimens machined from cold-rolled material and further used for
SRC testing were performed at mid-thickness only.

Similarly to the as-received material, GOS and KAM maps were computed from EBSD
analysis of the cold-rolled material (Figure 3.18). In contrast with the as-received mate-
rial, many grains of the cold-rolled material showed significant GOS and KAM values,
suggesting the presence of high dislocation densities in agreement with hardness measure-
ments. It is worth noting that the apparent strain was not homogeneous throughout the
microstructure, with some highly strained grains and some grains with no apparent strain
as illustrated with the GOS distribution in Figure 3.18 (b). This is probably due to dif-
ferences of grain orientations relatively to the straining (cold-rolling) direction, which can
be more or less favorable to plastic strain.

The characterization of the cold-rolled state showed that the initial hardening of the
material was higher than in the as-received state, as intended. This is expected to induce
higher susceptibility to stress relaxation cracking, as reported by the literature [18]. Addi-
tionally, the prior straining of the material induces the nucleation of mechanical twins and
the formation of local rotation within grains, which can both lead to higher local stresses
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Figure 3.17: HV1 hardness profile of the cold-rolled plate across the thickness (Z) compared
to the average hardness measured for as-received state.

and thus favor cavity nucleation. Besides, time to precipitation in cold-rolled state was
lower than in the as-received state for the same ageing conditions, meaning that cavity
nucleation can be expected earlier. Overall, the pre-straining of the material is expected
to be detrimental to the material resistance to SRC.
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Figure 3.18: Strain state of the cold-rolled material with (a) GOS per grain map, (b)
distribution of GOS per grain and (c) KAM map of the region shown in Figure 3.15.
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3.5 Single-pass weld
Welded materials, either single or multi-pass, constituted the most important states of
this study. These allowed obtaining heterogeneous microstructure representative of indus-
trial weld components and thus would allow investigating the effect of a heterogeneous
microstructure on SRC. A first welded state, single-pass welded, was produced as the
simplest case for welded material.

Different welding conditions were tested in this work (Table 2.2). Micrographs of
cross-sections of the welded plates and dimensions of the weld pools for each condition are
shown in Appendix B. As discussed in Section 2.1, welding using 100% Ar gas was chosen
for the rest of the study. Microstructure characterizations were thus only focused on this
welding condition. Optical micrograph obtained in the cross-section of the welded sample
and SEM images of the main weld regions are shown in Figure 3.19. EBSD analyses
(Figure 3.20) allowed characterizing the microstructure and estimating the strain state
after welding. Based on these observations, three distinct zones could be distinguished
according to the grain morphology and size:

(i) The fusion zone (FZ), where temperature during welding was higher than the steel
melting temperature (T > 1400 °C). In this region, the austenitic grain morphology
varied from columnar at the bottom of the FZ to mostly equiaxed near the surface
of the plate (Figure 3.20 (c)). Grains were much larger than the ones observed in as-
received state, with an average size of 310 µm (not accounting for twin boundaries).
The largest grains were the columnar ones at the bottom of FZ, with an average
size of 400 µm while equiaxed grains at the top of the FZ presented an average size
of 160 µm. The high temperatures also allowed the formation of vermicular ferrite
at the austenite grain boundaries and within austenite grains, with both vermicular
(Figure 3.19 (d)) and lacy (Figure 3.19 (e)) structures. Such ferrite cells structures
are commonly observed in weld microstructure of austenitic stainless steels [198].

(ii) The Coarse Grain Heat Affected Zone (CGHAZ) was observed just below the FZ,
forming a semi-circular band along the bottom of the FZ, being 1 mm thick at max-
imum at the welding centreline (Figure 3.20 (c)). In this zone, temperatures during
welding were high enough (between 1000 and 1400 °C) to induce austenite grain
growth without melting [200]. Austenite grains in this region measured an average
of 330 µm, with a few intergranular vermicular ferrite cells observed near the FZ/CG-
HAZ boundary. Residual ferrite islands in this region were mostly decomposed into
several secondary phases rich in Cr and Mo.

(iii) Finally, the Heat Affected Zone (HAZ) was observed below the CGHAZ (Figure 3.20
(c)). This region was exposed to lower temperatures than the CGHAZ during weld-
ing, between 600 and 1100 °C, which does not allow grain growth for the short
welding process duration (less than a minute). Therefore, the microstructure in
HAZ was very similar to the one observed for the as-received material.

Additional characterisations were carried out using SEM, EBSD and EDS to charac-
terize local GB features for each of the weld zones, revealing differences in GB properties
between the three regions. Figure 3.21 (a) shows GB misorientation angles comprised be-
tween 25 and 55°, which are most susceptible to SRC as discussed later in Section 6.2. The
number and total length of GBs was lower in the CGHAZ because of the higher average
grain size than that of the HAZ. Besides, the absence of vermicular ferrite in the CG-
HAZ, which was observed in the FZ, also resulted in lower total length (Figure 3.21 (b))
and lower fraction of boundaries with misorientation angle comprised between 25 and 55°
(Figure 3.21 (c)) as compared to the other two zones.
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Figure 3.19: Microstructure of a single-pass welded state with (a) optical observation
of etched weld pool (FZ), CGHAZ and HAZ, (b) and (c) SEM images showing the FZ,
CGHAZ and HAZ and (d) and (e) ferrite cells at the top and bottom of the FZ, respectively
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Figure 3.20: Microstructure of studied 316L(N) steel after welding: (a) schematized view
of the welded plate zone analysed by EBSD, (b) IPF of the whole cross section, (c) Close-up
IPF, (d) IQ and GB maps, (e) grain size map, (f) GOS map and (g) KAM map of the FZ,
the CGHAZ, the HAZ and mid-thickness HAZ. Analysis was performed with acquisition
step of 3 µm.
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These analyses did not reveal any austenite GB carbide in any of the weld zones,
which is consistent with common observations for low carbons steels [78] and particu-
larly with results found by Weiss et al. [67] for a 316L(N) steel with a similar chemical
composition. According to the microstructure characterisation after thermal exposure of
as-received state (Section 3.3), carbide precipitation at austenitic GBs requires a mini-
mum exposure time at high temperature (168 h at 650 °C), which is not allowed by the
welding process. However, a few precipitates were observed at some austenite/ferrite in-
terfaces (Figures 3.22 (a) and (b)). They were only observed within a distance from 3.0
to 8.2 mm relative to the weld pool, corresponding exclusively to the HAZ. EDS maps
shown in Figure 3.22 (c) revealed that these precipitates had a higher Mo content than
both ferrite and austenite phases, while the Fe content was lower. According to computed
compositions of secondary phases discussed previously (Table 3.2), these precipitates could
correspond either to the Laves η or R phases. These precipitates presented mostly a glob-
ular/diamond morphology (Figure 3.22 (a)) with a mean size of 315 nm, and more rarely
a more elongated morphology (Figure 3.22 (b)).

Regarding the risk of SRC, stress relaxation cavity could be expected to nucleate earlier
at the austenite/residual ferrite interfaces in the HAZ because of the GB precipitates.

Figure 3.21: Austenite GB misorientation angle and length across the microstructure in
single-pass welded state of 316L(N) steel: (a) GBs (in red) with misorientation angle
between 25 and 55° over the quality index map. (b) Total GB length fraction and (c) GB
fraction with misorientation angle between 25 and 55°.

3.5.1 Strain state

The strain state of each weld zone was evaluated using HV1 and HV5 hardness measure-
ments but also from EBSD data. Hardness maps are shown in Figure 3.23 and a hardness
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Figure 3.22: Residual δ-ferrite bands with Mo-rich precipitates (bright contrast) observed
in HAZ at the austenite/ferrite interface with a (a) diamond and (b) elongated morpholo-
gies and (c) EDS maps of major elements in (a): Fe, Ni, Cr and Mo.

profile crossing the three weld zones is shown in Figure 3.31. Hardness values in the FZ,
between 137 and 163 HV1 (Figure 3.31), were comparable to that of the as-received ma-
terial (155 HV1). Moreover, in this zone no significant strain was observed, as suggested
by the GOS and KAM maps shown in Figures 3.20 (f) and (g), respectively.

In the CGHAZ, GOS and KAM maps (Figures 3.20 (f) and (g)) showed very simi-
lar values to those obtained for the as-received state and the FZ, suggesting the absence
of plastic strain. This is also consistent with low hardness values obtained in this zone,
between 140 and 150 HV1. A decrease of hardness is commonly observed in the CG-
HAZs [201] and might be induced by the grain growth, in relation to the Hall-Petch effect,
and/or the presence of tensile residual stresses, as it was suggested by Pommier [45].

In the HAZ, GOS and KAM maps of the HAZ suggested higher strains in comparison
to the other two zones and the as-received state, especially towards the plate mid-thickness
((Figure 3.20 (f) and (g)). This is consistent with the hardness increase measured in the
cross-section of the welded plate, with the highest value, close to 180 HV1, found at
distance of 4 to 5 mm from the FZ, near the plate mid-thickness (Figure 3.31). Such
a result is in agreement with the data reported by Auzoux et al. [13], who observed
hardening due to welding in regions up to 15 mm away from the FZ, with highest values
at 4 mm from the FZ. Both GOS maps and hardness profile of the welded plate section
were not perfectly symmetrical with respect to the mid-thickness plan (XY). This was
most certainly due to a partial recovery induced by the second welding pass. From these
observations, it was concluded that the specimens in single-pass welded state further used
for SRC tests did not contain any region perfectly equivalent to the as-received state (i.e.
annealed). Instead, all of the plate was considered to be affected by the welding heat.

From these strain analyses, cavity nucleation could be expected to be more favorable in
the HAZ due to higher hardening than the two other regions. Besides, cavity nucleation
in the HAZ of the single-pass welded material could be expected to be more favorable
than in the as-received material, but less favorable than the higher strained cold-rolled
material.
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Figure 3.23: Hardness in a cross-section of the plate in a single-pass welded state with
(a) and (b) locations of hardness measurements, (c) and (d) bilinear interpolation maps
of HV5 and HV1 hardness, respectively.
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3.5.2 Effect of thermal exposure

To simulate microstructure evolution induced by further relaxation treatment, specimens
in single-pass welded state were aged at 575 °C for 580 and 1470 h. Because composition
of the single-pass welded material was the same as of the as-received material, the stable
phases were assumed to be the same as identified earlier. Single-pass welded material was
thus only aged at the temperature and duration used further for relaxation, also to be
compared to the as-received and cold rolled materials.

After 580 h, ferrite grains, both in the form of vermicular ferrite in the FZ or residual
ferrite in the CGHAZ/HAZ, showed a complex microstructure composed of multiple phases
as suggested by the BSE contrast under SEM (Figure 3.25 (a) and (g)). Element analysis
performed by EDS under SEM was carried out on those partially decomposed ferrite
grains (Figure 3.24), revealing similar results to the residual ferrite in the aged as-received
material: Mo-rich film at austenite/ferrite interface, small Mo-rich precipitates (named
"2" in Figure 3.24 (a)), large Mo-rich and slightly Cr enriched precipitates (named "4"),
Mo/Cr/C rich but Fe-poor precipitates (named "5"), Ni-rich precipitates (named "6") and
finally Ti/N rich inclusions. By comparing chemical composition of the phases identified in
the residual ferrite of the as-received material aged at 650 °C for 24 h and those measured
here, hypothesis on the nature of these phases could be made: small Mo-rich precipitates
would correspond to χ and/or R phases, Mo/Cr/C rich would correspond to chromium
carbides Cr23C6 and Ni-rich precipitates to regenerated austenite γR. The last phase,
rich in Cr and in Mo to a lesser extent, could correspond to the σ-phase, as discussed
for previous material states. Note that the presence of σ-phase is commonly observed in
partially decomposed vermicular ferrite in welded 316L(N) steel [202].

Asides from the vermicular ferrite, no precipitate was observed at the austenite grain
boundaries in the FZ nor in the CGHAZ. However, a few precipitates rich in Cr/C/Mo,
assumed to be chromium carbides, were observed at the austenite grain boundaries ex-
clusively in the HAZ with an average size of 230 nm and were accompanied by smaller
Mo-rich precipitates (Figure 3.25 (e)). After 1470 h of ageing, some Mo-rich precipitates
were observed at austenite GBs in the FZ (Figure 3.25 (b)), but chromium carbides were
still absent. In the vermicular ferrite of the FZ, the same phases as after 580 h were
observed. However, the fraction of ferrite appeared to be lower than after 580 h. In the
CGHAZ, carbides were observed at the austenite GBs (Figure 3.25 (d)). In the HAZ, a
much higher number of carbides was observed at austenite GBs after ageing for 1480 h
(Figure 3.25 (f)) as compared to the 580 h treatment, with an average size of 220 nm.

The carbide precipitation was observed to be faster in the HAZ than in the CGHAZ and
the as-received state, in which no precipitation was observed after 580 h at 575 °C. This is
most probably due to the higher strain state of the HAZ, accelerating precipitation [67].

From the results of thermal ageing of the single-pass welded material, additional insight
on SRC susceptibility of each zone can be discussed: firstly, the earlier precipitation of
carbides in the HAZ makes it more prone to SRC than the CGHAZ. Secondly, similarly to
the residual ferrite in the as-received material, cavity nucleation in the FZ can be expected
to occur first in vermicular ferrite grains. Besides, the absence of carbides on austenite
GBs in the FZ even after 1470 h at 575 °C make these sites very unfavorable to SRC.
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Figure 3.24: Microstructure of residual ferrite in a single-pass welded state aged at 575 °C
for 580 h, showing the (a) BSE image of the ferrite grain and EDS maps of (b) Fe, (c) Cr,
(d) Ni, (e) Mo, (f) Mn, (g) C, (h) N and (i) Ti (SEM-BSE and EDS).
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Figure 3.25: Microstructure of a single-pass welded state aged at 575 °C for 580 and
1470 h, showing the (a) and (b) microstructure evolution of the vermicular ferrite in the
fusion zone (FZ), (c) and (d) carbide precipitation at the austenite GBs in the HAZ and
(e) and (f) decomposition of the residual ferrite in HAZ (SEM-BSE).



3.6. MULTI-PASS WELD 109

3.6 Multi-pass weld

Real industrial weld joints require multi-pass welding of the material, with sometimes more
than 20 successive passes. Therefore, to produce material closer to industrial weldments,
multi-pass welding state was achieved performing multiple passes on each face of the
316L(N) steel plate in as-received state. It was chosen to operate only five successive
passes on each face, as these allowed reaching comparable hardening to that of the HAZs
of industrial multipass welds [13]. Typically, hardness in HAZs of industrial welds reaches
up to a 30% increase from the base metal (as-received state). As it will be presented
further, the five welding passes chosen for this work allowed a hardness increase of 27%
from the as-received state, while single-pass welding only allowed an increase of 17%
at maximum. Besides, it is important noting that industrial welds are achieved by the
successive deposition of molten metal on top of the previous solidified passes, thus the first
weld passes are not significantly affected by welding heat of the last passes. In this work,
the choice of not using filler metal allowed to apply successive welding heat cycles on the
same regions.

The geometry of the resulting multi-pass weld was observed using optical microscopy,
shown in Figure 3.26. The main difference with the single-pass welded state was the
shape of the weld pool, which formed a bulge in the outer surface of the plate due to the
successive accumulation of molten metal at the welding centreline. The formation of this
bulge also led to a global distortion of affected zones, visible by the distribution of residual
ferrite bands under the weld pool (small lines in bright contrast in Figure 3.26 (a)). These
appeared to be aligned along a curve rather than the usual horizontal line as on the sides
of the weld pool.

The microstructure of the FZ appeared to be more complex than in the single-pass
welded state due to the overlapping microstructure resulting from the successive welding
passes. Transition regions between the multiple weld pools were observed by the presence
of curved regions with bright contrast in the weld pool (Figure 3.26 (a)) enlarged in Figures
3.26 (b) and (c). The microstructure of the transition region between weld pools of two
different passes illustrated in Figure 3.26 (c) revealed variations in morphology and size
of the vermicular ferrite formed during welding. Similarly to the single-pass welded state,
no GB precipitates were observed after multi-pass welding.

EBSD analyses carried out for the multi-pass welded state showed a microstructure
very similar to the one observed in the single pass welded specimen, also constituted of
the FZ, CGHAZ and HAZ (Figures 3.27 (a) and (b)).

3.6.1 Strain state

EBSD data together with hardness measurements were used to evaluate strain state of each
weld zone. Hardness in the HAZ was higher in the multi-pass state than in the single-pass
one, with a maximum value of 205 against 186 HV1, respectively (Figure 3.31). Hardness
in the FZ and CGHAZ was quite similar, even though CGHAZ hardness was slightly
higher than that in single-pass state in one of the two sides of plate (around d = 13 mm in
the profile). The GOS map revealed significant differences (Figure 3.27 (c)) as compared
to that obtained for the single-pass welded state, with GOS values between 0.5 and 4° in
both CGHAZ and FZ. In addition, it appeared that the CGHAZ was composed of several
regions, with a peak of GOS in the middle of the zone (Figure 3.27 (c) and Figure 3.27 (d)).
This is most certainly the consequence of the overlapping welding microstructures from
different welding passes, which were not exactly performed at the same position or height
at each pass and resulted in heterogeneity within the zones themselves.

Hardness of the multi-pass welded state after ageing at 575 °C for 1470 h was also
measured (Figure 3.28). It showed a decrease in the center of the HAZ, between 10 and
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Figure 3.26: Geometry of the weld with different zones as observed by optical microscope of
the multi-pass welded sheet, with: (a) overview of the whole weld pool; (b) the intersection
of two weld pools from two different welding passes delimited by black dashed lines; (c)
enlarged view of discontinuities of the vermicular/skeletal ferrite between two welding
passes. Locations of images (b) and (c) are indicated in image (a).
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Figure 3.27: EBSD analysis of welding microstructure in multi-pass welded state: (a) IPF
in X direction, (b) grain size (µm) map, (c) GOS map and (d) profiles of grain size and
GOS integrated along the Z axis. Analysis was performed with acquisition step of 3 µm.
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Figure 3.28: Hardness HV1 profiles measured in a plate cross-section in as multi-pass
welded plate (black) and after 1470 h at 575 °C thermal ageing (red).

13 mm from the plate surface, suggesting the partial recovery in the HAZ.
Because of the higher hardening in the HAZ of the multi-pass welded material than

in both the as-received and the single-pass welded materials, the HAZ of the multi-pass
welding would be expected to be more prone to SRC. Also, the heterogeneous distribution
of strain observed in the CGHAZ could induce a heterogeneous distribution of damage
and eventually particularly weak regions. Similarly, the FZ can be expected to behave
differently to that of the single-pass welded material because of the overlapping welding
passes.

3.6.2 Effect of thermal exposure

To investigate the effect of temperature on microstructure of the multi-pass welded state,
a specimen was aged at 575 °C for 1470 h. The resulting microstructure observed in the
FZ was similar to the one obtained after ageing under similar conditions of that of the
single-pass welded state, and the residual ferrite of the as-received state. From the BSE
contrast in SEM and by comparison with other aged states, these phases were presumed to
be chromium carbides, regenerated austenite γR, σ-phase and Mo-rich phase precipitates
(χ/R phases), resulting from the partial ferrite decomposition (Figure 3.29 (a)). In both
CGHAZ and HAZ, carbide precipitates and Mo-rich phase precipitates were observed at
the austenite grain boundaries (Figure 3.29 (b)), but their density did not appear to be
higher than in the single-pass welded state aged in the same conditions.

Thermal ageing of multi-pass welded material showed no notable differences with
single-pass welding material. As a result, no difference in the cavity nucleation location is
expected.
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Figure 3.29: Microstructure of multi-pass welded state aged at 575 °C for 1470 h, with
(a) the partial vermicular ferrite decomposition in the fusion zone (FZ), (b) precipitates
at the austenite GB in the CGHAZ and (b) in the HAZ (SEM-BSE).

3.7 Cold-rolled single-pass welded

Single-pass welding was applied on a priory cold-rolled plate to introduce additional strain
in a weld microstructure (Section 2.1). While this was originally carried out to introduce
additional plastic strain in both the CGHAZ and HAZ, hardness measurement presented
further actually showed that the process led to a very homogeneous straining throughout
the weld zones. This would allow studying the susceptibility of each zone to SRC without
the influence of hardening usually observed in the HAZ.

The geometry of resulting weld pool was observed using optical microscope and is
shown in Figure 3.30. The shape of resulting weld pool was close to that observed in the
single-pass welded plate, with a slightly larger and deeper welding pool indicating only
minor effect of prior cold-rolling on the weld geometry.

Figure 3.30: Geometry of the weld with different zones as observed by optical microscope
of the cold-rolled and subsequently single-pass welded state.
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Figure 3.31: Hardness HV1 profiles across the thickness of welded plates, for single-pass
welded plate (red), multi-pass welded plate (blue) and cold-rolled and single-pass welded
plate (green).

3.7.1 Strain state

Hardness profile of the cold-rolled single-pass welded state obtained across plate thickness
showed that despite an important initial straining due to cold-rolling as compared to as-
received state, the hardness of the cold-rolled single-pass welded state was lower than that
measured for both single-pass and multi-pass welded states (Figure 3.31). It seems thus
that increased strain hardening induced by cold-rolling was partially recovered by thermal
exposure during the welding process. According to Auzoux [13], recovery annealing of
prior work-hardening in a 316L(N) steel occurs mostly between 650 and 1400 °C (liquidus
temperature). Due to the cold-rolling process, the plate thickness is lower (12 mm) than
that of the plates in single-pass and multi-pass welded states (both about 15 mm thick).
Consequently, temperatures reached at mid-thickness during welding were expected to be
higher, allowing even more important recovery. Indeed, FEM simulations of welding were
performed using Cast3M software [203] ’test case’ of TIG welding, using the experimental
welding parameters described in Section 2.1.4 and real dimensions of the 316L(N) steel
plates. Resulting estimations of thermal fields showed that the decrease of plate thickness
from 15.45 to 12 mm led to an increase up to 45% of the peak temperature at the side of
the plate opposed to welding (Appendix B.2).

Finally, the hardness measurements carried out for cold-rolled single-pass welded state
showed that prior cold rolling allowed the homogenisation of strain state throughout the
whole weld for FZ, CGHAZ and HAZ (Figure 3.31). This is particularly interesting re-
garding SRC tests: if differences in damage between the three zones in this material state
are observed, it could only be due to the microstructure. As a result, it is expected that
the FZ and the CGHAZ will be more prone to SRC, because of larger grains than in the
HAZ.

3.8 With increased grain size

Grain size is often described in the literature as an influencing factor for SRC, increasing
the susceptibility of a material to damage (Section 1.4). In order to evaluate the influence
of this factor only, material with grain size larger than the as-received state was produced.

In order to a material with higher grain size than the as-received state, the steel in
as-received state was submitted to heat treatment at 1300 °C for 1 and 2 h. The resulting
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Figure 3.32: Images of the (a) as-received material, (b) single pass weld, (c) as-received
after 1 h and (d) 2 h at 1300 °C.

microstructure was compared to that in as-received state and to CGHAZ of single-pass
welded state (Figure 3.32). The increase of heat treatment duration from 1 to 2 h at
this temperature did not appear to significantly increase the grain size. An average grain
size of 270 (when the twins are considered to form grains) and 470 µm (when the twins
are considered to be inside the grains) was obtained for both cases (Figure 3.33 (c) and
(d)). These represented higher grain sizes than those measured in both as-received state
(90 µm) and CGHAZ of a single-pass welded state (200 µm).



116 CHAPTER 3. MICROSTRUCTURE OF MATERIAL STATES

Figure 3.33: EBSD analysis of a sample heat treated at 1300 °C for 2 h, with (a) IPF-IQ
with twins, (b) IPF-IQ simulated without annealing twins and as-received (AR) IPF map
to scale of the as-received sample for comparison (c) grain size distribution maps for both
maps.
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3.9 Summary and conclusions

Different microstructural states of the studied 316L(N) steel were produced to get insight
into the micromechanisms of the SRC phenomenon. Every state accounted for different
parameters known to have a significant effect on SRC, namely, grain size and morphology,
hardening and secondary phase precipitates.

Characterization of the material states prior to thermal ageing revealed the following
properties:

• As-received state showed a well-annealed austenitic microstructure consisting of
equiaxed grains of size of 90 µm and no crystal texture with a low fraction of residual
ferrite and few inclusions.

• Cold-rolled state showed a strained microstructure, with mechanical twins, local
rotation of grains.

• Single-pass welded state presented a typical heterogeneous welding microstructure
composed of three main regions: the fusion zone (FZ), the coarse grain heat affected
zone (CGHAZ) and the heat affected zone (HAZ). Because of the low plate thickness
(about 15 mm), all the material was considered to be affected by the heat from
welding, leading to higher hardening than that in as-received state throughout the
plate thickness, as suggested by hardness measures and EBSD analysis (with GOS
and KAM methods).

• Multi-pass welded state presented the same three weld zones but with hardening het-
erogeneity being revealed within both FZ and CGHAZ, resulting from the successive
welding passes. A higher overall hardening was observed in the HAZ as compared
to the HAZ of the single-pass welded material.

• Cold-rolled welded plate showed the same three weld zones but revealed a homoge-
neous level of hardening over the zones.

To better understand the precipitation nature and kinetics in the different material
states without the effect of pre-strain from Turski compression, the different states were
heat treated at different conditions. Subsequent microstructure characterisation revealed
precipitates at the austenite grain boundaries and within residual ferrite:

• In the as-received material after ageing, but also in the CGHAZ and HAZ of aged
welded specimens, Cr23C6 carbides often close to Mo-rich intermetallics were ob-
served at austenite grain boundaries. While the precipitation of carbides was ex-
pected from thermodynamic computations, the Cr23C6 were found to precipitate
slower than reported in the literature [67]. This could lead to a higher resistance to
SRC of the studied 316L(N) steel to other 316L(N) steels studied in the literature,
because residual stresses could relax faster than the time required for secondary
phases precipitation at grain boundaries. Indeed, it was shown in the literature that
during a relaxation test applying a constant strain, most of stresses (70%) relaxed
before 500 h of ageing at 575 °C in a 316L(N) steel similar in composition to the one
studied [45].

• Prior cold-rolling was found to accelerate GB precipitation, in agreement with the
literature [67].

• In both vermicular and residual ferrite regions, the partial ferrite decomposition
into a complex distribution of Cr23C6, χ, R phases and regenerated austenite was
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observed after thermal ageing. Cr23C6 precipitated faster in the ferrite, after a few
hours at 650 °C in the as-received state, than at the austenite grain boundaries
(168 h at 650 °C), due to the higher content in chromium and molybdenum and
faster diffusion in the ferrite.

Based on these analyses, hypotheses on susceptibility to SRC of each material state
could be made:

• Cold-rolled state is excepted to be more prone to SRC than the as-received state
because of the higher hardening but also faster precipitation of carbides.

• The material with increased grain size is also expected to be more prone to SRC than
the as-received material, according to industrial observations [3,4,33,46,139,158,159].

• Similarly, heat affected zones (HAZ and CGHAZ) of welded materials (single and
multi-pass welded) are expected to be more prone to SRC than as-received material,
both because of a higher grain size (in the CGHAZ) and higher hardening (in the
HAZ) than that in the fusion zone.



Chapter 4

Generation of residual stresses and
strains

Résumé
Dans ce chapitre, la compression suivie d’une décharge, appelée compression de Turski, a été
appliquée à des éprouvettes de type CT usinées à partir de chaque état de matériau étudié. Ceci,
afin de générer des niveaux contrôlés de contraintes résiduelles de traction et de déformation
plastique.

Chaque état a été exposé à plusieurs niveaux de compression, visant différents niveaux de
forces motrices de FeR, c’est-à-dire de contraintes résiduelles et de déformations, visant ainsi dif-
férents niveaux d’endommagement après la relaxation. Pour estimer les contraintes résiduelles
et les champs de déformation après la décharge, des simulations par éléments finis en 3D de la
compression de Turski ont été réalisées. Le modèle élasto-plastique de Chaboche a été utilisé, avec
des paramètres représentatifs de chaque type de microstructure. Les paramètres cinématiques du
modèle ont été déterminés à partir d’essais de traction-compression et de compression-traction sur
l’état de réception et laminé à froid. Afin d’identifier les paramètres du modèle liés à l’écrouissage
isotrope, des essais de traction de l’état de réception, du matériau à gros grains et de l’état soudé
monopasse ont été réalisés. Le comportement en traction des différentes zones de la soudure a
été évalué en utilisant des éprouvettes de 1 mm d’épaisseur. Pour les matériaux soudés mono et
multi-passe, un maillage 3D hétérogène a été réalisé à partir des observations macrographiques des
sections de plaques soudées, en tenant compte de la forme des soudures et des différentes propriétés
des zones soudées.

L’étude mécanique des différents états des matériaux a conduit à plusieurs conclusions :

• En accord avec les mesures de dureté présentées dans le Chapitre 3, un écrouissage de la ZAT
a été identifié dans les matériaux soudés, avec un écrouissage supérieur aux ZF et ZATGG
mais aussi par rapport à l’état de réception. La réponse expérimentale macroscopique Force-
CMOD (déplacement d’entaille) de chaque état de matériau à la compression Turski a été
comparée aux résultats de la simulation, montrant globalement de bons accords. Ceci a
suggéré que les simulations sont suffisamment fiables pour estimer les contraintes résiduelles
et les champs de déformation générés par la compression/décharge. Dans les éprouvettes
CT de matériaux soudés, les contraintes résiduelles générées par le soudage ont été com-
plètement modifiées par la compression de Turski : il a été démontré que les contraintes
de soudage initiales avaient une influence négligeable sur le niveau de contraintes résiduelles
post-compression. Les contraintes résiduelles des états soudés n’ont donc pas été prises en
compte pour la suite de l’étude.

• Le gradient du niveau de contrainte résiduelle à travers l’épaisseur de l’échantillon, calculé par
simulation, a été estimé comme étant relativement faible. Les différentes zones de soudure
ont alors été considérées comme étant soumises à des niveaux de contraintes résiduelles
similaires pour une même distance à l’entaille.

• Les simulations ont révélé qu’il n’était pas possible d’obtenir à la fois des niveaux de
contraintes résiduelles simiaires et de déformation plastique similaires, pour des états de
matériau différents. Par conséquent, les états mécaniques après compression ne peuvent être
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comparés que par le CMOD (déplacement) final, le niveau maximum de contrainte résiduelle
ou le niveau maximum de déformation plastique cumulée, mais pas les trois simultanément.

• En les comparant aux seuils FeR minimums de contrainte et de déformation plastique pro-
posés dans la littérature, les résultats de la simulation ont montré que certaines des éprou-
vettes comprimées pour chaque état pouvaient être susceptibles à la formation de fissures,
d’autres seulement à la formation de cavités ou encore à aucun endommagement.
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The previous chapter provided characterisation results of the microstructures of each
material state and consequently identification of the ones that might be most prone to
stress relaxation cracking. The mechanical tensile properties associated to the different
microstructures had then to be characterized for further elasto-plastic mechanical FEM
simulations.

Pre-straining by compression and unloading (Turski compression) was applied to the
different material states to generate residual stresses and induce plastic strain using CT-like
specimens, prior to the thermal relaxation. The residual stresses resulting from the Turski
compression had to be sufficiently high to trigger SRC, thus, numerical simulations using
finite-element method (FEM) were used to design the CT-like specimen geometry and to
chose the compression conditions. The results of FEM were further used to evaluate SRC
thresholds for each microstructure after stress relaxation, by confronting the measured
damage to the computed stress and strain.

4.1 Tensile properties of material states

To adjust the mechanical behaviour law parameters required for FEM simulations, tensile
tests were performed at room temperature following the procedure described in Section
2.3. Tensile curves for as-received, single-pass welded materials and material with increased
grain size are shown in Figure 4.1. The average yield, RP 0.2, and maximum, Rm, strength
are detailed in Table 4.1.

Standard tensile specimens made of the as-received material were machined in two
directions: hot rolling direction (Y-axis) and transverse direction (X-axis). Results showed
very similar properties for both directions (Figure 4.1 (a) and Table 4.1), suggesting an
isotropic behavior in the (XY) plane. The tensile curve obtained for the material with
increased grain size (Figure 4.1 (a)) showed a significant decrease in both Rm and RP 0.2
as compared to the as-received state, due to the higher grain size, which is consistent
with the Hall-Petch relationship. For the single-pass welded material, 1 mm thick tensile
specimens were machined across the welded plate thickness, transversely (Figure 4.1 (a)),
and parallel (Figure 4.1 (b)), to the welding direction. A total of 30 tests were carried out,
with 8 specimens machined from the FZ, 4 from the CGHAZ and 18 from the HAZ. The
difference in number of specimen for each weld zone is due to the difference in thickness
of each weld zone in the welded plate. Slightly higher values for both RP 0.2 and Rm

were measured for the three weld zones of the single-pass welded specimens machined in
the parallel direction (X-axis) as compared to the transversal one (Y-axis) (Table 4.1),
suggesting a slight higher strength in the X direction.

The yield strength, RP 0.2, measured for the HAZ was higher than the one obtained
for the as-received material, and than in the other two weld zones (CGHAZ and FZ), con-
firming the strain hardening induced by the heat of the welding process (Section 3.5.1).
As expected, the maximum strength value, Rm, measured for the HAZ was only slightly
higher than the one obtained for the as-received material, since no significant microstruc-
ture transformation was observed in the HAZ. On the contrary, the larger grain size in the
FZ, as compared to that in as-received material, induced a decrease of both RP 0.2 and Rm.
In general, the mechanical behavior of the CGHAZ appeared to be in between that of the
FZ and HAZ. It is worth noting that the mechanical behavior of this zone was difficult to
interpret, since the CGHAZ thickness (between 0.55 and 1 mm) was about (or even lower)
that of the tensile specimen thickness. Thus, it is possible that several of the CGHAZ
specimens contained also a part of the FZ or the HAZ, thereby affecting the measured
values of RP 0.2 and Rm. In the CGHAZ, while the measured Rm was slightly lower than
the one obtained for the as-received material, the average RP 0.2 was about 10 MPa higher.
This is not a significant difference, given that the standard deviation of RP 0.2 measured
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Figure 4.1: Tensile curves for as-received state, material state with increased grain size
(MIGS), single-pass welded material (mini specimens) with the FZ, CGHAZ and the HAZ,
in which tensile test specimens were machined in the (a) Y (transverse to welding) and
(b) X (parallel to welding) directions.

for the CGHAZ was about 15 MPa. The significant difference in grain size between the
CGHAZ and the material with increased grain size, 330 against 470 µm, respectively, is
most probably responsible of the difference in RP 0.2 and Rm values measured here.

Table 4.1: Yield, RP 0.2, and maximum tensile, Rm, strength in MPa of the as-received
state (AR), material state with increased grain size (MIGS) and different weld zones of
the single-pass welded material. Averaged values are presented for each welding zone,
considering tensile test performed in both Y (transverse to welding) and X (parallel to
welding) directions. Directions are detailed in Figure 2.2.

Material AR MIGS FZ CGHAZ HAZ
Property RP 0.2 Rm RP 0.2 Rm RP 0.2 Rm RP 0.2 Rm RP 0.2 Rm

X direction 301 593 - - 295 545 319 588 362 624
Y direction 301 591 208 518 285 544 300 576 346 606
Average 301 592 - - 290 544 310 582 354 615

4.2 Mechanical simulations
Mechanical simulations using finite element method were performed to predict residual
stresses generated in the notch root of the CT-like specimens after the Turski compression,
ensuring the necessary conditions to trigger SRC by compression. The FEM computations
were performed with Cast3M software [203], by considering 3D symmetry. Only a quarter
of the CT-specimen was represented.

4.2.1 Model and parameters

The simulations were carried out under continuum mechanics hypothesis, and thus did
not take into account local heterogeneities due to the microstructure: namely, grain orien-
tation and morphology, grain boundaries, secondary phase precipitates. The mechanical
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Table 4.2: Chaboche model parameters used in this work to simulate the compression
tests of the different states of 316L(N) steel.

Parameter As-received FZ
E [MPa] 200.103 200.103

ν [-] 0.3 0.3
A1 [MPa] 70 70
C1 [-] 100 200
A2 [MPa] 200 200
C2 [-] 2 2
ψ [-] 1.25 1.25
Ω [-] 2 2
R0 [MPa] 230 230
RM [MPa] 830 950
b [-] 3 2.05

behavior of the 316L(N) steel at room temperature was described by the constitutive equa-
tions proposed by Chaboche [204], accounting for both isotropic and kinematic hardening.
The elastic behavior was described by Hook’s law. In the elasto-plastic framework, the
plasticity criterion follows the equation (4.1). Equations (4.2) and (4.3), (4.4) describe
kinematic hardening, while equation (4.5) describe the isotropic hardening.

J2(¯̄σ − ¯̄X) = R(p) (4.1)

¯̄X = ¯̄X1 + ¯̄X2 (4.2)

d ¯̄Xi = Ci.(
2
3 .Ai.ϕ(p).d¯̄εp − ¯̄Xi.dp) (4.3)

ϕ(p) = 1 + (ψ − 1).e−Ω.p (4.4)

dR = b.(RM −R).dp, with R(0) = R0 (4.5)

J2 denotes for the second principal invariant of the stress deviatoric tensor, ¯̄σ the stress
tensor, ¯̄X the kinematic stress tensor, ¯̄εp the plastic strain tensor and p the cumulated
plastic strain. Ai, Ci, ψ, Ω, b, RM and R0 are material-dependent parameters. Table
4.2.1 details the values of parameters adjusted from experimental data, and the Young’s
modulus, E, and Poisson’s ratio, ν, for each material state and weld zone. Kinematic
hardening parameters were fitted using experimental tension-compression curves for a
316L(N) of very similar composition to the one studied, taken from Pommier [45] and
shown in Figure 4.2. The other model parameters were adjusted using experimental tensile
curves obtained for each type of material state.

Comparisons of experimental and simulated curves for both as-received (Figure 4.2 (a))
and cold-rolled (Figure 4.2 (b)) states show that they are in good agreement. Cold-rolled
state was simulated by imposing an initial accumulated plastic strain of 22% prior to
compression, representative of the cold-rolling process.

As the similar microstructure was observed in both as-received state and HAZ of
single and multi-pass welded state, the same material parameters was considered for both.
However, as shown by the tensile tests the hardening in the HAZs was different than the
as-received state (Figure 4.1). The work hardening induced by welding heat was then
accounted for by imposing an initial cumulated plastic strain of 4% in the HAZ for the
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single-pass weld material, value chosen to fit the experimental tensile curve of the zone
(Figure 4.2 (c)). Because of time and cost limitations, tensile testing of multi-pass welding
material was not performed. Consequently, the initial cumulated plastic strain of the HAZ
in the multi-pass welding material was estimated from the empirical relationship between
hardness increase and cumulated plastic strain known for the cold-rolled material and
that of the HAZ of the single-pass welded material (Chapter 3). Indeed, the cold-rolled
material showed a increase in hardness of 90% as compared to the as-received material,
and was correlated to a cumulated plastic strain of 22%. HAZ of the single-pass welded
material presented a hardness increase of 5%, equivalent to a cumulated plastic strain
of 4%. A linear fit of this tendency suggested a cumulated plastic strain of 5.3% for a
hardness increase of 17%, corresponding to the average hardness increase of the HAZ in
the multi-pass welding material. While this approach is disputable, it was proven to lead
to relevant results for simulations as presented further (Figure 4.10).

CGHAZ was not accounted for in the numerical simulations due to its small thickness
(less than 1 mm) and consequently the uncertainty concerning its mechanical properties,
as previously discussed in Section 4.1. Comparison of experimental and simulated tensile
curves of the as-received, single-pass welded material (FZ, CGHAZ and HAZ) and material
with increased grain size is shown in Figure 4.2 (c). Behavior of material with increased
grain size was simulated using parameters used for the as-received state, with the exception
of R0 which was adjusted to 180 MPa to fit tensile curves. True strain ε was computed from
engineering strain e using the formula ε = ln(1 + e) with ln being the natural logarithm.
True stress σ was computed from engineering stress s using the formula σ = s(1 + e)

4.2.2 Design of the CT-like specimen geometry

Several CT-sample geometries were tested numerically, varying the notch radius, but also
the crack mouth geometry, as illustrated in Figure 4.3 (a). Due to the symmetry of the
problem, only a quarter of the CT-specimen was considered for the FEM simulations. The
"notch 1" geometry was used for CT specimens made of cold-rolled material for comparison
with literature results [45, 47]. Two additional notch geometries were tested for the CT
made of the other material states, notches "2" and "3". These were designed to avoid notch
crushing during high compression loads. Indeed, cold-rolled specimens were hardened
prior to compression, as a consequence the displacement necessary to reach high levels of
residual stress was much lower than for CT made of as-received, single-pass, multi-pass
welded material. Notch "3" was designed to withstand the highest risk of mouth crushing
but with a mouth design relatively different from the original notch "1", while notch "2"
was designed as an intermediate of the two latter. The three notch designs were then
compared using the same material parameters and compression conditions. Simulations
results showed very similar trend and values of residual stresses. As an example, prediction
of residual stresses at mid-thickness after compression at 26 kN of CT made of cold-rolled
material are shown in Figure 4.3. These showed maxima of 754, 756 and 757 MPa for
notch geometry 1, 2 and 3, respectively.

Since the difference between the three notch geometries was negligible, it was chosen
to use the design allowing the highest safety of all three, thus the notch "3". Asides from
cold-rolled material, this design was kept for all CT made of other materials.

4.2.3 Mesh and sensitivity analysis

A 3D mesh of a quarter of the CT specimen with notch "3" geometry for FEM simulation
was made using cubic finite-elements, with bigger elements (size of 1.00 mm) being located
in areas where low strain was expected and smaller ones near the notch root, as shown in
Figure 4.4. The size of elements near the notch root was determined by gradually increas-
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Figure 4.2: Tension-compression and compression-tension tests experimental and simu-
lated curves for a 316L(N) steel in the (a) as-received, (b) cold-rolled and (c) single-pass
welded material and material with increase grain size. Experimental data of (a) and (b)
was gathered from Pommier [45]. Data in (c) was obtained in this work.

ing the number of finite elements in this region, where the mesh was the most sensitive to
the element size. Figure 4.5 compares residual stresses computed at mid-thickness near
the notch root using element sizes ranging from 1613 to 10 µm. An element size of 17 µm
allowed achieving a difference in the residual stress peak lower than 1% in comparison to
the finest tested mesh size (10 µm), while allowing much quicker computation time. This
mesh size was thus kept for all simulations.

In the case of CT made of single and multi-pass welded materials, the shape and di-
mensions of the mesh for the fusion zones were determined from experimental macroscopic
images of single (Figure 3.19 (a)) and multi-pass (Figure 3.26 (a)) welded plates. CGHAZ
was not included in the mesh due to its size, as previously discussed in Section 4.2.1.
Figure 4.6 (a) and (b) show the quarter 3D meshes for the single and multi-pass welded
states, respectively.
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Figure 4.3: Comparison of computed residual stresses for different CT notch geometries:
(a) fields and (b) σY Y profile at mid-thickness of CT-like samples after the compression
loading and unloading of a 26 kN load, considering material parameters identified for the
cold-rolled material as an example, and geometries with thickness e = 15 mm and notch
radius r = 0.75 mm.

4.2.4 Influence of prior residual stresses

Residual stresses are one of the main driving forces required for SRC in metallic compo-
nents, hence they must be carefully considered for the characterization of the mechanical
behavior of welded plates. Even though the hardening induced by welding was taken
into account in the FEM simulations by imposing representative plastic strains as initial
boundary conditions, the influence of prior residual stresses was not accounted for.

To determine the effect of prior residual stresses on the mechanical response of a CT
specimen made of single-pass welded material, simulations of Turski compression were
also carried out imposing residual stresses prior to loading. Experimental measurements
or numerical simulations of GTAW found in the literature typically indicate complex
distributions of residual stresses within metallic plates [131,137,205]. Besides, GTA multi-
pass welding was performed at the CEA Saclay on the studied 316L(N) steel in the form of
Borland specimens (see details of the specimen in Section 1.4.3) with a 19-15 steel as filler
metal for another study, with a total of 18 welding passes. Post-welding residual stresses
of these specimens were measured by contour and incremental deep hole drilling (iDHD)
methods, showing a maximum of 436 MPa. Hence, in the case of the steel plates studied
here, welded with a much lower number of passes (5 at maximum), were expected to have
post-welding residual stresses lower than 436 MPa. X-ray diffraction method was also used
in this work to estimate residual stresses in a single-pass welded plate, but the obtained
results were not relevant enough to be considered. Measured magnitudes and distribution
of residual stresses were too far off from what is commonly found in the literature. This
could be due to the source used, or to the chosen diffraction peak used for measurement.
Typically, it was shown in the literature that using Mn-Kβ X-rays significantly improves
the accuracy of stress measurements for austenitic stainless steels [206]. Unfortunately,
this source was not available in the equipment used for this work so this could not be
tested. The value of 436 MPa was then kept as the maximum post-welding residual stress
magnitude possible in the welded materials studied in this work.

To simulate the compressive loads experienced by the affected zones of the weld during
welding process, leading to both hardening and tensile residual stresses, a prior compres-
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Figure 4.4: Section of the 3D mesh constructed with the CAST3M software, and account-
ing for a quarter of CT-like specimen used for FEM simulations with (a) the whole section
and (b) a close-up near the notch root.

Figure 4.5: Comparison of computed residual stress σY Y profile at mid-thickness from the
notch root, considering parameters adjusted for the as-received material, using different
mesh density for the CT-like specimen.
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Figure 4.6: 3D mesh of a quarter of the CT-like specimen of (a) single-pass welded state
and (b) multi-pass welded state, used for FEM computation. FZ is displayed in blue and
HAZ in grey.

sion at lower load was then applied numerically to a CT specimen as described in Figure
4.7 ("double load 1st cycle"). The load was chosen aiming for maximum residual stresses
of about 435 MPa, corresponding to the extreme case of multi-pass welding passes of a
316L(N) steel. As shown by the resulting residual stresses profiles in Figures 4.8 (a) and
(b), this first loading ("Double load 1st cycle") allowed reaching tensile residual stresses of
about 435 MPa up to a distance of 0.5 mm from the notch, which then quickly decreased.
This prior loading also allowed the hardening of the specimen, up to 8% of cumulated
plastic strain at the notch root. After unloading, the CT specimen was compressed a
second time with the higher load, shown in Figure 4.7 ("Double load 2nd cycle"). This
second load allowed reaching residual stresses of 578 MPa at maximum, and plastic strain
of 18% (Figure 4.8). This second load was compared to the normal single load procedure
(Figure 4.7), compressed to the same final load. After unloading, the single load allowed
reaching residual stresses of 568 MPa and plastic strain of 17%.

As suggested by the results, the slight increase in maximum stress (less than 2%)
at the notch root is most probably due to the higher initial hardening induced by the
first loading cycle of the double loading procedure. These results finally showed that
differences between the two cases were negligible. This suggested that post-compression
residual stresses magnitude and distribution in CT-like specimens depended very little on
the prior welding residual stresses. It was then decided to not take into account welding
residual stresses for simulations of CT specimens made of welded material (either single
or multi-pass). Besides, theses results also showed that if damage resulting from stress
relaxation is different between the weld zones (FZ, CGHAZ and HAZ), this would either
be due to a difference in initial hardening or to differences of microstructure.
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Figure 4.7: Method for comparison of single load (normal procedure) to the double load
allowing the introduction of initial hardening and residual stresses simulating that of
welding.
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Figure 4.8: Comparison of computed (a) and (b) σY Y residual stresses, (c) and (d) cu-
mulated plastic strain profiles as a function of the distance from the notch root and at
half-thickness of a CT-like specimen made of single-pass welded material, after the unload-
ing of the compression, considering welding residual stresses (double load) or not (single
load).
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4.3 Turski compression

In this work, a compression loading and unloading, named Turski compression, was per-
formed using CT-like specimens aiming to generate sufficient residual stresses to induce
SRC during subsequent thermal treatment. This method was first introduced by Turski et
al. [47] and used more recently by Pommier [45] and Xiao et al. [181]. For the non-welded
states, the compression was the only step allowing generating residual stresses. After the
welding, residual stresses were already present as a result of the welding process. Never-
theless, no industrial case of SRC in welded 316L(N) steels has been reported yet, which
is most probably due to an elevated SRC threshold level (740± 40 MPa [45]) much higher
in comparison to the GTAW residual stresses commonly measured for 316 steels (about
400 MPa [131, 137]), even for multi-pass welding processes as stated in previous Section
4.2.4 (about 436 MPa). For this reason, the prior Turski compression of welded specimens
was carried out to generate sufficient residual stresses. In order to observe and characterize
SRC in the studied steel, and better understand the physical mechanisms associated to the
phenomenon, numerous pre-loading conditions were applied, as summarized in Table 4.3.

Compression tests were performed at room temperature (Chapter 2), being controlled
by imposed force in the case of cold-rolled material, or CMOD (Crack Mouth Opening
Displacement), for all other specimens.

Experimental and simulated Force-CMOD curves obtained for the as-received material
and material with increased grain size (MIGS) are shown in Figures 4.9 (a) and (b),
respectively. Three CT specimens made of as-received state were compressed to CMODs
of 1.73 mm and one specimen to 2.34 mm. It is worth noting a maximum difference of 2%
was observed between the maximum forces of the three specimens compressed to a CMOD
of 1.73 mm. Simulated curves for CT specimens made of as-received material were in good
agreement with the ones obtained experimentally. A maximum difference of 4 and 5% was
obtained between predicted and experimental forces for a CMOD of 1.73 and 2.34 mm,
respectively. The CT specimens machined from material with increased grain size were
compressed to CMODs of 2.34 and 5.62 mm. For these specimens, slight differences
between numerical predictions and experimental results were observed, especially during
the plastic strain hardening. A maximum difference of 6 and 9% was obtained between
predicted and experimental forces for a CMOD of 2.34 and 5.62 mm, respectively.

CT specimens made of cold-rolled material were compressed to a maximum force of
25 kN. Results obtained for this material state, using CT-like specimen thickness of 11.90
and 10.00 mm, are shown in Figure 4.9 (c) and (d), respectively. Two notch radii were
analysed. One notch radius was chosen to be able to compare directly the specimens of
the present study to those of Pommier [148]. For both thicknesses, the lower notch radius
specimen resulted in lower CMODs, even though the residual CMODs were very close for
both investigated cases at the end of the unloading. Besides, the final CMOD was larger
for a lower thickness. The multiple compression performed on different CT-like specimens
with the thickness of 11.90 mm showed a good results repeatability. Comparison between
experimental and simulated curved showed good overall agreement, for both thicknesses
and radii, with a maximum difference of 9% in CMOD between them.

Experimental and simulated Force-CMOD curves for the specimens made of single-pass
welded material compressed to CMODs of 1.22, 1.39, 1.73, 1.85, 6.09 and 6.41 mm, are
shown in Figure 4.10 (a) and (b). For the single-pass welded state a higher scatter in the
mechanical behavior than specimens made of cold-rolled was observed, most probably due
to differences in dimensions and position of the weld pools within the CT samples as well
as weld microstructure itself. Even though some simplifying assumptions were made for
the numerical simulation of these specimens, such as not considering the CGHAZ in the
mesh, comparison between experimental and simulated curves showed a good agreement
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Figure 4.9: Experimental and simulated curves of force as a function of CMOD for CT
specimens made of (a) as-received material (b) material with increased grain size, (c) cold-
rolled material with e = 11.90 mm and (c) cold-rolled material with e = 10 mm.
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Figure 4.10: Experimental and simulated curves of force as a function of CMOD for single-
pass welded state at (a) medium and (b) high loads, (c) cold-rolled and single pass welded,
and (d) multi-pass welded states.

for lower CMODs (Figure 4.10 (a)), with a maximum force difference of 5% between them.
For compression tests imposing higher CMODs, the difference between experimental and
computed curves were slightly higher than for lower CMODs, with a maximum force
difference of 7% (Figure 4.10 (b)).

The mechanical responses of CT specimens made of the cold-rolled single-pass welded
and the multi-pass welded states are shown in Figure 4.10 (c) and (d), respectively. Sim-
ilarly to the single-pass welded state, simulated response of the multi-pass welded state
showed a good agreement with experimental data, with 5% of difference of the maximum
force. Simulation for cold-rolled single-pass welded state was not performed in this work
due to a lack of data for the mechanical properties of this state.

4.3.1 Estimation of residual stresses and strains

To ensure that the SRC threshold stresses were reached after the compression of the
different material states, predictions of residual stresses and plastic strains have been
calculated simulating the compression test. Similarly to single-pass welded plate, residual
stresses in compressed CT specimens were measured by X-ray diffraction method using a
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copper source. However, the same issues were encountered, and resulting data could not
be used. Specifically for the compressed CT, it is possible that the compression induced a
slight texture of the material near the notch (highest strain region) and thereby biased the
results. Besides, the huge stresses and strain gradients formed at the notch after the Turski
compression (up to 700 MPa within 1 mm) made measurement very difficult. Because of
that, quantification of residual stresses and strain in the compressed CT specimens for
this work were exclusively estimated by FEM simulations.

The macroscopic experimental and simulated responses for each material state during
Turski compression tests were shown to be in good agreement in previous section, which
gave confidence in the prediction of residual stresses and strain fields via these simulations.
A typical simulated residual stress field at mid-thickness of an unloaded compressed spec-
imen is shown in Figure 4.12. After unloading, the highest levels of residual stresses and
plastic strain were very localized near the notch root (Figure 4.12 (a)). Because of these
high stresses and strains, this region was considered to be the most favorable to stress
relaxation damage and thus constituted the region of interest for damage analyses, as it
will be shown in Chapter 5. Cutting numerically the CT specimen at the notch root in the
(YZ) plan allowed investigating the evolution of residual stresses across the thickness (Fig-
ure 4.12 (b)). In the case of CT specimens made of welded materials, this corresponded to
an evolution across the different weld zones. As plotted in Figure 4.12 (c), residual stresses
at the surface of CT-like specimens were lower than at mid-thickness (Z/2), meaning that
the top surface of the FZ was submitted to lower residual stresses than the HAZ. However,
the region between Z = 2.5 and 4.5 mm, containing all the three weld zones, presented
very similar levels of residual stresses. This specific region would thus allow investigat-
ing the effect only of the heterogeneous microstructure on SRC. This represents a strong
advantage over other types of weld samples used in other SRC testing methods, such as
the Borland specimen (Section 1.4.3), where the residual stress fields are not equivalent
throughout the different weld zones.

Simulated residual stresses, σY Y , and cumulated plastic strain, p, computed at mid-
thickness for non-welded and welded states are shown in Figures 4.13 and 4.14, respectively.
Estimated maximums of σY Y and p after Turski compression for all material states are
summarized in Table 4.3. Because the different material states did not have the same
levels of initial plastic strain prior to Turski compression, cumulated plastic strain curves
plotted in Figures 4.13 and 4.14 also account for prior strain related to hardening due to
cold-rolling or welding to be more relevant.

Numerical predictions for the as-received state and material with increased grain size
showed that these material states, compressed to the same CMOD of 2.34 mm, had rela-
tively different values of residual stresses but similar cumulated plastic strain (Table 4.3).
Turski compression of the specimen made of as-received material allowed reaching higher
residual stresses for similar plastic to the material with increased grain size. Such differ-
ences should mainly be related to difference in grain size between both material states.
Closer residual stresses magnitudes between the two states were achieved compressing a
specimen in as-received state to 1.73 mm and material with increased grain size specimen
to 5.62 mm.

Computed residual stresses and plastic strain curves for the cold-rolled state are shown
in Figure 4.13 (c). Because of cold-rolling, cumulated plastic strain after compression was
high over the entire specimen. Near the notch root, plastic strain magnitudes were com-
parable to the ones obtained for the as-received state. Prior cold-rolling allowed reaching
much higher levels of residual stresses by Turski compression for lower CMODs. Distribu-
tion and magnitudes of residual stresses were very similar to results found in the literature
for similar steels [45,47].

In order to verify that the considerations of the heterogeneous welding microstructure
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were relevant, simulations of Turski compression performed with two different sets of model
parameters were computed and compared with experimental compression curve of a CT
made of single-pass welded material. In that sense, while using the same CT specimen
geometry and compression conditions, one Turski compression was performed using model
parameters of the as-received state and a second one using parameters of the single-pass
welded state. The comparison of the three curves is shown in Figure 4.11. This revealed
that the simulated compression curve using model parameters of the single-pass welded
state was closer to the experimental one that that using as-received parameters. These
results showed that accounting for the heterogeneous welding microstructure allowed a
better prediction of the mechanical response and was thus relevant for the study.

Figure 4.11: Comparison of experimental compression curve of a single-pass welded spec-
imen compressed to a CMOD of 1.73 mm and simulations using single-pass welded (red)
and as-received (blue) model parameters. Plotted force and CMOD are in absolute values.

Residual stresses and cumulated plastic strain profiles were then computed for the
single and multi-pass welded states using parameters identified for the FZ and HAZ, as
discussed in Section 4.2.1. Results for both material states are shown in Figures 4.14 (a)
and (b).

Specimens made of single-pass welded material compressed to CMODs of 6.09 and
6.41 mm aimed to generate residual stresses with magnitudes comparable to the ones
obtained for the cold-rolled state. However, much higher cumulated plastic strain was
observed, as shown in Figure 4.14 (a), due to the initial material state compared to the
cold-rolled material. The specimens in single-pass welded state compressed to CMODs of
1.39, 1.73 and 1.85 mm aimed to generate residual stresses with magnitudes comparable to
the ones obtained for the as-received state and that with increased grain size, but also to
the multi-pass welded state compressed to CMODs of 1.56 and 1.82 mm shown in Figure
4.14 (b). The response of the specimen in single-pass welded state compressed to a CMOD
of 1.22 mm was not simulated because the experimental force-CMOD curve was found to
be too different from other specimens.

From the predictions of residual stresses and plastic strain for each specimen of each
material state shown in Table 4.3, it is possible stating on the expected stress relaxation
damage following the heat treatment. In all of the compressed specimens, predictions of
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Figure 4.12: Computed residual stresses fields for single-pass welded state, with σY Y stress
fields at (a) mid-thickness and (b) at the notch of a CT-like specimen compressed at a
CMOD of 1.73 mm. (c) shows the evolution of σY Y at the notch across the thickness (i.e.
across the weld zones) for three CMODs: 1.39, 1.73 and 6.41 mm.
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Figure 4.13: Computed residual stress, σY Y , and cumulated plastic strain, p, at mid-
thickness after compression unloading for (a) as-received state, (b) material with increased
grain size and (c) cold-rolled state.

Figure 4.14: Computed residual stress, σY Y , and cumulated plastic strain, p, at mid-
thickness after compression unloading for (a) single-pass and (b) multi-pass welded states.
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Table 4.3: Experimental and simulated maximum values obtained for all material states
after compression loading (CMOD and F ) and unloading (σ [MPa] and p), along with
the maximum experimental/simulation difference ∆ and samples thickness e (measured at
weld for welded states). "AR" stands for as-received material, "MIGS" for material with
increased grain size, "CR" for cold-rolled, "1W" for single-pass welding, "5W" for multi-
pass welding and "CR-1W" for cold-rolled single-pass welded.

State CMOD [mm] F [kN] σ [MPa] p [%] ∆sim−exp [%] e [mm]
AR 1.73 28 636 27 4 15.5

2.34 30 686 36 5 15.5
MIGS 2.34 24 471 37 6 14.6

5.62 27 599 81 9 14.6
CR 0.37 25 822 28 9 11.9

0.34 25 879 30 7 11.9
0.44 25 835 31 4 10.0
0.42 25 890 33 7 10.0

1W 1.22 34 - - - 16.5
1.39 34 655 27 5 16.5
1.73 34 681 31 4 16.5
1.85 34 692 35 3 16.5
6.09 41 938 89 6 16.5
6.41 41 949 93 7 16.5

5W 1.56 41 679 29 5 21.0
1.82 41 704 33 4 21.0

CR-1W 2.49 30 - - - 13.9

plastic strain suggested levels higher than the threshold of 10% estimated by Chabaud [18].
However, some specimens presented lower residual stresses values than the SRC threshold
of 740 ± 40 MPa suggested by Pommier [45]. Compressed specimens with lower residual
stresses than the stress threshold were then expected to develop at most mild damage, in
the form of grain boundary cavities, or at lowest no damage at all, while specimens with
residual stresses higher than the threshold were expected to develop cracks. Typically,
stress relaxation cracks could be expected in all CT specimens made of cold-rolled state
and in the CT specimens made of single-pass welded state compressed to CMODs higher
than 6 mm. In all the other specimens presenting residual stresses relatively lower than
the threshold, cavities could be expected at most.

4.4 Summary and conclusions
In this Chapter, a compression loading followed by unloading, named Turski compression,
was applied to CT-like specimens machined from each investigated material states to
generate controlled levels of tensile residual stresses and plastic strain.

Each material state was exposed to various compression loads, aiming for different
levels of SRC-driving forces, i.e. residual stress and strains, consequently aiming for dif-
ferent levels of damage after relaxation. To estimate residual stresses and strain fields
after the unloading, 3D FEM simulations of the Turski compression were carried out.
The Chaboche elasto-plastic model was used, with parameters accounting for each type
of microstructure. Kinematic parameters of the model were determined from tension-
compression and compression-tension tests of the as-received and cold-rolled states. In
order to identify the material parameters related to the isotropic hardening, tensile tests
of the as-received, material with increased grain size and single-pass welded states were
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carried out. The tensile behavior of the different weld zones was assessed using 1 mm thick
dog-bone shaped samples. Specifically for the single and multi-pass welded materials, a
heterogeneous mesh was made accordingly to the macrographic observations of welded
plate sections, accounting for the shape of the welds and the different properties of the
weld zones.

The mechanical study of the different material states led to several conclusions:

• In agreement with hardness measurements presented in Chapter 3, strain hardening
was revealed in the HAZs of both single and multi-pass welded materials as compared
to the FZ and CGHAZ but also to the as-received state.

• The macroscopic Force-CMOD experimental response of each material state to the
Turski compression was compared to simulation results, showing overall good agree-
ments. This suggested that simulations were trustworthy to estimate residual stresses
and strain fields generated by the compression.

• In CT specimens made of single and multi-pass welded materials, the residual stresses
generated by welding were completely changed by the Turski compression and were
shown to have negligible influence on the post-compression residual stresses. Welding
residual stresses of welded states were thus no accounted for the rest of the study.

• The residual stress level gradient through the sample thickness computed by sim-
ulation was estimated to be rather low so that the different weld zones could be
considered to be subjected to similar residual stress levels.

• Simulations revealed that it was not possible to achieve similar levels of both residual
stresses and plastic strain at the same time between the different material states.
As a consequence, comparison of mechanical state following the compression could
only be made either by the final CMOD, the maximum residual stress or maximum
cumulated plastic strain level, but not all of them simultaneously.

• From the comparison with the SRC stress and plastic strain thresholds found in the
literature, simulation results showed that some of the compressed specimens for each
state could be expected to develop stress relaxation cracks, others only cavities or
no damage at all.



Chapter 5

Stress relaxation cracking tests
and damage analysis

Résumé
Pour étudier l’effet du soudage sur la FeR dans l’acier 316L(N), des essais de FeR ont été effectués
sur les états de réception, laminé à froid, soudé monopasse, soudé multi-passe, laminé soudé et
pour le matériau avec grains grossis. Une analyse fine des éprouvettes CT pour ces différents états
après compression Turski, traitement thermique à 575, 600 °C pendant 580 et 1470 h a permis
de caractériser l’effet d’une microstructure hétérogène et des facteurs mécaniques (contraintes,
déformation) sur la FeR.

L’étude de l’état de réception a montré qu’il était possible de déclencher l’endommagement
par relaxation de contraintes dans l’acier 316L(N) étudié en utilisant une compression de type
Turski. Pour cet état, l’endommagement a été observé sous la forme de cavités aux joints de
grains (JDG) similaires au fluage. Ces cavités ont été principalement observées à l’interface entre
la matrice austénitique et les précipités aux JDGs, en accord avec les observations de la littérature
[45]. La formation de l’endommagement semble être principalement influencée par le niveau de
déformation plastique, au moins autant que les contraintes résiduelles. Il s’agit d’un résultat très
important puisque de nombreuses études sur la FeR disponibles dans la littérature se sont plutôt
concentrées sur le niveau des contraintes résiduelles. Par ailleurs, une augmentation du niveau
de précharge (c’est-à-dire des contraintes résiduelles et de la déformation plastique) a été identifié
comme conduisant à une augmentation de l’endommagement.

Des analyses plus fines de l’endommagement ont été effectuées dans le matériau laminé à froid.
Celles-ci ont permis d’identifier la nature des précipités sur lesquels ont été observés les cavités.
Des précipités de grande et de petite taille adjacents aux cavités ont été observés à l’aide du MEB
(Microscope Electronique à Balayage) et du MET (Microscope Electronique en Transmission). Les
précipités les plus larges, riches en C/Cr/Mo, ont été identifiés comme étant des carbures de type
Cr23C6 par diffraction électronique, en accord avec les données de la littérature [45]. Des précipités
plus petits, riches en Mo, pourraient correspondre aux phases τ et/ou χ, mais il était difficile de
conclure avec certitude sur leur nature en raison de leur taille et de leur très faible nombre.
Néanmoins, ces précipités riches en Mo favorisent probablement la nucléation des cavités, ce qui
est suggéré par la présence de nano-cavités observées à l’extrémité de ces précipités. Par ailleurs, il
a été constaté qu’une augmentation du temps de relaxation et de la température (de 575 à 600 °C)
entraînait une augmentation de l’endommagement. Enfin, la corrélation entre l’endommagement
observé, les contraintes et la déformation plastique calculés par élément finis a montré qu’une
déformation plastique initiale plus élevée entraînait une zone endommagée plus grande que dans
l’état brut. En conséquence, pour l’état laminé à froid, il a été observé que les cavités pouvaient se
former dans les régions où les contraintes résiduelles principales étaient relativement faibles, mais
où la déformation plastique était élevée de par le laminage. Cela confirme une fois de plus le rôle
clé de la déformation plastique sur la FeR.

L’analyse microscopique des états soudés mono et multi-passe après traitement thermique (sans
compression Turski) a montré que les contraintes et les déformations induites par le soudage seul
n’étaient pas suffisamment élevées pour déclencher la FeR et qu’une compression Turski préalable
était donc nécessaire pour induire de l’endommagement (pour la durée et les températures de re-
laxation choisies). Les résultats ont montré que la méthode développée dans cette étude permettait
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de déclencher la FeR dans des éprouvettes soudées après une compression Turski et une relaxation
thermique. Cette méthode a donc permis pour la première fois d’observer, de caractériser et de
comparer l’endommagement par relaxation des contraintes dans des microstructures de soudure
hétérogènes, dans lesquelles chaque zone a été exposée à des niveaux comparables de contraintes et
de déformations plastiques (voir section 4.3.1). Pour l’état soudé monopasse, après la compression
Turski et le vieillissement, l’endommagement était réparti de manière hétérogène dans les trois
zones de soudure, la ZATGG étant la plus affectée par la FeR. Dans la ZF, les cavités se sont
principalement formées dans la ferrite vermiculaire partiellement transformée en Cr23C6, phase σ
et austénite régénérée γR pendant le vieillissement. Dans la ZATGG et la ZAT, les cavités ont été
observées sur les précipités de Cr23C6 et dans une moindre mesure dans la ferrite résiduelle. La
cavitation est apparue pour des contraintes et des niveaux de déformation plus faibles dans la ZF et
la ZAT que dans la ZATGG. Cependant, la nucléation des fissures a été clairement favorisée dans
la ZATGG car des contraintes et des déformations plus faibles ainsi qu’un temps de relaxation plus
court que dans les autres zones étaient suffisants pour que la première fissure soit détectée. Pour
la première fois, la plus grande susceptibilité de la ZATGG au SRC, souvent observée dans des
cas industriels, a pu être reproduite en laboratoire grâce à une nouvelle approche. En particulier,
l’utilisation de la compression Turski a permis de conclure que les différences d’endommagement
observées entre les trois zones de soudure étaient principalement dues à la microstructure. Pour la
première fois, la déformation apparente estimée à l’aide des critères GOS et KAM à partir des don-
nées EBSD a été corrélée à la déformation plastique obtenue par simulation et à l’endommagement
aux JDGs. Ceci a montré que le GOS peut être utilisé comme estimation de la déformation macro-
scopique globale, même s’il doit être utilisé avec précaution à plus petite échelle en raison du
comportement hétérogène des grains.

L’étude de la FeR dans les états soudé multi-passe et laminé soudé a montré que l’écrouissage
induit par le soudage a favorisé la nucléation et le développement de l’endommagement dans les
éprouvettes CT comprimées par Turski. Dans la ZAT ne comportant pas d’écrouissage (état laminé
soudé), l’endommagement était très léger par rapport à la ZATGG voisine. Dans la ZAT avec un
niveau moyen d’écrouissage initial (état soudé monopasse), l’endommagement était encore inférieur
à celui de la ZATGG, mais avec une différence moindre. Dans la ZAT avec un niveau élevé de
durcissement initial (état soudé multi-passe), l’endommagement était très proche de celui de la
ZATGG voisine. La réduction de l’épaisseur des composants ou la diminution de la chaleur de
soudage (en diminuant la puissance) pourrait alors contribuer à augmenter la résistance à la FeR.

Pour la première fois, une étude expérimentale a été consacrée à l’investigation de l’effet de
la taille des grains sur la FeR. Les analyses de FeR conduites dans le matériau à gros grains ont
révélé que l’endommagement était nettement plus localisé que dans l’état de réception, ce qui sig-
nifie un nombre plus élevé de cavités par JDG et une distance plus faible entre elles. Ceci est en
accord avec les observations faites dans les ZATGG des éprouvettes CT des états soudés. Cepen-
dant, l’augmentation de la taille du grain a conduit à l’apparition de cavités plus petites. Par
conséquent, il a été conclu que la taille des grains est l’un des principaux paramètres expliquant
la plus grande susceptibilité des ZATGG à la FeR, mais que d’autres facteurs sont probablement
impliqués. Typiquement, la région de transition entre ZF et ZATGG s’est avérée être particulière-
ment néfaste quand à la résistance de ces deux zones à la FeR. Des recherches supplémentaires sur
les facteurs influençant la FeR ont donc dû être menées pour mieux comprendre la faible résistance
de la ZATGG.
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To investigate the sensitivity of the studied 316L(N) steel within acceptable time,
SRC tests were conducted by compressing and unloading (Turski compression) CT-like
specimens for each material state, generating controlled levels of stresses and plastic strain,
as detailed in Chapter 4. Following the Turski compression, specimens were heat treated
in a furnace for 580 and 1470 h at 575 and 600 °C to relax residual stresses. Specimens
were further cut by EDM (electrical discharge machining). Subsequently, damage was
characterized according to the procedure detailed in Chapter 2.

The present Chapter first describes the analysis of stress relaxation damage in non-
welded specimens, which includes the as-received and cold-rolled states. Damage type,
location and damage levels are presented as a function of stress and strain magnitudes,
stress relaxation time and temperature. Similarly, damage analyses for welded states are
further presented, with details of SRC in each weld zone and comparisons between the
zones. The effect of a heterogeneous microstructure on SRC is then presented. Finally,
results of SRC tests of material with increased grain size are described.

5.1 As-received state

To characterize the impact of welding on SRC, the damage observed in welded states
had to be compared to that in non-welded states. In this context, the CT specimens
machined from material without prior welding were first studied. Particularly, SRC tests
were initially carried out on CT specimens made from as-received state of the 316L(N)
steel. These were compressed to CMODs of 1.73 and 2.34 mm at room temperature,
heat-treated at 575 °C for 580 and 1470 h, then analyzed.

5.1.1 Damage analysis

Optical analyses of a CT specimen compressed to a CMOD of 1.73 mm and further aged
at 575 °C for 1470 h were carried out at half-thickness (Z = 7.75 mm) in the (XY) plane
(Figure 5.1 (a)), following the process detailed in Section 2.6. These did not reveal any
damage at a macroscopic scale, as shown in Figure 5.1 (b). Further SEM investigations
revealed mild damage near the notch root in the form of grain boundary cavities similar
to creep cavities (Figure 5.1 (c) and (d)), which were not observed prior to the heat
treatment. These presented sizes ranging from a few tenths of nm to a few microns and
often located at GBs perpendicular to the compression axis (Y axis). A total of 41 cavities
was observed, with five GBs containing more than one cavity, and a maximum of 8 cavities
on a single GB. Damaged GBs had an average of 1.7 cavities per GB.

The distribution of these cavities near the notch root was analyzed for the CT spec-
imens compressed to CMODs of 1.73 and 2.34 mm and subsequently aged at 575 °C for
1470 h. Damage distributions were then correlated to the predicted accumulated plastic
strain (Figure 5.2) and residual stresses σY Y fields (Figure 5.3) estimated from simulations
of the Turski compression previously presented (Figure 4.14). The number of cavities was
also investigated along the X axis in Figure 5.6 (a). The highest number of cavities was
found close to the notch root (X = 0 µm), which then abruptly decreased for distances
from the notch higher than 200 µm. This appeared to follow the distribution of residual
stresses and accumulated plastic strain shown in Figure 5.6 (a). Particularly, damage
distribution seemed to be related to the sharp decrease of plastic strain near the notch.
For the present case, simulation results suggested that the furthest cavity from the notch
root nucleated for residual stresses of about 310 MPa and cumulated plastic strain of
5%. The precise determination of cavity nucleation stress and strain thresholds is a very
challenging task since observations are carried out on one section of the CT specimen
and thus other cavities might be present further away from the notch if analyses were



144CHAPTER 5. STRESS RELAXATION CRACKING TESTS AND DAMAGE ANALYSIS

Figure 5.1: Damage analysis at mid-thickness (Z = 7.75 mm) in the (XY)-plane of a CT
specimen made from as-received state compressed to a CMOD of 1.73 mm and aged at
575 °C for 1470 h. (a) Location of the analysis and (b) optical image of the notch, (c) and
(d) SEM-BSE images of grain boundary cavities.

performed in another section of the same specimen. Instead, it was rather estimated that
a more significant number of cavities appeared for residual principal stresses higher than
590 MPa and cumulated plastic strain higher than 13%. The absence of cracks in the
specimen is in agreement with the maximum predicted residual stresses, lower than the
SRC threshold of 740 MPa suggested by Pommier [45] for a cold-rolled 316L(N) steel
of similar composition. However, as compared to Pommier’s results, the distribution of
damage observed here is slightly different: as shown in the literature review (Figure 1.25),
Pommier observed the maximum of damage at a distance of 200 µm from the notch root.
This is due to the distribution of residual stresses, which in the case of Pommier presented
a maximum near 200 µm from the notch root. Besides, Pommier carried out SRC tests
using priory cold-rolled CT specimens, thus the distribution of initial plastic strain was
also very different.

In the specimen compressed to a CMOD of 2.34 mm, a total of 85 cavities was observed
at mid-thickness of CT specimen, more than the double of that observed after Turski
compression to a CMOD of 1.73 mm. Twenty GBs contained more than one cavity,
four times higher than that found for the CMOD of 1.73 mm. In average, damaged
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Figure 5.2: Comparison between post-Turski compression cumulated plastic p strain and
post-ageing (575 °C for 1470 h) spatial cavity distribution at the notch at half-thickness in
the (XY) plane of CT specimen of as-received state compressed to a CMOD of 1.73 mm.

Figure 5.3: Comparison between post-Tuski compression residual stresses σY Y and post-
ageing (575 °C for 1470 h) spatial cavity distribution at the notch at half-thickness in the
(XY) plane of CT specimen of as-received state compressed to a CMOD of 1.73 mm.
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Figure 5.4: Comparison between post-Turski compression cumulated plastic strain p and
post-ageing (575 °C for 1470 h) spatial cavity distribution at the notch at half-thickness in
the (XY) plane of CT specimen of as-received state compressed to a CMOD of 2.34 mm.

GBs presented a total of 1.9 cavities, also higher than that for the CMOD of 1.73 mm.
These results showed that the increase in Turski compression load induced a higher total
number of cavities, but also an increase in damage level per GB. Spatial distribution
of cavities compared to predicted post-Turski compression cumulated plastic strain and
residual stresses σY Y fields are shown in Figure 5.4 and 5.5, respectively. The number
of cavities was also projected along the X axis, shown in Figure 5.6 (b). Results of
distribution are very similar to the specimen compressed to a CMOD of 1.73 mm, with
again a maximum of cavities near the notch root, and an abrupt decrease after a distance of
X = 200 µm. Surprisingly, the higher Turski compression did not allow cavities nucleating
further away from the notch. Instead, damage level increased locally.

Comparison of spatial distribution of cavities and residual stress-strain fields for both
specimens showed again that cavities appeared to be preferentially located in the highest
strained regions, instead of highest stresses regions. Surprisingly, the closest point to
the notch root, being at X = Y = 0 µm, appeared in both specimens to be depleted in
cavities while this corresponded to the highest stress and strain. Similar observations can
be made from Pommier’s results [45], where macroscopic damage seemed to be distributed
around the highest residual stresses point. It is important keeping in mind that mechanical
simulations were carried out using continuum mechanics hypotheses, thus cannot account
for local heterogeneities due to the microstructure. It is thus possible that the Turski
compression induces local features at a microscopic scale which could not be revealed with
simulations used here.

The investigation of damage in these two specimens first showed that it is possible to
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Figure 5.5: Comparison between post-Turski compression residual stresses and post-ageing
(575 °C for 1470 h) spatial cavity distribution at the notch at half-thickness in the (XY)
plane of as-received CT specimen compressed to a CMOD of 2.34 mm.

Figure 5.6: Comparison between post-Turski compression residual principal stresses σY Y

and post-ageing (575 °C for 1470 h) cavity distribution at half-thickness in the (XY) plane
of CT specimen of as-received state compressed to a CMOD of (a) 1.73 and (b) 2.34 mm.
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observe damage induced by stress relaxation in the studied 316L(N) steel. Secondly, these
first results showed that the levels of stresses typically measured in industrial multi-pass
welds (about 450 MPa) would not be sufficient to induce severe relaxation damage (cracks)
in a weld joint made of 316L(N) steel. Besides, these results showed that it was possible
to trigger SRC in laboratory conditions in a material in an as-received state without prior
cold-rolling, pre-ageing or welding. This is a new result as compared to methods commonly
used in the literature to test SRC (Section 1.4.3) and could lead to the development of
new approaches for evaluating the susceptibility of different alloys to SRC, requiring less
processing steps and ensuring better results repeatability. In addition, results also showed
that while the damage was influenced by residual stresses, in agreement with results of
the literature, plastic strain appeared to play a more important role. As a result, high
residual stresses were not sufficient to induce stress relaxation damage in regions where
plastic strain was too low. This is also a significant result since residual stresses are most
often cited in the literature as the main driving factor for SRC [45]. Plastic strains are
very important to consider in an industrial context as well: even though plastic strain
resulting from the welding process may not be sufficiently high to induce SRC, especially
in SRC resistant steels, additional plastic strain can be induced by operating errors. For
instance, Picker and Fraser [207] observed several stress relaxation cracks in reheater and
superheater (evaporator components) initiated at regions where severe deformation was
present, due to heavy grinding before rectification welding. For these reasons, control of
welding process quality is also primordial when looking to prevent SRC.

5.1.2 Damage nucleation sites

Further SEM investigations were carried out on damaged CT specimens made of as-
received state of 316L(N) steel to identify microstructure features involved in cavity nu-
cleation and growth. Figure 5.7 (a) suggests that the cavities nucleation occurred at the
interface between precipitates and austenite, mostly at grain boundaries, in agreement
with observations made by Pommier [45]. The interface between matrix and precipitates
most certainly presented favorable sites for cavity nucleation due to its high energy, but
also due to stress concentration at precipitates tips during relaxation as demonstrated nu-
merically by Cui [208] for creep cavitation. These precipitates were assumed to be mainly
chromium carbides, according to TEM analyses carried out in thermally aged as-received
state presented earlier (Figure 3.8). In addition, chromium carbides were identified in
damaged CT specimens made of cold-rolled state presented further in Section 5.2. Cavi-
ties were found either to be single (Figure 5.7 (a)), coalesced (Figure 5.7 (b)) or multiple
at the same GB (Figure 5.7 (c)).
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Figure 5.7: SEM images taken near the notch root at half-thickness in the plate (XY)-plane
and showing stress relaxation intergranular damage of a CT specimen made of as-received
state, compressed to a CMOD of 1.73 mm and aged at 575 °C for 1470 h. (a) SE image of
a single cavity, (b) BSE image of coalesced cavities and (c) multiple cavities. F indicates
the direction of the Turski compression load.

5.2 Cold-rolled state

Cold-rolling was applied to the 316L(N) steel in order to reproduce the hardening observed
in the HAZs of welds, considered in literature as the weld zone most prone to the SRC
phenomenon. Similar approach was used for SRC testing by Turski et al. [47], Chabaud
[18] and more recently by Pommier [45], for different grades of austenitic stainless steel.
The "IB" steel in the latter study had a composition and microstructure similar to the
material of the present study. One objective of the following analyses was to verify that
the sensitivity to SRC is similar for notch root radii of 1 mm. In comparison to the as-
received state, this also allowed studying the effect of plastic strain in the whole specimen
as a first SRC driving factor. CT specimens machined from cold-rolled plate were tested
at both 575 and 600 °C, for 580 and 1470 h. A specimen aged at 600 °C for 580 h is
first presented for illustration purpose as it presented the highest damage of all cold-rolled
specimens.

5.2.1 Damage analysis

Optical analyses of a CT specimen made of cold-rolled state compressed to 25 kN1

(CMOD = 0.37 mm) and aged at 600 °C for 580 h were carried out at half-thickness
in the (XY) plane (Figure 5.8 (a)). Optical analyses of the specimen did not reveal any
damage at a macroscopic scale, as shown in Figure 5.8 (b). Further SEM investigations of

1For CT specimens machined from cold-rolled plate, Turski compression was carried out aiming a
maximum force instead of a CMOD as for other states. See section 4.3 for additional information.
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this region revealed mild damage in the form of grain boundary cavities similar to creep
cavities at the notch root, as shown in Figure 5.8 (c) and (d). Similarly to CT sample
made of as-received state, stress relaxation damage was quantified in CT sample made of
cold-rolled state counting cavities near the notch root.

Figure 5.8: Damage analysis at mid-thickness in the (XY)-plane of a CT specimen made
of cold-rolled state compressed to 25 kN (CMOD = 0.37 mm) and aged at 600 °C for
580 h: (a) analysis area, (b) optical image of the region close to the notch, (c) and (d)
SEM-BSE images of grain boundary cavities.

In specimens aged at 575 °C for 580 h, the observed damage near the notch root was
very low, with about 10 cavities spread over a 2 × 2 mm2 region and located on the sides
or tips of grain boundary carbides, as shown in Figure 5.10 (a) and (c). The detected
cavities measured from 50 to 200 nm in length and a few nm wide. For this ageing
condition, the difference of notch radius did not appear to induce significant effect on the
number, distribution or size of cavities (Figure 5.9 (a)). As shown in Figure 4.14 (c), an
increase in the notch radius from 0.75 to 1 mm actually led to an increase in maximum
tensile residual stresses, but also to smaller area where the high residual stresses were
confined. Because of this, the overall number of cavities could be expected to be similar
for both notch radii, with higher maximum damage for the smallest radius.

In specimens aged at the same temperature for longer time (1470 h), the number of
cavities increased (Figure 5.9 (a)), but also their size, as shown in Figure 5.9 (b). Finally,
the nature of damage also changed by increasing the relaxation time: after 1470 h, some
of the cavities were coalesced (Figure 5.10 (b)) and more than one cavity per GB was
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observed for the smallest notch radius of CT specimen (Figure 5.10 (d)). The higher cavity
number per GB for the smaller notch radius represents a higher risk for the development
of cracks, due to higher probability of coalescence. These analyses showed that longer
relaxation time, higher initial residual stresses and plastic strain favored the initiation of
SRC damage.

In the specimen aged at 600 °C for 580 h, the highest level of damage for the cold-
rolled state was observed, with a total of 51 cavities counted in the 2 × 2 mm2 region
near the notch root. This represents an increase by a factor 5 as compared to the same
notch radius of CT specimen aged at 575 °C for 580 h. Additionally, a higher number
of GBs presented multiple cavities (Figure 5.10 (e)), showing that the temperature of
600 °C was significantly more damaging than 575 °C. This could be explained by the
higher temperature allowing a faster diffusion for the elements like C and Cr which form
the carbides [209], thus increasing precipitation kinetics, as well as faster vacancy diffusion
along GBs favoring cavity nucleation [141]. It is worth noting, however, that such results
do not agree the observations reported by Pommier [45] for a 316L(N) steel of similar
composition, where he observed higher damage after ageing at 575 °C than after ageing
at 600 °C.

Interestingly, for all cases, cavities were mainly observed at GBs oriented between
70 and 90° (almost perpendicular) to the Turski compression axis (Figure 5.9 (c)) in
agreement with results of Pommier [45] for a similar steel and similar relaxation conditions.
This is also in agreement with what is often observed for creep damage [141], since the
principal tensile stresses magnitude is higher for GBs perpendicular to the loading axis.
These observations suggested that cavitation by grain boundary sliding (GBSL) cited in
the literature for creep cavitation [210] was not the predominant SRC mechanism here,
since it would be easier for grain boundaries forming an angle close to 45° with the loading
direction, wherein the shear stress is maximal. Moreover, cavity nucleation by GBSL can
occur without precipitates while all cavities observed in this study were exclusively located
on precipitates. Instead, cavity nucleation by vacancy accumulation and dislocation pile-
ups [211] might be suggested as a mechanism to explain the observed damage. The
maximum principal residual stress (oriented in the Y direction) then seems to play a role
in the nucleation of cavities from precipitates.

5.2.2 Damage comparison with post Turski compression simulations

Since the specimen heat treated at 600 °C presented the highest number of cavities, it was
chosen for comparison with results of simulations of post-Turski compression mechanical
state. The comparison between observed cavities distribution, computed residual stresses
and cumulated plastic strain is shown in Figure 5.11. Cavities were observed up to a
distance of 2000 µm from the notch root, with a maximum concentration at X = 330 µm.
This distance was coincident with the maximum principal residual stress, σY Y , suggesting
that it governed the distribution of cavities. However, some isolated cavities were also
observed for distances higher than X = 500 µm, while the estimated principal residual
stress σY Y quickly decreased. On one hand, the presence of cavities beyond X = 500 µm
could be eventually assisted by the presence of the principal residual stress σXX in this
region, despite its lower value. On the other hand, the continuous high level of plastic
strain (> 22%) could still favour the presence of cavities despite the low residual stresses
levels, similarly to observations made for the as-received state. This last hypothesis seems
more likely, since cavity nucleation was extremely limited as soon as the plastic strain
levels dropped for the as-received state.

The study of the cold-rolled state confirmed thus the importance of plastic strain in
the SRC mechanism, with low levels of residual stresses associated to high plastic strain
being sufficient for the apparition of damage, at least for cavity nucleation. Besides, results
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Figure 5.9: Influence of (a) notch radius, relaxation time, temperature on cavity number,
(b) relaxation time, temperature on cavity size distribution, and (c) GB angle formed with
the loading axis on cavity number in CT specimens made of cold-rolled material.

showed that in the presence of a homogeneous high-level plastic strain field, it is rather
the residual stresses that dictate the distribution of damage.

As compared with results of Pommier [45] for a cold-rolled 316L(N) steel of similar
composition, damage distribution and its correlation with residual stresses were very sim-
ilar to those observed by Pommier [45]. However, the quantification of damage could
not be properly compared for several reasons. First, the more obvious, it is due to the
difference in the method used for damage quantification. To quantify damage, Pommier
machined tensile specimens from the notch of the damaged CT specimens [45]. He incre-
mentally deformed these specimens up to 20±3% true strain in-situ in synchrotron while
performing 3D X-ray tomography top open up existing cavities and cracks, allowing the
detection of damage contained in the volume of the specimen. Here, damage was directly
quantified after the relaxation of stresses without additional steps and was hence much
less severe. Besides, damage was analyzed only on 2D sections. As a result, damage level
could be expected to be lower. In addition, difference in damage levels could also be due
to difference in Turski compression magnitude: Pommier [45] predicted residual stresses
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higher than 940 MPa and plastic strain higher than 29±2% in the CT specimen he used
for SRC testing, while stresses of 822 MPa and strain of 28% were predicted in this work
for an equivalent CT geometry.

Figure 5.10: Damage formed due stress relaxation at the notch root of CT specimens of
cold-rolled state compressed at 25 kN for notch radii of 0.75 (CMOD = 0.34 mm) and
1 mm (CMOD = 0.37 mm), relaxation times of 580 and 1470 h at (a) to (d) 575 °C and
(e) 600 °C.

5.2.3 Damage nucleation sites

Damage was observed to be in the form of GB cavities located on different types of site, but
always related to GB precipitates with similar morphology and size to the ones observed
in the as-received state. Qualitative EDS analysis in SEM showed these precipitates had
higher Cr/Mo but lower Fe content than the matrix. Cavities were found at the tip of
these precipitates (Figure 5.12 (a)), at the interface between two precipitates (Figure 5.12
(b)), at the austenite/precipitate interface (Figure 5.12 (c)), in precipitate clusters (Figure
5.12 (d)), at a GB triple points (Figure 5.12 (e)) and less often at the austenite/precipitate
interfaces in the bulk (Figure 5.12 (f)).
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Figure 5.11: Comparison between computed post-Turski compression residual stresses,
cumulated plastic strain and cavity distribution near the notch root at half-thickness in
the (XY) plane of a CT specimen of cold-rolled state, compressed at 25 kN (CMOD =
0.37 mm) and aged at 600 °C for 580 h.

This is different from SRC observations made of the as-received state after SRC, where
no cavity was observed in the bulk. Here, cavity nucleation sites in the bulk represented up
to a maximum of 20% of the identified cavities. The particularly high plastic strain levels
appeared to have favored the formation of cavity on bulk precipitates which could nucleate
on dislocations within the grains. TiN, MnS and Al2O3 inclusions, already observed in
the as-received state, did not appear to have a particular effect on SRC since very few
cavities were observed on these sites. Their intragranular location and morphology was
most probably not favourable to cavity nucleation. Finally, a few cavities (generally less
than 5%) were observed in former residual ferrite regions, as illustrated in Figure 5.13.

EDS analysis of the GB precipitates shown in Figure 5.14 (a) revealed high content of
Cr/Mo/Mn, and C to a lesser extent, but a depletion in Fe/Ni relatively to the matrix.
Close to these precipitates, other smaller precipitates were often observed appearing with
a brighter BSE contrast under SEM (Figure 5.14 (b)), with higher content in Mo but lower
content in Cr than the larger precipitates. This is similar to the phases observed in the
thermally aged as-received state (Section 3.3). Although many cavities were located on
large precipitates, the precipitate size did not seem to have an impact on cavity nucleation
as some cavities were also observed on small precipitates. Besides, the morphology of
precipitates, with round or sharp edges, did not appear to be a critical factor for cavity
nucleation either, since cavities were observed on both edge types. This can be surprising
since FE simulations of creep for a 316L(N) steel carried out by Cui [208] suggested
that maximal normal stresses at the interfaces of round edge precipitates are lower than
those at sharp edge precipitates. It is worth mentioning that the characterization of
precipitates morphology can be very difficult in a post-mortem analysis, as the presence of
cavities prevent proper identification of the precipitates edges. Besides, the metallographic
preparation can also deteriorate the precipitates morphology.

TEM analyses of damaged specimens were carried out to identify the nature of the large
and small GB precipitates. Thin foils were extracted from two CT specimens made of cold-
rolled material compressed to 25 kN (CMOD = 0.34 mm); one aged at 575 °C for 1470 h
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and the other at 600 °C for 580 h, following the procedure described in Section 2.6. TEM
bright field observations revealed several large globular defects at the austenite GBs near
precipitates which were assumed to be cavities induced by stress relaxation, as illustrated
in Figure 5.15. Although these objects were observed on several GBs, the identification
of the origin of such a defect using TEM can be difficult, since the artefacts (induced for
example by sample preparation) as previously observed for non-compressed aged specimens

Figure 5.12: Cavity nucleation sites in CT specimens made of cold-rolled state: (a) at
a carbide tip, (b) between two carbides, (c) at the carbide/austenite interface, (d) in a
carbide cluster, (e) at a GB triple point, (f) in the bulk on a carbide. EDS maps carried
out at precipitates/cavities interfaces are also presented, showing distribution of Fe, Cr
and Mo.

Figure 5.13: Cavities at the interface between the austenite matrix and partially decom-
posed ferrite, observed with (a) BSE and (b) SE detectors near the notch root of a CT
specimen made of cold-rolled state compressed to 25 kN (CMOD = 0.34 mm) and aged
at 575 °C for 1470 h.
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Figure 5.14: SEM-EDS profiles of the two types of GB precipitates observed in a CT
specimen of cold-rolled state with r = 0.75 mm , after Turski compression and ageing at
575 °C for 1470 h, with (a) (Cr, Mo, C)-rich and (b) Mo-rich precipitates.

(Figure 3.8) could be mistaken for stress relaxation cavities. Moreover, although these were
stress relaxation cavities, their size and morphology may have been modified during the
electropolishing process applied to prepare the TEM thin foils. Therefore, the smaller
round cavities observed in Figure 5.15 were not considered as cavity damage; however, the
larger ones were considered to be associated to stress relaxation damage since they were
not present in the thermally aged material (without Turski compression). These larger
cavities were observed to have lenticular and globular morphologies and an average length
of 100 nm and width of 70 nm. They were very similar to the creep cavities identified
under TEM by Fleck et al. [212] and Luecke et al. [213].

TEM analyses also revealed the presence of mechanical twins near cavities (Figure 5.15
(a) and (c)). These twins often formed a triple point with adjacent GB and sometimes with
precipitates. Although the cavities were not systematically related to the mechanical twins,
the literature data [141] reported that mechanical twin/GB triple points can considerably
favor GB precipitation and cavity nucleation by inducing important stress concentration
points [214].

Due to the small size of the Mo-rich precipitates, their nature was investigated using
HRTEM (High-Resolution TEM). FFT (Fast Fourier Transformation) patterns for dif-
ferent phases observed at damaged grain boundaries are shown in Figure 5.16 (a). The
largest GB precipitates rich in Cr/Mo/C were found to be Cr23C6 precipitates as shown
with the pattern in Figure 5.16 (f). This is in agreement with analyses carried out in
thermally aged specimens discussed in Section 3.3. The smaller intermetallic precipitates
accompanying the chromium carbides might be of two different natures (Figure 5.16 (d)
and (e)):

(i) the BCC-structured χ phase (Figure 5.16 (b) and (d)). The lattice parameter was
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measured to be 8.92 Å, in agreement with results reported by Plaut et al. [71].

(ii) the τ phase (Figure 5.16 (b) and (e)). Such phase has been only reported once in the
literature by Redjaimia et al. [215], observed in the δ-ferrite of a duplex steel after
ageing at temperatures between 500 and 650 °C. Here, the τ phase was identified as
an orthorhombic-structure with lattice parameters a = 4.05 Å, b = 4.84 Å and c =
2.86 Å. Very few information is available for this phase most probably because of
its size, with only a few tens of nm in length and less than 20 nm wide in average.
These precipitates were very often found to be localised on Cr23C6 precipitates.

HRTEM analyses also revealed some cavities as small as 10 nm in radius at the tip of
τ precipitates for both ageing conditions (Figure 5.17 (b) and (c)), suggesting these could
act as preferential nucleation sites for cavities. Indeed, these precipitates could represent
additional stress concentration points at the tips or edges of carbides, thus favoring cavity
nucleation. Chemical composition of all identified phases was measured by EDS under
TEM, with results given in Table 5.1.

Figure 5.15: TEM bright field images of damaged austenite grain boundaries, showing
Cr23C6 and Mo-rich precipitates (probably τ phase) and cavities in near-notch region of
CT specimens of cold-rolled state compressed at F = 25 kN and aged at (a) 600 °C for
580 h, (b) and (c) at 575 °C for 1470 h.
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Figure 5.16: TEM analysis GB precipitates in a CT specimen made of cold-rolled state
compressed at F = 25 kN and aged at 575 °C for 1470 h: (a) bright field image of a GB
containing area, (b) and (c) HRTEM images of χ, τ and Cr23C6 precipitates along with
their corresponding FFT patterns in (d), (e) and (f), respectively.

Table 5.1: Composition of the phases identified in damaged cold-rolled CT specimens
measured by EDS under TEM, in %at.

Phase Fe Cr Ni Mo C
Austenite 67.0 19.0 12.2 1.3 -
Cr23C6 15.6 62.5 2.4 6.8 12.6
τ 59.9 13.5 14.4 8.2 -
χ 53.6 18.5 8.1 15.6 -
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Figure 5.17: HRTEM image of cavities containing region; precipitates near cavities might
correspond to tau phase. Sample machined from CT specimens made of cold-rolled state
compressed to F = 25 kN and aged at (a) 575 °C for 1470 h and (b) 600 °C for 580 h with
(c) corresponding FFT pattern of τ phase.
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5.3 Single-pass welded state

To study the effect of welding on stress relaxation damage, SRC tests were carried out
using welded specimens. Results for CT specimens machined from a single-pass welded
plate are first presented.

First, in order to determine if the residual stress and strain generated during the
welding process alone could induce stress relaxation damage for the considered ageing times
and temperatures, a study of damage after the welding and without Turski compression
was carried out (for both single and multi-pass states). None of the specimens showed
any form of damage after ageing at 575 °C for 580 and 1470 h. The absence of damage
observed for both material states confirmed that the residual stresses magnitude (below
400 MPa) and plastic strain (below 5%) induced by welding were not sufficient to allow
SRC in the studied 316L(N) steel, for the chosen thermal relaxation conditions. Therefore,
the Turski compression after the welding was used to generate sufficient stress and plastic
strain to allow the observation of SRC in welded materials.

To induce different levels of residual stresses and strains, aiming for different dam-
age levels, CT specimens made of single-welded state of the studied 316L(N) steel were
compressed to CMODs of 1.39, 1.73, 1.85, 6.09 and 6.41 mm. After Turski compression,
samples were thermally aged at 575 °C for 580 and 1470 h. Investigations of damage were
carried out in the (YZ) and (XY) planes by SEM in the three weld zones (FZ, CGHAZ
and HAZ) of the specimens as described in Figure 2.11. The influence of the welding
microstructure, Turski compression magnitude and relaxation time on the initiation of
damage is presented in the following. The nucleation sites and distribution of damage are
also discussed.

5.3.1 Influence of Turski compression level (CMOD)

The optical micrographs presented in Figure 5.18 (b) and (c) show typical GB damage
resulting from stress relaxation in a single-pass welded state, observed in the (YZ) plane
at the notch root of a CT specimen (Figure 5.18 (a)) compressed to a CMOD of 6.09 mm
and aged at 575 °C for 580 h. Multiple large cracks were observed in the CGHAZ (Figure
5.18 (c)), which were found to be initiated from the coalescence of grain boundary cavities
shown in Figure 5.18 (d). In order to better characterize and understand the effect of
welding on SRC, similar observations were carried out in CT specimens made of single-
pass welded state compressed to other CMODs and thermally aged in other conditions.

Figure 5.19 shows typical damage found in specimens compressed to CMODs of 1.39,
1.73 and 6.41 mm, and submitted to the same heat treatment at 575 °C for 1470 h.
Although other conditions of Turski compression were tested for CT specimens made
of single-pass welded state (Table 2.2), these three CMODs were chosen here as they
each represented a stage of SRC (isolated cavities, coalesced cavities and cracks). Cracks
were observed for specimens compressed to CMODs higher than 1.73 mm, mainly in the
CGHAZs below the FZ/CGHAZ boundary similarly to previous observations. Typically,
a long crack along one GB in the CGHAZ of the specimen compressed to a CMOD of
1.73 mm (Figure 5.19 (b)). By significantly increasing the Turski compression loads to
CMODs up to 6.41 mm, many large cracks were formed in the CGHAZ but also at the
bottom of the FZ and in the HAZ (Figure 5.19 (d)).

To get a better insight of damage mechanisms, SEM observations of the most damaged
region of each weld zone of each specimen were carried out. Results are shown in Figure
5.20. Figure 5.20 (a) shows that damage nature in the specimen compressed to a CMOD
of 1.39 mm was slightly different for the three weld zones: CGHAZ and HAZ presented
several coalesced cavities, while isolated cavities were observed within the FZ. As expected,
the damage increased with CMOD increase. For the CMOD of 1.73 mm, locally higher
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Figure 5.18: SRC damage in the (YZ) plane at the notch root of a CT specimen made
of single-pass welded state, compressed to a CMOD of 6.09 mm and aged at 575 °C for
580 h with (a) location of the analysis area, (b) and (c) optical images of GB cracks, (d)
and (e) SEM-BSE images of the damage.



162CHAPTER 5. STRESS RELAXATION CRACKING TESTS AND DAMAGE ANALYSIS

Figure 5.19: SRC damage in CT specimens made from single-pass welded state at a
distance of 40 µm from the notch root in the (YZ) compressed to different maximum
CMOD: (a) 1.39 mm, (b) 1.73 mm, (c) 6.09 mm (aged for 580 h) and (f) 6.41 mm, and
aged at 575 °C for 1470 h (optical microscopy).

cavity density and the nucleation of a microcrack in the CGHAZ (Figure 5.20 (b)) were
observed. In this specimen, measured mean length of cavities was 798 nm in the FZ,
1126 nm in the CGHAZ and 955 nm in the HAZ. Cavities width was similar in the three
regions with 487 nm in the FZ, 510 nm in the CGHAZ and 451 nm in the HAZ. Asides
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from larger cavities, the higher cracking hazard in the CGHAZ was the result of a lower
mean distance between neighbour cavities (or higher cavity density) on a grain boundary.
This induces a higher probability of cavity coalescence and thus crack nucleation. For the
most compressed specimen (CMOD of 6.41 mm), cracks were observed in the three zones
(Figure 5.20 (c)), with numerous larger cracks in the CGHAZ (Figure 5.19 (d)).

Figure 5.20: SEM observation of cavities and cracks observed in CT specimens of single-
pass welded state compressed to CMODs of (a) 1.39, (b) 1.73 and (c) 6.41 mm, and heat
treatment at 575 °C for 1470 h. Z axis crosses the CT sample thickness.

To quantify the damage, cavities and cracks were counted over the most damaged
regions of each weld zone, for each loading condition. Figure 5.21 compares the damage
distribution and number of cavities for each case. As suggested by earlier observations,
the increase in CMOD highly increased the damage level, with specimens of higher CMOD
presenting greater crack number. Besides, the FZ and HAZ presented more homogeneous
damage distribution, while in CGHAZ damage was concentrated on few grain boundaries
leading to cracks by cavity coalescence. Even though the total number of cavities was
observed to be higher in the HAZ than in the CGHAZ, Turski compression to CMODs
of 1.39 and 1.73 mm did not allow the observation of any crack in the HAZ. Cracks in
the HAZ were only observed for the highest CMOD of 6.41 mm, with only a few of them
propagating along multiple GBs (Figure 5.20 (c) and Figure 5.21 (c)). Correlations be-
tween damage analyses carried out in both (XY) and (YZ) planes and FEM simulations of
Turski compression (Figure 4.14) allowed estimating stress and strain thresholds required
to induce damage in the different weld zones (Table 5.2). Threshold for cavity nucleation
is first discussed analysing the lesser compressed specimens (CMOD of 1.39 and 1.73 mm),
while threshold for cracking is discussed using analyses carried out in highly compressed
specimens.

For the least compressed specimen, first cavities were observed near the top of the FZ
(weld surface) in the (YZ) plane, which corresponded to computed stress and accumulated
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Figure 5.21: Comparison of stress relaxation damage observed in the FZ (near boundary
with CGHAZ), CGHAZ and HAZ (at half-thickness) of 316L(N) steel after single-pass
welding, Turski compression to CMODs of (a) 1.39 mm, (b) 1.79 mm and (c) 6.41 mm,
and heat treatment at 575 °C for 1470 h.

Table 5.2: Estimation of stress relaxation cavitation and macro cracking thresholds (post-
Turski compression stresses σY Y and cumulated plastic strain p) for each region of the
single-welded microstructure for relaxations conducted at 575 °C for 1470 h determined
from analyses and FEM simulation results in the (YZ) and (XY) planes.

Weld zone FZ CGHAZ HAZ
Damage type Cavities Cracks Cavities Cracks Cavities Cracks
σY Y [MPa] 490 720 580 600 460 900
p [%] 12 52 20 23 11 85
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strain of 490 MPa and 12%, respectively. For this same CMOD, the CGHAZ was the least
damaged zone, with several isolated cavities located exclusively on a few grain boundaries
(Figure 5.21 (a)). Predicted stress and accumulated strain thresholds for cavity nucleation
were 580 MPa and 20%, respectively. In the HAZ, investigation of damage was also carried
out in the (XY) plane for CMOD of 1.73 mm, allowing determining more precise stress and
strain thresholds (Figure 5.26). The characterization in this plane was facilitated by the
homogeneous microstructure, as the (XY) plane is normal to the microstructure gradient
induced by welding (along Z direction). The comparison of cavity number with numerical
predictions of strain and residual stresses (Figure 5.26 (b)) suggested that cavities in the
HAZ appeared above 460 MPa of residual stress and 11% of accumulated plastic strain.

Similarly, thresholds for crack nucleation were investigated for the three zones, by
analysing highly compressed specimens. Micro-cracks in the FZ were observed only for
the most compressed specimen (Figure 5.21), between the middle of the zone (at a distance
of 1.9 mm from the surface) and the FZ/CGHAZ interface. First cracks observed in this
zone thus corresponded to principal stresses and accumulated plastic strain thresholds of
about 720 MPa and 52%, respectively. These are extreme conditions, as compared to
those usually encountered in industrial applications.

In the HAZ, cracks were only observed in the specimen compressed to a CMOD of
6.41 mm. Similarly to the cavity nucleation, cracking threshold in the HAZ was estimated
through additional analyses in the (XY) plane at half thickness of the specimen compressed
to a CMOD of 6.41 mm for better precision. First cracks were observed at a distance of
265 µm from the notch, corresponding to calculated stress and cumulated plastic strain of
900 MPa and 85%, respectively. These values are higher than the stress SRC thresholds
of 740 ± 40 MPa suggested by Pommier [45]. As discussed for specimens made of cold-
rolled state (Section 5.2), it is important to remind that the method used by Pommier
for quantifying damage is completely different from that of this work, and thus thresholds
could not be compared properly.

In the CGHAZ, the first crack was observed in the specimen compressed to a CMOD
of 1.73 mm. For this specimen, the stress and cumulated strain crack threshold in this
zone was thus estimated to be 600 MPa and 23%, respectively. This low value of crack-
ing threshold can be related to the particularly favorable microstructure: a long GB (>
200 µm) located beneath the FZ/CGHAZ boundary oriented in almost normal direction
to the residual tensile stress Y axis. This suggests that a GB particularly favorable to
SRC located in the CGHAZ can be highly detrimental for SRC resistance. Such an effect
would be less pronounced in the other two welding zones since more GBs are found there
and they can accumulate thus more cavities in the same volume (detailed in Chapter 6).

These first results showed that the method adopted in this work allowed triggering
SRC in heterogeneous microstructures resulting from single-pass welding of a 316L(N)
steel. The observation of damage in the heterogeneous microstructures allowed identifying
the weld zones most prone to SRC and allowed, for the first time, the estimation of
damage nucleation thresholds of each weld zone by comparison with predicted post-Turski
compression residual stresses and plastic strain. These correlation showed that cavity
nucleation was most favoured in the HAZ, followed by the FZ and finally the CGHAZ.
However, the cavity size and most importantly the high concentration of cavities on some
GBs in the CGHAZ made it more prone to the initiation and development of cracks, if
residual stresses and strain levels are sufficient. The first explanation for this behavior
would be the large grain size in the CGHAZ. It is partially true because the FZ was also
more prone to SRC than the HAZ, but less prone than the CGHAZ despite the larger
grain size. Additional analyses are then required to properly understand these behaviors.
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5.3.2 Influence of relaxation time

In order to assess the influence of relaxation time on the distribution and level of damage
in the three regions of the single-pass welded state, CT specimens pre-loaded to similar
CMODs (6.09 and 6.41 mm) and both heat treated at 575 °C for 580 and 1470 h, respec-
tively, were analyzed (Figure 5.22). Globally, damage increased in all three welding zones
with an increase in relaxation time. In Figure 5.22, damage is illustrated using optical
image for the sake of easier visibility, however image analysis for damage quantification
was still performed on SEM images, as previously.

In the FZ, optical images showed that damage mostly consisted of cavities and a
few small micro-cracks (several coalesced cavities) near the FZ/CGHAZ boundary after
580 h. After 1470 h of relaxation, the number of damaged GBs and number of cavities
largely increased. This resulted in a broader damaged area and in more severe damage
per boundary, which was manifested by a higher number of micro cracks (Figure 5.22).
By analyzing the binarized SEM images of damaged FZ, an increase of about 90% in the
surface damage was observed by increasing the relaxation duration. In the CGHAZ, macro-
cracks were already observed after 580 h of relaxation, but only few GBs were affected.
After 1470 h, numerous grain boundaries presented micro and macro-cracks (Figure 5.22).
Analysis of binarized images revealed an increase of 120% of surface damage in this zone
when the relaxation time was increased to 1470 h. In the HAZ after 580 h, only few
micro-cracks were observed, in addition to the many cavities, similarly to the FZ. After
1470 h, more grain boundaries were damaged. The number and length of micro-cracks
also increased leading to a surface damage increase of 80%. The investigation of damage
evolution as function of relaxation time revealed that macro-cracks appeared quicker in
the CGHAZ than in the FZ or HAZ. Even though cracks appeared in all three regions
after 1470 h, SRC occurred sooner in the CGHAZ, suggesting a favored damage growth in
this zone. The evolution of surface damage for the three zones showed that the increase
in damage as a function of relaxation time was the most severe in the CGHAZ, followed
by the FZ and finally the HAZ. It is probable that the steeper increase in damage in
the CGHAZ is due to the presence of cracks for the shortest relaxation time, favoring
the nucleation and growth of additional damage. Overall, these results confirmed that
the propensity to crack formation by stress relaxation was higher in the CGHAZ than
in the other regions, in agreement with suggestions made from industrial observations of
SRC [7,24,37].

5.3.3 Correlation between cavities and GOS

Previous sections allowed characterizing damage in a heterogeneous single-pass welding
microstructure, thereby estimating stresses and plastic strain damage thresholds for each
weld zone. In this section, additional analyses are presented aiming to understand the
differences of damage observed previously.

To get a finer description of damage in the weld microstructure, cavity distribution
was analyzed along both Z and Y directions of the (YZ) plane. GOS values computed
from EBSD data were averaged over the zones to be used as a local measure related to the
plastic strain. GOS was indeed used in rare cases in the literature to estimate deformation,
as in the study of Carneiro et al. [216] or Keiji et al. [217]. Typically, Keiji et al. [217]
showed that the average GOS and KAM increased with an increase in strain. However,
the use of GOS criterion to evaluate plastic strain still remains questionable.

Simulated cumulated plastic strain field in the (YZ) plane at the notch root of the
specimen of single-pass welded state compressed to a CMOD of 1.73 mm and further
aged at 575 °C for 1470 h, cut at a distance X = 120 µm from the notch root is shown
in Figure 5.23 (a). This revealed particularly high levels of strain at the notch centreline
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Figure 5.22: Comparison of most damaged areas of each region of the single-pass weld for
stress relaxation at 575 °C during 580 h and 1470 h, for specimen pre-loaded to CMODS
of 6.09 and 6.41 mm, respectively. SEM images were binarized to only show cavities and
cracks.

(Figure 5.23 (b)), going from the surface of the FZ up to the mid-thickness. EBSD mapping
of the region near the FZ/CGHAZ interface was carried out to compare computed plastic
strain to measured grains distortion. IPF and GOS maps of this region are shown in
Figure 5.23 (c) and (d), respectively. Comparison between computed plastic strain and
averaged GOS revealed good correlation between these two quantities (Figure 5.23 (e)).

GOS values were further correlated to stress relaxation damage. The distribution of
cavities over the weld zones of the specimen compressed to CMOD of 1.73 mm and aged
at 575 °C for 1470 h is shown in Figure 5.24. Along the CT sample thickness (Z axis), the
detection of cavities indicated a very heterogeneous distribution across the three weld zones
whose interfaces are represented by red dashed-dotted lines in Figure 5.24 (b). According
to FEM simulations (Figure 4.12), a slight progressive increase in stress and cumulated
strain from the sample surface to the half-thickness should be expected. However, instead
of progressive increase in cavities number from the surface towards mid-thickness, here
the cavity distribution (Figure 5.24 (c)) was found to be more complex with important
variations throughout the thickness, indicating a significant influence of the microstructure
on damage. The number of cavities increased in the FZ towards the FZ/CGHAZ boundary
(along Z axis), where the highest cavity number was found. From there, the highest
damage was found at the top of the CGHAZ, and almost no cavities in the center of the
CGHAZ asides a few ones located at the interfaces of residual ferrite2 (indicated by blue
arrows). A significant number of cavities was then observed again at the bottom of the

2Cavity nucleation sites for each zone of the weld are detailed further in Section 5.3.4 and thus not
discussed here.
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Figure 5.23: Investigation of strain at a distance X = 120 µm from the notch root in a
CT specimen made from single-pass welded state compressed to a CMOD of 1.73 mm and
aged at 575 °C for 1470 h, with (a) predicted post-Turski compression cumulated plastic
strain in the (YZ) plane and (b) close up near the bottom of FZ, (c) IPF over IQ, (d)
GOS computed from EBSD data and (e) comparison between computed plastic strain and
measured GOS integrated over the whole region shown in (d). EBSD data was acquired
with a step of 5 µm.
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CGHAZ. The number of cavities then progressively increased towards the mid-thickness
(Z = 8.25 mm), presenting a more homogeneous distribution of damage in the HAZ as
compared to the two other regions (Figure 5.24 (e)). The average GOS profile integrated
along the Z direction did not show a clear correlation with cavity distribution. GOS
in the FZ slightly increased towards the FZ/CGHAZ boundary, reaching a peak in the
CGHAZ. Throughout the CGHAZ, the GOS profile slowly decreased. As expected from
the computed plastic strain evolution through thickness Z (Figure 5.24 (e)), GOS values
in the HAZ at mid-thickness were higher than in the two other regions.

Increase in cavity number towards the FZ/CGHAZ boundary observed in the FZ would
be probably related to the increase in stress and strain towards mid-thickness, as suggested
by the FEM computations, but also to the presence of a transition region between the FZ
and the CGHAZ which could results in straining incompatibilities. This increase in cavity
number can be even more surprising given that in the FZ, austenite grains are smaller
near the surface than near the FZ/CGHAZ boundary. Indeed, mostly equiaxed grains
were present near the FZ surface, while larger columnar grains were observed near the
FZ/CGHAZ boundary (Figure 3.20). A higher grain size, thus lower grain boundary den-
sity, would normally imply a lower total surface for cavity nucleation and thus lower total
number of cavities. This could then sound contradictory with observations. Actually,
as presented later in Section 5.3.4 for the FZ, most of the cavities were located on ver-
micular ferrite, thus reducing the influence of austenite grain size in the FZ. Damage in
the CGHAZ was concentrated on a few grain boundaries, especially near the FZ/CGHAZ
interface with more than 54% of the cavities, here being coalesced cavities, located on a
single grain boundary. The more homogeneous distribution of cavities in the HAZ was
favored by a higher density of GBs observed in this zone.

Cavity distribution, average GOS profile and predicted post-Turski compression stresses
and strain were also plotted as a function of the Y axis (compression direction) for each
weld zone (Figures 5.25 (a) to (c)). The notch centreline was indicated by grey dashed
lines, corresponding to the maximum of computed post-Turski compression stresses and
strain. Damage was plotted as cavity number fraction allowing better comparing the three
zones in terms of distribution rather than magnitude.

These analyses showed that cavities in the FZ were relatively homogeneously dis-
tributed over the Y direction, but with an increase towards the notch centreline (Figure
5.25 (a)), consistent with the higher magnitudes of both stress and strain. The average
GOS profile in the FZ showed a very good correlation with cavity distribution, with co-
incident peaks and global evolution over the whole zone. The CGHAZ again presented
the most heterogeneous cavity distribution when compared to the two other weld zones,
represented by the highest peak of cavity number (Figure 5.25 (b)). In this zone, multiple
coalesced cavities forming a microcrack were observed in its centreline. The average GOS
profile in the CGHAZ showed a good correlation with cavity distribution for Y > 250 µm,
with coincident peaks and global evolution. However, for Y < 250 µm, high magnitudes
of GOS were observed while very few cavities were found. Similarly to analyses in the Z
direction, cavity distribution in the HAZ over the Y direction was the most homogeneous
(Figure 5.25 (c)). Cavity distribution was consistent with the GOS profile, with no sig-
nificant peaks in cavity number or GOS as compared to the two other zones. The total
cavity number per unit area, Nc, was also estimated for each region: 11.10−4, 4.10−4 and
6.10−4 mm−2 in the FZ, CGHAZ and HAZ, respectively. This showed the FZ was the
most affected zone by cavities nucleation, followed by the HAZ and finally the CGHAZ.
This is in agreement with the observations carried out in the Z direction (Figure 5.24).
However, the CGHAZ was the most prone to the nucleation of cracks as it contained the
only crack found in the specimen.

The comparison of GOS evolution with the cumulated plastic strain showed overall
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Figure 5.24: Cavity distribution near the notch centreline in a CT specimen of single-
welded state compressed to a CMOD of 1.79 mm and aged at 575 °C for 1470 h: (a)
predicted post-Turski compression plastic strain of the analyzed region, (b) and (d) IPF
maps of the FZ-CGHAZ and HAZ (at mid-thickness) respectively, (c) and (e) cavities
distribution, GOS and predicted plastic strain along the Z axis in the FZ-CGHAZ and
HAZ (at mid-thickness), respectively.
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Figure 5.25: Comparison of cavities distribution, average GOS, predicted post-Turski
compression cumulated plastic strain and residual stresses σY Y in (a) FZ, (b) CGHAZ
and (c) HAZ (at half-thickness, Z = 8.25 mm) at the notch root of a CT specimen of
single-welded state pre-compressed to a maximum CMOD of 1.79 mm and further aged
at 575 °C for 1470 h. Cavities in the three zones were only analyzed up to distances of
350 µm from the notch.
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good correlation along the Y axis, especially in the FZ and CGHAZ. Of course, local GOS
peaks observed in the FZ and CGHAZ could not be reproduced since simulations carried
out in this work were based on continuum mechanical modeling.

The correlation of average GOS with cavity distribution showed that the heterogeneous
distribution of damage in the FZ and CGHAZ was most probably, at least partially,
related to a heterogeneous strain in these two regions induced by Turski compression.
On the contrary, the homogeneous distribution of damage in the HAZ was related to a
homogeneous strain over this zone.

GOS and KAM were also computed in the HAZ (mid-thickness, at Z = 8.25 mm)
along the X direction to be compared to predicted residual stresses, plastic strain and
the observed damage carrying out the analyses in the (XY) plane at the notch of the
same specimen compressed to CMOD of 1.73 mm (Figure 5.26). Such analyses were not
performed in the CGHAZ nor the FZ as it would have required partial destruction of
the specimen, impeding further investigations. GOS and KAM were integrated along the
X-axis averaged over a 200 µm large band as shown in Figure 5.26 (d). Evolution of
both GOS and KAM values with the distance from the notch followed the evolution of
the predicted cumulated plastic strain and were consistent with the cavity distribution
(Figure 5.26 (b)). Results showed that along the X-axis, unlike the results obtained for
the as-received state (Figure 5.6), a more continuous decrease of both strain and stresses
in the HAZ allowed a continuous decrease of cavities number. This is most likely due
to the initial hardening of the HAZ due to the welding (around 4%), leading to cavity
distribution similar to that observed in cold-rolled state. It is worth noting, that the
analysis for single-pass weld state along X-axis was carried out within distances lower
than 700 µm from the notch. It cannot be completely excluded that several cavities were
present beyond this limit.

5.3.4 Damage nucleation sites

Stress relaxation damage was observed to be quite different in terms of damage nature,
distribution and levels in the three weld zones. Analysis of damage nucleation sites is
further presented for each region of the weld regardless of the applied Turski compression
load to get a better understanding of susceptibility to SRC of each weld zone.

5.3.4.1 Fusion zone

First, EBSD analysis was carried out in damaged regions of the FZ (Figure 5.27 (a)).
Phase maps shown in Figure 5.27 (b) and Figure 5.28 (d) suggested the presence of ferrite,
regenerated austenite, γR, Cr23C6 and σ-phase at austenite GBs and within austenite
grains where the cavities were observed. The γR, Cr23C6 and σ-phases were the result
of partial decomposition during thermal ageing of the vermicular ferrite initially formed
upon cooling after welding (Section 3.5). Ferrite and associated phases were observed both
at austenite GBs (Figure 5.28 (c)) and within austenite grains (Figure 5.27 (c)). This is
in agreement with observations made by Vijayanand et al. [218] on creep damage in the
FZ of a welded 316L(N) steel. As shown in Figure 5.28 (d), cavities were located at the
interfaces between different phases, without any obvious preference between them. Most
of the cavities were observed on the vermicular ferrite located within the austenite grains.
Indeed, only 30% of the 456 identified cavities were located at austenite GBs, against
70% on the intragranular vermicular ferrite and associated phases (Figure 5.30). This is
due to the large austenite grains in the FZ, resulting in low total GB length and thus
less surface available for cavity nucleation, as compared to the numerous intragranular
vermicular ferrite. Moreover, the number of GB precipitates at austenite GBs appeared
to be much less, as compared to that found in the ferrite. In several damaged regions of
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Figure 5.26: Analysis of damage in XY plane near the notch root at mid-thickness (Z
= 8.25 mm) in the HAZ of single-pass welded 316L(N) steel, compressed to a CMOD of
1.73 mm and heat treated at 575 °C for 1470 h with (a) computed accumulated plastic
strain field, (b) distribution of cavities compared to the residual stress σY Y and accumu-
lated plastic strain p, average GOS and KAM profiles. (c), (d) and (e) show the IPF
map with a insert of SEM micrograph of GB cavities, GOS and KAM maps of the ROI,
respectively, obtained from EBSD data acquired with a 550 nm step.
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the FZ, austenite GBs were even completely free of cavities, partially due to the absence
of GB precipitates.

As shown in Figure 5.29 for the highest CMOD of 6.41 mm, even though numerous
cavities and even several micro-cracks were observed on vermicular ferrite within austenite
grains, the propagation of these cracks was not observed. Instead, long cracks were rather
observed at austenite GBs (Figure 5.29) suggesting an easier crack propagation at austenite
GBs, even if less cracks were formed there. This is in agreement with observations of stress
relaxation cracks in industrial welds by Dhooge et al. [6], Picker and Fraser [207] who
indicated that the rare cracks observed in the weld metal (FZ) were exclusively located
on austenite GBs.

5.3.4.2 Coarse grain heat affected zone

EDS maps obtained in areas with damaged GBs in the CGHAZ shown in Figure 5.31
revealed precipitates with high contents in Cr/Mo and a depletion in Fe. These precipitates
had an average length of 500 nm and a very low distance between neighbours. EBSD
analysis (Figure 5.32) carried out in other area with other damaged GB in the CGHAZ
revealed precipitates similar to those previously found in as-received and cold-rolled state
after Turski compression and ageing. TEM analyses were further carried out in specimens
machined in the CGHAZ near the notch to identify the nature of the precipitates (Figure
5.33). Diffraction patterns of all GB precipitates (Figure 5.33 (b)) corresponded to the
Cr23C6 phase. While smaller precipitates rich in Mo were observed under SEM in the
single-pass welded state after Turski compression and ageing, similarly to previous states
(Figure 5.37 (a)), their nature could not be confidently identified. According to the results
obtained for the cold-rolled state, these Mo-rich precipitates might be R, τ and/or χ
phases.

TEM analyses of damaged GBs also revealed cavities formed on the Cr23C6 carbides.
Similarly to the cold-rolled state after Turski compression and thermal ageing, these cav-
ities were located in between carbides (Figure 5.34 (a)) or at the tip of carbides (Figure
5.34 (b)). These cavities in CGHAZ were significantly larger than those in cold-rolled
state. Very similar observations of cavities were achieved by Jiang et al. using TEM [219]
after creep testing of a HAZ of a 310S welded joint. However, it is worth noting that the
electropolishing process used for the preparation of thin foils could still have increased the
size of cavities. Interestingly, TEM observations also showed accumulation of dislocations
tangles near GB (Figure 5.34 (c) and (d)). According to Skelton et al., these provide partic-
ularly favorable sites for cavity nucleation and growth in heat affected zones of austenitic
steel weldments [220]. Moreover, the distribution of these dislocations appeared much
more heterogeneous than that observed for cold-rolled state after Turski compression and
thermal ageing.

EDS maps of damaged regions of the CGHAZ also revealed an increase in oxygen
content in cracks relatively to the matrix. Diffusion of oxygen could have occurred after
the nucleation of cracks near the notch surface exposed to ambient air. EDS profile of
larger cracks in a CT specimen compressed to a CMOD of 6.41 mm shown in Figure 5.35
presented similar results, with layers of presumed chromium oxide and iron oxide observed
on both sides and inside the crack, respectively. This is in agreement with results reported
by Auzoux [13] for a failed superheater header (component for pipe systems) made of 316H
after 50 000 h of service at 550 °C (Section 1.4).

5.3.4.3 Heat affected zone

In the HAZ, cavities were located on austenite GBs and homogeneously distributed in the
entire zone. Samples were tilted to 70° under SEM using SE detector to better reveal GB
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Figure 5.27: Cavities at vermicular ferrite within austenite grains and at austenite GB in
the lower part of the FZ near the FZ/CGHAZ interface. Section located at X = 120 µm
from the notch of a CT sample of single-pass welded state compressed up to a CMOD =
1.73 mm and aged at 575 °C for 1470 h: (a) SEM-SE, (b) phase map, and austenite IPF
maps projected onto (c) Y, (d) Z and (e) X axis. A 100 nm step size was used for the
acquisition.
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Figure 5.28: Cavities at vermicular ferrite on austenite GB in the lower part of the FZ near
the FZ/CGHAZ interface. Section located at X = 120 µm from the notch of a CT sample
of single-pass welded state compressed up to a CMOD = 1.73 mm and aged at 575 °C for
1470 h: (a) SEM-SE, (b) index quality map, (c) IPF map (d) phase map overlaid on the
quality index images. A 20 nm step size was used for the acquisition.

Figure 5.29: Stress relaxation damage in the FZ near the notch root of a single-pass welded
sample section in the (YZ) plane after a Turski compression up to CMOD = 6.41 mm and
subsequently aged at 575 °C for 1470 h (optical microscope).
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Figure 5.30: Stress relaxation damage in the FZ in a (YZ) section at a distance of 70 µm
from the notch of a single-pass welded specimen compressed up to a CMOD = 1.73 mm
and aged at 575 °C for 1470 h: (a) GB map over IQ (acquired with a 1 µm step) of the
bottom of FZ, (b) cavity distribution of the analyzed region, located on austenite GB (red
cross) and within the grains on the vermicular ferrite (black triangles).

precipitates associated to cavities, as illustrated in Figure 5.36 (a). EBSD mapping of the
damaged GB was then carried out, suggesting these precipitates might be Cr23C6 carbides
(Figure 5.36 (d)). As it is shown in the phase map, some single pixels were also identified
as Cr23C6 phase by EBSD within the grains, but these correspond to indexation errors.
The presence of precipitates was only determined correlating SE images and EBSD phase
maps. The size of larger precipitates (carbides) was measured in HAZ and compared to
that of those observed in the CGHAZ in a (YZ) section at X = 160 µm from the notch
of a CT specimen of single-pass welded state compressed up to a CMOD = 1.73 mm and
aged at 575 °C for 1470 h (Figure 5.38). The resulting sizes distribution for the two zone
was very similar, with an average size of 215 nm and 228 nm in the HAZ and CGHAZ,
respectively. The negligible difference in precipitate size between the two regions suggested
that precipitate size was not a parameter that could explain the higher susceptibility of
the CGHAZ to SRC. This is important to note since some authors in the literature [188]
suggested that the higher susceptibility to cavity nucleation of large grain regions is due
to a higher precipitate size, which was not observed here.

SEM-BSE images of cavities in the HAZ shown in Figure 5.37 (b) also suggested the
presence of smaller Mo-rich precipitates, similarly to the as-received and cold-rolled states
(Figure 5.17). These could thus correspond to the R, χ and τ phases. Similarly to the
CGHAZ, the small size of these precipitates made the analysis of their nature difficult.
Besides, it was difficult to conclude on relative effect of Cr23C6 carbides and Mo-rich
precipitates on cavity nucleation.

5.3.4.4 Residual ferrite

In the HAZ and more rarely in the CGHAZ, cavities were observed in the partially de-
composed residual ferrite, as shown in Figure 5.39. The fraction of cavities observed on
the residual ferrite specifically in the CGHAZ was generally less than 11%. Although no
further analysis was carried out, it was assumed the phases from the decomposition of
residual ferrite were of the same nature as the ones determined in the as-received state.
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Figure 5.31: Precipitates near cavities at an austenite grain boundary in the CGHAZ.
Section located at X = 120 µm from the notch of a CT sample of single-pass welded state
compressed up to a CMOD = 1.73 mm and aged at 575 °C for 1470 h. (a) SEM-InLens
image. EDS maps of (b) iron, (c) chromium and (d) molybdenum showing their respective
qualitative distribution in the analyzed region acquired at a 7.0 mm working distance and
20 kV.

Figure 5.32: Damaged region of the CGHAZ in a single-pass welded state after Turski
compression to a CMOD of 1.22 mm and aged at 575 °C for 1470 h with (a) SEM-SE
captured with a 70° tilt (tilt was further corrected) and (b) phase map over on the quality
index (from EBSD analysis). A 15 nm step size was used for the acquisition.
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Figure 5.33: Cr23C6 precipitates at austenite GBs in damaged regions of the CGHAZ of
a single-pass welded state after Turski compression to a CMOD of 1.73 mm and aged at
575 °C for 1470 h with (a) bright field image and (b) diffraction pattern.

Figure 5.34: TEM images of damaged GBs in the CGHAZ of a CT specimen made from
single-pass welded state compressed to a CMOD of 1.73 mm and aged at 575 °C for 1470 h
with (a) and (b) cavities and Cr23C6 precipitates, (c) and (d) dislocations tangles at GBs.
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Figure 5.35: Chromium oxide layers detected in a stress relaxation crack in the CGHAZ
at the notch of a single-pass welded state after Turski compression to a CMOD = 6.41 mm
and ageing at 575 °C for 1470 h with (a) SEM-SE image and (b) EDS profiles of major
elements.

Figure 5.36: Damaged region of the HAZ in a (YZ) section at X = 160 µm from the
notch of a CT specimen of single-pass welded state compressed up to a CMOD = 1.73 mm
and aged at 575 °C for 1470 h: (a) SEM-SE, (b) quality index, (b) IPF in X direction of
the austenite and (c) phase map overlaid on the quality index images. EBSD maps were
acquired at a 70° (tilt was further corrected), 20 kV and a working distance of 16.4 mm.
A 20 nm step size was used for the acquisition.
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Figure 5.37: SEM-BSE images of precipitates at damaged GBs of the (a) CGHAZ and (b)
HAZ of a CT specimen of single-pass welded state compressed to a CMOD of 1.22 mm
and aged at 575 °C for 1470 h.

Figure 5.38: Comparison of precipitate size in the HAZ and CGHAZ measured in a (YZ)
section at X = 160 µm from the notch of a CT specimen of single-pass welded state
compressed up to a CMOD = 1.73 mm and aged at 575 °C for 1470 h.

Figure 5.39: SEM-SE image of cavities located in a partially decomposed residual ferrite
band in a CT specimen of single-pass welded state compressed up to a CMOD = 1.73 mm
and aged at 575 °C for 1470 h. Image was captured with a 70° tilt and the tilt was further
corrected.
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5.4 Multi-pass welded material

In order to increase the effect of welding on SRC, a 316L(N) steel plate was welded with
five passes on each face. As shown in Section 3.6, multi-pass welding allowed an increase
in hardening especially in the HAZ, but also led to a more complex microstructure in
the FZ and CGHAZ as compared to the single-pass weld. Similarly to single pass welded
specimens, observations of as-welded multipass specimen aged at 575 °C for 1470 h did not
reveal cavities. The slightly higher level of initial hardening of the HAZ in the multipass
sample, as shown by the hardness measurements (Figure 3.31), did not allow for the
nucleation of cavities either. As for single-pass welded material, CT specimens were then
machined from multi-pass welded material to investigate SRC in this microstructure.

5.4.1 Damage analysis

CT specimens made of multi-pass welded state of the studied 316L(N) steel were com-
pressed to CMODs of 1.82 mm and aged at 575 °C for 580 and 1470 h. Damage was
further analysed in the (YZ) plane near the notch root to observe the three weld zones, as
shown in Figure 5.40. The projected damage across the CT sample thickness (Z axis) is
shown in Figure 5.41. No cavity was observed at the top of the FZ (Z = 0 mm) likewise
to the single-pass welded state compressed to similar CMOD. However, a steep increase in
cavity number was observed near the FZ/CGHAZ boundary (Figure 5.41, Z = 3.4 mm)
resulting from the presence of many cavities at the bottom of the FZ (Figure 5.40 (a)).
While the global number of cavities observed in this zone was high as compared to the
other zones (Figure 5.41), they were relatively dispersed (Figure 5.40 (b)) hence the risk
of coalescence and further cracking appeared to be relatively low.

In the CGHAZ, the total number of cavities was significantly lower but, as observed
for the single-pass welded state, the cavities were localised on only few GBs of this zone
near the FZ/CGHAZ boundary, with several coalesced cavities (Figure 5.40 (c) and (d)).
As shown in the distribution map, many other cavities in the CGHAZ were found in the
residual ferrite, which were shown to have a low effect on crack nucleation for single-pass
welded state. However, the cavities at austenite GBs in this zone resulted in higher cavity
density per damaged GB, making it more prone to SRC. Typically, the most damaged GB
of the CGHAZ had 60% of its total length covered with cavities.

Damage and cavity distribution in the HAZ were very different from the ones observed
in single-pass welded state. Although very few cavities were observed in HAZ below
CGHAZ of single-pass welded state, a significant amount of cavities was noticed right
below the CGHAZ of the multi-pass welded state (Figure 5.40 (a)). Moreover, multi-pass
welding led to more cavities in the HAZ at mid-thickness (Z = 10.5 mm) (Figure 5.42 (a)),
with several damaged GBs presenting a high cavity density, closer to the one observed in
the CGHAZ (Figure 5.42 (b) and (c)). Indeed, the most damaged GB in the HAZ had
20% of the total length covered by cavities at mid-thickness of CT specimen. The level of
damage in the HAZ close to that in CGHAZ in the multi-pass welded state was certainly
due to the higher hardening induced by multiple welding (Figure 3.31). The higher initial
plastic strain in the HAZ was certainly more favorable to cavity nucleation as compared to
the FZ and CGHAZ which had still comparable hardness values to the single-pass welded
state.

These results showed that while the CGHAZ remained the most prone to SRC, an
increase in number of welding passes can increase the susceptibility of the HAZ to stress
relaxation damage. However, despite the more complex microstructure of the FZ and
CGHAZ due to the multi-pass welding, as compared to single-pass (as shown in Section
3.6), the two zones seemed to have the same impact on SRC as those after single-pass
welding.
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Figure 5.40: Stress relaxation damage at the notch root of a CT specimen of multi-pass
welded state compressed to a CMOD of 1.82 mm and heat treated at 575 °C for 1470 h
with (a) distribution of cavities and micro cracks in the FZ, CGHAZ and HAZ. Cavities
located on residual ferrite are circled in blue. Maximum damage of the (b) FZ, (c)-(d)
CGHAZ and (d) HAZ.

Figure 5.41: Stress relaxation damage at the notch root of a CT specimen of a multi-pass
welded state compressed to a CMOD of 1.82 mm and heat treated at 575 °C for 1470 h.
Cavity number was cumulated and plotted over the Z axis in the FZ, CGHAZ and HAZ.
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Figure 5.42: Stress relaxation damage at the notch root of a CT specimen of multi-pass
welded state compressed to a CMOD of 1.82 mm and heat treated at 575 °C for 1470 h
with (a) distribution of cavities and micro-cracks in the HAZ at mid-thickness. Cavities
located on residual ferrite are circled in blue. Maximum damage is shown in (b) and (c).

5.4.2 Influence of relaxation time

Damage in CT specimens made of multi-pass welded material was compared after ageing
for 580 and 1470 h at 575 °C . Comparison of pixel map density, representative of cavity
and crack number, is shown in Figure 5.43. After 580 h of ageing (Figure 5.43 (a)), a
significant number of cavities was already observed in the FZ, however they were widely
dispersed at different GBs. After 1470 h, the global number of cavities in the FZ did not
appear to have significantly increased (Figure 5.43 (b)). However, at some of the damaged
GBs, the distance between cavities decreased as compared to ageing duration of 580 h,
resulting in a higher risk for coalescence and thus cracking. In the CGHAZ after 580 h,
only one GB in the whole zone was damaged but with a high density of cavities, and
some coalesced cavities. In the specimen aged for 1470 h, the cavity density per damaged
GB did not significantly increase, however the number of damaged GB increased, similar
to observations made for the single-pass welded state (Figure 5.22). In the HAZ at mid-
thickness, after 580 h of ageing the total number of cavities was higher than in the CGHAZ
but lower than in the FZ, generally dispersed over the GBs. In some damaged GBs, as
shown in Figure 5.43 (a), multiple but small cavities were observed close to each other.
After 1470 h, the global number of cavities and the number of damaged GBs with multiple
cavities in the HAZ increased, similarly to the CGHAZ.

Damage observations carried out for the multi-pass welded state showed very similar
trends to observation made for single-pass welded state. Firstly, the CGHAZ was the zone
with the most advanced level of damage, with highest density of cavities per damaged GB.
Secondly, the damage level per GB in the CGHAZ did not increase with the relaxation
time increasing, but instead damage was observed for a larger number of GBs.
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Figure 5.43: Comparison of most damaged areas of each zone of the weld of multi-pass
welded state after Turski compression to CMOD of 1.82 mm, and ageing at 575 °C for
580 h and 1470 h. SEM images were binarized to only show cavities and cracks.
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5.5 Cold-rolled single-pass welded state

A cold-rolled plate of 316L(N) steel was subjected to single-pass welding. Hardness mea-
surements presented previously in Figure 3.31 showed that recovery took place due to
the high temperatures induced by welding, favored by the low thickness of the plate.
Therefore, very homogeneous hardening over the three weld zones was obtained.

A CT specimen machined from cold-rolled and subsequently single-pass welded ma-
terial was compressed to a CMOD of 2.49 mm and aged at 575 °C for 1470 h. The
most damaged region of the specimen in the (YZ) plane at the notch root is shown in
Figure 5.44 (a). As compared to other material states, this specimen revealed the most
heterogeneous distribution of damage among the three weld zones. The CGHAZ was
the only zone with macro-cracks. Most damaged regions of the FZ, CGHAZ and HAZ
are shown in Figures 5.44 (b), (c) and (d), respectively. In the FZ, no macro-crack was
detected, but a few GBs presented a high density of cavities and sometimes coalesced
cavities (Figure 5.44 (b)), which might form micro-cracks for longer relaxation times or
higher pre-loads. In the CGHAZ, numerous micro- and macro-cracks and cavities were
observed over the entire zone. Specifically, a long crack of 167 µm in length was observed
right below the FZ/CGHAZ boundary (Figure 5.44 (c)). In the HAZ at mid-thickness,
only a few GBs were damaged, with a very low density of cavities (Figure 5.44 (d)) as
compared to the two other weld zones.

The observed damage, accounting for both cavities and cracks, was plotted across the
thickness of CT sample (Z axis) (Figure 5.45 (a)). The damage distribution across the
heterogeneous microstructure showed similar trends to the single-pass welded state. In
the FZ, the damage level was the lowest near the CT sample surface, but highly increased
near the FZ/CGHAZ boundary. The highest peaks of damage were found in the CGHAZ,
with most of the damage located in the first half of the zone. This is also similar to
results obtained for the single-pass welded state, where most of the damage was localised
in the first quarter of the CGHAZ near the FZ/CGHAZ boundary. In the CGHAZ, several
macro- and micro-cracks were observed propagating along neighbour GBs, showing a high
risk of failure of the zone (Figure 5.46). Damage significantly decreased in the HAZ,
similarly to observations made in the single-pass welded state. No micro-cracks were
detected in this zone, and the highest peak of damage in the upper part of the HAZ was
attributed to cavities formed at residual ferrite.

Similarly to the single-pass welded state, the residual ferrite bands in the CGHAZ
appeared to prevent the propagation of cracks along austenite grains boundaries as illus-
trated in Figure 5.46 (a), red squares 1 and 2. In the case of damaged GBs without residual
ferrite bands, the propagation of cracks was not restrained and were then observed along
several successive GBs (Figure 5.46 (b), squares 3, 4 and 5).

Damage distribution integrated along the Y direction (Figures 5.45 (b-d)) showed
a homogeneous distribution in the FZ, with no significant increase towards the notch
centreline. Majority of damage in the CGHAZ was localised near the notch centreline,
with three main peaks representative of the main cracks visible in Figure 5.44 (a). Damage
distribution in the HAZ in this specimen appeared to be heterogeneous, with one main
peak near the notch centreline. It is important to keep in mind that damage in the HAZ
was very low as compared to the other regions. Therefore, confident statistical analysis of
cavities distribution in HAZ was not possible.

In conclusion, differences in damage between the three weld zones were significantly
higher than those observed in the single and multi-pass welded specimens.

Stress relaxation damage for the cold-rolled single-pass welded state presented similar
trends to other welded states (without prior cold rolling), with the CGHAZ being the
most damaged zone. However, the difference in damage between the three weld zones
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Figure 5.44: Stress relaxation damage in a (YZ) section at the notch root of a CT specimen
of cold-rolled single-pass welded state compressed to CMOD = 2.49 mm and aged at 575 °C
for 1470 h. (a) Macro view of the most damaged region, (b), (c) and (d) correspond to
the FZ (near FZ/CGHAZ boundary), CGHAZ and HAZ (at mid-thickness), respectively.

was much more significant with prior cold-rolling. Namely, the HAZ was less affected
by SRC. This is most probably because of a lower level of initial hardening in the HAZ
after welding (Figure 3.31). The lower initial plastic strain in the HAZ manifestly lowered
its susceptibility to cavity nucleation and growth during ageing. These results are in
agreement with literature data, reporting that most cases of industrial SRC are observed
in thick components [7], allowing both higher residual stresses and higher hardening.



188CHAPTER 5. STRESS RELAXATION CRACKING TESTS AND DAMAGE ANALYSIS

Figure 5.45: Comparison of black pixel count (representative of cavities and cracks): (a)
to (c) along the Z axis corresponding to the CT specimen thickness across the three weld
zones; (d) to (f) along the Y axis, for each weld zone. Cavities were observed in a (YZ)
section at the notch root of a CT sample of cold-rolled single-pass welded state compressed
to a CMOD of 2.49 mm and aged at 575 °C for 1470 h.

Figure 5.46: Propagation of cracks in the CGHAZ in regions (a) with and (b) without
residual ferrite. Observations carried out in a (YZ) section located at X = 40 µm from the
notch of a CT specimen of cold-rolled single-pass welded state compressed to a CMOD =
2.49 mm and aged at 575 °C for 1470 h.
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5.6 Material with increased grain size
In all CT specimens made of single- or multi-pass welded states, CGHAZ clearly appeared
to be the most prone to SRC. Specifically, the CGHAZ was shown to be more susceptible
to crack nucleation than the HAZ. One of the major differences between these two zones
is the grain size, which is often cited in the literature as an SRC detrimental factor. In
order to better understand the lower resistance of the CGHAZ to SRC, 316L(N) steel in
as-received state was subjected to heat treatment at 1300 °C to induce austenite grain
growth; the resulting austenite grain size was almost five times greater than that in initial
as-received state.

CT specimens made of material with increased grain size were compressed to CMODs
of 2.34 and 5.62 mm and further aged at 575 °C for 1470 h. The area close to the notch
root at mid-thickness of the CT sample in the (XY) plane was analysed. Observations
at low magnification of the specimen compressed to a CMOD of 2.34 mm did not reveal
any damage (Figure 5.47 (a)). However, two long cracks (250 µm) along two different
grain boundaries were observed at the notch of the specimen compressed to a CMOD of
5.62 mm, with an additional micro-crack formed at a distance of 350 µm from the notch
(Figure 5.47 (b), (d)).

Damage was further investigated at higher magnification. In the specimen compressed
to a CMOD of 2.34 mm, a total of 64 cavities were observed on only 8 different GBs.
Similarly to the CGHAZs in CT specimens made of single-pass welded state, damage in
the material with increased grain size was localised on only a few GBs, as illustrated
in Figure 5.47 (c). In the specimen compressed to a CMOD of 5.62 mm, a total of 3
cracks located on only 3 different GBs and 204 cavities on only 9 different GBs were
observed. The increase in Turski compression did not seem to increase the volume of
damaged material or number of damaged GBs; instead the level of damage locally increased
similarly to observations of damage in CT samples made of as-received material (Section
5.1). Similarly, Lee et al. [188] showed that an increase in grain size induces a reduction
of the total number of creep cavities but leads to increase in cavity density per grain.

In both specimens, cavities were observed on precipitates formed at austenite GBs
similarly to other material states. In the specimen subjected to the highest Turski com-
pression, these cavities were numerous on some GBs (Figure 5.48 (d)) with very low
distance between them. On other GBs, this high density of cavities resulted in the nucle-
ation of cracks (Figure 5.48 (c) and (e)). Some of these cracks presented similar features
to damaged CGHAZ of CT made of single-pass welded state (Figure 5.35): (Fe, O)-rich
and (Cr, O)-rich layers were observed inside of some cracks (Figure 5.48 (b)).
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Figure 5.47: Stress relaxation damage in a (XY) section at the notch root at the mid-
thickness of a CT specimen of the material with increased grain size compressed to (a)
and (c) CMOD of 2.34 mm; (b) and (d) CMOD of 5.62 mm and further aged at 575 °C
for 1470 h.
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Figure 5.48: Stress relaxation damage in a (XY) section at the notch root at the mid-
thickness of a CT specimen of the material with increased grain size compressed to CMOD
of 5.62 mm and aged at 575 °C for 1470 h.
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5.7 Comparison of SRC in the different material states

Damage distribution, magnitude and nature were compared for the different material
states to get a better understanding of the SRC. It is important noting that due to the
difference in mechanical properties of each material state, it was not possible to compare
them in absolutely identical conditions. Therefore, comparison could only be made either
using similar CMODs, residual stresses or plastic strain magnitude.

The distribution of cavity fraction and total cavity number observed in CT samples
made of as-received, single-pass welded and cold-rolled states was compared in Figure
5.49. It is worth nothing that here, identification of cavities in the specimen made of cold-
rolled material was carried out over a larger area than previously shown in Section 5.2 to
match that of specimens made of as-received and single-pass welded states. Consequently,
total cavity number of the specimen made of cold-rolled material presented here differs
from numbers reported in Figure 5.9, but this does not affect previous conclusions. As-
received and single-pass welded material were compressed to a CMOD of 1.73 mm and
cold-rolled material to 25 kN (CMOD of 0.34 mm). Distribution of damage compared
to computed residual stresses and plastic strain clearly showed the role of plastic strain:
in the as-received material, plastic strain was high near the notch but quickly decreased
(Figure 5.49 (a)). As a result, most of the damage (more than 50%) was localised in the
near-notch root region. In the single-pass welded material, the initial hardening induced
by welding (about 4%) led to higher plastic strain levels over the whole specimen (Figure
5.49 (b)). As a result, damage was still significant at 500 µm distance from the notch. In
the cold-rolled state, this effect was more pronounced: high level of plastic strain (>20%)
induced by cold-rolling was initially observed in the whole specimen (Figure 5.49 (c)). As
a result, the distribution of damage was even more homogeneous than in the single-pass
welded material and cavities could be observed up to 2 mm from the notch root. It thus
appeared clearly that the initiation of damage requires first of all sufficient levels of plastic
strain and then may be governed by residual stresses, which are also required to induce
SRC.

Comparison of the highest damaged regions CT specimen made of as-received and
single-pass welded materials are shown in Figures 5.50 (a) and (b), respectively. These
also indicated that the level of damage per GB in the HAZ of the single-pass welded state
was significantly higher than in the as-received state for the same CMOD. This illustrated
the detrimental effect of welding on SRC. It is worth reminding that in the CT specimen
made of single-pass weld compressed to a CMOD of 1.73 mm, even cracks were found in
the CGHAZ (Figure 5.20 (b)).

Damage observed in CT specimen made of as-received material was also compared to
that of a CT specimen made of material with increased grain size, both compressed to the
same CMOD of 2.34 mm and aged at 575 °C for 1470 h. Firstly, the total number of cavities
was somewhat higher in the as-received material than in the material with increased grain
size, 85 against 64, respectively. This is consistent with higher total cavity number in the
HAZ as compared to the CGHAZ in CT specimens made of single and multi-pass welded
materials (Section 5.3 and 5.4). Secondly, spatial distribution of damage was quite different
between the two material states (Figure 5.51 (a) and (b)): the number of damaged GBs in
the material with increased grain size was significantly lower than in the as-received one.
In the material with increased grain size, only 8 GBs were damaged, compared to 50 in
the as-received material. This is also consistent with the results obtained for the single-
and multi-pass welded states. At this point, results were not sufficient to conclude on
the relative risk of SRC between the two material of different grain sizes. Consequently,
to better characterize the influence of grain size, additional characteristics of cavities and
their distribution were analysed (Figure 5.52).
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Figure 5.49: Comparison of stress relaxation cavity fraction, predicted post-Turski com-
pression residual stresses σY Y and cumulated plastic strain in a (XY) section at the notch
root at the mid-thickness of CT specimens made of (a) as-received, (b) single-pass welded
state compressed to a CMOD of 1.73 mm and (c) cold-rolled state compressed to 25 kN
(CMOD of 0.34 mm), all aged at 575 °C for 1470 h. "Nc" stands for total cavity number.

Figure 5.50: Comparison of highest stress relaxation damage in a (XY) section at the
notch root at the mid-thickness of CT specimens made of (a) as-received and (b) HAZ
of the single-pass welded material, both compressed to CMOD of 1.73 mm and aged at
575 °C for 1470 h.

Results showed that the average number of cavity per damaged GB was higher in the
material with increased grain size (Figure 5.52 (a)). In addition, the maximum number
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of cavities on one GB was significantly higher in the material with increased grain size:
21 against 2 in the as-received material. In contrast, the average cavity size was slightly
larger in the as-received material (Figure 5.52 (b)), and coalesced cavities observed in the
as as-received material seemed to be at a more advanced state that those observed in
the material with increased grain size (Figure 5.53 (a) and (b)). This is consistent with
differences observed between the CGHAZ and the HAZ of a CT specimen made of a single-
pass welded material compressed to a CMOD of 1.39 mm (Figure 5.20 (a)). This is also
in agreement with quantification of stresses and strain thresholds for cavity nucleation,
which were estimated to be lower in the HAZ than in the CGHAZ (Table 5.2).

However, the total cavity length per damaged GB was higher in the material with
increased grain size than in the as-received material (Figure 5.52 (c)). In addition, the
spread of cavities, measured by the maximum GB length covered by a significant number
of cavities, was higher in the material with increased grain size (Figure 5.53 (c) and (d)).
As a result, in a small-grained microstructure (HAZ or as-received material), relatively
large coalesced cavities could form, but they would tend to be isolated and concentrated
over a small portion of GBs. In the material with increased grain size (or CGHAZ),
cavities would be smaller and less coalesced in the first steps of the damage mechanism,
but distributed over a much larger GB length. As it is suggested by observations carried
out in CT made of welded materials, the propagation of damage over a GB is then favored
in large grain materials. Lastly, it is worth noting that, while the two specimens were
subjected to the same displacement during Turski compression, due to the coarser grains
of the material with increased grain size, post-compression residual stresses and plastic
strain are expected to be much lower as compared to those of the as-received material for
the same CMOD.

In summary, these analyses showed that the favored SRC observed in the large grain
material (or CGHAZ), is due to two main characteristics of cavity distribution: a favored
multiplication of cavities traduced by a higher number of cavity per damaged GB, spread
out over a higher GB length; and a higher total length of cavity per damaged GB. Fur-
thermore, it is important to remember that the occurrence of a crack in a fine-grained
material would be less harmful than in a coarse-grained material, since crack growth and
propagation is favoured in a coarse-grained material.

In conclusion, comparison of SRC in the different material states showed that an
increase in initial plastic strain and material grain size increase the risk for SRC. However,
these did not entirely explain the observations made for the welded materials: while
the CGHAZ was observed to be the most prone to cracking, damage in this zone was
generally limited to the first quarter close to the FZ/CGHAZ border. It is very likely
that the transition region between the FZ and the CGHAZ is an additional factor for the
SRC sensitivity. This would also be consistent with the fact that a high concentration of
damage in the FZ was found near the FZ/CGHAZ interface.
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Figure 5.51: Comparison of spatial distribution of cavities in a (XY) section at the notch
root at the mid-thickness of CT specimens made of (a) as-received material and (b) mate-
rial with increased grain size, both compressed to CMOD of 2.34 mm and aged at 575 °C
for 1470 h.
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Figure 5.52: Comparison of stress relaxation cavities properties in a (XY) section at the
notch root at the mid-thickness of CT specimens made of as-received (AR) material and
material with increased grain size (MIGS) both compressed to CMOD of 2.34 mm and
aged at 575 °C for 1470 h: (a) average cavity number per damaged GB, (b) average cavity
size, (c) average total cavity length per damaged GB and (c) proportion of damaged GB
length per GB. Maximum and minimum values for each quantity is also indicated.
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Figure 5.53: Comparison of most coalesced cavities (a, b) and highest damage spread (c,
d) in a (XY) section at the notch root at the mid-thickness of CT specimens made of (a),
(c) as-received material and (b), (d) material with increased grain size both compressed
to CMOD of 2.34 mm and aged at 575 °C for 1470 h.
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5.8 Summary of results and conclusions

To study the effect of welding on SRC in 316L(N) steel, SRC tests were carried out for
as-received, cold-rolled, single-pass welded, multi-pass welded, cold-rolled welded states
and material with increased grain size. A careful analysis of CT specimens for these
different states after Turski compression and further heat treatment at 575, 600 °C for 580
and 1470 h allowed analysing the effect of a heterogeneous microstructure and mechanical
factors (stresses, strain) on SRC.

The study of as-received state showed that it was possible to trigger stress relaxation
damage in the studied 316L(N) steel by a Turski compression, inducing the required tensile
residual stresses. For this state, damage was found to be in the form of creep-like GB
cavities. These cavities were mostly observed to form at the interface between austenitic
matrix and GB precipitates in agreement with literature data [45]. The formation of
damage appeared to be primarily influenced by the level of plastic strain, at least as much
as residual stresses. This is a very important result since many studies on SRC available in
the literature focused on the level of residual stresses. As expected, an increase in pre-load
(i.e. increase in residual stresses and plastic strain) led to an increase in damage.

Using the analysis of damage made in the cold-rolled material, the nature of GB
precipitates on which cavities were observed to form during the stress relaxation could be
carefully investigated. Large and small precipitates close to cavities were clearly observed
using both SEM and TEM. The large precipitates, rich in C/Cr/Mo, were identified as
Cr23C6 by electronic diffraction in agreement with literature data [45]. Smaller precipitates
rich in Mo might correspond to τ and/or χ, but it was difficult to conclude on their precise
nature due to their size and very small fraction. Nevertheless, these Mo-rich precipitates
were believed to favor the cavity nucleation, suggested by the presence of nano-cavities
observed at the tip of these precipitates. In addition, it was found that an increase in
relaxation time and temperature (from 575 to 600 °C) resulted in an increase of damage.
Finally, the correlation of observed damage and stress and plastic strain computed using
FEM showed that higher initial plastic strain led to a larger damaged zone than in the
as-received state. As a result, for cold-rolled state, the cavities were observed to form in
the regions where the principal residual stress was relatively low, but the plastic strain
was high due the prior cold-rolling. This again confirmed the strong influence of plastic
strain on SRC.

Microscopy analysis of single and multi-pass welded states after heat treatment (with-
out Turski compression) showed that stresses and strain induced by the welding alone
were not sufficiently high to trigger SRC and hence prior Turski compression was required
to induce damage for the chosen relaxation duration and temperatures. Results showed
that the procedure developed in this work allowed triggering SRC in welded specimens
after a Turski compression and thermal relaxation. This method thus allowed for the first
time the observation and characterisation of stress relaxation damage in heterogeneous
weld microstructures, in which each zone was exposed to comparable levels of stresses and
plastic strain (see Section 4.3.1). For single-pass welded state, after Turski compression
and ageing, the damage was heterogeneously distributed in the three weld zones, with
the CGHAZ being the most prone to SRC. In the FZ, the cavities were mainly formed
in the vermicular ferrite partially transformed into the Cr23C6, σ phase and regenerated
austenite γR during the ageing. In the CGHAZ and HAZ, cavities were found on Cr23C6
precipitates and less often in residual ferrite. Cavitation appeared for lower stresses and
strain levels in the FZ and HAZ than in the CGHAZ. However, crack nucleation was
clearly favored in the CGHAZ as lower stresses, strain and shorter relaxation time were
required for the first crack to be detected in this zone as compared to that in other weld
zones. For the first time, the higher susceptibility of the CGHAZ to SRC often observed in
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industrial cases could be reproduced in laboratory conditions thanks to a new approach.
Particularly, the use of Turski compression allowed concluding that the differences in dam-
age observed between the three weld zones were primarily due to the microstructure. For
the first time, apparent strain estimated using GOS and KAM criteria from EBSD data
was correlated to the plastic strain obtained from FEM and was correlated to GB damage.
This showed that the GOS can be used as probe of global macroscopic strain, even though
it has to be used with care at smaller scale due to the heterogeneous behavior of grains.

The investigation of SRC in multi-pass and cold-rolled single-pass welded states showed
that the hardening induced by welding favored the nucleation and development of damage
in Turski-compressed CT specimens. In the HAZ with no welding hardening (cold-rolled
welded state), damage was very mild in the HAZ as compared to the CGHAZ. In the
HAZ with medium level of initial hardening (single-pass welded state), damage was still
lower than that in the CGHAZ but with less difference. In a HAZ with high level of initial
hardening (multi-pass welded state), damage was very close to that of the CGHAZ. The
reduction of component thickness or lowering the welding heat (by lowering welding power
input) could then help in increasing the resistance to SRC.

For the first time, an experimental study was dedicated to the investigation of the effect
of grain size on SRC. Analyses of SRC carried out in the material with increased grain
size revealed that damage was significantly more localised than in the as-received state,
meaning higher number of cavity per GB and lower distance between them. This is in
agreement with observations made in the CGHAZs of CT specimens made of welded states.
However, the increase in grain size led to smaller cavities. Therefore, it was concluded
that the grain size is one of the main parameters explaining the higher susceptibility of
CGHAZ to SRC, but that other factors are also involved. Typically, the FZ-CGHAZ
transition region was found to be particularly detrimental for both the FZ and CGHAZ
regarding their resistance to SRC. Further investigations on SRC influencing factors had
thus to be carried out to better understand the lower resistance of the CGHAZ.



Chapter 6

Effect of microstructural features
on SRC

Résumé
A l’échelle macroscopique, il a été montré dans le chapitre 5 que la FeR est d’abord induite par
la présence de contraintes résiduelles de traction et de déformation plastique. Par ailleurs, les
investigations menées à l’échelle microscopique ont montré que la présence de cavités de relaxation
des contraintes est permise par la présence de précipités aux JDGs, en accord avec la littérature [45].
Ce chapitre discute des facteurs supplémentaires influençant la nucléation des cavités proposés par
la littérature : un nombre, une taille et une densité plus élevés de précipités ; la direction moyenne
d’un joint de grain par rapport à l’axe de charge macroscopique ; l’angle de désorientation d’un
joint de grain ; la présence de déformation intragranulaire ; la présence de macles mécaniques.

La corrélation entre les facteurs microstructuraux proposés par la littérature (soit pour le
fluage, soit pour la rupture par corrosion sous contrainte) et la présence de cavités a permis de
mieux comprendre la localisation des cavités de relaxation des contraintes à la fois dans la ZAT
et dans la ZATGG. Cependant, ces facteurs n’ont pas été observés comme étant plus prononcés
dans la zone ZATGG que dans la ZAT, ils ne semblent donc pas mieux expliquer la plus grande
susceptibilité de la zone ZATGG à la FeR. Au lieu de cela, plusieurs explications de la localisation
de L’endommagement dans les ZATGG peuvent être proposées, directement liées à la taille de
grain plus élevée de la région :

• La longueur totale des JDG par unité de surface est plus faible que dans la ZF et la
ZAT (Figure 3.21). Cela affecte directement l’accommodation de la déformation plastique,
et permet moins de surface libre pour la nucléation des cavités, comme cela a été suggéré par
les hypothèses rapportées par la littérature [27,28,37,161]. Contrairement à la ZF, les cavités
dans la ZATGG ne peuvent nucléer que sur les JDG d’austénite, à l’exception de quelques
rares sites de ferrite résiduelle. Cela donne à la ZATGG encore moins de possibilités d’avoir
une distribution homogène de l’endommagement. Alors que la littérature [3,4,33,46,139,158,
159] a également suggéré qu’une augmentation de la taille des grains entraîne une diminution
de la surface des joints de grains disponible pour la précipitation, une augmentation du
nombre de précipités par joint n’a pas été observée dans la ZATGG pour l’acier 316L(N)
étudié.

• Fraction inférieure de JDG favorables à l’endommagement : la fraction de JDG
d’austénite avec un angle de désorientation compris entre 25 et 55°, qui ont été observés ici
comme étant les plus favorables à la nucléation de cavités, était plus faible dans la ZATGG
que dans la ZF (Figure 3.21). Cela conduit à nouveau à la réduction du nombre de sites
potentiels pour la nucléation de cavités, ce qui entraîne inévitablement une concentration
de l’endommagement sur les quelques sites disponibles. Dans un état d’endommagement
léger, les cavités nucléent seulement sur quelques JDGs, ce qui conduit à un nombre plus
élevé de cavités par joint endommagé que dans les autres régions (Figure 5.21 (a)). À ce
stade, la localisation de l’endommagement n’est pas encore un problème. Cependant, une
augmentation de la déformation plastique, de la contrainte résiduelle et/ou du temps de
relaxation entraîne une multiplication rapide des cavités sur les quelques JDGs endommagés
présentant déjà une forte densité de cavités, comme observé dans le matériau à gros grains.
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De ce fait, la coalescence des cavités et le développement ultérieur des fissures sont beaucoup
plus rapides dans la ZATGG (Figure 5.21 (b)).

• Nombre d’obstacles à la propagation plus faible : la densité de JDG plus faible dans
la ZATGG et les JDGs plus longs favorisent également la propagation de l’endommagement,
puisque les points triples peuvent agir comme des obstacles [13]. Cela se traduirait alors par
des fissures intergranulaires beaucoup plus longues, comme observé dans les échantillons les
plus endommagés.

En outre, il a été montré dans la section 5.3 que la région de transition entre la ZF et la ZATGG
était particulièrement sujette à la nucléation de cavités, ce qui explique pourquoi l’endommagement
est également localisé dans la ZATGG elle-même. Enfin, le nombre plus élevé de cavités par
longueur de JDG dans la ZATGG par rapport à la ZF et à la ZAT, a également été attribué à une
distribution particulière de la déformation plastique :

• Distribution hétérogène de la déformation plastique : les cartes GOS ont montré que
la ZATGG présentait la distribution la plus hétérogène de déformation plastique, contribuant
à la localisation des contraintes et favorisant donc la localisation de l’endommagement.

• Densité de dislocation plus élevée près des JDGs : les analyses MET ont également
montré une accumulation d’enchevêtrements de dislocations à proximité des JDG dans les
ZATGG, connus pour faciliter la nucléation des cavités et l’apparition de fissures par la
suite [13]. En raison de la forte déformation plastique pendant la compression Turski, les
analyses EBSD ont suggéré que les grains avaient tendance à s’orienter préférentiellement le
long de la direction spécifique dans laquelle glissent les dislocations, et donc l’empilement
près des JDGs est favorisé.

Contents
6.1 Intragranular strain . . . . . . . . . . . . . . . . . . . . . . . . . . 202
6.2 Grain boundary misorientation angle . . . . . . . . . . . . . . . 208
6.3 Mechanical twins . . . . . . . . . . . . . . . . . . . . . . . . . . . . 208
6.4 Grain boundary precipitates . . . . . . . . . . . . . . . . . . . . . 210
6.5 Triple points . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 212
6.6 Grain boundary angle with the loading axis . . . . . . . . . . . 213
6.7 Summary of influencing factors . . . . . . . . . . . . . . . . . . . 214
6.8 SRC in CGHAZ . . . . . . . . . . . . . . . . . . . . . . . . . . . . 215



202 CHAPTER 6. EFFECT OF MICROSTRUCTURAL FEATURES ON SRC

Results presented in Chapter 5 showed that SRC is very heterogeneous for welded
states of studied 316L(N) steel. Although damage induced by Turski compression and
following heat treatment could be observed in all zones of weld microstructure, stress
relaxation cracks were preferentially initiated in the CGHAZ. In addition, the analysis of
SRC in CT specimen made of material with increased grain size revealed that the way
GB cavities nucleated, multiplied and coalesced was different as compared to that of the
as-received material. The grain size then appeared to be the main explanation for the
differences in resistance to SRC observed between the HAZ and CGHAZ of the welding
microstructure.

However, as discussed in the literature review on SRC (Section 1.4), other factors were
suggested to explain higher susceptibility of the coarse-grained regions to SRC, such as a
change in the deformation behavior, a higher linear GB density of precipitates and larger
precipitates. Besides, the literature also reported microstructural factors that can favor
the nucleation of cavity, in the case of stress relaxation or creep tests. Typically, Young’s
modulus, Schmid factor, grain boundary misorientation angle, mechanical twins, grain
boundary triple points, angle formed between the grain boundary and the loading axis are
cited to influence the formation of GB cavity.

Therefore, these factors are now discussed using the results of the present work to get
insight into the mechanisms of SRC in the studied 316L(N) steel. It is essential noting that
the study of these factors is particularly complex, because most of them are correlated. For
example, grain boundary misorientation angle can be correlated to GB energy and thus
to GB precipitation. The effect of each factor of weld microstructure on SRC is thus very
difficult to analyse. Moreover, our methodology had limitations and might have induced
uncertainties, as characterisations were performed using 2D cross-sections. Other sites
prone to damage may therefore not be visible during the analysis. It is worth noting as
well that the effect of Young’s modulus and Schmid factor cannot be confidently analysed
as the grain orientation before the relaxation could not be known: the analysis of damage
was performed after compression, which induced significant plastic strain and thus an
evolution of grain orientation and structure.

Therefore, based on the EBSD analyses performed on the CT specimens made of single-
pass welded state and further subjected to relaxation treatment, the cavity formation was
then confronted to several microstructure features: intragranular strain, mechanical twins,
GB misorientation angle, GB precipitates, angle formed by a GB plane with the loading
axis and GB triple points. To increase statistics, the effect of these parameters on cavity
nucleation was mainly investigated using the observations carried out in HAZs of damaged
specimens where more cavities was observed, their distribution was homogeneous and
microstructure was similar to the CGHAZ asides from the grain size. The results could
then be transposed to the CGHAZ and eventually further explain SRC in this zone. All
grains analyzed in the (YZ) plan near the notch centreline were assumed to be exposed to a
similar macroscopic loading for a given Turski compression condition, so their susceptibility
to cavity nucleation could be compared.

6.1 Intragranular strain

It was shown in Section 5.3.3 that average grain orientation spread, or GOS, was highly
correlated to the plastic strain and number of cavities formed during stress relaxation.
In damaged regions of CT specimens of single-pass welded state, cavities were frequently
found at GBs where at least one of the two adjacent grains had a low GOS value while
being localised in a region where the mean GOS value was high. Lower GOS value would
suggest lower plastic strain. This statement is of course made with the assumption that
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the plastic strain revealed by the GOS is mostly due to the compression and not to
relaxation of stresses. Indeed, plastic strain at the notch of the CT specimen induced
by the compression was estimated to be around 30% while the strain which might be
generated by relaxation is believed to be lower than 3%, according to Wortel [12].

An example of analysis of the effect of plastic strain using GOS on the presence of cavity
after the relaxation treatment is shown in Figure 6.1, where the HAZ near the notch of a
CT sample of single-pass welded state compressed to a CMOD of 1.73 mm and aged at
575 °C for 1470 h is investigated. The highest number of cavities in this region (indicated
by white circles) was observed at the GBs between the grains 1 and 2 (Figure 6.1 (c)),
having relatively low GOS levels in comparison to the rest of the region. Low strained
grains surrounded by highly strained grains is a result of different initial orientations of
these grains to the loading direction (i.e. different Schmid factors) which might lead to
high strain and stress close to GB to accommodate this difference and, thus, earlier cavity
nucleation at these GBs. In a similar way, cavities were also observed at GBs between two
grains with significantly different GOS values: a GOS of 8° in grain 3 and 3° in grain 4
(Figure 6.1 (a)).

Nevertheless, as stated earlier, it was difficult to identify the effect of intergranular
strain alone since it can be correlated with other factors. For instance, as cavities were
observed to form between the grains 1 and 2 with low GOS levels, cavity formation could
be expected as well for the grains 1 and 8 due to their GOS values; however, no cavities
was observed. The absence of cavities in this case was in fact due to the absence of GB
precipitates (Figure 6.1 (b)), which are necessary to the nucleation of cavities. Besides,
the presence of cavities at GB between the grains 5 and 6, but also between the grains 5
and 7, was most likely due to the presence of mechanical twins in the grain 5, which also
strongly favor cavity nucleation (discussed further in Section 6.3).

A similar analysis was also conducted in a weld microstructure, over the three weld
zones. GOS and KAM maps of the FZ/CGHAZ/HAZ regions close to the notch of the
specimen compressed to a CMOD of 1.73 mm are shown in Figure 6.2 (a) and (b), re-
spectively. The map of GOS averaged for each grain compared to the distribution of
damage (in black) showed again that the highest damage was located preferentially at a
GB between grains with low GOS values (grains 2 and 3). This suggests that the average
plastic strain of the grain does not influence the nucleation of cavity, but instead it is the
accumulation of dislocations near GBs that creates favorable nucleation sites. Indeed, the
KAM map shown in Figure 6.2 (b) revealed that, while grains 2 and 3 did not have a high
GOS value, grain 3 presented high local KAM values close to grain 2. A low average GOS
associated with high KAM levels in the bulk would indicate that the plastic strain within
the grain was very heterogeneous. Moreover, high KAM values close to GBs suggest an
accumulation of dislocations near the GB (it is worth noting that KAM reveals only ge-
ometrically necessarily dislocations and not statistically stored dislocations), thus a rise
of stress near the GB, favoring cavity nucleation. This is in agreement with TEM results
shown previously in Figure 5.34, where accumulation of dislocations were observed near
damaged GBs of the CGHAZ. This is also in agreement with results of Unnikrishnan et
al. [44], who found high KAM values near reheat cracks in a post service 316H header.

To further investigate the effect of intragranular strain on the presence of damage,
EBSD analyses were carried out at smaller scales. Significant crystal orientation rotations
near GB with cavities was often revealed by both local GOS and KAM (Figures 6.3 and
6.4). This is in agreement with results of Noel et al. [141] for creep cavity nucleation.
Besides, a lot of the cavities were located on portions of grain boundaries where crystal
rotations close to the damaged GB was observed only in one of the two grains.
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Figure 6.1: Effect of intragranular strain probed using grain orientation spread (GOS) on
damage development after the relaxation treatment: (a) Average grain orientation spread
map, (b) and (c) SEM-SE close-up images of GBs between grains indicated by 1 and 8
and 1 and 2 in (a), respectively. Data from EBSD maps were acquired in the (XY) plan
in the HAZ at mid-thickness of a CT specimen single-pass welded state compressed to
CMOD of 1.73 mm and aged at 575 °C for 1470 h.
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Figure 6.2: Effect of intragranular strain probed by GOS and KAM on the presence of
cavities: (a) average GOS (per grain) and (b) KAM with 3 neighbours map. Data from
EBSD maps were acquired in the (YZ) plan at the notch root of a specimen compressed
to CMOD = 1.73 mm and subsequently aged at 575 °C for 1470 h.
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Figure 6.3: Effect of local strain probed by local GOS on the presence of cavities with (a)
SEM-SE image, (b) IPF over IQ plotted in X direction, (c) local GOS and (d) GOS profile
along GB with cavities. Data and image were taken in the HAZ of a specimen compressed
to a CMOD = 1.73 mm and aged at 575 °C for 1470 h. EBSD was acquired with a 30 nm
step.
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Figure 6.4: Effect of local strain probed by both GOS and KAM on the presence of cavities
with (a) SEM-SE image, (b) IPF over IQ plotted in X direction, (c) local GOS and (d)
KAM (third neighbour). Data and image were taken in the HAZ of a specimen compressed
to a CMOD = 1.73 mm and aged at 575 °C for 1470 h. EBSD was acquired with a 30 nm
step.
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6.2 Grain boundary misorientation angle

Grain boundary misorientation angle corresponds to the angle due to the misorientation
of crystallographic orientation of two adjacent grains. It is known to have an effect on
GB energy and other GB related phenomena and was thus considered to understand the
preferential nucleation of stress relaxation cavities. A total of 51 damaged GBs were
analysed by EBSD. The GB maps of the damaged regions showed that cavities were pref-
erentially located on GBs with misorientation angles comprised between 25 and 55° which
corresponds to so-called high-angle GBs (Figure 6.5 (a) and (b)). The high proportion
of 60° boundaries in the as-received state mostly corresponds to annealing twin bound-
aries. Besides, more than 95% of cavities were found to be located on random boundaries
(Σ > 35 b). Particularly, Σ3 CSL boundaries (twins) were found to be highly resistant
to cavity nucleation. These observations are in agreement with results obtained by Pom-
mier [45] for SRC in a similar steel, but also with observations for creep cavities made
in 304 steels [221] and for corrosion cracking [222]. This can be explained by a lower
grain boundary energy and lower extrinsic grain boundary dislocation mobility for specific
boundaries (CSL) [221].

The GB precipitation of carbides also appeared to follow this trend with a majority of
carbide located on boundaries with a misorientation angle comprised between 30 and 55°
relatively to global distribution (Figure 6.5 (a)). High-angle random boundaries were then
identified as most susceptible to both carbide precipitation and cavity nucleation probably
due to their increased energy as compared to low-angle or special GBs.

Figure 6.5: Effect of GB misorientation angle on cavity nucleation studied using EBSD
data: (a) distribution of GB misorientation angle in the as-received state (black), GB with
precipitates (green) and GB with cavities (red) in the HAZ of the CT specimen compressed
up to CMOD of 1.73 mm aged at 575 °C for 1470 h. (b) Index quality map and GBs (red)
with a misorientation angle comprised between 25° and 55°. Cavities are indicated with
black circles.

6.3 Mechanical twins

Mechanical twins, or deformation twins, which are the result of high plastic straining at
low temperatures, especially in FCC metals with low stacking fault energy [223], were
often observed in several Turski-compressed specimens. Particularly, the number and size
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Figure 6.6: Mechanical twins observed in the HAZ close to the notch at mid-thickness of
the CT specimen made of single-pass welded material compressed to a CMOD of 1.73 mm
and aged at 575 °C for 1470 h, with (a) IPF map plotted in Z direction, (b) CSL Σ3
boundaries map and (c), (d) SEM-SE images of the region showing GB cavities.

of mechanical twins increased with the increase in Turski compression magnitude (increase
in CMOD).

In the highest strained regions of the CT specimens (near the notch), cavities were often
observed at the GBs between adjacent grains containing mechanical twins, as illustrated
in Figure 6.6. Mechanical twins were found to be parallel to the (111) crystallographic
planes. The mechanical twins could also be observed in BSE or SE imaging, as shown in
Figure 6.6 (d).

The presence of mechanical twins actually tends to favor the nucleation of cavities by
creating high local stress concentration points, especially at triple points between mechan-
ical twin boundaries and GBs, as it was suggested by Noel et al. [141] for creep cavity
nucleation. This is particularly true in the case of non-favourable mechanical twin trans-
fer, as illustrated in Figure 6.7. In this case, mechanical twins were formed on the one side
of the GB (in one adjacent grain), resulting in high local strain in the neighbour grain re-
vealed by high KAM values (Figure 6.7 (c)). Such observation is in agreement with results
of Zhang et al. [224]. It was actually proven experimentally by Abdolvand et al. [225] and
numerically by Arul Kumar et al. [226] that stress fields surrounding mechanical twin tips
are very high. This is particularly true for the twins tips near GBs. The regions with high
local stresses created by the mechanical twins were also observed to favor intergranular
precipitation amplifying the effect of mechanical twins.
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Figure 6.7: Effect of mechanical twins on local strain with (a) IPF map, (b) GB map
with boundaries of angle close to 60° and (c) KAM map in the HAZ at mid-thickness of
a specimen made of single-pass welded material compressed to a CMOD of 1.73 mm and
aged at 575 °C for 1470 h.

6.4 Grain boundary precipitates

Analyses carried out on CT specimens after relaxation treatment (Chapter 5) showed that
cavities in both HAZ and CGHAZ nucleate mostly on GB precipitates. For mild levels of
damage resulting in only few cavities per damaged GBs, all of the damaged GBs contained
precipitates. Similarly to creep damage, cavities formation preceding SRC is preferentially
observed at GB precipitates because of the high local stress concentration due to strain
mismatch between them and the austenitic matrix.

As showed by Raj [227], the morphology of GB precipitates can impact the nucleation
and growth of cavities at high temperature under tensile stress. Hence, here the size of 378
precipitates located on damaged GBs was measured and compared to the size of 362 other
precipitates located on non-damaged GBs in the HAZ near the notch of a CT specimen
made of single-pass welded material compressed to a CMOD of 1.73 mm. This speci-
men was specifically chosen as many cavities were observed in the HAZ, thus a sufficient
number of damaged GBs could be characterized. Specimens where HAZ contained cracks
however, would not be suited for this analysis, as it could not help understanding the
effect of precipitates characteristics on the onset of damage (cavity nucleation). The size
of precipitates at damaged GBs was found to be slightly higher than that at non-damaged
GBs with an average of 331 and 290 nm, respectively (Figure 6.8 (a)). In addition, the
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number of precipitates relative to the grain boundary length (i.e. linear density of GB
precipitates) was found to be slightly higher at damaged boundaries (Figure 6.8 (b)), with
an average of 1.5 precipitates per damaged GB against 1.4 precipitates per non-damaged
GB. This is in agreement with simulations conducted by Cui [208], who showed that
stress concentration at GB precipitates was higher for a higher density of precipitates on
the same grain boundary. A higher number of precipitates also induces a higher number
of potential sites for cavity nucleation, and reduces the ductility in areas close to the GBs.

The size of GB precipitates and their linear density were shown to have little influence
on the presence of cavities, but the impact would be too low to explain the high differences
in damage observed between the CGHAZ and HAZ. Besides, as discussed in Chapter 5
precipitates size and linear density were not particularly higher in the CGHAZ than in
the HAZ.

Similarly to previous factors, it was very difficult to isolate the effect of precipitates
from other factors. This is illustrated in Figure 6.8 (c), where cavities were located on
GBs with smaller precipitates and lower precipitate density than the neighbouring GBs.
Actually, it was found that the GB with cavities showed much higher level of local GOS
(Figure 6.8 (d)) and KAM (Figure 6.8 (e)) as compared to the others.
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Figure 6.8: Effect of GB precipitates on cavity nucleation with (a) distribution of precipi-
tate length located at damaged (red) and non-damaged (black) GBs, (b) precipitates per
GB unit length at damaged (red) and non-damaged (black) GBs, (c) SEM-SE image of
three GBs with corresponding (d) local GOS and (e) KAM maps. Data and image were
taken in the HAZ of the specimen compressed to CMOD = 1.73 mm and aged at 575 °C
for 1470 h.

6.5 Triple points

Grain boundary triple points (TP), either formed by three GBs or between a GB and a
twin boundary, are often mentioned in the literature as sites of high local stress during
straining, which then represent preferential sites for the nucleation of cavities [144]. In
the present work, only 10% of observed cavities were located at triple points. Besides, a
very small fraction of all the triple points was damaged. An example of a damaged TP
is shown in Figure 6.10 (b). Cavities located at TPs were either shaped as wedge cracks
as illustrated in Figure 6.9 (a) or similarly to grain boundary cavities (Figure 6.9 (b)).
The size of cavities at triple points was similar to that at GBs (Figure 6.9 (b)), suggesting
that the influence of triple point on SRC is relatively low. Even for high levels of damage
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with cracks, triple points were not preferential initiation sites. Instead, triple points rather
acted as obstacles to the propagation of damage along grain boundaries.

Figure 6.9: Effect of triple points on damage. (a) Wedge cavity at a grain boundary
triple point and (b) cavities at a triple point and on a grain boundary. SEM-SE images
in the HAZ of a CT specimen made of single-pass welded material compressed to CMOD
= 1.73 mm and aged at 575 °C for 1470 h.

6.6 Grain boundary angle with the loading axis
For over 165 damaged GBs in CT made of single-pass welded material, most of observed
cavities (75%) were located at GBs forming an angle with the macroscopic loading axis
(Y) comprised between 60 and 90°, as shown in Figure 6.10 (a). This is in agreement with
observations on SRC of Pommier [45], but also on creep and fatigue at high temperature
[141, 228]. This tendency is the direct result of higher tensile stress magnitude on GBs
perpendicular to principal loading direction. The proportion of cavities located on GBs
forming an angle close to 45° however, was quite low (around 6%).
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Figure 6.10: Effect of GB angle formed with loading axis (Y) with (a) distribution of GB
angle with macroscopic loading axis for 165 damaged grain boundaries, (b) SEM-SE image
of cavities (red circles) in a HAZ, (c) grain boundaries map with GBs in blue and cavities
in white circles. Data and image were taken in the HAZ of the specimen compressed to
CMOD = 1.73 mm and aged at 575 °C for 1470 h.

6.7 Summary of influencing factors

At a macroscopic scale, it was shown in Chapter 5 that SRC is first induced by the
presence of tensile residual stresses and plastic strain. Besides, investigations carried out
at microscopic scale showed that the presence of stress relaxation cavities is allowed by
the presence of GB precipitates, in agreement with literature [45]. This chapter allowed to
discuss additional factors influencing the nucleation of cavities proposed by the literature:

• A higher number, size, and density of precipitates were identified as favoring the
presence of cavities but with a relatively low impact.

• The presence of cavities was also influenced by the average direction of a GB rel-
atively to the macroscopic loading axis with a majority of damaged GB oriented
between 60 and 90°.

• The misorientation angle of the GB also influenced damage with a majority of dam-
aged GB with angles between 25 and 55°, also related to the presence of precipitates.



6.8. SRC IN CGHAZ 215

• Cavities were often located at GBs where at least one of the two adjacent grains
presents low level of global strain, but high local variation in crystal orientation near
the GBs. High distortions near GBs suggest high dislocation density favoring the
rise of stresses, which is in agreement with TEM observations.

• The presence of mechanical twins was also related to higher GB damage, by creating
high stress fields at the tips near GBs.

6.8 SRC in CGHAZ
Results obtained before for the HAZs were then used to understand the presence of cav-
ities in the CGHAZs. As an example, a single pass welded state after compression to a
CMOD of 1.22 mm and ageing at 575 °C for 1470 h is considered. In order to access
to damage initiation mechanism in CGHAZ, the microstructure-damage relationship was
characterized in the FZ/CGHGAZ/HAZ close to the notch.

IPF covering the region where all three welding zones were present is shown in Fig-
ure 6.11 (a), with the FZ a the top, CGHAZ in the middle and HAZ at the bottom. The
most strained region, according to GOS per grain, is indicated in Figure 6.11 (b) by a
white dashed rectangle. In this rectangle, the CGHAZ is investigated: particularly, the
top of the CGHAZ close to the FZ/CGHAZ interface was analysed, as it is the region
where most of damage was observed in CT made of welded materials (in Section 5.3). In
addition, this region corresponds to grains with the lowest average GOS (per grain) in a
highly strained region (near the notch). For this region, KAM and local GOS were plot-
ted in Figure 6.11 (c) and (d), respectively, allowing identifying grains with highest local
strains, characterized by highest values of both KAM and local GOS, again indicated by
black rectangles in both figures. These maps are compared with GOS per grain of the same
region and GB misorientation angle in Figures 6.11 (e) and (f), respectively: GBs most
prone to SRC are GBs between grains with low GOS or with significant GOS difference
and misorientation angle comprised between 25 and 55°. In the black rectangles regions,
maps of angle formed between GBs and the loading axis were plotted in Figure 6.11 (g)
and (h) and compared with optical images of the regions. Therefore, the most damaged
GBs in CGHAZ responded to the microstructure criteria (low overall strain but strain
localisation at GBs, high-angle random GBs, angle between the GB plane and loading
direction between 25 and 55°) previously identified for the HAZ.

The correlation of microstructural factors proposed by the literature (either for creep
or SRC) and the presence of cavities allowed to better understand the localisation of stress
relaxation cavities within both the HAZ and the CGHAZ. However, these factors were not
observed to be more pronounced in the CGHAZ than in the HAZ, thus they did not
appear to better explain the higher susceptibility of the CGHAZ to SRC. Instead, several
explanations for the localisation of damage in CGHAZs can be proposed, induced by the
higher grain size of the region:

• Lower total GB length per unit area than in the FZ and HAZ (Figure 3.21).
This directly affects the plastic strain accommodation, and results in less free sur-
face for cavity nucleation, as it was suggested by hypotheses reported by the liter-
ature [27, 28, 37, 161]. Unlike in the FZ, cavities in the CGHAZ can only nucleate
on austenite GB, asides from a few residual ferrite sites. This gives the CGHAZ
even less possibility to have a homogeneous distribution of damage. While au-
thors [3,4,33,46,139,158,159] also generally suggested that an increase in grain size
leads to a decrease of grain boundary surface available for precipitation, an increase
in precipitates number per boundary was not observed in the CGHAZ for the studied
316L(N) steel.
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• Lower fraction of GBs favorable for damage: the fraction of austenite GBs with
misorientation angle between 25 and 55°, which were observed here to be the most
favorable for cavity nucleation, was lower in CGHAZ than in the FZ (Figure 3.21).
This again leads to the reduction in the number of potential sites for cavity nucle-
ation, resulting inevitably in a concentration of damage on the few sites available.
At a mild state of damage, cavities nucleate only on a few GBs hence leading to
higher number of cavities per damaged boundary than in the other regions (Fig-
ure 5.21 (a)). At this state, damage localization is not yet an issue. However, an
increase in plastic strain, residual stress and/or relaxation time results in a rapid
multiplication of cavities on the few damaged GBs already presenting a high cav-
ity density, as observed in the material with increased grain size. Because of that,
the coalescence of cavities and further development of cracks is much quicker in the

Figure 6.11: Example of identification of most damaged regions in a single pass welded
specimen compressed to a CMOD of 1.22 mm and aged at 575 °C for 1470 h in the
FZ/CGHGAZ/HAZ region with (a) IPF, (b) GOS per grain, (c) KAM, (d) local GOS,
(e) GOS per grain, (f) GB misorientation angle comprised between 25 and 55°. GB maps
with angle relative to the loading axis and corresponding GB damage observed by optical
microscope are shown in (g) and (g), for the two zones indicated in (c-f).
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CGHAZ (Figure 5.21 (b)).

• Lower number of obstacles for propagation: the lower GB density in the
CGHAZ and longer GBs also favors the propagation of damage, since triple points
can act as obstacles [13]. This would then result in much longer intergranular cracks,
as observed in the most damaged specimens (Figure 5.21 (c)).

Besides, it was shown in Section 5.3 that the transition region between the FZ and
CGHAZ was particularly prone to cavity nucleation, explaining why the damage is also
localized within the CGHAZ itself. Finally, the higher number of cavities per GB length in
the CGHAZ as compared to the FZ and HAZ, was also attributed to specific distribution
of plastic strain:

• Heterogeneous distribution of plastic strain: it was shown through the GOS
maps that the CGHAZ presented the most heterogeneous distribution of plastic
strain contributing to stress localization favoring damage localization.

• Higher dislocation density near GBs: TEM analyses also showed accumulation
of dislocations tangles together with precipitates at GB areas in the CGHAZs, known
to facilitate cavity nucleation and further cracking [13], as illustrated in Figure 5.34.
Due to the high plastic strain during Turski compression, EBSD analyses suggested
that grains tended to be oriented preferentially along specific direction in which
dislocations glide and thus pile near GBs is favored.

For the first time, an extensive investigation accounting for both mechanical and mi-
crostructural aspects was carried out to get a better understanding of the susceptibility of
weld zones in the 316L(N) steel. Several detrimental mechanisms and associated factors
proposed by the literature were then confronted to results obtained in this work, conclud-
ing that grain size was the major factor responsible for the susceptibility of the CGHAZ
to SRC. This study thus strongly emphasised the need to avoid grain coarsening during
welding as much as possible by tuning process parameters, but also to avoid exposing
region of microstructures transition to loads during service.



Overview of results and
conclusions

The main objectives of this work were (i) to develop an approach to observe and char-
acterize stress relaxation cracking in the welded 316L(N) steel (ii), to characterize the
influence of welding on SRC by identifying weakest region and comparing the results to
homogeneous material states and finally (iii) to assess the mechanical and microstructural
factors influencing the SRC phenomenon.

To meet these objectives, multiple material states were tested to better comprehend
the influence of welding and of thermo-mechanical pre-treatments on SRC. To this end,
as-received, cold-rolled, material with increased grain size, single and multi-pass welded,
cold-rolled single-pass welded materials were investigated. CT specimens were then ma-
chined from these states and further subjected by a Turski compression, consisting in a
compression and subsequent unload, in order to introduce controlled levels of residual
stresses and plastic strain. To estimate residual stresses and further choose relevant load-
ing conditions regarding SRC threshold suggested by the literature, 3D FEM simulations
of the compression test were carried out using an elastic-plastic model and meshes ac-
counting the microstructures of the different specimens. It has been numerically shown
that the welding residual stresses originally present in the CT specimens were largely re-
distributed during the Turski compression, which then allowed to subject all three weld
zones to comparable levels of residual stresses and pre-strains. Residual stresses in the
specimens were then relaxed through thermal treatments at 575 and 600 °C for 580 and
1470 h. The resulting damage was analyzed by electron microscopy (SEM, TEM) and
quantified by image analysis tools.

Microstructures of each state prior to and after thermal ageing were investigated to
study microstructure evolution without the influence of residual stresses and strain induced
by the compression used for SRC tests. Characterization of the microstructure evolution
of the thermally aged as-received and cold-rolled states revealed the precipitation of the
Cr23C6 carbide at austenite GBs, accompanied by smaller Mo-rich intermetallics phases
which might correspond to χ and τ phases. Precipitation was observed to be faster in
the cold-rolled material. Investigations carried out in the single-pass, multi-pass and cold-
rolled single-pass welded states revealed a complex microstructure with three main regions:
the fusion zone (FZ), the coarse grain heat affected zone (CGHAZ) and the heat affected
zone (HAZ). In the CGHAZ and HAZ after thermal ageing, precipitates of the Cr23C6
and intermetallics phases were also observed at austenite grain boundaries. In the FZ,
vermicular ferrite formed during welding was further decomposed after thermal ageing
into a complex distribution of Cr23C6, χ, σ phases and regenerated austenite.

The relaxation cracking tests carried out with CT specimens made of as-received,
cold-rolled and material with increased grain size states revealed damage similar to that
observed after creep, with the nucleation of intergranular cavities preferentially at Cr23C6
carbides identified by TEM. Smaller Mo-rich phase precipitates were also observed on
these carbides, which probably favored cavity nucleation. An increase in residual stresses,
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plastic strain and relaxation time induced an increase in the level of damage. Besides, it
was found that relaxation at 600 °C induced higher damage than at 575 °C. Besides, an
increase in grain size was found to lower the fraction of damaged GBs but to increase the
damage level per damaged GB. The correlation of the cavity distribution with computed
residual stresses and plastic strain obtained from 3D FE showed that damage was driven
by both plastic strain and maximal principal stresses. Specifically, cavities were observed
in highly strained regions and low stresses but less often in highly stressed regions with
low plastic strain.

The SRC study conducted in the welded samples without pre-compression revealed
that the levels of stresses and strains induced by the welding were insufficient to allow
SRC in the welded 316L(N) steel. This confirmed the high resistance of the 316L(N)
steel to SRC. Relaxation tests with prior compression resulted in damage in the welded
materials, with a very heterogeneous distribution directly induced by the heterogeneous
microstructure. Particularly, the CGHAZ was found to be the most prone to SRC, as
cracks were found in this region. In the FZ, the majority of the damage was found near
the FZ/CGHAZ interface with the highest number of cavities per unit area among the
three regions. These cavities were mainly located on the vermicular ferrite precipitated
during the cooling of the weld. In the HAZ, the damage was distributed homogeneously,
similar to the non-welded specimens. The most heterogeneous distribution of damage was
observed in the CGHAZ, with only a small fraction of the GBs containing cavities/cracks.
As a result, the lowest number of cavities was observed in the CGHAZ as compared to
the FZ and HAZ. However, the high concentration of cavities in the CGHAZ presented a
higher risk for cracking than the FZ and HAZ: lower stresses, strain and shorter relaxation
time were required for the first crack to form in the CGHAZ as compared to that in other
weld zones. Typically, cracks nucleated in the CGHAZ for 23% and 28% lower stresses and
plastic strain than in the HAZ, respectively. These results thus showed that the CGHAZ
is the most prone to SRC, and that this susceptibility is mostly due to the microstructure.

In order to understand the particular susceptibility of CGHAZ to SRC, analyses of
microstructure parameters which might lead to SRC were conducted. The results showed
that aside from stresses and strain, the nucleation of the cavities was mostly influenced
by the GB precipitates (number, size and density), the orientation of the GB plane with
respect to the loading axis, the GB misorientation angle and by low intragranular plastic
strain levels (estimated by EBSD) in the highly strained regions. To a lesser extent, the
presence of mechanical twins increased the number of cavities. Surprisingly, none of these
parameters was observed to be more present in CGHAZ than in other welding zones. The
low resistance of CGHAZ to SRC was hence attributed to several factors related to the
higher grain size of the zone. First, the lower number of GBs in the region induced a
considerable decrease of the number of potential sites favorable to cavity nucleation, thus
favoring damage concentration during nucleation. In addition, the heterogeneous distribu-
tion of plastic strain in the CGHAZ and the apparent accumulation of dislocations (from
TEM and at least geometrically necessarily dislocations, according to KAM from EBSD)
near the GBs of this zone, favoring stress concentration at GB precipitates, appeared to be
detrimental to the CGHAZ resistance to SRC. Particularly, it seemed that the nucleation
of damage was less favored in the CGHAZ than in the other zones, however, the growth
and propagation of damage was highly favored in this zone. Finally, the transition region
between the FZ and CGHAZ also appeared to be detrimental to the resistance of weld
microstructures to SRC.

The estimation of cavity nucleation and stress relaxation cracking thresholds for each
zone of the weld microstructure achieved in this work can be further used in laboratory
or industrial conditions for precise determination of SRC hazard in a weld joint. By a
thermo-mechanical simulation of the welding process, the location of the different weld
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zones can be deducted from thermal fields. Then, residual stresses and plastic strain can
be estimated for each region. Finally, using the thresholds determined in this work, the
precise location of SRC hazard can be estimated. Such approach could significantly help
designing weld joints and ensure the safety of structures, especially for nuclear applications.

The study of SRC in 316L(N) specimens first showed that the 316L(N) steel has a high
resistance to SRC as compared to other steels. Furthermore, the results showed that even
in equivalent mechanical conditions, the high susceptibility of CGHAZ to SRC was still
observed. Evaluation of the microstructural factors influencing the occurrence of damage
revealed that the overall grain size of the whole zone was responsible for the localization
of the damage, and therefore the increased risk of cracking. The reduction in the risk of
welded parts is therefore closely linked to the reduction in the size of the CGHAZ, but
also to the grain size.



Perspectives

The investigation of the effect of welding on stress relaxation cracking in 316L(N) steel
has answered numerous questions, but there are several areas of the study that could be
further developed to improve the understanding and prediction of the phenomenon.

First, the estimation of residual stresses. Experimental measures of residual stresses in
single-pass welded material and in compressed CT specimens were tried by X-ray diffrac-
tion method but did not lead to relevant results due to high stress gradients. In order
to improve confidence in the mechanical model and eventually improve simulations ac-
curacy, additional measurements of residual stresses should be considered, for instance
using synchrotron diffraction. In addition, estimations of residual stresses and strain were
performed using a macroscopic model whereas part of the SRC phenomenon occurs at a
microscopic scale. The use of a mechanical model accounting for microscopic effects could
then provide additional information.

Secondly, SRC testing of specimens made of welded materials carried out in this work
could be completed using specimens made of material welded with filler metal, which was
not considered here. A study could then be dedicated to investigate and compare the
effect of different filler metals and different weld configurations (butt joint, corner joint)
on SRC. Besides, SRC testing of material with increased grain size provided explanations
for the susceptibility of the CGHAZ to SRC, particularly the effect of grain size. However,
additional SRC tests of material with increased grain size with intermediate levels of pre-
compression to those studied in this work could be considered to better understand the
chronological stages of SRC in a coarse grain region. Similarly, SRC tests of material with
increased grain size could be performed with intermediate time of relaxation and other
grain sizes.

One of the main drawbacks of the present study is that the analyses were carried out
post-mortem. For this reason, it was very difficult to evaluate the contribution of each
factor separately and to correctly describe the chronological stages of damage nucleation.
To address these issues, new approaches could be developed for in-situ SEM or TEM
damage testing using micro-tensile machines. In this idea, two methods can be considered:

• The first approach would be to use mini-tensile specimens machined from a welded
plate, containing one of the three welded zones, or all three in the same specimen.
These specimens would then be mounted in a heated specimen holder in an SEM (or
TEM), and then subjected to a relaxation test in temperature by applying a constant
strain. This first approach would allow observing the first stages of cavity nucleation,
but the time needed to observe first cavities is uncertain. Also, the method can be
very difficult as it is complex to know which regions of the specimens to analyse, i.e.
to priory know where the damage will appear first. Finally, it could be very difficult
reaching SRC stress thresholds using this method.

• The second approach would be to produce CT specimens machined from the welded
material, to compress and relax them to nucleate damage as it was done in this work.
Mini-tensile specimens could then be machined from the notch of these specimens
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and mounted on a heated micro-tensile machine in SEM or TEM. In this case, it
would be easy to identify already damaged grain boundaries, and to observe the
nucleation of new cavities or the propagation mechanisms of the damage in these
regions. This approach is simpler than the first one and ensure the observations of
damage, but would not allow observing the first stages of cavity nucleation.

In this study, the computed stresses and strain resulting from the compression were
correlated to the observed damage, which allowed estimating damage thresholds for each
microstructure. In addition, several microstructural factors influencing damage nucleation
were identified. It would then be very interesting to design simulations for damage pre-
diction that could take into account all of these parameters. In the literature, two main
approaches for simulating damage are generally found. The first method uses a macro-
scopic approach, and the second a local one (microscopic):

• Pommier [45] used a macroscopic and phenomenological approach to simulate stress
relaxation damage, originated from Yoshida et al. [229] work, used to describe creep
damage. In this approach, the intergranular damage evolution is a function of the
principal stress and the equivalent viscoplastic strain rate εp. This model has the
advantage of being relatively simple, with few parameters. Damage prediction can
thus be calculated quickly, knowing conditions such as initial pre-strain, residual
stress, relaxation time and temperature. As a result, the model uses material and
temperature-dependent parameters, and only allows predicting damage based on
prior experimental observations. An additional issue with this approach is that it
considers that damage is mainly driven by stress relaxation magnitudes, while results
in this work showed that plastic strain also has a major role. Besides, the model
being relatively simple, it does not take into account many factors influencing damage
nucleation and development. Because of that, it would be difficult to account for
the effect of precipitates characteristics (nature, size, shape, density, precipitation
kinetics), grain size and microstructural heterogeneity on damage.

• A more local approach can be adopted when simulating GB damage, by considering
the nucleation of cavities at grain boundaries over time, as it was done for creep
damage modelling in various materials [208, 211, 230–232]. This approach can ac-
count for the grain size, grain orientation, GB misorientation, GB angle with loading
axis, the presence of precipitates and their characteristics. This local microscopic ap-
proach allows reproducing more precisely the damage mechanisms, which can thus
help understanding the experimental observations in welded components but also
better predict the regions most susceptible to cavity nucleation within a heteroge-
neous microstructure. The biggest drawback of such an approach is the complexity
of the model, which needs a significantly higher number of parameters and longer
computation time than the phenomenological approach. Besides, because of the
higher number of parameters, the number of experimental data needed for adjusting
model parameters is also higher.

Ideally, simulations of stress relaxation cracking in a complex microstructure such as
resulting from welding would use both approaches. Premises of calculations in this sense
were started in the framework of this study but could not be completed. Such simulations
should be multi-scale, with consideration of macroscopic displacements of the specimen,
down to the stress concentration at GB precipitates. Typically, the simulations were
constructed in three main steps:

• Prediction of stresses and strain fields in the CT specimen, with a mesh and model
parameters accounting for the heterogeneous microstructure.
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• Projection of the mechanical boundary conditions on a mesh processed from an
EBSD map of a weld microstructure. Open source tools such as MTEX software [233]
can typically be used to construct an FEM mesh from EBSD acquisitions. Then,
a polycrystalline mechanical model such as found in the works of Huang [187] for
predicting creep in a 316L(N) steel can be used to estimate local stresses and plastic
strain in function of crystallographic orientation.

• Lastly, GB precipitates could be added in the mesh to better represent the SRC
mechanism. However, this would add considerable complexity to the simulations for
large regions (hundreds of grains). Instead, it would be wiser to project mechanical
boundaries computed from the larger EBSD map on smaller regions (two or three
grains), with a finer mesh and computing stresses/strain accounting for the presence
of GB precipitates.

The main drawback of this approach is the simplification in 2D of a 3D problem. 2D
assumptions, plane strain or plane stress, would thus have to be made and may probably
not be relevant for SRC phenomenon. This shows that the choice and development of a
approach/model for simulating SRC at all scales would be very difficult, hence strongly
simplifying assumptions would need to be made.
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Figure A.1: SRC bending testing methods [234].
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Figure A.2: SRC tension type testing methods [234].
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Figure A.3: SRC constraint type testing methods [234].



Appendix B

Characterization of the material
states

B.1 Single-pass welded material

Figure B.1: Macrographic cross-section images of the single-pass welded sheet sections
using a gas mix of (a) 100% Ar, (b) 70% He and 30% Ar, (c) 95% Ar and 5% H2, (d)
100% He. Samples were priory etched with an acid attack to reveal the microstructure.

243



244 APPENDIX B. CHARACTERIZATION OF THE MATERIAL STATES

B.2 Cold-rolled single-pass welded material

Figure B.2: FEM simulation of temperature during GTA welding of a 316 steel plate
using ’soudage4’ test case available on Cast3M software wesbite [203], considering plates
with thickness of (a) 12 mm and (b) 15.45 mm. (c) Temperature profiles along the X
axis for both cases, displaying peak temperatures along the side of the plates opposed to
welding side. Welding torch displacement rate was set to 60 mm/min. Both convection
and conduction were accounted for. All dimensions are in meters, or indicated if otherwise.
Only half of the plates were considered for simulations, due to the symmetry of the problem
(relative to the XZ plane).





RÉSUMÉ

Depuis les années 1950, de nombreux cas de fissuration intergranulaire ont été observés dans des joints d’acier soudés,
après plusieurs mois ou années de service en température sans sollicitation mécanique. Grâce aux nombreuses études
qui ont été menées sur la problématique, la rupture de ces composants a pu être expliquée par la relaxation des con-
traintes résiduelles de soudage, la présence d’écrouissage dans les zones affectées et par la précipitation de phases aux
joints de grains lors de son utilisation en service. Ce phénomène, appelé Fissuration en Relaxation (FeR), a alors motivé
des campagnes d’études pour l’évaluation de la résistance de différentes nuances d’aciers et ainsi prévenir les risques
de rupture des joints soudés. En raison de la complexité du phénomène, la plupart de ces études ont été réalisées
en utilisant des échantillons avec des microstructures homogènes représentatives des zones affectées par le soudage,
considérées comme les plus sensibles à la FeR. Dans ce travail, des éprouvettes de type CT (pour Compact-Tension) ont
été usinées à partir de tôles d’acier 316L(N) soudées, puis comprimées et déchargées afin d’introduire des contraintes
résiduelles et des pré-déformations de manière controlée. Ainsi, l’effet sur la FeR des microstructures hétérogènes com-
parables à celles des joints soudés industriels a pu être étudié. Une procédure expérimentale spécifique a été développée
pour analyser la FeR à des températures proches des températures de service, tout en faisant varier les forces motrices
de la FeR telles que le niveau de contraintes résiduelles, de déformation, le temps et température de relaxation. L’étude
de FeR dans les éprouvettes comportant des soudures a révélé une distribution très hétérogène de l’endommagement,
directement induite par l’hétérogénéité de la microstructure. Particulièrement, la zone affectée thermiquement à gros
grains des matériaux soudés est apparue comme la zone la plus sensible à la FeR. Les mécanismes, localisation, distri-
butions d’endommagement ont été caractérisés pour chaque condition par microscopie électronique, et ce, à différentes
échelles. La confrontation des niveaux d’endommagement observés aux estimations de contraintes résiduelles obtenues
par simulation numérique a alors permis d’estimer des seuils de FeR pour chaque zone de la microstructure soudée.

MOTS CLÉS

Acier austénitique inoxydable AISI 316L(N), soudage, fissuration en relaxation, contraintes résiduelles, en-
dommagement intergranulaire, cavités, précipités, éprouvette CT

ABSTRACT

Since the 1950s, many cases of intergranular cracking have been observed in welded steel joints after several months or
years of service at temperature without mechanical loading. Numerous studies reported that the failure of these compo-
nents could be explained by the relaxation of residual stresses induced by the welding, the presence of work hardening
in the weld microstructure and by grain boundary precipitation during the service. This phenomenon, called Stress Re-
laxation Cracking (SRC), has motivated research aiming to evaluate the resistance of different steel grades. Due to the
complexity of SRC, most of these studies have been carried out using specimens with homogeneous microstructures
representative of the zones affected by welding, considered to be the most prone to SRC. In this work, Compact-Tension
(CT) specimens were machined from welded plate made of 316L(N) steel and subjected to compression followed by
unloading to introduce residual stresses and pre-strain in a controlled manner. Thereby the effect of heterogeneous mi-
crostructures comparable to those of industrial weld joints on SRC could be assessed. A specific experimental procedure
was developed to test SRC at temperatures close to service ones, while varying SRC driving forces such as residual
stress, strain, relaxation time and temperature. The study of SRC in specimens made of welds revealed a very heteroge-
neous distribution of damage, directly caused by the heterogeneity of the microstructure. In particular, the coarse-grained
heat-affected zone of welded materials appeared to be the most prone to SRC. The damage mechanisms, location and
distributions were characterised for each condition by electron microscopy at different scales. The correlation of the ob-
served damage levels with the estimations of residual stress obtained by numerical simulation then allowed the estimation
of SRC thresholds for each zone of the weld microstructure.

KEYWORDS

AISI 316L(N) austenitic stainless steel, welding, stress relaxation cracking, residual stress, intergranular dam-
age, cavities, precipitates, CT specimen
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